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Abstract
In this work, different systems have been studied using transmission electron microscopy (TEM) methods: Pt nanoparticles (NPs) on amorphous carbon, Ge quantum
dots (QDs), Mn incorporation in Ge QDs and GeMn nanocolumns (NCs) embedded
in Ge or GeSn matrix.
The coarsening of Pt NPs on amorphous carbon film was studied by TEM after annealing at temperatures between 200 °C and 300 °C for periods of up to 160 h. A
significant increase of the average particle size is observed with increasing annealing
time for all investigated temperatures. An in-situ annealing experiment reveals two
coarsening stages. The first coarsening stage is dominated by Smoluchowski ripening
whereas the second coarsening stage is dominated by surface Ostwald ripening. The
Arrhenius-type dependence of the derived surface mass-transport coefficients yields an
activation energy Ed = 0.84 ± 0.08 eV·atom−1 for the surface diffusion of Pt atoms
on an amorphous carbon substrate.
Advanced TEM techniques have been used to obtain direct determination of composition profile with atomic resolution and large field of view by correlation of high angle
annular dark field (HAADF) and electron energy loss spectroscopy (EELS) signals.
Correlation of template amplitude with the simultaneously acquired EELS signal, allows a accurate quantification of Ge concentration at the atomic level for the SiGe
system. The Ge concentration profile along the growth direction was explained by Ge
surface segregation during the growth with a two-state exchange model. The Ge(Mn)
QDs have been grown by molecular beam epitaxy (MBE). At growth temperature of
380 °C, SiMn precipitates are formed. Lowering the growth temperature at 220 °C
allows limiting the lateral segregation of Mn in Ge.
Absolute composition obtained by STEM-EELS evidenced that the total atomic density
in Ge(Mn) NCs is much higher than in the Ge matrix. Structural analysis by high
resolution TEM (HRTEM) shows that the crystalline NCs exhibit a high degree of
disorder. Experimental observations can be model with a modified α-phase structure
if variants are introduced to cancel supplementary Bragg reflections and Ge atoms are
substituted by Mn atoms. The structural and magnetic properties of Sn-doped GeMn
layers have been studied. The matrix exhibits a GeSn solid solution while there is a
Sn-rich GeSn shell around GeMn NCs. The magnetization in GeSnMn layers is higher
than in GeMn films. This magnetic moment enhancement in GeSnMn is probably
related to the modification of the electronic structure of Mn atoms in the NCs by the
Sn-rich shell, which is formed around the NCs.
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Nowadays, nanotechnology becomes more and more important in the everyday life.
The most obvious evidence of its impact is the huge progress in electronics mainly
since 1980. Nanotechnology also contributes to the development of other fields such as
production and storage of new energies (fuel cells, batteries, solar cells, ...), catalysis,
medicine or biology. To achieve this development one needs to understand and control
at the nanometer scale (1 nm = 10−9 m) the synthesis of these new nanomaterials, the
phenomena involved, their aging and their related macroscopic properties. However,
if nanotechnologies offer new possibilities for a lot of applications, there are plenty of
phenomena which can be hardly studied mainly due to the very small scale at which
they occur.
To control and manage new properties, to be able to propose new geometries leading
to remarkable new properties it is necessary to understand the phenomena occurring
at the nanoscale. The framework of Nanosciences is devoted to give answers to these
questions and only a good understanding of nanoscaled phenomena can lead to beneficial nanotechnologies. Nanosciences and Nanothechnologies use and develop new
materials to be investigated. It is obvious that electron microscopy is in most cases
an interesting and powerful tool to study chemical and structural properties of these
nanomaterials and provide data for the understanding of their physical properties.
This thesis deals with the study of nanostructured materials and we focused our work on
Pt nanoparticles, GeMn nanocolumns or GeSi quantum dots fabricated by a bottomup approach. All these samples were prepared by assembling atoms to the desired
structures and were produced by evaporating material from pure material sources.
Each of these systems have particular physical properties due to nanoscaled size and
particular geometry (nanoparticles, nanocolumns, dots). The motivation of this work
was therefore to investigate these nanostructured systems by electron microscopy in
order to provide as much of quantitative and localized information as possible to help
understand their physical properties and behavior.
1
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Transmission electron microscopy (TEM) is a kind of microscopy that uses an electron
beam to illuminate a specimen and to form a magnified image. The resolving power of
transmission electron microscope could be so high today that it can image and resolve
single atom. Beside its high spatial resolution, it has two important advantages:
• it gives a direct observation, i.e. an image of the object being studied.
• the strong interaction of electrons with matter provides a huge amount of information about the specimen.
For these reasons TEM is one of the most appropriate techniques to study nanomaterials and is widely used for materials sciences and nanosciences purposes. However, the
analysis of signals generated by the interaction of the electron beam with the specimen
is usually not straightforward, making transmission electron microscopy also a very
interesting topic by itself. This means that a good knowledge of the signal formation
is important to make a good interpretation. In this work, we have used imaging and
spectroscopic techniques. Most of the microscopes used were equipped with new generation of optics like new guns or cs-correctors, and detectors. It important to point out
here that most of the results presented here will not have been obtained without this
new generation of TEMs. Coupling of imaging and spectroscopy measurements is very
helpful for quantifying data and for this purpose we developed a new approach enabling
to quantify HAADF signal using complementary EELS measurements. Moreover, the
nanoscale of our sample implies that very low signal is generated by the electron beam
interaction with small volumes. We had then to manage our investigations dealing
with very low signal in particular for EELS analysis, so statistical analysis of the data
set was necessary to get reliable information.
Much of the efforts of this thesis was devoted to use as best as possible the opportunities
to work with advanced electron microscopes to study nanomaterials. Special care was
then taken to extract precise and accurate information from the sample preparation,
the acquisition protocol and the data analysis coupled with simulations.
TEM was then the main tool of investigation for Pt nanoparticles, GeMn nanocolumns
and GeSi quantum dots and the motivations of these studies are introduced below.

1.1. Coarsening of Pt nanoparticles
Nanoparticles (NPs) are very small objects with sizes ranging between 1 to 100 nm.
Due to their small size, they exhibit a large surface for a small volume (i.e. high
surface-to-volume ratio). In most of cases this characteristics leads to unique physical
and chemical properties compared to their bulk counterparts.
2

1.1 Coarsening of Pt nanoparticles
Understanding the formation and evolution of NPs on a surface is relevant from a
fundamental and technological point of view. Metallic NPs are widely applied in heterogeneous catalysis to speed up chemical reactions at high temperatures. In electrocatalysis, Pt NPs are already used in proton-exchange membrane fuel cells operated
at low temperatures where possible mechanisms for surface area loss of Pt NPs supported on carbon were studied [Shao 07]. Moreover, Pt or Au NPs are promising for
future cancer therapy [Porc 10, Hain 04]. Hainfeld et al. reported the enhancement of
the one-year survival from 20 % to 86 % by a single intravenous injection of 1.9 nm
diameter gold NPs before x-ray therapy of tumorous mice. This improvement can be
mainly explained by the preferential absorption of x-rays by high-atomic-number NPs.
However, beside their high chemical reactivity and biological activity, the small size of
NPs allows them to penetrate into the living cell. This can be the cause of toxicity
because larger NPs are not taken up by cells [Buze 07], which have been demonstrated
in case of NPs made from different materials [Karl 08, Gehr 11].
Most interesting properties of NPs depend on their size and shape [Allo 09]. Typically, an ensemble of NPs with different sizes will develop towards an ensemble with
fewer NPs and larger average size. This phenomenon is called coarsening or sintering and can drastically affect their properties and therefore restrict their applications.
However, despite of its importance, the kinetics of Pt-NP formation and coarsening
is only understood to a limited degree due to its complexity [Wang 10]. This is the
reason why only few quantitative reports were published on the coarsening mechanisms of supported Pt NPs. Many investigations performed in the past improved
the understanding of nucleation and growth of supported metallic NPs. Recently, direct observations of Ostwald ripening of Pt NPs on amorphous substrates, such as
amorphous SiO2 and Al2 O3 , were reported [Simo 10, Simo 11]. Other studies were
published on the coarsening kinetics of a Pt-NP ensemble or the diffusion behavior of
Pt adatoms on crystalline substrates, like metals or highly oriented pyrolytic graphite
[Lee 98, Bass 70, Tson 75, Kell 90, Kell 92, Kell 93a, Kell 93b, Kell 94, Lind 99]. There
are also a few studies, which report the effect of substrate coverage on the Pt-NP ripening on amorphous carbon substrates [Evan 94, Blac 94, Andr 02]. However, these basic
studies mainly deal with model systems to get more insight in the fundamental processes of coarsening. They can be also considered as a first step towards quantitative
understanding more complex systems. In this work we extend the state of knowledge
by quantitatively describing the coarsening of Pt NPs on a-C films.

3
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1.2. GeMn-based ferromagnetic semiconductor
Spintronic is an emerging field of electronics exploiting the intrinsic spin of the electron in addition to its fundamental electronic charge. It originates from discoveries in
1970s concerning spin-dependent electron transport phenomena. A significant discovery in spintronic is the giant magnetoresistance (GMR) in metallic layer by Fert et al.
[Baib 88] and Grünberg et al. [Bina 89]. This great advancement is tremendously used
as magnetic field sensors in nowadays electronic devices to read data in common hard
disk drive or magnetoresistive random-access memory (MRAM). The sensitivity and
very small size of such magnetic field sensors make possible the unbelievable storage
capacity of present hard drive disks.
The scaling down of Si-based conventional electronic devices has almost reached its
physical limits, and alternative innovative solutions are required. Spintronic offer
promising possibilities by adding extra degree of freedom of spin to conventional electronic devices. For example, the manipulation of spin in a semiconducting material
could allow the combination magnetic storage of information with electronic readout
in a single device, yielding faster and more efficient data treatment. This new scheme
requires spin injection into semiconducting materials. A spin-polarized-current can not
be simply obtained by contacting a ferromagnetic metallic material to a semiconducting material, since the difference in resistivity between a metal and a semiconductor
create a spin accumulation at the interface and prevent any spin-polarized current injection [Schm 00]. The spin accumulation can be avoid by introducing a tunnel barrier
between the metallic electrode and the semiconducting material. With this manner
spin injection at room temperature was recently demonstrated in Ge by several groups
[Jeon 10, Jain 11].
An other way to create spin-polarized-current is to use multifunctional material, such
as ferromagnetic semiconductors (FMS). They are of great interest, as they make use
of the charge and the spin of electrons in the same material. Basically, they are
obtained by doping semiconductors with magnetic atoms, such as transition metals.
Ferromagnetic semiconductors can create spin polarized current, which can be then
injected into nonmagnetic semiconductors without resistive contact.
The best known FMS is GaMnAs, which typically contains a few percent of Mn randomly substituting the semiconductor atoms [Diet 02]. However, the highest Curie
temperature (Tc ) reported so far in GaMnAs is about 170 K, much lower than room
temperature, preventing any practical applications in spintronics. Major efforts are
made to increase the Tc until room temperature, and other systems are investigated.
Group-IV (Si, Ge) FMS are of particularly interest due to their compatibility with
nowadays silicon technology. Since the seminal work published in 2001 and 2002
4
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by Park et al. [Park 01, Park 02] on Mn-doped germanium films, the GeMn material became intensively studied. Beside ferromagnetic order reaching the room temperature, it was found that Mn atoms segregate and form Mn-rich nanostructures
[Jame 06, Boug 06, Li 07, Devi 07, Boug 09]. The occurrence of nano-scaled spinodale
decompostion can be a way to fabricate FMS with high Tc and improved electrical
properties [Sato 05]. In order to control the Mn segregation, Ge(Mn) thin film have
been growth by low temperature molecular beam epitaxy (LTMBE). Since the magnetic
properties and Tc depends drastically on the growth parameters, a detailed understanding of the formation of these nanostructure is required.
In recent years, quantum dots (QDs) have been successfully grown by self-assembling
processes. For optoelectronic device applications, the quantum-dot structures have advantages such as reduced phonon scattering, longer carrier lifetime, and lower detector
noise/higher emission yield due to low dimensional confinement effects. Comparing to
traditional optoelectronic III-V and other materials, self-assembled Ge quantum dots
grown on Si substrates as well as QDs superlattices have a potential to be monolithically integrated with advanced Si-based technology. In addition, Ge QDs in Si could
be used in p-i-p or n-i-n photodetectors (PDs) for mid-infrared applications as well
as in p-i-n PDs for 1.3–1.55 µm communication applications. Finally, the observation of room-temperature electroluminescence in Ge quantum dots makes them good
candidates for the development of infrared light emitting diodes.
By further doping Ge QDs with magnetic impurities like Mn atoms, we aim at making
them ferromagnetic. By analogy with diluted magnetic semiconductors like (Ga,Mn)As,
the ferromagnetic exchange coupling between Mn atoms has to be mediated by holes
introduced in the QDs by p-type co-doping. Ferromagnetic GeMn QDs could then
be used in magnetic data storage [Beso 04]. Indeed, each QD can be seen as a single
memory bit (O or 1) and the size and density of QDs can be adjusted by growth conditions. Moreover, because they self-assemble on Si, the integration to existing silicon
technology should be easily achieved. The challenges are then room-temperature ferromagnetism for practical purpose and the electric field control of the magnetic properties
in order to write the dots at very low power consumption. Recently Xiu et al. [Xiu 10]
have shown promising results in this field. However the interpretation of their results
remains highly controversial which clearly motivated this PhD work.
Chapter 2 reviews rapidly the basics of transmission electron microscopy for HRTEM
and STEM imaging and EELS spectroscopy, and presents more recent techniques and
quantification procedures we have used for this work. The sample preparation and data
processing are emphasized to achieve accurate and precise measurements with TEM
methods.
Chapter 3 deals with the investigation of the first system investigate, i.e. Pt nanopar5
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ticles coarsening on amorphous carbon. Two different coarsening processes were identified: dynamic coalescence and Ostwald ripening. The latter have been modeled at
different annealing temperatures in order to determine the surface diffusion coefficient
of Pt atoms on amorphous carbon.
Chapter 4 presents investigations of Ge and Ge(Mn) quantum dots. In the first part
of this chapter, a method have been developed to quantify the HAADF signal at the
atomic level using correlative analysis of HAADF and EELS signal. This method have
been developed to allow the determination of the surface segregation of Ge during the
growth of SiGe heterostructures. In the second part of this chapter, the Mn incorporation in Ge quantum dots has been thoroughly studied using STEM-EELS techniques.
In chapter 5, the composition and the structure of GeMn nanocolumns embedded
in pure Ge or GeSn matrix have been investigated using HRTEM and STEM-EELS
techniques. The experimental results obtained from HRTEM and STEM-EELS investigation of the GeMn nanocolumns have been discussed with model deduced from
first-principles calculations. The magnetic properties of GeMn and GeSnMn layers
have been correlated with the results obtained from TEM techniques.
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All this work deals mainly with the use of transmission electron microscopy (TEM)
to solve material science problems. The aim of this first chapter is to give some important concepts of advanced TEM techniques used for this work for the study of
materials at the angstrom scale. To that extent, crucial parameters for high resolution
TEM (HRTEM), high resolution scanning TEM (HRSTEM) and electron energy loss
spectroscopy (EELS) imaging are exposed.

2.1. Introduction
In microscopy, the achievable spatial resolution defined by the smallest distance between two points that can be resolved, is often limited by the diffraction limit phenomena and can be estimated with the Rayleigh criterion:
d = 0.61

λ
λ
= 0.61
NA
µ sin θmax

(2.1)

where λ is the wavelength, NA the numerical aperture dependent on the refractive
index µ and the semi-angle of collection of the magnifying lens θmax . Therefore, there
are two ways to increase the spatial resolution in a microscope: by increasing the
numerical aperture NA or decreasing the wavelength. The relatively large wavelength
of ∼ 400 nm used in light microscopy limits its achievable resolution. TEM was thus
developed with the aim to obtain better spatial resolution than in light microscopy. In
TEM, the refractive index µ is very close to 1, as the difference of electron velocity in
vacuum and in the specimen is very small (mean inner potential of ∼ 40 eV is much
smaller than the 100 keV electron beam energy). Electron microscopy can provide much
smaller wavelength by increasing the energy of the electrons, as shown by the typical
electron wavelength reported in Tab. 2.1. The high energy of the electron beam allows
to obtain small wavelength and keeping a small numerical aperture NA. However, for
the lowest beam energy in Tab. 2.1, the numerical aperture impacts significantly the
capacity to resolve the matter at the atomic scale.
In 1959, Feynman introduced in its lecture “There is plenty of room at the bottom”
some ideas of the future nanotechnology and suggested that the achievement of better
spatial resolution in TEM could be of great help for many fields of research [Feyn 60].
At that time, the spatial resolution in TEM was about 1 nm which was 200 times larger
than the diffraction limit. Since that time, huge progress have been done primarily by
improved instrumentation and electron optics and the best resolution demonstrated
today is better than 50 pm [Erni 09, Taka 11].
8

2.1 Introduction
d (nm)
θmax = 10 mrad θmax = 30 mrad θmax = 50 mrad
1
0.062 38.75
2.36
0.78
0.473
0.328 6.98
0.43
0.14
0.085
30
60
0.446 4.87
0.30
0.10
0.059
0.776 1.97
0.12
0.04
0.024
300
Table 2.1.: Typical incident beam energy E, ratio v/c is the ratio of the velocity of
electron v over the velocity of light c and wavelength λ used in electron microscopy.
The corresponding resolution estimated by the Rayleigh criterion in the incoherent
case.
E(keV)

v/c

λ(pm)

The spatial resolution of the electron microscopes is now optimal for observations at the
atomic scale and the requirement about the resolving power of microscope highlighted
by Feynman is satisfied. Transmission electron microscopy has to move toward more
accurate quantification and better sensitivity, to support a better understanding of the
problems in materials science. A precise understanding of electron interaction with
matter and the principle of image formation in a TEM is imperative.
In a transmission electron microscope, the electron beam is formed by the electron
gun and below the condenser system controls this electron beam in order to obtain the
desired illumination configuration: a small convergent beam for scanning transmission
electron microscopy (STEM) or a broad parallel beam for conventional transmission
electron microscopy (CTEM). Then, interactions take place between the electron beam
and the sample to finally get an image of the sample. The imaging process in TEM
can be then separated in three steps:
• formation of the electron beam,
• interaction of the electron beam with the specimen,
• transfer of the electron wave to the detector.
In this section, we focus first on the interaction of the incident electron wave with matter
in the specimen leading to the exit electron wave which propagates in the microscope
to form the image. The effects of optical aberrations on the propagation of the electron
wave will be presented in order to highlight their consequences for imaging. Then, for
each imaging mode i.e. HRSTEM and HRTEM, we will consider the particularities in
the formation of the beam and the transfer of electron wave to the detector. Afterward,
the relevant EELS parameters used for this work are introduced. Finally, the crucial
stage of sample preparation is presented.
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2.2. Interaction of electrons with matter
2.2.1. Electron scattering
TEM is an efficient signal-generating instrument and a wide range of signals can be
generated, as illustrated in Fig. 2.1. Besides photons (X-rays, visible light), transmitted
inelastic and elastic scattered electrons are generated. Elastically scattered electrons
for which the incoming electrons do not lose energy are used for imaging and inelastically scattered electrons for which an energy exchange takes place within the specimen
give information for chemical imaging such as EELS. To fully understand the electron
collection by the various detectors used in TEM, one needs to understand the physics
that governs the interaction between the electron beam and the specimen. This section
does not aim to demonstrate its fundamentals, but to give some insights by explaining
the physical meaning of the most important equations.

Figure 2.1.: Schematic illustration of the different signals, that can be generated after
interaction of a high energy incident electron beam with the specimen in TEM. Taken
from [Will 09].
The propagation of electrons in the specimen is governed by their scattering by atoms
in the material. In this section, we use the particle picture of electrons to describe
the electron scattering in matter. In the next section, we will use the wave nature of
electrons to describe interference phenomena, resulting from the coherent interaction
of the electron wave with the potential distribution in the specimen.
Elastic scattering occurs by Coulomb interaction of the incoming electrons either with
the negatively charged electrons cloud, which results in small angular deviation, or
with the positive nucleus resulting in larger angular deviation. The low-angle elastic
scattering distribution is highly coherent and results in the formation of diffracted
beams at specific angles. The high-angle elastic scattering is usually described by the
Rutherford differential cross-section, which can explain the strong dependence of the
10
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high-angle scattered electrons on the atomic number Z. We can described the elastic
scattering using the atomic-scattering factor fe (θ) which is related to the differential
elastic cross section σe (θ) by [Will 09]:
|fe (θ)|2 =

dσe (θ)
dΩ

(2.2)

where Ω is the solid angle related to the scattering angle θ by dΩ = 2π sin θdθ. |f (θ)|2
is proportional to the scattered intensity from an isolated atom. The atomic-scattering
factor fe (θ) can be written [Will 09]:


fe (θ) =

E0
m 0 c2
8π 2 a0

1+



λ
sin 2θ

!2

(Z − fx )

(2.3)

where m0 is the rest mass of the electron, c the velocity of light, a0 the Bohr radius of
the scattering atom and fx is the scattering factor for X-rays. Eq. 2.3 shows that fe (θ)
decreases with increasing scattering angle θ, or decreasing wavelength. For any values
of θ, fe (θ) increases with Z. Moreover, it is interesting to note that Eq. 2.3 contains
both the elastic nuclear scattering at high angle θ (dependence on Z) and the elastic
electron-cloud scattering at low angle θ (dependence on fx ).

Inelastic scattering occurs by Coulomb interaction between a high energy incident
electron and the atomic electrons that surround each nucleus. Theoretically, it is
difficult to accurately describe the inelastic scattering by differential cross-section, due
to the various mechanisms involved and the possibility of multiple elastic and inelastic
scattering in thicker specimen [Eger 11]. A simple approximation consists in describing
inelastic scattering for a given energy loss E0 by a Lorentzian function:
1
dσi (θ)
∝ 2
dΩ
θ + θE2

(2.4)

where θE is the characteristic scattering angle θE = E0 /mv 2 . Fig. 2.2 compares differential cross section for elastic and inelastic scattering and shows that inelastic scattering
results in much smaller angles than elastic scattering. The curves in Fig. 2.2 are obtained using the Lenz model, as explained in [Eger 11]. If the inelastic scattering is
useful to generate signal for chemical analysis, it is also the cause of radiation damage,
that can prevent in some situation the specimen to be investigated. Indeed, a large part
of energy transfer is converted to heat (phonon) and ionization. In some specimens, it
can cause bond ruptures and irreversible radiation damage.
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Figure 2.2.: Angular dependence of the differential cross sections for elastic and inelastic scattering calculated using Lenz model [Eger 11]. The calculation considers
the scattering of 200 keV electrons by a Ge atoms.

2.2.2. Electron wave propagation in matter
For imaging, the physical quantity of interest is the electron wave after the sample,
i.e. the exit wave which is governed by the propagation of the wave in the specimen.
Only elastic scattering is considered here, as the contribution of inelastic scattering for
imaging is small.
Let us start by considering a simple approximation: as TEM use high energy electron
beam (∼ 100 keV) and small scattering angle (∼ 20 mrad), we can assume that the
electron wave traveling through thin specimen does not undergo a sideways displacement of more than few angstroms. Therefore, we can assume that the electron wave
suffers a phase shift corresponding to the diffusing potential distribution V (~r) of the
specimen. In this approximation, the specimen is considered to be a phase object as it
does not change the wave amplitude of the high energy electron beam. For an incident
wave function ψin (~r) of the real space coordinate ~r = (x, y, z) scattered by a potential
V (~r) of a specimen of thickness ttot , the electron exit wave function ψexit (~r) is:
ψexit (~r) = ψin (~r)t(~r)

(2.5)

where t(~r) is the transmission function of the specimen and is a function of the potential
distribution V (~r):
"

ˆ

t(~r) = exp −iσ

ttot

#

V (r~0 )dr~0

(2.6)

0

with σ = 2meλ/h2 the interaction parameter which define the strength of the interaction of electron waves with matter. Integrating V (~r) over the specimen thickness, one
obtains the projected atomic potential of the specimen Vp (~r). The phase shift being
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small ( σVp (~r)  1), the exponential can be expanded in a power series and the exit
wave become [Kirk 10]:
ψexit (~r) = ψin (~r)e−iσVp (~r) ∼ ψin (~r)(1 + iσVp (~r))

(2.7)

Eq. 2.7 describes the scattering of electrons by a small projected potential Vp (~r). This
model is called the weak phase object approximation (WPOA). The scattering function
iσVp (~r) gives rise to the distribution of scattered amplitude in the back focal plane. For
weak phase scattering, the scattered wave is always 90° out of phase with the incident
beam. The phase shift is indicated by the i in the exponential function in Eq. 2.6. If
an absorption term has to be included in the model, it could be introduced within the
real part. Eq. 2.7 shows that the imaginary part of the wave function contains the
structural information, i.e. the position of the atoms, of the specimen. In case of a
crystal, the projected potential is periodical and creates a phase modulation of the exit
wave. Generally, the WPOA is correct only for very thin specimen consisting of light
elements. For example, the phase shift induced by a single heavy atoms is so large,
that the WPOA is no more correct.
Moreover, the WPOA does not consider the sideways scattering, that is required for
more thicker and realistic specimen. To correctly describe the electron propagation
within the specimen, more sophisticated model are required. This can be done by
considering more fundamental equations. One possibility is to use the time-independent
Schrödinger equation with the relativistically corrected electron mass m = γm0 and a
diffusing potential distribution V (~r):
"

#

~2 2
∇ − eV (~r) ψf (~r) = Eψf (~r)
−
2m

(2.8)

where∇2 is the Laplace operator, ~ = h/2π is the reduced Planck’s constant, m and e
are the electron mass and charge, respectively. Within the high energy approximation,
the potential distribution can be considered as a small perturbation, and the wave
function ψf (~r) in the specimen can be separated into a plane wave traveling in the z
direction and an another wave function that vary slowly with position z.
It follows ψf (~r) = exp(2πiz/λ)ψ(~r) and the Eq. 2.8 becomes [Dyck 80, Kirk 10]:
"

#

∇2xy

4πi ∂
2meV (~r)
+
+
ψ(~r) = 0
λ ∂z
~

(2.9)

where ∇2xy is the sum of second derivatives with respect to x and y.
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In TEM, two ways are usually considered to solve Eq. 2.9:
• the Bloch wave approach [Beth 28] describes electron scattering within a crystal
as the excitation of Bloch waves. This methods works for a periodical potential,
i.e. for a perfect crystal. Thus, each diffracted beam ~k~g corresponding to vector
~g of the reciprocal space can be described as a superposition of Bloch waves.
• the multislice approach [Cowl 57] consists in a numerical iterative process to
simulate the exit wave. The specimen is sliced in thin layers in order to apply
the weak phase object approximation to each layer. Between each layers, the wave
is propagated in vacuum over equivalent thickness layer using Fresnel propagator.
We focus here on the multislice approach as we use it for simulating HRTEM and
HRSTEM images in the next chapters. Following Van Dyck [Dyck 80], two observations
of the Schrödinger equation in Eq. 2.9 can be drawn for studying its physical meaning
and for justifying the principle of the multislice approach:
1. If the propagation term is neglected, Eq. 2.9 can be simplified to the phase
grating equation:
2meλV (~r)
∂ψ(~r)
=i
ψ(~r)
∂z
h2

(2.10)

´
that can be solved using ψ(~r) = exp(iσ V (~r)dz). This justifies the transmission
function for phase object introduced in Eq. 2.6;
2. If the potential term is neglected, Eq. 2.9 can be simplified to a diffusion equation:

∂ψ(~r)
= −∇2xy ψ(~r)
∂z

(2.11)

The specimen is divided into thin slices which are considered as phase objects. The
incident wave function is transmitted through the specimen consisting of these n slices.
Fig. 2.3 illustrates the principle of this method where two slices at coordinate z and
z + ∆z are drawn. For the transmission of the wave through each slice, we use the
WPOA, and the transmission function t(~r) is calculated using the projected potential
averaged between z and z + ∆z. The wave is then propagated over the slice thickness
to the next slice using the propagator p(x, y, 4z).
This operation is performed by a multiplication of the wave function by the propagator
in the Fourier space for all slices. The exit wave is finally determined when the wave is
transmitted through the last slice. According to this principle, the multislice equation
14
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Figure 2.3.: Schematic illustration of the multislice approach. Transmission through
thin slices and propagation following Huygens-Fresnel principle between the slices.
Taken from [Kirk 10].

can be written as
ψ(x, y, z + 4z) = p(x, y, 4z)⊗ [t(x, y, z)ψ(x, y, z)]
|

{z

propagation

}|

{z

transmission

(2.12)

}

the transmission function t(x, y, z) for a thin slice corresponding to the specimen
portion between z and z + 4z is the given by Eq. 2.6. The phase grating wave
t(x, y, z)ψ(x, y, z) is convoluted by the propagator p(x, y, 4z), which follows the Huygens’ principle and Fresnel diffraction. The propagator function is then defined by the
Kirchhoff diffraction integral:
1
ψ(x, y, z + 4z) =
2iλ

ˆ
ψ(x0 , y 0 , z)

exp(2πiR/λ)
(1 + cos θ)dx0 dy 0
R

(2.13)

The small angle scattering involved in TEM allows to approximate the distance R
shown in Fig. 2.3 by ∆z. The propagator can be then simplified to [Kirk 10]:
iπ
1
exp
(x2 + y 2 )
p(x, y, 4z) =
iλ∆z
λ∆z




(2.14)

The exit wave calculated using the multislice approach takes into account the multiple
scattering and the lateral spread of the electron wave through the Fresnel propagator. To minimize the computer calculation in the convolution, the highly efficient fast
Fourier transform (FFT) is used. Indeed the total computation time required for direct
convolution scales as N 2 , whereas in case of FFT it roughly scales as N log(N ).
Eq. 2.12 becomes then
ψ(x, y, z + 4z) = F −1 {Pn (kx , ky , 4z)F [t(x, y, z)ψ(x, y, z)]} + O(4z 2 )

(2.15)

where the FFT is noted as F. The high efficiency of the multislice approach allows
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to simulate wave function of large models. Theoretically, no periodical conditions
are required as in the case of the Bloch-wave approach. However the use of FFT
computation can introduce artifacts on the side of the calculated exit wave if the
atomic model does not have periodic boundaries. Indeed, the FFT calculation is a
discrete Fourier transform and it implies that the sampled data is repeated indefinitely
in a periodic array. This effect is known as the wrap around error as the edges of the
model effectively wrap around and touch each other [Kirk 10].

2.3. Electron optics
2.3.1. Electron lens, electron wave and phase shift
In this section, the basic theory of transfer function of lenses for electron beam is briefly
exposed using the wavelike character of electrons. Electron focusing lenses can either
be electrostatic or magnetic , can be used as immersion lens and are more versatile
for TEM columns. The most important lens in a microscope is the objective lens
as it forms the first image of the object in TEM mode or demagnifies the probe on
the sample in STEM mode. The characteristics of this lens mainly determine the
performance of the microscope in term of attainable resolution. Nowadays, magnetic
lenses in TEM are rotationally symmetric and suffer from aberrations, i.e. deviations
from ideal lens. Lets consider a simple perfectly rotationally symmetric aberration: the
spherical aberration. It is one aberration among a dozen of geometrical aberrations.
Fig. 2.4 (a) and (b) shows ray diagrams of an ideal lens and a real lens with spherical
aberration, respectively. In the ideal lens, all rays coming from one point P of the
object plane converge to another point P’ of the image plane as shown in Fig. 2.4 (a),
whereas in lens suffering from spherical aberration the rays coming from point P form a
disk in the image plane. Indeed, positive spherical aberration reduced the focal length
of the off-axis electrons, i.e. rays at high angle θ are over-focused (Fig. 2.4 (b)) (θ being
the angle between the electron ray and the optical axis). The image of one point P is
then in the Gaussian image plane a disk of radius rϕ which dependent on the angle θ
as:
rsph = 2C3 θ3

(2.16)

where C3 is the third order spherical aberration coefficient. In Fig. 2.4(b), the plane
in which the disk is smaller is called the plane of least confusion with a radius r =
C3 θ3 /4. The main effect of this aberration is a degradation of the capacity for electron
microscope to magnify details of the sample.
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Figure 2.4.: (a) Ideal lens focused all rays coming from point P of the object plane
to another point P’ of the image plane. Real lens with spherical aberration (b) and
chromatic aberration (c), the point P is imaged as a disk in the Gaussian plane.
In addition to geometric aberrations such as spherical aberration, the chromatic aberration also cause blurring of the images: magnetic lens does not focus at the same
point parallel electron rays with different energies, the point P will be magnified in the
Gaussian plane to a disk of radius rc , as illustrated in Fig. 2.4 (c):
rc = C c

∆E
θ
E

(2.17)

where Cc is the chromatic aberration coefficient and ∆E is the FWHM of the energy
distribution of the electron beam. Electron beam have an energy dispersion 4E which
depends on the emission process, ranging from 4E = 0.3 eV for a cold field emission
gun (FEG) to 4E = 2 eV for a thermionic gun with a LaB6 crystal. The electron
guns used for this work are Schottky FEG which have a typical energy dispersion of
4E = 0.7 eV at 200 kV.
In term of wave description, the aberrations act as a deformation of the wavefront.
The wavefront being orthogonal to rays the spherical aberration curves more strongly
the wavefronts at larger θ that results in a deviation δ and a phase shift χ between
trajectories at different θ. The geometrical aberration function χ(θ) describes the phase
difference from a ideal surface wave. In a rotationally symmetric magnetic lens χ(θ) is
required to depend only on even powers of θ as odd powers of θ provide non rotationally
symmetric deviation. For a spherical-aberration limited microscope with rotationally
symmetric magnetic lens, it can be written as [Reim 08]:
χ(θ) =

π
2π
δ=
(C3 θ4 − 2∆f θ2 )
λ
2λ

(2.18)
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where ∆f is the defocus defined as the deviation of the image plane from the ideal
Gaussian plane. Eq. 2.18 reveals that the spherical coefficient can be counterbalanced
by defocusing the lens with ∆f , following the so-called Scherzer condition [Sche 49].
In the wave description, the angle θ between the rays and the optical axis is related
to the wave vector ~k of the spatial frequency space by multiplication with the electron
wavelength λ:
~
θ = λ|k|

(2.19)

This equation basically shows that high spatial resolution, i.e. high spatial frequency,
required large angle θ. For this reason, the design of the objective lens is optimized to
introduce as less as possible phase shift χ(θ) at large angle θ. Concretely, a microscope
have to be able to transfer correctly electron ray at high angle θ to perform high
resolution imaging.
Following the Rayleigh criterion (Eq. 2.1), the revolving power of a geometricalaberration limited instrument can be defined as the smallest value of θ for which the
deviation δ is equal to λ/4. In term of phase χ, the maximum tolerable aberration
phase shift is π/2

2.3.2. Aberration correction
In the precedent section, aberrations and their consequences on electron optics have
been introduced. Theoretically, Scherzer demonstrated that electrons lens with rotational symmetric electromagnetic fields suffers from spherical and chromatic aberration
[Sche 36]. In practice, the value of the spherical aberration coefficient is related to the
gap width of the magnetic pole piece lens. From mechanical consideration, it can not
be designed as small as desired since there is a need to be able to insert a specimen
close to the objective lens. There is then a need to correct the spherical aberration
in order to improve the spatial resolution. Aberration correction to improve spatial
resolution can be performed either by software or hardware methods.
The software methods can be experimentally performed by reconstruction of the electron object wave either by off-line or in-line holography. The off-line holography required a bisprism insert in the TEM allowing acquisition of holograms from which the
phase can be extracted. The in-line holography for phase retrieval, consists in the acquisition of series of images at different focus or different tilts of the incident beam. The
amplitude and the phase of the wave can be obtained using reconstruction approach
[Thus 96]. Depending on the algorithm used, artifact can be introduced and it can fail
to reconstruct the high resolution wave correctly. In both cases, the reconstructed wave
can be numerically corrected for aberrations. Those two post-acquisition corrections
18
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(off-line and in-line holography) have the two main drawbacks in the high resolution
case: they are difficult to perform experimentally, due to high stability requirement and
low signal-to-noise ratio. Moreover, they have limited field of view since they required
high sampling. For those reasons, there are rarely used.
The hardware methods uses non-rotational symmetrical lenses added in the microscope
columns, such as multipole element, e. g. quadrupole, hexapole, octupoles. A multipole
element consists in an even number of poles. For example, the most simple multipole
is the deflector, which is made of two poles. Fig. 2.5 shows the setup of an aberration
corrector in CTEM and STEM.

Figure 2.5.: Placement of the corrector in the column for STEM and CTEM mode.
The labels on the left and right side correspond to the STEM and TEM configurations, respectively. The corrector introduce a negative C3 to counterbalance the
positive C3 of the objective lens. Taken from [Kirk 10].

Theoretically, the principles of aberration correction are known since 1947 [Sche 47],
however it was difficult to implement practically mainly due to the complicated alignment procedure of the different elements together. Indeed, aberration correctors are
composed of a rather sophisticated ensemble of focusing multipole elements. The recent
development of such correctors are mainly due to advances in fast computer and algorithms required for performing the alignment. The first hardware spherical aberration
correction was achieved by Haider et al. on a 200 kV transmission electron microscope
installed in Jülich [Haid 98].
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In sec. 2.3.1, the defocus and spherical aberration were presented. To fully describe
the aberration of electron optical system, aberrations of different order and symmetry
have to be considered. The order of θ can be defined either in the wave aberration
(Eq. 2.18) or in the image aberration function, which estimate the radius of the disk
of least confusion (Eq. 2.16). There is a one order difference between both aberration
functions, and we usually consider the order of aberration with respect to the image
aberration function. The wave aberration function is illustrated for each aberration
coefficient in Fig. 2.6. The aberration symmetry of the estimated phase plate can be
used during corrector-alignment operation to recognize the geometrical aberration that
need to be corrected.
Similarly as the the defocus ∆f = −(C3 λ)1/2 counterbalances the spherical aberration
(minimization of χ(θ) in Eq. 2.18) in C3 -limited microscope, the fifth order spherical aberration can be compensated in C5 -limited microscope by setting the third
order spherical aberration coefficient C3 to a negative value of a few micrometer
C3 = −2.88(C52 λ)1/3 , and the defocus to ∆f = 1.56(C5 λ2 )1/3 , where C5 is the fifth
order spherical aberration coefficient [Chan 06]. This optimal setting is of importance,
when the microscope is working at low accelerating voltage, such as 60-80 kV, because
the effect of aberration is stronger on the reachable resolution. After correction of
the geometrical aberration, the limiting factor is the chromatic aberration Cc . There
are two manners to lower the effects of the chromatic aberration: one can either use
a Cc corrector to set Cc = 0 or use a monochromator to reduce the energy dispersion
∆E. The Cc correction method is still in development and the first results were obtained within the TEAM project [Kabi 09]. Very recently, one of its first application
with the FEI PICO microscope in Jülich were published [Urba 13]. The electron beam
monochromation already demonstrated interesting results [Kisi 08] and is used for specific applications, such as surface plasmon imaging [Scha 09] or the HRTEM imaging
of graphene [Meye 08].
Among the myriad of aberrations illustrated in Fig. 2.6, we consider here the most
relevant aberrations for application purpose: two-fold, three-fold astigmatism, axial
coma and spherical aberration. The first one is of first order and the two last one are
of second order. More details about the aberration notation are given in Sawada et
al. [Sawa 08]. Coma and astigmatism are to due to misalignment or imperfection of
the optical system, and can be easily corrected using dipoles and quadrupoles, respectively. The corrector alignment for the aberrations of order ≥ 3 are stable over weeks,
so they need to be change rarely, whereas the lower-order aberration have to be align
very regularly. Generally, the alignment procedure is greatly enhanced by regular normalization of lenses. The hysteresis loop of the magnetic field in the lenses performed
during the normalization allows a better reproducibility of the alignment procedure.
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Figure 2.6.: Impact of the different geometrical aberrations on the wave surface. The
wave aberration function χ is illustrated for each aberration coefficient. Note that
the intrinsic geometric aberration of magnetic lens, i.e. the defocus 4f = C1 and
spherical aberration C3 , C5 and C7 , are rotationally symmetric. Taken from [Erni 10].

(a) Coma misaligned

(b) Coma correctly aligned

Figure 2.7.: Coma alignment of the image corrector. The shadow in the image correspond the cut-off of the microscope. In (a) the transmitted beam is not centered
in the corrector, whereas in (b) the centering is fine. The image intensity is shown
on a non linear scale.
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Indeed, the small shift of tilt required for precise alignment can be very sensitive to
the actual values of the magnetic fields of the lenses. Typically, the coma and astigmatism are very sensitive and will depends on the area of the sample. In HRSTEM,
coma alignment can be easily done on the ronchigram, whereas in HRTEM, it can not
be accurately aligned, because the measurement method of the CEOS software is not
accurate enough to correct the coma perfectly. An accurate aberration diagnosis is of
importance for the analysis of high resolution imaging. Barthel et al. implement a
method to better measure the aberrations [Bart 10] whereas Biskupek et al. suggest to
manually correct the coma aberration on the image, knowing the effect of aberration
on the imaged specimen. In their paper they present results considering single wall
carbon nanotube [Bisk 12]. On flat thin films such as graphene or amorphous carbon
films, the coma can be easily manually corrected by inspecting the focus variation
across the image. The film appear at the same focus everywhere on the image if no
coma is present. Another way to align the coma in HRTEM is to manually center the
transmitted beam in the corrector. By condensing the beam and slightly defocusing
(displacement of the stage along the z-axis), a shadow image appear in which the beam
has to be centered, as shown in Fig. 2.5. It is a tricky task to align accurately the coma
of the image corrector in this way. However, it is useful to correct the coma of the
image corrector in STEM mode, for convenient imaging of the probe with minimal
aberration.
Practically, aberrations are never completely corrected by the hardware corrector. In
case of HRTEM, residual aberrations can be corrected using focal series reconstruction,
in order to obtain aberration-free acquisition [Erni 10]. Such experiment on graphene
demonstrates interesting results [Jins 11].
The commercially available aberration-corrected microscope clearly enhanced the capabilities of TEM. More precisely, aberration-corrected HRTEM imaging allows unambiguous identification of atomic columns as the delocalization effects are greatly
reduced and imaging is performed close to zero defocus conditions. This is of great
importance for the study of interfaces, surface, nanoparticles, etc. Before aberrationcorrection, images simulation was in most of cases required for the full interpretation
of HRTEM images. The measurement of atomic displacement is easier and its accuracy is improved. In HRSTEM, the aberration correction allows not only to obtain
smaller probe that make the resolution higher but to use larger condenser aperture and
provides therefore higher currents required to increase the signal-to-noise ratio (SNR).
This is particularly interesting for two-dimensional spectrum imaging as we have often
used during this work where small acquisition time for each spectra is required.
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For clarification, we distinguish the TEM mode with a broad beam illumination from
the mode with convergence illumination by using the following abbreviation:
• conventional transmission electron microscopy (CTEM), which include HRTEM,
• scanning transmission electron microscopy (STEM), which include HRSTEM.
Each technique can elucidate a certain aspect of the specimen, and help to answer a
specific problematic about the specimen. The choice of the imaging method is then
related to the contrast mechanism involved in the imaging process.

2.4. High resolution transmission electron microscopy
(HRTEM)
2.4.1. Coherent imaging
In CTEM, the specimen is illuminated by a broad beam, which can be described by a
plane electron wave ψin (~r), with ~r the real space coordinate ~r = (x, y). Its wave vector
k~0 is parallel to the optical axis. The complex electron wave ψexit (~r) directly after the
specimen is called the exit-plane wave and can be written with an amplitude a(~r) and
a phase ϕ(~r) as:
ψexit (~r) = a(~r)eiϕ(~r)

(2.20)

As explained in sec. 2.2, the exit wave contains the structural information about the
specimen. We can consider the exit wave ψexit (~r), as a set of Bragg diffracted beams k~g ,
and the objective lens focuses each Bragg diffracted beam k~g to a spot in the back focal
plane and form electron diffraction (ED) pattern as shown in Fig. 2.8(a). Understanding
HRTEM imaging consists in studying how the different Bragg diffracted beams k~g are
measured by the detector.
The diffraction lies then in the back-focal plane of the objective lens and the wave
function in the back-focal plane is a function of the reciprocal vector ~q and is given by
the Fourier transform of the exit wave ψexit (~r), according to Fourier optics:
ψbfp (~q) = F [ψexit (~r)]

(2.21)

where F is the Fourier transform. The intensity Id of the diffraction is given by the
norm of the wave function in the back-focal plane Id = |ψbfp (~q)|.
In case of a crystal, each Bragg diffracted beam corresponds to a particular reciprocal lattice vector ~g . When the exit-plane wave passes through the objective lens,
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(a) HRTEM imaging

(b) Information transfer

Figure 2.8.: Principle of HRTEM imaging in the TEM: (a) Illustration showing the
transfer of the different Bragg diffracted beams k~g of the exit wave by the post-field
of objective lens. (b) Scheme illustrating that the aberration of the objective lens
are taken into account in the transfer function. Furthermore the intensity of image
is affected by the modulation transfer function (MTF) of the detector. Taken from
[Erni 10].
aberrations affect the wavefront (see sec. 2.3.1), as illustrated in Fig. 2.8(b). Indeed,
the aberration wave function χ(~q) define how each spatial frequency of the exit wave
ψexit (~r) is shifted by the aberrations. This alteration of the wave are introduced via
the transfer function T (~q) (TF) of the microscope:
T (~q) = eiχ(~q)

(2.22)

The image wave reaching the detector is then the convolution of the exit wave ψexit (~r)
with the inverse Fourier transform F −1 of the TF T (~q):
ψima (~r) = ψexit (~r) ⊗ F −1 [T (~q)]

(2.23)

This equation describes the coherent imaging model. The electron detectors can only
measure the intensity of the image wave I(~r) = ψima (~r)ψima¯(~r) = |ψima (~r)|2 . The coherent imaging model holds for ideal microscope, i.e. electron beam without convergence
spread, energy dispersion and any instabilities.
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2.4.2. Partial coherent imaging
In sec. 2.3.2, it was pointed out that the electron beam has a certain energy dispersion
due to electron extraction process. Moreover, it is very difficult to perfectly collimate
electron beam. For these reasons, we now introduce the partial coherent imaging model,
to take into account these experimental parameters, through the damping envelope
functions in the TF:
1. the temporal coherence envelope, that considers the beam instability and the
energy spread of the electron source,
2. the spatial coherence envelope, that considers the finite size of the electron source
and the convergence of the electron beam.
The source energy spread, high voltage and current lens instability slightly change the
electron wavelength. Because of the random nature of the instability, each instability
spread distribution can be approximated by a Gaussian function. Convolving each
Gaussian instability distribution results in a Gaussian distribution with a standard
deviation equal to the quadratic sum of each standard deviation1 . Because the effect
of the chromatic aberration is to focus electron of different energy at different planes,
the total effect of temporal coherency variations is to create a Gaussian focal spread
distribution of a few nm, with a standard deviation 4C given by:

4C = Cc
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(2.24)

where, ∆ERMS is the root-mean-square (RMS) energy spread of the electron beam
related to the FWHM of the energy spread ∆E by ∆E = 2.355∆ERMS [Erni 10].
This incoherent superposition of images with different defocus results in a damping
of the high spatial frequencies. When the beam current is high, the Boersch effect,
that describes the Coulomb repulsive interactions between individuals electrons in the
beam, should be taken into account as an additional contribution to 4C.
To take into account the effect of the temporal coherence envelope, the intensity of the
image wave has to be changed to:
ˆ
I(~r) =

Iδ (~r)f (δ)dδ

(2.25)

where f (δ) is a function of the fluctuation δ around the defocus 4f , which can be
described by a Gaussian distribution with a FWHM 4C. Similarly, the convergence
of the electron beam and the finite source size can be modeled by the introducing a
1

the convolution of two Gaussian function
p with standard deviations σa and σb is a Gaussian function
with a standard deviation σa⊗b = σa2 + σb2
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dispersion of the incident plane waves k~0 +~q, where k~0 is the wave vector of the incident
plane wave and is parallel to the optical axis. It follows for the intensity of the image
wave:
ˆ
I(~r) = Iq~(~r)s(~q)d~q
(2.26)
where s(~q) is the counterpart of the f (δ) function for the angular spread of the electron
source. Once again it can be approximated by a Gaussian function. Combining these
two effects, the intensity is finally given by:
ˆ ˆ
I(~r) =

Iq~δ (~r)f (δ)s(~q)d~qdδ

(2.27)

Following Franck and Wade [Fran 76], this equation can be calculated within the
WPOA, where the imaginary part of the TF is of importance for phase contrast imaging
(no absorption results in no real part). The phase contrast transfer function (PCTF)
is given by:
tc (q) = sin(χ(~q))

(2.28)

As the temporal damping envelope function Et (~q) describes focal variation induced by
the instabilities, it is a function of the partial derivative of the aberration function
∂χ(~q)/∂∆f with respect to the defocus ∆f . It is then given by:


∂χ(~q)
2π 2
Et (~q) = exp − 2 4C 2
λ
∂∆f

!2 

"

π2
 = exp −
4C 2 ~q4
2λ2

#

(2.29)

For estimating the spatial damping envelope function Es (~q), we have to consider a
distribution of incident plane wave of varying wave vectors which form a cone of semiangle θs . Similarly as in case of the temporal envelope function, each partial wave of
the cone are affected by the aberration function and contribute incoherently to the
image. Es (~q) is then a function of the gradient ∇χ(~q) with respect to ~q:
"

#

"

#

π2
π2
Es (~q) = exp − 2 θs2 (∇χ(~q))2 = exp − 2 θs2 (4f 2 ~q2 + 24f C3 ~q4 + C32 ~q6 ) (2.30)
λ
λ
The brightness and small finite source of a FEG microscope allows to obtain illuminating beam with relatively small convergence angle of a few mrad and enough electron
dose which makes the spatial envelope negligible. The temporal coherence-damping
envelope is then the crucial envelope.
This approximation is correct only in case of linear imaging of phase objects. In case of
strongly scattering objects or relatively thick specimens, a more general description of
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the transfer function is necessary. Ishizuha developed the transmission cross-coefficient
method to solve Eq. 2.27. The main difference here is that this method considers interference between Bragg peak. Indeed, intensities of Bragg peak that are strong enough
cause the appearance of pseudo-high-resolution pattern and can leads to misinterpretation of high resolution pattern.
An another envelope damping which has to be considered is created by the use of
non-ideal detector for the acquisition of the electron wave image ψima (~r). Nowadays,
acquisitions are usually performed numerically by a device consisting of a scintillator,
optical fibers and a charge coupled device (CCD) camera. The scintillator converts the
incoming electrons to photons, which are then transferred to the CCD camera by optical
fibers. The arrangement of this detector lead to incoherent blurring of high resolution
micrographs, as it has a finite pixel size of a few ten μm. Although an electron impacts
an area smaller than the pixel size, the translation of the electron by the scintillator
and the optical fiber spreads the incoming localized signal to a finite area of several
pixels. This is described by the point spread function (PSF) of the recording device.
The PSF is described in the spatial frequency space by the the modulation transfer
function (MTF) by as MTF = F [PSF]. Fig. Fig. 2.9 shows the comparison of the
MTF and PSF measured for a Gatan Ultrascan with a binning of one and of two.

(a) MTF

(b) PSF

Figure 2.9.: Typical modulation transfer function (MTF) and point spread function
of a Gatan Ultrascan CCD camera with two different pixel sizes. The MTF is plotted
as a function of the Nyquist frequency, which is defined as the reciprocal value of
twice the pixel size.
The MTF was measured with the sharp edge method using beam stop of the microscope [Weic 95]. From this measurement, one can observe that there is a damping at
high frequency and the contrast of the lattice fringes in the HRTEM image can be
reduced by a large factor such as two or three. Fig. 2.9(b) demonstrated that in case of
large detector pixel size, the signal from one electron will be more localized. It implies
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that the transfer of particular frequencies can be optimized by choosing appropriate
magnification of the microscope and binning of the CCD camera. For the Gatan Ultrascan considered here as an example, the change in pixel from 14 μm to 28 μm increase
the MTF at half Nyquist frequency from 0.12 to 0.2. Finally, the CCD recording device has the advantage to be linear by calibration and can present a high dynamic it
several acquisitions are cumulated. The multiple acquisition of the same image has the
√
advantage to increase the SNR by N where N is the number of cumulated electrons.

2.4.3. Optimal imaging settings
In most of the case, the high spatial frequencies are mainly damped by the temporal envelope. To increase the information limit of the microscope, the defocus spread
value 4C has to be reduced. This can be performed by correction of the chromatic
aberration Cc or using an electron source with lower energy spread, such as cold FEG
or monochromated FEG. This extends significantly the information limit of the microscope. For a last generation microscope, the current instability of the objective
lens and high tension ripple are below 0.5 ppm. For a Cc coefficient of 1.2 nm and a
energy dispersion of 0.7 eV at 80 kV the defocus spread is 4C = 45 Å. Reducing the
energy dispersion to 0.15 eV by the use of the monochromator decreases the defocus
spread to a value of 4C = 12 Å. The consequence on the transfer function is shown in
Fig. 2.10. Further optimization of the aberration coefficient C3 and ∆f , as explained
in sec. 2.3.2 improve the PCTF. The benefit of optimization of energy dispersion and
appropriate aberration coefficient is clearly shown by comparing Fig. 2.10(a) and (d).
In Fig. 2.10(a), unoptimized condition is set, whereas in Fig. 2.10(d), the optimization
of C3 and ∆f allows a increase of the homogeneous transfer from 1.4 to 0.8 Å.
In Fig. 2.11, aberration-corrected HRTEM images acquired at 80 kV on a FEI Titan3
Ultimate are compared for different energy dispersion: 0.7 eV and 0.15 eV in Fig. 2.11(a)
and (b), respectively. The diffractograms of images (a) and (b) in Fig. 2.11(c) shows
the differences in the transfer of spatial frequencies. On the right side of the FFT,
corresponding to the lower energy dispersion of 0.15 eV, the transfer is less damped and
supplementary spots at high spatial frequencies are visible. By comparing the HRTEM
images in Fig. 2.11(a) and (b), one can observed, that beside the increased resolution,
finer details of the carbon are present in case of the lower energy dispersion. Nowadays,
with the development of aberration correctors and monochromators, the information
limit and the information transfer of microscopes are greatly improved. Therefore, the
choice of appropriate experiment conditions, such as aberration coefficients (C3 and
∆f ), energy spread and detector settings (MTF) is of great importance for obtaining
high resolution imaging combined with high SNR.
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(a) ∆E = 0.7 eV

(b) ∆E = 0.7 eV

(c) ∆E = 0.15 eV

(d) ∆E = 0.15 eV

Figure 2.10.: Comparison of PCTF at 80 kV: (a-b) ∆E = 0.7 eV and (c-d) ∆E =
0.15 eV. In (b) and (d), the C3 coefficient has been optimized.

(a) Au nanoparticles,
∆E = 0.8 eV

(b) Au nanoparticles,
∆E = 0.15 eV

(c) Left: FFT of (a),
right: FFT of (b)

Figure 2.11.: Comparison of HRTEM imaging (a) without and (b) with monochromator of Au nanoparticles on amorphous carbon film. In both case, the astigmatism
is corrected manually, i.e. below 0.5 nm, whereas the coma and the C3 -aberration
coefficients are below the confidence level (15 nm and 1.5 μm, respectively) of the
measurement provided by the CEOS software.
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2.5. High resolution scanning transmission electron
microscopy (HRSTEM)
2.5.1. Image and image contrast formation
Contrary to the CTEM mode where a broad beam is used to illuminate the specimen,
in STEM mode the information is collected in a serial acquisition mode. A tiny and
convergent electron probe is focused at the height of the specimen and is scanned
over the specimen. Then, a variety of signals can be detected as a function of probe
position, forming an image. The propagation of the electron wave through the specimen
follows the principle explained in sec. 2.2. In a same fashion than in HRTEM mode,
a diffraction pattern is formed in the back focal plane of the objective lens’ postfield. However, the ED pattern obtained in STEM consist of disk, i.e. a convergent
beam electron diffraction (CBED) pattern, as the incident electron beam has a certain
convergence angle α. The STEM setup is illustrated in Fig. 2.12.

Figure 2.12.: Principle of STEM. The illumination aperture delimits the convergence
angle, and the pre-field of the objective lens focuses the probe on the specimen. The
scattered signal is collected by detectors as a function of the probe position, forming
an image. Taken from [Erni 10].

For imaging in STEM, the signal is collected in the diffraction plane on an annular
detector. The position and size of the detector determine the collection angle and the
related imaging mode. The bright field (BF) consists in collecting the unscattered
30

2.5 High resolution scanning transmission electron microscopy (HRSTEM)
and low-angle scattered (smaller than a few mrad) electrons. Most of the low-angle
scattered electrons being coherent, they can interfere with unscattered electrons and
form of phase contrast. Due to the reciprocal principle of illumination in TEM, the BF
imaging mode can provide the same contrast and information than in HRTEM if the
convergence and collection angle are equivalent to those used in CTEM. The annular
dark field (ADF) detector refer to a configuration of a detector that collects electron
scattered at larger angle than the convergence angle (α < θ), excluding electrons
from the BF disk. If the inner collection angle is too low, the ADF detector collects
a mixture of Bragg diffracted electrons, incoherent scattered electrons and to a less
extent inelastically scattered electrons. This complicated mixture is usually difficult
to analyze qualitatively. A very convenient imaging mode is the high angle annular
dark field (HAADF) imaging mode, which consists in collecting incoherent signal at
high angle. As explained in sec. 2.2, the signal scattered at high angle is dominated by
Rutherford scattering (Eq. 2.3), and should follow a Z 2 dependence. For that reason,
the HAADF imaging is usually referred as Z-contrast imaging. However, experiment
and calculation demonstrate that the power is lower than expected and is around 1.61.8. This can be explained by the screening effect of the electron cloud on the Coulomb
potential of the nucleus. Moreover the quasi-inelastic scattering of incident electrons
by the phonon in the specimen, the so-called thermal diffused scattering (TDS) leads
to a diffuse background intensity in the diffraction pattern and has to be taken into
account for quantitative analysis.
In this work, simulation of HAADF images were performed with the multislice method
using the code provided by E. J. Kirkland [Kirk 13]. This algorithm correctly describes
dynamical scattering of the incident beam (as explained in sec. 2.2.2) and includes TDS
which is accounted in the simulation by using a moving lattice approximation: the socalled frozen-phonon approximation. The time required for the electrons to travel
through the specimen being much smaller than the oscillation of the atoms, the frozen
phonon approximation consists in assuming that the position of the atom does not
change when the imaging electron is inside the specimen. An experimental acquisition is made of many electrons, which have seen many different ensemble of atomic
positions slightly moved away from their lattice position, i.e. atomic configuration.
The successive imaging electrons are uncorrelated with each other, so that the detector
incoherently add many atomic configuration. Therefore, the multislice approach with
the frozen phonon approximation consists in incoherently averaging many multislice
simulations with different configurations. The main effect of thermal vibration is to
redistribute the intensity in the diffraction pattern, as it can be seen in Fig. 2.13. In
Fig. 2.13(a) the high order Laue zone (HOLZ) lines are strong and there is almost
no intensity between the lines, whereas in Fig. 2.13(b-d), the intensity of the HOLZ
lines are significantly reduced and the Kikuchi bands appear more precisely with an
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increasing number of configurations. The pattern in Fig. 2.13(c) and (d) are very similar and present the same features, the difference is in the SNR and the computation
time: Fig. 2.13(d) has a better SNR than Fig. 2.13(c) but the simulations of 100 configurations requires 5 times longer computation time than only the simulations 20
configurations. Fig. 2.13(d) shows that, a good matching is obtained between experimental and simulated CBED pattern, for which the multislice approach including TDS
was used.

(a) Without TDS

(b) 5 configurations

(c) 20 configurations

(d) 100 configurations
and experimental

Figure 2.13.: Simulated CBED pattern of Si in [100]-zone axis for a thickness of
54 nm. Multislice simulation without (a) and with thermal vibrations for different
number of configuration: 5 (b), 20 (c) and 100 (d). The main effect of the TDS is
to redistribute the intensity in the diffraction plane. In (d), a experimental CBED
pattern of Si in [100]-zone axis for a thickness of 54 nm (right side) is compared to
a corresponding simulation (left side). Distortion of the projector system visible on
the experimental pattern are due to the image corrector and the projector system.
The black mark (bottom right) is an artifact coming from the shutter of the CCD
camera. The simulated pattern are displayed with the same log scale.

2.5.2. Reciprocity theorem and coherence
The reciprocity theorem of scattering theory applied to TEM states that the electron
intensities and ray paths remain the same if their direction is reversed. It can be
formulated as follow [Poga 68]:
The amplitude at B of a wave originating from a source at A, and scattered
by P, is equal to the scattered amplitude at A due to the same source placed
at B.
This theorem is due to time-inversion symmetry of the scattering process. It follows
that the contrast in BF-STEM and BF-CTEM is then exactly the same if the source
and the detector are interchanged, and their corresponding convergence and collection
characteristics are strictly equivalent and inversed. Besides this consideration, the
reciprocity theorem allows to define coherence in STEM mode on the basis of the
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coherence in CTEM. From Fourier optics, the lateral coherence length perpendicular
to the optical axis can be approximately estimated by [Kirk 10]:
∆xcoh =

λ
2πβmax

(2.31)

where βmax is the convergence angle of illuminating electron beam. Features much
smaller than the the lateral coherence ∆xcoh will be imaged coherently. Two points
separated by distances much greater than ∆xcoh are incoherently illuminated. In a
aberration-free environment, the image resolution can be approximately estimated by
d ≈ λ/αmax , where αmax is the maximum objective angle (i.e. the angle corresponding
to the largest frequency transmitted). Combining the latter formula with Eq. 2.31, the
condition for coherent and incoherent imaging are obtained and reported in Tab. 2.2.
The ratio of the collection angle over the convergence angle β/α can be used to give
a control of the coherence of the imaging process [Kirk 10]. The coherence condition
being defined, the reciprocity theorem can be used to compare CTEM and STEM
imaging. CTEM with βmax ∼ 0.2 mrad and αmax ∼ 30 mrad is coherent imaging
(βmax  αmax ), whereas HAADF-STEM imaging is typically incoherent, as βmax >
60 mrad and amax ∼ 20 mrad (βmax > 3αmax ).
Incoherent imaging
Coherent imaging
βmax  αmax /2π
αmax /2π  βmax
No interference
Wave interference inside ∆xcoh
Wave functions add
Intensities add
2
2
2
∗
∗
|ψa + ψb | = |ψa | + |ψb | + ψa ψb + ψa ψb |ψa + ψb |2 = |ψa |2 + |ψb |2
Table 2.2.: Conditions and consequences of coherent and incoherent imaging in TEM.

2.5.3. Probe size
In STEM, the characteristics of the focused electron beam directly determine the resolution achievable. As shown in Fig. 2.12, the objective lens’ pre-field formed the probe
and is decisive for the information transferred by the microscope. There are four main
factors that can contribute to the probe shape with a convergence angle α:
• the diffraction limit ddiff = 0.61 αλ due to diffraction at the aperture, ddiff corresponding to the width of the central peak of the Airy function;
• the geometrical aberration, corresponding to the size of the disk of least confusion
dgeom = C43 α3 + C65 α5 , given in sec. 2.3.1;
• the partial temporal coherence due to energy spread of the electron beam. The
size of the corresponding disk can be estimated by dtemp = Cc ∆E
α;
E
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• the partial spatial coherence and effective source size dspatial , which depend on
the demagnification M of the source. The brightness B of the gun is of great
importance for demagnifying the source, as it relates the effective source size with
the probe current Iprobe by [Erni 10]:
B=

Iprobe M
Iprobe
=
2
πα2 Asource
π 2 α2 reffective

(2.32)

where the source of area Asource is demagnified to an effective source size of area
2
= M Asource . The effective source size is then given by:
πreffective
s

dspatial = 2πα

M
Iprobe
B

(2.33)
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3

102

10

1

100

E=

20

0k

eV

C5 =
5m
C
m
3 =
0.0
1m
m

Eq. 2.33 points out the importance of high brightness to form small electron probe,
as demagnification comes at the expense of beam current. Moreover, the estimation
of the effective source size in Eq. 2.33 indicates that high current increases the probe
size. For a microscope with a FEG source the brightness B is high enough to allow
a high demagnification M , so that the effective source size dspatial is not limiting the
probe size. The dependence of the different contributions to the probe size dprobe on
the convergence angle α is plotted in an log-log plot in Fig. 2.14.
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Figure 2.14.: Contribution to the probe size as a function of convergence angle α.
An incident beam energy of 200 keV is considered for the diffraction limit. A C3 aberration limited microscope is represented by the curve with C3 =1 mm, whereas
a C5 -aberration limited microscope is represented by the curves with C3 = 0.01 mm
and C5 = 5 mm. The difference between C5 -aberration limited microscope with FEG
and cold FEG source can be observed on the two curves with ∆E = 0.8 eV and
∆E = 0.3 eV.
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As the slope of the curves depends on the power n of αn , a change of a parameter (aberration coefficient, beam energy or energy spread) only parallel shift the curve, displayed
as a line on the log-log plot. At smaller convergence angle α, the probe size is limiting
by diffraction broadening at the aperture, whereas at higher α, the probe size is limited
by aberrations (C3 or Cc ). This plot shows that the smaller probe size is obtained at an
optimal convergence angle, which balances diffraction and other limiting aberrations.
In a simple geometric optical approach the contributions to the probe size can be approximated as Gaussian spread functions and the final probe size can be estimated by
a convolution of these spread functions. The limiting factors can be then added in
q
quadrature, resulting in a probe size of dprobe = d2diff + d2geom + d2spatial + d2temp . This
estimation of the probe size is not absolutely correct, as the different contributions does
not affect the probe shape in the same way [Erni 10]. The resolution is determined by
the width of the central peak, and the expressions ddiff and dgeom describe the probe size
in different way: ddiff measures the first zero of the Airy function ignoring the probe
tails, while dgeom measures the outermost radius of a the disk of least confusion. The
achievable minimum probe size is then overestimated. Concerning the partial temporal
coherence, its main effect is to increase the probe tail without decreasing significantly
the width of the central peak. This results in a decrease of the image contrast, and
will be explained more precisely [Erni 10].

2.5.4. Optimal imaging settings
2.5.4.1. Geometric aberration
As for HRTEM imaging, optimal imaging parameter can be chosen to optimize the
experiment to be performed. The main free parameters of the electron probe formation
are the convergence angle α , the aberration coefficients (∆f and C3 ) and the probe
current. In the following, the electron probe is described using a wave optical approach
to obtain an accurate estimation of the electron probe. As explained in sec. 2.3.2, a
phase shift of χ(α) < π/2 (Eq. 2.18) is small enough to be ignored, and the optimal
resolution condition can be determined [Sche 49]. In case of an uncorrected microscope,
the optimal defocus ∆fopt is chosen to compensate the spherical aberration shift within
the widest π/2 band, and the optimal aperture αopt is obtained by calculating χ(α) = 0.
The optimal convergence angle αopt and the probe size dprobe are then given by:
αopt =

q
4

4λ/C3

and

q

dprobe = 0.43 4 C3 λ3

(2.34)

Extending this approach to a microscope with a C3 corrector, the defocus 4f and the
C3 coefficient are set to balance the C5 aberration.
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The optimal C3 coefficient, convergence angle αopt and the probe size dprobe are given
by [Inta 08]:
q

q

C3 = − 3 3λ/C52 , αopt = 1.47 6 λ/C5 and

q

dprobe = 0.42 6 C5 λ5

(2.35)

Optimal values are calculated for different high tension in Tab. 2.3.
Uncorrected
C3 Corrected (C5 = 5 mm)
High Tension (kV) 80
200 300
80
200
300
C3 (mm)
1
1
1
-0.014 -0.011
-0.011
αopt (mrad)
11.4 10.0 9.4
52.2
47.9
46.0
dprobe (Å)
2.23 1.52 1.27 0.49
0.32
0.26
Table 2.3.: Optimal values for the convergence angle and the C3 coefficient (in corrected microscope case) at different acceleration voltage. The probe size dprobe is
estimated using the diffraction limit of optimal convergence angle αopt .

As for HRTEM, the finite energy spread ∆E of the electron beam in combination with
the chromatic aberration of the probe-forming system leads to an incoherent sum of
probes with different defocus. The principal effect of the chromatic aberration is then
to move intensity from the probe central peak into the probe tail, while the probe size
does not change substantially [Kriv 08, Erni 09]. In other term, in case of incoherent
imaging, the chromatic aberration does not affect the resolution, but the contrast
decreases significantly (as the probe tail intensity is higher). Fig. 2.15 shows calculated
PSF of different probe conditions. In STEM, the PSF is the intensity distribution of
the focused probe and is calculated by integrating the aberration wave function over
the illumination aperture α = λkmax [Kirk 10]:
2

ˆ

kmax

h

i

exp −iχ(~k) − 2πi~k · ~r d2~k

PSF(~r) = A

(2.36)

0

with A a normalization constant. If the astigmatism is negligible, the PSF can be
simplify to the calculation of a one dimensional integral:
2

ˆ

kmax

PSF(r) = A

exp [−iχ(k)] J0 (2πkr)kdk

(2.37)

0

where J0 is the zeroth order Bessel function of the first kind. The probe profiles shown
in Fig. 2.15(a) has been calculated using Eq. 2.37. In Fig. 2.15(a), a C3 -aberration
limited probe is compared to C5 -aberration limited probes, which are both optimized
for maximum contrast, i.e. smallest probe tail possible.
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2.5.4.2. Chromatic aberration

1.0
0.8
0.6

0.8
0.6
0.4
0.2
0.0
0

0.4

1

2

3

4

Spatial distance (Å)
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In Fig. 2.15(b) four calculated probes are plotted to show the effect of the chromatic
aberration on a C5 -aberration limited probe with convergence angles of 20 and 35
mrad. As expected, the width of central peak is smaller with 35 mrad than with
20 mrad convergence angle. Chromatic aberration does not significantly change the
width of the central peak, but the probe tail is affected, as explained before. The much
larger probe tail of the 35 mrad probe demonstrated that the effect is much greater
on the 35 mrad probe than on the 20 mrad probe. This is also evidenced in the inset
of Fig. 2.15(b), in which the total integrated current is plotted, as a function of the
distance of the probe center.

1.0
0.8
0.6
0.4
0.2
0.0
0

1

3

20 mrad
20 mrad, Cc
35 mrad
35 mrad, Cc

0.2
0.00

2

Spatial distance (Å)
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Figure 2.15.: PSF of different calculated probes. (a) A C3 -aberration limited probe
is compared to C5 -aberration limited probes with 20 mrad and 35 mrad convergence
angle. (b) Effect of the chromatic aberration on C5 -aberration limited probe with
convergence angles of 20 and 35 mrad. In the insets, the total integrated current is
plotted as a function of the distance from the probe center. A chromatic aberration
coefficient of Cc = 1.2, and an energy dispersion of ∆E = 0.7 eV at 200 kV is
considered for the calculations.

Fig. 2.15(b) points out that for C5 -aberration limited microscope with an energy spread
of 0.7 eV, the convergence angle should be kept relatively small (∼ 20 mrad) to avoid
large probe tail. A limit imposed by the chromatic aberration can be estimated by
choosing a fraction of intensity transferred from the probe-central peak to the probe
tail. The intensity fraction remaining in the central peak can be approximated by
[Kriv 03]:
fr ∼ 1 − (1 − w)2

where

w = 0.75

λ E
Cc α2 ∆E

(2.38)
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Eq. 2.38 shows that a higher convergence angle α provides a lower fraction of intensity
remaining in the probe central peak fr . The optimal value of fr depends on the
experiment to be considered. For elemental mapping, a value of fr is required, whereas
for HAADF imaging fr can be as low as 0.5. Considering fr = 0.75 (w = 0.5) gives:
s

αchrom = 1.2

λE
Cc ∆E

(2.39)

Using the diffraction limit, a resolution limit due to the chromatic aberration can be
defined as:
dchrom = 0.61

λ
αchrom

s

= 0.5

λCc ∆E
E

(2.40)

Values for the convergence angle obtained from Eq. 2.39 are calculated for different
high tension and energy spread of the electron beam in Tab. 2.4. This values correspond
to a convergence angle for which the chromatic aberration does not create significant
probe tail, Tab. 2.4 points out that cold FEG sources allow higher convergence angle
because of the lower energy spread ∆E. This is particularly critical at lower voltage,
where the convergence angle have to be kept as small as 22 mrad in case of energy
dispersion of ∆E = 0.7 eV.
∆E = 0.3 eV
∆E = 0.7 eV
High Tension (kV) 80
200 300
80
200 300
αchrom (mrad)
36.6 44.8 48.6 22.4 27.4 29.8
0.69 0.34 0.25 1.14 0.56 0.40
dchrom (Å)
Table 2.4.: Optimal values for the convergence angle considering two FWHM of the
energy spread (∆E = 0.3 eV and ∆E = 0.7 eV) and a chromatic aberration coefficient of Cc = 1.2 mm. The intensity fraction remaining in the central peak is
fr = 0.75.

These considerations on the optimal probe forming conditions highlight the importance
of the convergence angle on the probe intensity distribution, i.e. the resolution and the
potential delocalization effect. It highly depends on the microscope parameters and on
the experiment to be performed. HRSTEM in a C3 -aberration limited microscope is
usually achieved using ∼ 10 mrad convergence angle. Low probe current of a few 10 pA
are required to reduce the contribution of the finite source size to the final probe size
(see Eq. 2.33). For C5 -aberration limited microscope, the value reported in Tab. 2.4
shows that higher convergence angle α can be used and thus much smaller probe size
obtained as defined by the diffraction limit. Beside the improved resolution, the large
convergence angle leads to another very beneficial effect which is the increased probe
current. Indeed, for exactly the same brightness and demagnification of a microscope
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source, the probe current scale with the area of the illumination aperture if we consider
that the intensity of the electron wave is constant in the aperture plane. A 3 times larger
convergence angle provides a probe current enhances by of a factor of 9. That is of high
importance for high SNR in HRSTEM experiments, such as HAADF, EDX (Energydispersive X-ray) or EELS acquisitions. Aberration correctors have really opened new
fields of investigation and specially for analytical analysis with high spatial resolution.
Usually HRSTEM in a C5 -aberration limited microscope is performed with a convergence angle ranging from 25 to 35 mrad, whereas slightly smaller convergence angle
(∼ 20 mrad) with very small tail are preferable for EELS experiment. The depth of
field ∆z is also of importance and is linked to the convergence angle by ∆z ≈ λ/α.
In some situations, it is possible to take advantage of the small depth of field ∆z to
perform three-dimensional imaging of individual atoms [Bent 06]. However, the reduced depth of field ∆z leads to more complicated propagation of the electron in the
specimen due to channeling of the electrons along the zone axis [Xin 08].

2.5.5. Quantitative analysis
The HAADF-HRSTEM imaging mode has several advantages such as easier interpretation of the contrast and high sensitivity to chemical composition as compared
to HRTEM imaging. As example, dopants distribution can be studied with atomic
resolution, as it has been reported for the case of Sb in Si [Voyl 02] or Tm in AlN
[Okun 10].
2.5.5.1. Intensity calibration
In the last few years, progresses have been performed toward a better quantification
of HAADF contrast and an experimental method has been developed to set HAADF
signal on an absolute scale. The main principle of this technique is to acquire the signal
response of the detector to the electron beam for a given probe current [Lebe 08a].
Fig. 2.16 displays an example of acquisition of detectors images as we have performed
for this work. The images were acquired by scanning the detector with the electron
probe2 , i.e. for each probe position the detectors response is obtained.
The values measured on and outside the detector are used to normalize the raw intensity
Iraw of the HAADF-STEM images as [Rose 09]:
I=

Iraw − Imin
Imax − Imin

(2.41)

where Imin and Imax are measured on the detector response shown in Fig. 2.16(a-b).
2

The projector of the microscope was set in image mode.
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(b) Gatan ADF detector

(c) ADF detector shadow

Figure 2.16.: Images of annular detector used as HAADF detector on FEI Titan
microscope acquired by scanning the detector with the electron probe while the
microscope is set in image mode. (a) Fishione ADF detector used in STEM mode
and (b) Gatan ADF detector at the entrance of the Gatan imaging filter (GIF) used
in EFSTEM mode. (c) Superposition of acquisitions of deflected beams reaching
the scintillator with the shadow of the Fishione ADF detector. The two red circle
marked the dead area of the ADF detector.
The images can be then calibrated in fraction of incident beam and could then be
directly comparable with HAADF simulations. Using this method, the dynamic and
the background of HAADF intensities acquired during set of sessions (e.g. different
probe currents, different microscopes) can be directly and quantitatively compared
with each other. The images of ADF detectors in Fig. 2.16 show that the detector
response is not completely homogeneous, particularly at low collection angles. This
should be taken into account for quantitative analysis of HAADF contrast based on
HAADF simulations since the HAADF signal is higher at this low angles than at higher
angles (see Fig. 2.2) [Rose 09, Find 13].

2.5.5.2. Inner and outer collection angle calibration
The detector image can be further used for collection angle calibration where the ratio
between the inner and outer collection angle can be measured. The calibration of the
inner collection detector angle was performed using the beam and the shadow of the
detector acquired on the CCD camera. We deflected the beam toward the detector until
a signal is measured on the ADF detector, as explained in [Lebe 08a]. This is illustrated
by the image in Fig. 2.16(c) which shows the superposition of several acquisitions with
the CCD camera for different position of the deflected beam touching the active area
of the ADF detector. From the position of the ronchigram, one can accurately measure
the inner collection angle θinner .
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For calibration of the outer collection angle θouter , the cut-off of the microscope has to
be taken into account. This cut-off corresponds to a limiting aperture or the pole piece
of a lens and depends on the camera length in diffraction mode. This was measured
by illuminating the specimen in a tick area in order to have a strong diffusion at high
angle. More details about the measurement of the cut-off angle θcut-off are given in
Appendix B. After a monotonous increase up to 170 mrad, θouter stops increasing at a
camera length of L = 145 mm and stays at the same value. Therefore, the collection
angle of the HAADF at small camera length are significantly affected by the cut-off
of the microscope. The value for the inner and outer collection angle are plotted in
Fig. 2.17 for a double-corrected FEI Titan3 microscope used for most of the HRSTEM
investigations presented in this work. These plots point out that the detector collection
is much smaller at low camera length, where the inner collection angle is high. These
two detectors are typically used in STEM mode for the Fishione, and in EFSTEM mode
for the Gatan. The EFSTEM mode is a setting of the projector system particularly
optimized for EELS experiment with high collection efficient since it allows entrance
of scattering angle in the Gatan Imaging Filter (GIF) up to the microscope cut-off.
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(a) Fishione ADF detector in STEM mode
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(b) Gatan ADF detector in EFSTEM mode

Figure 2.17.: Dependence of the collection angles of ADF detectors on the camera
length. The fill area represents the scattering angles collected by the detectors. The
ADF Fishione and ADF Gatan detector are respectively used as a HAADF detector
in STEM mode and EFSTEM mode.

The measurements reported in Fig. 2.17 were performed on a microscope fitted with
an image corrector. Other measurements performed on a probe-corrected FEI Titan
microscope (without image corrector) revealed that the cut-off of the microscope is
slightly higher (190 mrad). It is not trivial to explain what is limiting the scattering
angle inside the microscope since the variation of the cut-off on the projector settings
is not monotonic. The effect of each lens after the objective lens should be studied in
more details.
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2.5.5.3. Specimen thickness measurement
Another important parameter for quantitative analysis of HAADF contrast is the specimen thickness which has to be measured accurately for quantification. For thin areas, we used the position average CBED method (PACBED) consisting in acquiring a
CBED pattern while the probe is scanned over a small area on the specimen [LeBe 10].
The CBED pattern produced by an angstrom-sized electron probe is composed of
overlapping diffracted disks dependent on the probe position in the unit-cell. By incoherently average the CBED patterns over many probe positions the dependence on
the probe position in unit-cell disappears and the obtained PACBED pattern contains
highly sensitive information about the specimen thickness and orientation. PACBED
patterns are displayed in Fig. 2.18.

(a)

(b)

(c)

(d)

(e) 7 nm

(f) 14 nm

(g) 35 nm

(h) 48 nm

Figure 2.18.: (a-d) Experimental and (e-h) simulated PACBED patterns of Si in
[110]-zone axis acquired in STEM mode (α = 9.2 mrad) at 200 kV for different
thicknesses. By comparison of experimental with simulated pattern, the specimen
thickness can be determined.
By comparing experimental PACBED pattern with corresponding simulated patterns
the thickness can be determined. For easy comparison with simulation, the PACBED
should not have too much overlapping of transmitted and diffracted beam. Depending
on the acceleration voltage, the lattice parameter and the zone-axis the convergence
angle has to be chosen correctly. Usually, it has to be not too large in order to obtain
a convenient overlap of diffracted disks that will allow unambiguous comparison with
simulation. Under good conditions, the specimen thickness can be determined with an
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error of 1 nm. For silicon in [110]-zone axis at 200 kV acceleration voltage, Fig. 2.19
shows, that the PACBED pattern with convergence angle α = 15.3 mrad have less
contrast in the transmitted beam than the one with α = 9.2 mrad. The comparison
with simulations is then easier with the smaller convergence angle. In Fig. 2.19 (b) the
construction of the overlapping Bragg diffracted disk is shown.

(a) α = 15.3 mrad

(b) α = 9.2 mrad

Figure 2.19.: Comparison of experimental PACBED pattern of Si in [110]-zone axis
for two different convergence angle: (a) α = 13.3 mrad with condenser aperture 50
μm and (b) α = 9.2 mrad with condenser aperture 30 μm.

2.5.5.4. Incoherence effect and probe size
Recently, good matching between experimental and simulated HAADF contrast has
been reported by different groups [LeBe 08b, Rose 09, Kim 11]. They demonstrated
that experimental HAADF images calibrated with the incident electron can be directly
and easily compared with appropriate theoretical model including thermal diffuse scattering if an appropriate spatial incoherence is taken into account. The spatial incoherence was justified by “combined effects from a finite extent of the effective illumination
source, instabilities, sample drift, etc.”. The spatial incoherence was taken into account by convolving the simulated images with a Gaussian with a certain FWHM.
Lebeau et al. used a FWHM of 80 pm for C3 -aberration limited microscope at 300kV,
whereas Kim et al. used a FWHM of 70 pm for C5 -aberration limited microscope
with a cold-FEG working at 300 kV [Kim 11, LeBe 08b]. Convolution with Gaussian
functions with different FWHM clearly gives different results and rises questions about
the validity of using this free parameter. More recently, good correlation between the
FWHM of the Gaussian and the probe current was evidenced, indicating that the the
free parameter of the FWHM of the Gaussian convolution is mainly due to spatial
coherent size of the electron source [Kim 12]. This is in good agreement with the observation of Dwyer et al., who have precisely measured the spatial incoherence of the
electron source and demonstrated very good matching between experimental and simulated HAADF contrast without including any adjustable parameter [Dwye 12]. This
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study demonstrates that absolute quantification of HAADF contrast based on HAADF
simulations is possible if the microscope parameters are accurately measured.

2.6. Electron energy loss spectroscopy
2.6.1. The electron energy loss spectrum
Inelastically scattered electrons can be analyzed by EELS, as the energy lost by electrons through their interactions within the specimen gives a wide range of information
such as atomic composition, chemical bonding, valence and conduction band electronic
properties and surface properties. A typical EELS spectrum is shown in Fig. 2.20,
where three parts of the spectra can be defined: the zero-loss (ZL), the loss-low (LL)
and the core-loss (CL) regions.

Figure 2.20.: Typical EELS spectrum of a GeMn specimen acquired in dual-EELS
mode exhibiting the high dynamic range from the zero-loss peak to the core-loss
edge of Ge at 1217 eV. The SNR of the carbon edge is poor as it is acquired on the
same spectrum than the zero-loss peak. The core-loss spectrum acquired for longer
exposure time between 350 eV and 1350 eV has a much better SNR.
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The following excitation mechanism correspond to specific energy region of the energy
loss:
• 1 meV - 1 eV: quasi-inelastic scattering of electrons with the phonons, mentioned
in sec. 2.5, are contains in the ZL peak, as the typical energy resolution in TEM
is too poor to separate them from the pure elastic peak. Indeed, the width of
the ZL peak is related to the energy spread of the microscope, that range from
0.050 meV for the best monochromated system to 1.6 eV for thermionic LaB6
source;
• 1 eV - 50 eV: most of the inelastic scattered electrons are generated after interaction with outer atomic shells and results in an energy loss of less than 50 eV in
the LL region. In this energy range, collective plasmon excitations and interband
transitions are predominant. They are due to electrostatic interactions of the
incident electron beam with outer-shell electrons, such as conduction electron in
metal, valence electrons in a semiconductor or insulator; surface plasmon oscillations for nanoparticles are also localized at the extreme valence band region
(1-3 eV) and can now be analyzed thanks to new monochromated guns. Band
gap for SC materials are also localized in this region of the spectrum.
• 50 eV - 3 keV: the rest of inelastic signal is generated through ionization of innershell (K-, L-, M-, etc. shell) electrons to vacuum. As the inner-shell electrons
have binding energies of hundreds of thousands of eV, they are found in the CL
region of the spectra.
Fig. 2.20 displays a typical EEL spectrum used in this work, where the C K, O K,
M L2,3 and Ge L2-3 ionization edges are located at energy of 284 eV, 532 eV, 640 eV and
1217 eV, respectively. The characteristic ionization edges can be used first to identify
the species present in the specimen and to quantify the among of each element. Energyloss near-edge structure (0-30 eV) from edge onset gives information on the bonding
with neighboring atoms. Each ionization edge is superimposed to the background which
comes from high energy tail of plasmon peak or ionization edges at lower binding energy.
The background is usually comparable or larger than the core-loss intensity, it is then of
importance to minimize the background intensity. The most significant contribution to
the background comes from the plasmon peaks. In thick specimen, electrons undergo
more than one single inelastic scattering, i.e. plural scattering so several plasmons are
generated, providing high intensity background. Therefore, the signal-to-background
ratio (SBR), also called jump ratio of ionization edge is significantly reduced since the
background typically increase faster than the signal of the ionization edge [Eger 11].
Moreover the plural scattering also affects the ionization edge and deconvolution is
needed for quantification.
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2.6.1.1. Collection efficiency
The signal generated from a particular ionization edge is directly proportional to the
number of atoms and the scattering cross-section of the corresponding element. As
explained in sec. 2.2, the cross-section depends strongly on the scattering angle (see
Fig. 2.2) and the fraction of signal collected by the spectrometer (i.e. function of the
collection angle β) varies as shown in Fig. 2.21.
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Figure 2.21.: (a) Fraction of inelastic signal collected by the spectrometer as a function of the collection angle β for different element. (b) Fraction of inelastic signal collected by the spectrometer with a correction for the convergence angle of
α = 20 mrad. Inset of (b) Convergence correction factor for different convergence
angle α ranging from 10 to 30 mrad. This factor is used in quantification to take
into account of the convergence angle α and highlight the decrease of ionization edge
intensity for increasing convergence angle α (at same collection angle β).
The fraction of inelastic signal plotted in Fig. 2.21(a) is calculated using the Lenz cross
section (see Fig. 2.2)[Eger 11]. When the EELS acquisition is performed in STEM
mode with a convergence probe, a correction convergence factor is introduced to take
into account the spread of ionization edge signal at higher angle. This correction
factor is calculated by convolving the incident-electron intensity dI/dΩ by the innershell scattering dσi /dΩ [Eger 11]. The convergence correction factor is plotted as a
function of the collection angle β for different convergence angle α in Fig. 2.21(b). The
combination of both the fraction of inelastic scattering and the convergence correction
factor is plotted in Fig. 2.21(c) and shows that the choice of the collection angle β is
important for optimizing the EELS acquisition. For a convergence angle of α = 20 mrad
considered here the collection is 95 % with a 70 mrad collection angle. High collection
angle (β ∼ 80 mrad) provides important collection of the generated signal (higher SNR)
and allows to obtained fast spectra acquisition time required for spectrum imaging
acquisition (SI). However, high SNR is not the only parameter to optimize, the SBR
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have also to be considered. Increasing the collection angle β significantly reduces the
SBR since the background typically increases faster than the signal of the ionization
edge [Eger 11]. The choice of the collection angle is therefore a trade-off between SNR
and SBR.
2.6.1.2. Atomic resolution
The combination of aberration corrected STEM with high collection efficiency allows
the acquisition of spectroscopic information down to the atomic scale, as shown by
the atomic resolved EELS acquisition performed on a reference SrTiO3 specimen in
Fig. 2.22. Acquisition was performed on the FEI-Titan3 Ultimate of CEA-Grenoble,
double corrected and monochromated microscope equipped with the GIF Quantum.
The 1 Å probe with a current of 140 pA used in this experiment allows to acquire EEL
spectra of 20 ms with high SNR. The Sr, Ti and O map displayed in Fig. 2.22, show
that the signal obtained is in good agreement with the expected position of atomic
columns.

(a) HAADF

(b) Sr map

(c) Ti map

(d) O map

Figure 2.22.: Atomic resolved EELS acquisition of SrTiO3 in [001]-zone axis acquired
at 200 kV, using 21 mrad convergence angle and 98 mrad collection angle. (a)
HAADF images acquired simultaneously and background subtracted map of (b) Sr
(c) Ti and (d) O. The current of the 1 Å probe was 140 pA allowing pixel acquisition
time of 20 ms with high SNR. The total acquisition time of the EELS data set is
41 s. The specimen thickness t = 27 nm is estimated with the relative specimen
thickness t/λ = 0.33.

However, the qualitative analysis of the signal obtained in atomic resolved EELS experiment is not straightforward and elastic-inelastic simulations are required. In the Sr
map in Fig. 2.22(b), the signal of the Sr is well localized on the pure Sr atomic columns,
whereas in the Ti map in Fig. 2.22(c), the Ti signal is slightly spread in the neighboring
atomic columns. The O map in Fig. 2.22(d) shows, that the O signal measured on the
Ti-O mixed atomic columns is slightly higher than on the O pure atomic columns. As
both atomic columns contains the same number of oxygen atoms, one would expect to
measure the same amount of oxygen which is not the case here. This can be explained
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by a stronger channeling effect on the Ti-O columns than on the pure O columns. An
example of non-trivial analysis of atomic-resolved EELS map was reported by Bottom
et al. where they point out that in the case of atomically sharp interface the intensity
profile of Ba or Sr distributions have significant tails away from the interface. Simulation suggest that this unexpected intensity arises from a background rather than the
presence of the considered element [Bott 10]. They further show that the minimum
detectable fraction of Ti in SrTiO3 can be as low as 1 %, for optimized experimental
condition (thin sample, appropriate probe current, convergence and collection angle).
Therefore, the EELS SI method can provide excellent spatial resolution combined with
good detection limits. The remaining limiting factor to answer materials science problems is the limited field of view and the beam damage. This can be solved using highly
stable microscope with lower incident beam energy.

2.6.2. EELS signal processing
2.6.2.1. Dark improved acquisition
In this work, the EEL spectra were acquired using the CCD camera of the GIF which
provides spectrum corrected from the detector background since this CCD camera
has built-in correction of gain (relative pixel sensitivity) and dark current (thermally
excited electron-hole pairs). The signal after correction Si of one pixel i of the CCD
camera is given by:
Si =

Ii − Di
Gi

(2.42)

where Ii is the measured signal, Di the dark current reference and Gi the gain reference.
A new gain reference was acquired at the beginning of each session, in order to obtain
high quality gain calibration corresponding to the experiment conditions, i.e. a gain
acquired with high statistic and a similar number of counts as for the experiment.
This was necessary to prevent artifacts, such as difference of gain between quadrant of
the CCD, that can become apparent after post-processing. For faster and less noisy
acquisition, a 130 x on-chip binning in the non-dispersive direction was performed.
Classically, Gatan acquisition routine acquires only one dark current for all the EEL
spectra of the series leading to correlated noise in the EELS spectra as shows by Hou
[Hou 09]. He evidences that the SNR of the EELS SI can be improved using high
quality dark current reference consisting of n averaged dark current reference Di . The
P
dark current reference becomes then D̄i = Di /n. If the improved dark reference is
i

not implemented in the software acquisition, the procedure can be manually performed
by acquiring uncorrected spectra and post-processing the gain and the dark references.
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Fig. 2.23(a) shows the normal dark correction and the improved dark reference, which
consists of 400 dark references averaged. The impact of the improved correction on the
EEL spectra can be observed in Fig. 2.23(b), where spectra with normal and improved
dark correction are plotted for comparison.
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Figure 2.23.: (a) Normal and improved dark-current reference and (b) the impact on
typical raw EELS spectrum of a SiGe specimen with Ge L2,3 and Si K edges. The
improved dark current reference D̄i was averaged over i = 400 dark current reference
Di acquisitions.
The improvement of the dark correction is directly transposed to the EEL spectra,
as the dark correction consists in a subtraction of the dark reference signal and a
normalization with the gain reference (see Eq. 2.42). This improved dark correction
can be combined to the binned gain averaging method introduced by Bosman et al.
[Bosm 08] to further improve the SNR [Hou 09].
2.6.2.2. Data post-processing
Multivariate statistical analysis method can be applied to EELS SI data set for denoising and retrieving unknown spectral features. A popular techniques is the principal
component analysis (PCA), that takes advantages of the redundant spectral features
in the EELS SI data set for noise removal [Treb 90, Bonn 99]. The principle of the
PCA approach is to reduce the dimensionality of the large data set by finding a minimum number of variable that describe accurately the original data set [Wata 13]. The
work-flow of PCA algorithm is the following:
1. diagonalization of the covariante matrix of the original SI data set;
2. ranking of the eigenvectors and corresponding eigenvalues. The magnitude of the
eigenvalue indicate the amount of variance that the corresponding component
contributes to the data set;
3. reconstruction of the SI data set by keeping the relevant eigenvectors.
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Pre-treatment of the original data set, such as weighting, is usually performed before
the PCA. The weakness of the PCA treatment lies in the choice of the number of
eigenvectors to keep for reconstructing the SI data set. This usually performed by
looking at the scree plot and by careful evaluation of the different components.
In this work, PCA was performed using the Hyperspy software for denoising EELS
SI data set [Pena 11]. This freeware is a hyperspectral data analysis toolbox3 , which
is particularly well suited for EELS data analysis. In Fig. 2.24, an example of PCA
denoising treatment is presented. After the principal component decomposition, the
variance of the different component are compared with the help of the scree plot in
Fig. 2.24(a). The number of components to be chosen as relevant components can be
estimated on the scree plot which shows that only the first two components have a
variance higher than the other. A further investigation of the estimation of number
of component can be done by inspecting the next components (factor and loading).
For the component 2 and 3, Fig. 2.24(d) shows the corresponding factors and loadings
correspond to noise, as they do not exhibit any particular feature neither in the factors
nor in the loadings, and the contribution to the data set is very low, as shown by the
loading maps. The 2 first components are then relevant for reconstructing the data
set. In Fig. 2.24(b), one spectrum of the PCA denoised data set is compared with
the corresponding spectrum of the raw EELS SI. In this example, there is very few
components for two reasons: firstly, there is only 2 spectra features on this data set
due to the presence of only Si and Ge ionization edge; secondly, the thickness variation
is not significant, and there is thus no shape variation in the background.

2.6.3. Quantification
The ZL peak is of great interest for calibrating the energy of the system and for
estimating the thickness of the specimen. The most common procedure for thickness
measurement is the log-ratio method. As inelastic scattering events are independent,
their occurrence follows Poisson statistics, and the probability Pninel that a transmitted
electrons is ninel times inelastically scattered is given by:


Pninel =

1
ninel !



t
λi

ninel

t
exp −
λi




(2.43)

where the total inelastic mean free path λi is the average distance between two scattering events, and t the specimen thickness. In the energy loss spectrum, Pninel is the
ratio of the energy integrated Ininel of n-fold scattering divided by the total integrated
intensity Pninel = Ininel /It [Eger 11].
3

Free software. Download at hyperspy.org
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(a) Scree plot

(b) Raw and PCA denoised data

(c) Component 0 and 1

(d) Component 2 and 3

Figure 2.24.: PCA treatment of EELS SI of SiGe layers. (a) Scree plot exhibiting the
relevant component. (b) EEL spectra of the same pixel without and with denoising.
Factors and loadings of components 0, 1 and 2, 3 are displayed in (c) and (d),
respectively. The inspection of the factors and loadings of the different component
allows to discriminate between spectra features and noise.
51

Chapter 2

Transmission electron microscopy at the angstrom level

The intensity of the unscattered electrons can be then estimated using:
t
P0 = exp −
λi




=

I0
It

(2.44)

The formula t/λi = ln(I0 /It ) gives then a relative specimen thickness measurement, as
the thickness t is expressed in fraction of total inelastic mean free path λi . The total
inelastic mean free path λi can be estimated using a parametrized formula providing
absolute thickness measurement [Mali 88]. This method, called the log-ratio method,
usually works accurately when the collection angle is large enough β > 30 mrad and
much larger than the convergence angle β  α, as in this case the inelastic scattering
obeys Poisson statistics and the main diffraction peaks enter the spectrometer. However, the log-ratio method can provide over-estimated thickness in very thin specimen
area where the surface plasmon is no more negligible. Good agreement are evidenced in
the comparison of thickness measurement obtained the PACBED method with the logratio method obtained by EELS (with high collection angle β > 30 mrad) for relative
specimen thickness t/λi ranging from 0.2 to 0.7.
Other features of interest of the EEL spectrum are the core-loss ionization edges.
Theoretically, the signal of ionization edge Ik can be quantified using standardless
method, following the relation:
Ik = nden Iσk

(2.45)

where nden is the areal density (atom·nm-2 ) of a given element, I the total integrated
number of counts in the spectrum and σk the cross section of ionization of an electron
in the corresponding shell. In practice, 2.45 is valid for EELS acquisition in favorable
experimental condition: negligible plural scattering (t/λi < 0.5) and appropriate collection angle (see sec. 2.6.1). In practice, the integration is performed over a finite range
∆ and the total integrated number of counts I is not always measured. Nevertheless,
composition ratio of element A and B can be determined using:
IkA (β, ∆) σkB (β, ∆)
NA
= B
NB
Ik (β, ∆) σkA (β, ∆)

(2.46)

where the integrated core-loss intensities Ik (β, ∆) and partial cross section σk (β, ∆) of
each element A and B, dependent on the range of integration β of the scattering angle
and of energy loss ∆.
Absolute quantification can be performed if the spectrum contains the ZL peak. The
spectrum in Fig. 2.20 was acquired for energy loss ranging from 0 to 1400 eV, so that
the total integrated number of counts I can be computed, and the absolute content
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for each element can be estimated using 2.45. This method requires accurate cross
section, which are usually calculated on the basis of atomic physics and can present
systematic errors. In this work, parametrized partial Hartree-Slater cross sections
or experimental k-factors have been used. The partial Hartree-Slater cross section
have been calculated using the routines provided by the software Digital Micrograph.
Usually, they are known within 5 % and 10 % accuracy for K and L shell, respectively
[Eger 93]. For more accurate quantification of elemental ratio, experimental k-factors
were determined using TEM specimen of well-known composition. From Eq. 2.46, the
EELS k-factors can be determined by:
I A (β, ∆)
NA
= kB
kAB
NB
Ik (β, ∆)

(2.47)

where kAB is the k-factor relative to the elements A and B. From the composition ratio
(NA /NB ) the relative concentration cA of the element A is determined by:
cA =

NA
NA + NB

(2.48)

2.7. Sample preparation
For TEM analysis the sample preparation is a critical key step. It depends on the
material and on the investigation method that it is required [Will 09, Ayac 10]. Beside
the Pt nanoparticles, the samples considered in this work consist of thin layers of
about 100 nm in thickness grown on Ge or Si substrates. Pt nanoparticles sample does
not required particular preparation step since the NP are deposited directly on the
amorphous carbon film. The carbon film thickness and metallic grid (Au or Pt) was
chosen depending on the experiment. The carbon film supported on Au grid are clearly
mechanically more stable during annealing than the Cu grid. For Ge- and Si-based
specimen, we have mainly performed structural and chemical investigations. For EELS
experiment, it is usually convenient to have a sample thickness ranging between 0.3
and 0.5 of the mean free path for inelastic scattering. HRTEM imaging without strong
dynamical effects requires thicknesses smaller than half of the extinction length. It
means, that for TEM investigation of Si- or Ge-based sample at 200 kV acceleration
voltage, the thickness should be smaller than 30 to 40 nm.
With the achievement of aberration-corrected TEM, the electron microscope become
more and more powerful, in term of resolution, stability, sensitivity, and new challenging experiment can now be performed. However high quality sample are required to
fully benefit from the microscopes performance. For example, the contrast of HAADF
imaging in aberration-corrected STEM is significantly altered by the presence of amor53
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phous layers at the surface [Mkho 08]. Moreover, in probe-corrected microscopes, the
surface roughness or the remaining contamination present on the surface of the sample is clearly observed, as the contrast is higher. In other word, the better sensitivity
we can obtained with more recent microscope is also more effective at imaging the
artifacts coming from the sample preparation. To perform high sensitive quantitative
investigations the samples have to be prepared with caution to get an artifacts free,
very thin and very clean sample.
Cross-section preparation of semi-conductors materials for electron microscopy is usually performed by tow methods:

• parallel polishing follow by ion-milling: this is the historical and most common
sample preparation method. It consists in gluing together two pieces of sample
face to face. This collage is then cut in small pieces, whose faces are polished
until a thickness of 20 μm or less is reached. The thinning is then finished with
Ar+ ion milling during several hours until electron transparency is reached. A
more precise method consists in parallel polish the sample down to a thickness
of 80 μm, use a dimpler to finer down to a few μm, and finally finish with Ar+
ion milling during a few ten minutes.
• Focused Ion Beam (FIB): A thin lamella is extracted in the bulk sample using a
micrometer-controlled tip for manipulation and a Ga+ ion beam for milling. The
FIB method has the advantage to allow site-specific and geometrically controlled
preparation. However the milling with Ga+ can induce lots of defects and/or
thick amorphous and Ga implanted layer on the surface. The area of interest is
usually small, because the milling rate of the Ga+ FIB is low.

The main drawback of these methods is the ion beam for thinning the sample which
can create lots of defects in the lamella and/or thick amorphous layer on the surface,
depending on the material. Moreover, material redeposition is usually observed on thin
lamella milled with Ar+ broad beam.
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2.7.1. Wedge polishing
To get high quality samples and for the reason explained previously, we choose a fully
mechanical technique : the wedge mechanical polishing method, to prepare Ge- or
Si-based samples in plan or cross-section view. Klepeis et al. developed this method
using a tripod polisher [Klep 87]. It was further enhanced by Voyles et al. modifying
some key parameters and using an Allied Multiprep system which is semi-automatic
[Voyl 03]. A schematic view of the sample shape at the end of the preparation is shown
in Fig. 2.25.

(a)

(b)

Figure 2.25.: Schematic view of the prepared sample in cross-section. (a) Shape of
the sample showing increasing thickness of the wedge, the glue line and the layer of
interest. (b) Sample glue on a grid with two thin area of interest at the edge of the
wedge. Scheme taken from [Ayac 10].

As in the case of the parallel mechanical polishing, both sides of the sample are mechanically polished for cross-section preparation. The main difference lies in the wedge
angle that is set before polishing the second side. The final polishing of each side is
performed with colloidal silica on polishing cloth. Finally, the wedge sample is glued
on a Cu grid, as shown on the light microscopy image in Fig. 2.26 (a). For plane view
preparation, the sample is glue with the layer face to the Pyrex sample holder and only
the back side is polished. The area of interest is the whole edge of the wedge, that
allows to have very large area of interest in one direction (perpendicular to the wedge).
Fig. 2.26 (b) displays a typical light microscopy image of a good cross-section sample
ready for TEM. Indeed, one can observe that the surface is optically clean, the sample
edge is not broken and the fringes show that the thickness variation close to the glue
line is homogeneous. No further ion milling is required, as the final polishing with
the colloidal silica leaves a flat surface. More details of this methods can be found in
Voyles et al. and Ayache et al. [Voyl 03, Ayac 10]. In standard wedge-prepared sample,
we usually observed a faster thickness variation than the expected 2° wedge from the
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border to about 10 nm within the sample. This is due to the chemical nature of the
final polishing. Further away from this 10 nm, the thickness variation follows the 2°
wedge. Similar observations can be seen in [Voyl 03]. This method allows to get the
sample thicknesses down to 5 nm with a very clean surface and small amorphous layer
thinner than 1 nm, corresponding to the native oxide layer. To get an amorphouslayer-free sample, a brief hydrofluoric (HF) acid vapor treatment of 10 s can be applied
to the sample just before introduction in the microscope.

(a)

(b)

Figure 2.26.: Light microscopy images of (a) Si-based 2° wedge sample glued on Cu
grid and (b) zoom on the area of interest marked by a white square in (a). Two
pieces of sample are glued together face to face and are separated by a glue line
(dark line in (b)). The optical fringes visible in (b) are fringes of equal thickness,
showing the homogeneous thickness variation.

2.7.2. Artifacts in sample preparation
To compare the sample preparation method using ion milling with wedge polishing,
HAADF-STEM images of Ge quantum dots in Si acquired in an aberration corrected
microscope are shown in Fig. 2.27. A standard Ar+ ion milled using Gatan Precision
Ion Polishing System (PIPS) and a wedge polished sample are shown in Fig. 2.27(a)
and (b), respectively. On the left image Cu redeposition coming from the grid is clearly
observable and a 10 nm amorphous surface layer is visible at the edge of the sample.
These artifacts are very critical in the thinner area of the sample (about 10 nm thick).
In comparison, the HAADF image in Fig. 2.27(b) shows an area of similar thickness
of a wedge polished sample. An amorphous layer of only 1-2 nm can be seen and the
contrast in the substrate is very homogeneous.
BF- and HAADF-STEM image of GeMn nanocolumns in [001]-zone axis of plan-view
preparation by FIB and wedge polishing are shown in Fig. 2.28(a) and (b), respectively.
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(a) Ar+ milled

(b) Wedge polished

Figure 2.27.: HAADF-STEM image of Ge quantum dots in Si in [110]-zone axis
(cross-section) showing the difference between Ar+ ion-milling preparation (a) and
wedge polished preparation (b). The specimen thickness is estimated to be ∼ 10 nm
in both cases.

Although, the STEM images are from the same sample, one can observe large differences due to preparation methods. In case of FIB preparation, the contrast in the Ge
matrix between the nanocolumns is not homogeneous, and the GeMn nanocolumns
are not well defined in comparison to the STEM images of the wedge polished sample
shown in Fig. 2.28(b). Even if final milling was performed with special care by lowering
the Ga+ energy at 2 kV in order to reduce the irradiation damage, the thinner area of
the sample were completely amorphous (not shown here). This could suggest there is
a chemical reaction between the Ga+ ions beam and the Ge atoms of the lamella, as
observed by Graham and coworkers [Grah 11].
Before introduction in the microscope, plasma cleaning of the sample for a few minutes
is usually required in order to prevent the carbon contamination under the electron
beam. This is particularly critical in STEM, where the electron density is very high. For
wedge polished sample, the latest step of sample preparation is dissolving in acetone the
wax between the sample and the Pyrex holder. This step causes a more pronounced
carbon contamination during TEM investigation than in case of ion milled sample.
After plasma cleaning of the sample during 15 min, we observed a copper contamination
of 1-2 nm particles on the surface due to the plasma cleaning. Similar observation have
been done with Au contamination during plasma cleaning [Hert 12]. By annealing
the sample in vacuum at 200 °C during 2 h, carbon contamination could be entirely
prevented without plasma cleaning, and this without any Cu redeposition.
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Very thin and clean areas are in some situations mandatory, as we will need to lower
acceleration voltage (60-80 kV) for reducing the radiation damage. The required thickness sample should then even be smaller than at higher acceleration voltage, as the
total inelastic mean free path become smaller at lower incident beam energy. The calculated mean free path for inelastic scattering [Mali 88] in Si decreases from 87 nm at
200 kV to 52 nm to 80 kV. For example, atomic resolved EELS require a high electron
dose and the Si does not support such a high dose at 200 kV. Lowering the acceleration
voltage at 80 kV allows to perform atomic resolved EELS but the sample thickness
has to be less than 25 nm. Sample preparation can be a limiting factor in TEM and
is therefore a crucial step for the acquisition of high quality electron microscopy data
set.
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(a) FIB prepared

(b) Wedge polished

Figure 2.28.: BF- and HAADF-STEM image of GeMn nanocolumns in [001]-zone axis
(plan view) showing the difference between FIB preparation (a) and wedge polished
preparation (b). The specimen thickness is estimated to be ∼ 30 nm in both cases.
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This chapter describes the coarsening of Pt nanoparticles (NPs) on amorphous carbon
(a-C) substrate after annealing at different temperatures. First the fundamentals of NP
coarsening are reviewed, then the preparation and investigation methods of Pt NPs are
described. In the results section, the evolution of Pt NP-size distribution is presented
as a function of the annealing duration at annealing temperatures between 200 °C and
300 °C. It is found that, within the first two hours of annealing, the coarsening is
dominated by Smoluchowski ripening, i.e. the NP coalescence due to their Brownian
motion on the substrate. This is further supported by an in-situ annealing experiment
in the transmission electron microscope. For annealing intervals t > 2 h, surface
Ostwald ripening becomes the dominant coarsening process. Finally, in the discussion
section, the Arrhenius-type dependence of the derived surface mass-transport diffusion
coefficients is exploited to determine the activation energy for the surface diffusion of
Pt adatoms on a-C substrate. The measured value is finally discussed with respect to
other theoretical and experimental values reported in the literature.
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3.1. Fundamentals of nanoparticle coarsening
In this work, platinum atoms obtained by electron-beam evaporation have been condensed on an a-C surface with a random distribution. After deposition a considerable
redistribution of the material occurs, because the system tends to reduce its large
interfacial energy. Clustering processes take place directly after deposition, because
three-dimensional NPs are thermodynamically favored compared to a distribution of
single adatoms. Depending on the dominant clustering process, three different stages
can be defined: nucleation, early-growth stage and late-growth stage. Random nucleation of NPs on the substrate is the dominant process in the nucleation stage. This
process is continuing during the early-growth stage, where the first NPs previously
formed start to grow by capturing atoms from the supersaturated adatom phase. The
early-growth stage represents actually the transition state between the nucleation and
the late-growth stage. In the early-growth stage, the surrounding adatom concentration on the substrate exceeds the equilibrium concentration, and nanoparticles grow
individually as long as the equilibrium concentration is not reached [Zink 92]. However, in this work, we will focus on the kinetics of the late-growth stage, also called the
coarsening stage.
In the following the theoretical framework used to describe the coarsening of a NP
ensemble taking place in the late-growth stage is outlined in detail. Within this stage,
the NP coarsening is driven by the tendency to lower the total free energy of the NP
ensemble by redistributing the material into fewer and larger NPs. Thereby the free
energy associated with the surface energy is reduced. The NP coarsening on a surface
may proceed via Smoluchowski (SR) and/or surface Ostwald ripening (OR) [Zink 92].
Both processes have different kinetic properties. Particularly, the time evolution of the
average NP radius (i.e. the kinetics) for OR and SR can be described by a power law:

r̄n (t) = r̄n (0) + Ct

(3.1)

where r̄n (0) is the average NP radius at t = 0. The exponent n and the coefficient C
are parameters dependent on the growth kinetics. From Eq. 3.1, one can see that the
average NP radius r̄(t) increases with increasing time, and that both processes slow
down as the average NP radius increases. The difference between SR and OR lies in the
mass-transport taking place between NPs [Rose 99]. In SR, the mass-transport occurs
through the NP mobility, whereas in OR, it occurs through the exchange of adatoms
between the NPs. Fig. 3.1(a) and (b) schematically shows the NP coarsening via SR
and OR, respectively.
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(a) Smoluchowski ripening

(i)
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Time evolution

(iii)

(iv)

(b) Ostwald ripening

Figure 3.1.: (a) The SR of two mobile NPs, due to their Brownian motion on the
substrate: (i) still separated mobile NPs, (ii) encounter each other and a neck is
formed at the contact place, (iii) the neck grows and results in a single elongated
NP, (iv) the NP relaxes to its equilibrium shape. (b) The OR of two fixed NPs by
adatom transport between them. The adatom concentration near the small NP is
larger than near the larger one, due to the Gibbs-Thomson effect. (i)-(iii) The small
NP shrinks in favor of the larger one, and (iv) finally disappears.
The SR process (Fig. 3.1(a)) consists in the growth of mobile nanoparticles as a result
of their Brownian motion on the substrate. This growth model is call Smoluchowski
ripening, because Smoluchowski was the first who formulated a kinetic theory of coarsening via dynamic coalescence of diffusing particles in a coagulation of colloid particles
in 1916 [Smol 16]. A NP ensemble can coarsen by SR, if diffusing nanoparticles encounter each other and coalesce into larger nanoparticles. Fig. 3.1(a) shows the SR
process of two NPs. As can be observed here, the two mobile NPs, which are initially
separated by a small distance (i), encounter each other (ii). A neck is formed at the
contact place (ii), which grows with time and results in a single larger elongated NP
(iii). Finally, the particle relaxes to the equilibrium shape (iv). Such a process has
been already observed for metallic NPs (Au-Pd, Au, Pd, etc.) on amorphous surfaces
by in-situ TEM [Jose 05].
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SR strongly depends on two parameters:
1. the NP density on the substrate, i.e. the average distance between NPs on the
substrate, as the probability of a coalescence process increases for increasing NP
density, and thus decreasing average inter-particle distance;
2. the NP radius, as a strong decrease of the dynamic coalescence is expected with
increasing the NP radius. The SR of two large mobile NPs will happen less frequently, as the surface-diffusion of whole NPs strongly decreases with increasing
NP radius [Zink 92].
It follows that SR will be dominant for NP ensemble with high density and/or small
average size. The merging process of two mobile NPs will happen less frequently
for larger NPs. A high exponent n of the power law given in Eq. 3.1 is typical for
SR, as compared to OR. Experimentally, exponents between 7 and 15 were found to
adequately describe SR [Benn 03].
In case of surface OR (Fig. 3.1(b)), the mass transport occurs through surface diffusion
of adatoms between two fixed NPs. As can be observed in Fig. 3.1(b), the adatom
concentration on the substrate near the small NP is larger than near the larger one,
due to the Gibbs-Thomson effect. The concentration gradient between NPs of different
size leads to a diffusion of adatom from the small NP to the larger one. Thus, the small
NP shrinks (i)-(iii) in Fig. 3.1(b), and finally disappears (iv) in Fig. 3.1(b) in favor of
the larger one.
The adatom concentration is determined by the Gibbs-Thomson effect [Ostw 00], which
relates the concentration nr of adatoms on the substrate in the vicinity of a NP with
its radius r:
2σνm
nr
= exp(
)
neq
rkB T

(3.2)

where σ is the surface tension, νm the volume of an adatom, kB the Boltzmann’s
constant, T the absolute temperature and neq the adatom concentration corresponding
to the equilibrium vapor pressure peq . The difference in adatom concentration in the
vicinity of NPs with different sizes is the driving force for the NP growth and leads to
a net flow of adatoms from the smaller to larger NPs.
Surface OR process can be described by using the Lifshitz-Slyozov-Wagner theory
[Wagn 61, Lifs 61], that explains the coarsening of the size distribution of an ensemble
of precipitates in a solid, adapted to the case of a NP ensemble on a substrate by
Chakraverty [Chak 67]. He assumed a distribution of three-dimensional NPs with the
shape of spherical caps with different radii r. This distribution can be described by
its average NP radius at a given time t. Depending on the experimental conditions
the kinetics of surface OR is limited either by the surface diffusion or by the “barrier
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passing”, i.e. the energetic barrier to be overcome for attachment/detachment of an
atom at/from the NP surface. Accordingly, the OR kinetics is usually discussed in
terms of two different limiting cases: diffusion-limited kinetics, which corresponds to
the case for which adatoms diffusion is rate-determining, or reaction- or attachmentlimited kinetics, where the addition or detachment of adatoms at the NP surface is
the limiting process. The time evolution of the average NP radius can be described in
these two cases by the power law in Eq. 3.1 [Chak 67, Wynb 75]. For surface OR with
a diffusion-limited kinetics, the exponent is n = 4 and the coefficient C = Cd (Ds0 , T )
depends on the surface mass-transport diffusion coefficient Ds0 and on the absolute
temperature T . In the case of reaction-limited kinetics, the exponent is n = 3 and
the coefficient C = Cr (β, T ) depends on the probability β to add/detach an adatom per
second and on the temperature T [Chak 67, Wynb 75]. We note that Eq. 3.1 is strictly
valid only for the critical NP radius r∗ = r∗ (t), which is neither shrinks nor grows at
time t [Wynb 75]. However, r∗ (t) is identical with r̄(t) as demonstrated numerically by
Kirschner [Kirc 71].
SR and OR processes can be differentiated from each other by comparing the experimentally determined evolution of r̄(t) and the resulting exponent of the power law
with the theoretical prediction provided by Eq. 3.1 [Benn 03, Daty 06, Pope 09] or by
in-situ annealing experiments [Allo 07, Jose 05].

3.2. Sample preparation and investigation methods
The samples were prepared by electron-beam evaporation of Pt on a-C film substrates
with a nominal thickness of 10-12 nm. The films are mounted on 400 µm mesh Au
grids, which are preferred to Cu or Ni grids, because they do not produce artifacts
during annealing like migration of NPs coming from the grid or graphitisation of the
a-C film [Zhan 09]. A 7.4 keV electron beam was used for the Pt evaporation which
yields a deposition rate of 0.02 Å · s−1 at a pressure of 3.4 · 10−1 torr. The amount of
deposited Pt corresponds to a layer with a nominal thickness of 2 Å, which results in a
narrow size distribution of small Pt NPs on the whole a-C substrate, as shown in the
following.
After deposition, the samples were annealed in a tube oven in an Ar atmosphere at
200, 225, 240, 275 and 300 °C. The rate of heating and cooling the samples was of
1.5 ◦ C · s−1 . The samples could not be annealed at temperatures above 300 °C, due to
rupture of the thin carbon films at high annealing temperatures for long time intervals.
The coarsening of Pt NPs was investigated by transmission electron microscopy. The
TEM experiments were carried out in a Philips CM200 FEG/ST microscope at 200 kV
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acceleration voltage, in an FEI Titan3 80-300 microscope at 300 kV and in an FEI
Titan Ultimate at 200 kV. The size distribution of the Pt NPs was determined from
high-magnification TEM images taken with the Philips CM200 microscope using a
2048 × 2048 pixels (px) CCD camera and an exposure time of 0.5 s. The TEM images
employed for the structural investigation of NPs were recorded with the image-corrected
FEI Titan3 80-300 and a 2048 × 2048 px CCD camera with an exposure time of 0.5 s.
HAADF-STEM images were acquired on a double-corrected FEI Titan Ultimate. To
minimize the influence of high-energy electron-beam irradiation on the coarsening of
Pt NPs, all microscope alignments were carried out on sample regions which were not
considered for data collection. The sample was then moved to adjacent regions that
were not exposed previously. The images were immediately taken without refocusing.
Using this procedure, the total illumination time under HRTEM conditions (choice
of region and recording the image) was about 2 s. In this experimental condition we
measure a dose rate of drate = 13.1 A·cm−2 and a total dose of dtotal = 1.6·106 electrons·
nm−2 for total illumination time of tillum = 2 s (see sec. 3.3.4.3).

3.3. Experimental results
3.3.1. Size distribution of Pt nanoparticles
The coarsening of Pt-NP ensembles was studied by investigating the time evolution
of the average NP radii after annealing at 200, 225, 240, 275 and 300 °C for different
time intervals t. For the evaluation of the NP radii, the projected area of the NPs on
the TEM images was measured. The measured areas were evaluated by calculating
the particle radius of circular projection area of the same size. TEM images shown
in Fig. 3.2 and Fig. 3.3 demonstrate that the assumption of circular projections is reasonable for the description of the real NP projections for the investigated annealing
temperatures and times. These radii were used to determine NP-radius distributions
and the corresponding average radii at a given annealing time and annealing temperature. About 300 NPs with r ≥ 0.4 nm on several TEM images were evaluated
to obtain NP-radius distributions. Fig. 3.2 shows a representative TEM image of the
NP distribution for an as-deposited sample which is characterized by a NP density
n(t = 0) = (6.4 ± 0.5) · 10−16 m−2 and an average NP distance of 4 nm.
An average radius of r̄(t = 0) = 0.72±0.06 nm is calculated from the corresponding NPradius distribution shown in the insert of Fig. 3.2. The properties of the as-deposited
Pt NPs were consistently reproduced because they always yielded identical r̄(0) and
n(0) values within the error limits.
Fig. 3.3 shows TEM images of Pt NPs and the corresponding radius distributions (inserts in Fig. 3.3(a-d)) after annealing at 225 °C and 275 °C for 2 h and 30 h, respectively.
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Figure 3.2.: TEM image of Pt NPs recorded directly after deposition. The inset
shows the corresponding NP-radius distribution with an average radius of r̄(t =
0) = 0.72 ± 0.06 nm.
The images and histograms clearly demonstrate the coarsening of Pt NPs with the annealing time and temperature.
Fig. 3.4 presents the derived r̄(t) values as a function of annealing time for all temperatures which clearly visualize the coarsening process. Fig. 3.4(a) shows r̄(t) for annealing
durations up to 160 h, while Fig. 3.4(b) focuses on the development of r̄(t) during the
first 5 h of annealing. The time evolution of the average NP radii at constant T shows
that, firstly, a very fast coarsening prevails within the first 2 h of annealing at all
temperatures (Fig. 3.4(b)). This is particularly obvious for annealing at 275 °C and
300 °C. Then, the coarsening rate slows down with further increase of the annealing
time at all investigated temperatures. This suggests the presence of two coarsening
stages with different growth kinetics for annealing times t < 2 h and t > 2 h, respectively. This conclusion is supported by the results of an in-situ annealing experiment
in a transmission electron microscope presented in sec. 3.3.2. Moreover, the increase of
r̄(t) with increasing T for the same annealing time t, which is expected for thermally
activated processes like surface OR and SR, is obvious from Fig. 3.4(a).
The kinetics of the ripening process during the second stage, i.e. for annealing times
t > 2 h, is evaluated by a least square fit of the experimental r̄(t) values with the
theoretically predicted behavior according to Eq. 3.1 with power law exponents n = 3
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Figure 3.3.: TEM images of Pt NPs after annealing at 225 °C for (a) 2 h and (b)
30 h, and after annealing at 275 °C for (c) 2 h and (d) 30 h, respectively. Insets
show the corresponding NP-radius distributions.
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Figure 3.4.: (a) Average radius r̄(t) of Pt NPs as a function of the annealing time t.
The solid lines represent fit curves for surface OR with a diffusion-limited kinetics in
the second stage (i.e. t ≥ 2 h). (b) Magnified section of (a) for annealing times up
to 5 h, which emphasizes the two different coarsening stages (lines are guide to the
eye). The error bar correspond to the error in the measurement of the NPs radius.
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or n = 4. The average NP radius r̄(0) must be treated as a free parameter for the fit in
addition to the coefficient C. The experimental value r̄(0) = 0.72 ± 0.06 nm cannot be
used for the fit because a very active SR process takes place during the first 2 h of the
ripening process as will be shown in section sec. 3.3.2. The fit quality was determined
P
P
by the residual w = |r̄(ti )−r̄th (ti )|/ r̄(ti ), which measures the average relative deviation
between the experimental values r̄(ti ) and r̄th (ti ) of the fit curve, where the index i
runs over all data points ti > 2 h at a given temperature. The best fit curves in
Fig. 3.4 are obtained for an exponent n = 4 in Eq. 3.1, which describes coarsening by
surface OR with a diffusion-limited kinetics [Chak 67, Wynb 75]. The high fit quality
given by 1.8% ≤ w ≤ 3.3% for all temperatures demonstrates that surface OR with a
diffusion-limited kinetics can well account for the evolution of r̄(t) during the second
coarsening stage. It is noted that these w values are more than 40 % smaller than the w
values calculated for OR with a reaction-limited kinetics which supposes an exponent
n = 3 in Eq. 3.1. We conclude that the kinetics of surface OR for Pt NPs on an a-C
substrate corresponds well to the diffusion-limited case during the second coarsening
stage (t ≥ 2 h) in the temperature range between 200 °C and 300 °C .

3.3.2. In-situ study of Pt-nanoparticle coarsening
An in-situ annealing experiment in the Philips CM200 transmission electron microscope
was carried out to investigate the coarsening mechanisms for a time interval of up 3 h
which comprises both kinetics regimes. For that purpose, an as-deposited sample was
in-situ annealed at a nominal temperature of 470 °C. The real sample temperature
was presumably lower because the thermocouple used for temperature measurement
is located in some distance from the investigated sample region. TEM images were
successively taken from the same sample region every 30 min, starting just after the
sample reaches 470 °C, taken in this case as t = 0 min, up to t = 188 min. To avoid
any possible influence of the illumination with high-energy electrons on the coarsening
process, the electron beam was removed from the region of interest between two successive image acquisitions. The NP-radius distribution determined from TEM images,
which were recorded just after the sample reached 470 °C, results in an average radius
r̄(t = 0) = 0.73 ± 0.07 nm similar to the value of the as-deposited sample. This allows
us to exclude significant coarsening during the time interval that is necessary to heat
the sample up to 470 °C. Fig. 3.5 shows several images of the TEM time series. The
arrows in Fig. 3.5 mark small NPs, which decay and finally vanish in favor of larger ones
due to the surface OR. Encircled regions in Fig. 3.5 mark mobile NPs, which encounter
each other and coalesce into larger particles due to SR. For example, the coalescence
of three NPs marked in the lower part of Fig. 3.5(a) is terminated after about 106 min
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Figure 3.5.: Series of TEM images of the same sample region recorded during an insitu annealing experiment at 470 °C, which started just after the sample reached
470 °C at (a) t = 0 min and ended at (f) t = 188 min. The arrows mark small Pt
NPs, which decay and vanish in favor of larger ones due to the surface OR. Encircled
regions point out mobile NPs, which coalesce by SR.
(Fig. 3.5(d)). This in-situ TEM study shows that a dominant coalescence of mobile Pt
NPs takes place for t < 2 h in addition to OR. SR becomes negligible for t ≥ 2 h,
as suggested by the decreasing number of dynamic coalescence events (in fact no event
could be observed after t = 126 min). Responsible for that are the reduction of the
surface diffusion coefficients of Pt NPs with increasing NP sizes, and the increase of
average inter-NP distances with decreasing NP density on the substrate. This allows
us to neglect SR during the second ripening stage (t ≥ 2 h), where the surface OR
becomes the dominant ripening process.

3.3.3. Structure and shape of Pt nanoparticles
3.3.3.1. Structure of Pt nanoparticles
The crystal structure of Pt NPs can be investigated using electron diffraction (ED). For
that, ED patterns of Pt NPs on a-C substrate were recorded on the CM200 microscope
using image plates, which were later scanned with a Ditabis scanner. Compared to
the CCD camera image plates have the advantage of a high dynamic range of image
intensities, which allow to measure simultaneously weak diffracted beams and the very
intense transmitted beam. The need to use the beam stop of the microscope to prevent
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damaging of the camera is in this case not required. For the small Pt NPs considered
in this work, it is necessary to perform acquisition with a high dynamic range, as
the diffracted beams of our samples are weak. Because the samples are composed of
randomly oriented NPs, their diffraction patterns will consist of concentric rings, which
gives rise to the so-called Debye-Scherrer ED patterns. One can radially average these
ED patterns, which are rotationally invariant, and calculate the corresponding radial
scans. The radial averaging consists in averaging each spatial frequency q =| ~q |=
2 sin(θ)/λ ' 2θ/λ1 . The deformation induced during the scanning process is corrected
by fitting the Debye-Sherrer rings by ellipses and then transforming them into circle.
Let us consider the ED pattern of Pt NPs on a-C substrate after deposition (Fig. 3.6(a))
and its corresponding radial scan (blue color curve in Fig. 3.6(c)). From this curve, one
can subtract the radial scan representing the contribution of a-C substrate (black color
curve in Fig. 3.6(c)) calculated from the ED pattern measured independently on the
a-C film before deposition of Pt NPs (Fig. 3.6(b)). This method permits to determine
the contribution of Pt NPs to the ED pattern, as shown in Fig. 3.6(c) by using the blue
curve. At a first view, the ED pattern of small Pt NPs on a-C substrate displayed in
Fig. 3.6(a) seems to be the ED pattern of an amorphous material, very similar to the
ED pattern of the a-C film shown in Fig. 3.6(b). However, after radial averaging the ED
patterns in Fig. 3.6(a-b) followed by the subtraction of the background corresponding
to the a-C substrate, diffuse intensity remains at the position of Pt Bragg reflections,
as shown by the blue curve in Fig. 3.6(c).
Fig. 3.6(c) points out how the subtraction was performed, as well as the superposition
of the radial scan of Pt NPs with that of the a-C film. This method allows to investigate the evolution of the crystallinity of Pt NPs as a function of the annealing time,
and to get more insight in the structural evolution of Pt NPs with annealing treatment.
Fig. 3.7 shows three ED patterns of Pt NPs on a-C film taken from a series of samples
after annealing at 300 °C, while Fig. 3.7(d) displays the radially averaged ED patterns
after background subtraction for the whole serie. A close resemblance is found between
the experimental radial scans measured for Pt NPs annealed few hours at all investigated temperature and simulated diffraction patterns of NPs with face-centered cubic
(fcc) cuboctahedral (CO) or truncated-octahedral (TO) structure reported in [Zanc 01].
Moreover, other diffraction patterns, which correspond to Pt NPs with icosahedral or
decahedral structure have different Bragg reflection positions and/or different intensity
ratios between the reflections, compared with experimental ED patterns [Zanc 01]. In
Fig. 3.7(d), one can observe that the Bragg reflections become sharper with increasing
annealing time. This is attributed to the increase of the average NP or crystallite
size (Pt NP are monocrystalline), as well as to a decrease of the strain or disorder
in large Pt NPs, as compared to that of smaller ones. An increased annealing time
1

θ ≤ 1 mrad in TEM
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and thus a larger average NP radius results in a improved structural relaxation of the
strain accumulated during NP growth, pointing out a structural evolution of NPs towards well-ordered fcc structure of bulk Pt. Series of ED patterns acquired at other
temperatures show a similar evolution.
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Figure 3.6.: (a) ED pattern of Pt NPs with an average radius r̄(t) = 0.72 ± 0.06 nm
on a-C substrate taken directly after deposition. (b) ED pattern of the a-C substrate.
(c) Corresponding radial averaging of ED patterns shown in (a) and (b) and the contribution of Pt NPs (dash blue curve) obtained after subtraction of the background
induced by the a-C substrate. Raw (red curve) and background subtracted (dash
red curve) radial averaging of ED patterns for Pt NPs on a-C substrate annealed
15 h at 250 °C. The vertical dashed lines indicate the calculated position of Bragg
reflections with their corresponding Miller indices (hkl) on the top for fcc bulk Pt
with a lattice parameter of aPt = 0.3925 nm. The scale bar is 5 nm−1 in (a) and (b).
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Figure 3.7.: ED patterns of Pt NPs on a-C substrate after annealing at 300 °C for
(a) 30 min (b) 5 h and (c) 15 h. The Debye-Scherrer rings become more and more
sharper with increasing the annealing time. The scale bar is 5 nm−1 for the three
ED patterns. (d) Radial average ED curves after background subtraction showing
the evolution of the Pt NP structure towards the well-ordered fcc structure of bulk
Pt.
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3.3.3.2. Shape of Pt nanoparticles
The evaluation of the coarsening data with respect to the determination of mass transport-diffusion coefficients in sec. 3.4 requires information on the NP shape. For this
purpose, we performed a tilt experiment in the Philips CM200 microscope, where the
sample was tilted by 30° and the projected NP area measured at normal illumination
(0°) was compared with the corresponding area measured in the tilted position. Spherical NPs would not change their projected areas after tilting the sample. Otherwise the
NPs must have facets, even if the facets do not appear in the projected outline of NPs
on TEM images. An increase of the projected area is explained by NPs with vertical
facets, whereas a decrease of the projected area is explained by flat NPs.
The projected areas at normal and tilted position of 16 NPs located on a sample
annealed for 5 h at 240 °C are given in Fig. 3.8. The projected NP area increases on
the average by 12.9% on the tilted position (estimated on the basis of 29 NPs, some
of them are shown in Fig. 3.8), which excludes spherical particles. To increase the
projected areas in the tilted position by 12.9 %, vertical particle facets with a height
h = 0.82 · r are required, where r is the projected NP radius at normal illumination.
This measurement is consistent with CO or TO shapes.
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Figure 3.8.: Experimental projected area of Pt NPs and the corresponding ratio between area: at normal illumination (0°) and after tilting by 30°.
Ab-initio calculations on the basis of ultrasoft pseudopotential and projected augmented wave methods indicate that Pt NPs with a monocrystalline fcc structure and
a truncated-octahedral or cuboctahedral shape are the most stable structures for Pt
NPs with more than 38 atoms [Kuma 08, Nie 07, Jose 01, Wang 00]. It was also shown
that a transition to a closed-packed icosaedral structure is unlikely even after heating
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the Pt NPs up to 600 K [Kuma 08]. These results suggest that most Pt NPs in our
study have an fcc TO or CO structure, which is in good agreement with our shape and
structural investigations presented in the following.
However, to be able to differentiate between CO and TO shape, HRTEM images of Pt
NPs were recorded in the aberration-corrected FEI Titan3 80-300 microscope. The investigated sample was annealed for 25 h at 240 °C. HRTEM images in Fig. 3.9(a-b) show
Pt NPs with fcc structure in the [110]- and [001]-zone axis, respectively, recorded with
10 nm overfocus. The distinction between TO and CO shapes is based on the qualitative comparison of the experimental HRTEM images and corresponding simulated images using the multislice algorithm of the JEMS Software [Stad 87]. Three-dimensional
structure models of Pt NPs with TO and CO shapes for image simulations were first
built by using a dedicated program described in Ref. [Bern 98]. The ideal models are
then slightly modified from the perfect TO or CO shape (Fig. 3.9(e,h)) to improve the
agreement between experimental and simulated HRTEM images. For simulations, the
atomic potential of Pt atoms was calculated by inverse Fourier transformation from
Weickenmeier-Kohl form factors [Weic 91]. The partial temporal coherence of the incident electron wave was described by a defocus spread of ∆C = 4 nm for the FEI Titan3
80-300. The spherical aberration was set to 1 μm in simulations, which corresponds
to the experimental value obtained with the aberration corrector. The image detection by the CCD camera was taken into account by convoluting the simulated image
with the modulation transfer function of the CCD camera which was measured by the
edge method [Weic 95]. The comparison of the experimental image Fig. 3.9(a) and the
simulated images Fig. 3.9(c,f) indicates that image simulations in the [110]-zone axis
are not sufficient to distinguish between fcc Pt NPs with CO or TO shape. However,
a criterion for discrimination between these two shapes is provided by [001]-zone-axis
images in the right column of Fig. 3.9 where the {200} planes are differently oriented
with respect to the projected NP shape for TO and CO NPs. The {200} planes are
aligned parallel to the projected edges for CO NPs (Fig. 3.9(g)). In contrast, the {200}
planes are oriented along the NP diagonals (Fig. 3.9(d)) for TO NPs which is in agreement with the experimental image (Fig. 3.9(b)). This also applies for the “truncation”
of the corners which is visible for TO (Fig. 3.9(d)) but not for CO (Fig. 3.9(g)) NPs.
This suggests that Pt NPs with a monocrystalline fcc structure and TO shape must be
considered as relevant in our case. However, as can be observed on the TEM images
shown in Fig. 3.2 and Fig. 3.3, many Pt NPs seem to have rather an irregular than a
TO shape. This can be attributed to the large number of Pt NPs which are randomly
oriented on the a-C substrate. Due to the amorphous substrate structure a preferential
alignment of the NPs can indeed not be expected. Moreover, the NP ensemble is not
in equilibrium and OR induces a permanent change of the number of Pt atoms in NPs.
As a result, only few NPs will exhibit a perfect TO shape.
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Figure 3.9.: Experimental HRTEM images of Pt NPs with fcc monocrystalline structure in the (a) [110]- and (b) [001]-zone axis. (c,d) Simulated HRTEM image of NPs
with truncated octahedral shape in [110]- and [100]-zone axis, (e) structural model
of NP with truncated octahedral shape. (f, g) Simulated HRTEM images of Pt NPs
with cuboctrahedral shape in [110]- and [100]-zone axis, (h) structural model of NP
with cuboctahedral shape.
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3.3.4. Effect of electron-beam illumination
3.3.4.1. High-resolution transmission electron microscopy
The illumination with high-energy electrons in a transmission electron microscope may
have a complex influence on the coarsening of NPs. It is already known from previous
studies that high-energy electrons may contribute to the attachment/detachment of
adatoms at/from the NP surface and may promote NP coalescence via SR by enhancing
their Brownian motion on the substrate [Flue 88, Banh 08]. Both processes could
modify the distribution of Pt NPs and alter it in an uncontrolled way. These aspects
motivate a separate study on the effect of irradiation with high-energy electrons on
ripening processes of NPs. Fig. 3.10 shows TEM images of the same region of a sample
that was annealed at 200 °C for 20 h prior transferring it in the transmission electron
microscope. The TEM images in Fig. 3.10 were taken immediately after exposing this
region to the electron beam (Fig. 3.10(a)) and after 20 min (Fig. 3.10(b)) of continuous
illumination in the microscope with a dose rate of drate = 13.1 A·cm−2 (see sec. 3.3.4.3).

Figure 3.10.: HRTEM images of the same sample region recorded at (a) t’ = 0 s and
(b) after t’ = 20 min of continuous illumination in the Philips CM 200 microscope
with 200 keV electrons. The inserts in (a) and (b) represent the magnified Pt NP
labeled by A, which does not show any change of its area after 20 min illumination.
During this time interval one TEM image was recorded every 30 s. The largest change
of inter-NP distances is observed for the NPs marked by A and B (see Fig. 3.10(a-b))
which indicates a velocity 3 · 10−3 nm · s−1 . With an average inter-NP distance of 6 nm,
more than 30 min of illumination time would be necessary to induce NP coalescence by
SR. The attachment/detachment process of Pt adatoms at/from the NP surface can be
quantified by measuring the change of NP size as a function of the illumination time.
During the first 20 min, no measurable change of the NP size was detected (see inserts
in Fig. 3.10), which demonstrates that attachment/detachment of single Pt adatoms
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do not lead to a significant size change under typical measurement conditions in our
study with illumination times of about 2 s.

3.3.4.2. High-resolution scanning transmission electron microscopy
HAADF imaging in HRSTEM mode provides high contrast images of Pt NPs lying
on a-C film. It allows easier quantification of the NP size, as the NPs can be better
distinguished from the substrate. Moreover, HAADF images is also interesting for the
investigation of NP shape.
Contrary to HRTEM, a strong influence of the electron beam illumination was observed
in HRSTEM, where a single scan across the sample induces a noticeable impact on the
Pt NP-size distribution. A time serie of HRSTEM images of the same area on a fresh
deposited sample is used to study the evolution of Pt NP distribution during 5 min
continuous illumination in HRSTEM at 200 kV with a beam current of 47 pA. Fig. 3.11
shows the HRSTEM images of a part of this time serie, which starts with (a) the 1st
scan at t0 = 0 and ends with (f) the 10th scan at t0 = 300 s. The electron dose in
HRSTEM and HRTEM will be considered in the next section.

The average NP radius measured on the HRSTEM image just after exposing the region
to the electron beam of r̄(t = 0) = 0.68 ± 0.1 nm is in fair agreement with r̄(t = 0) =
0.72 ± 0.1 nm obtained by HRTEM. After 5 min continuous illumination in HRSTEM,
the average radius of Pt NPs located on the same area of the sample increased to
r̄(t0 = 5 min) = 0.88 ± 0.1 nm. This time serie highlights the evolution of Pt NPs after
different successive scans. Between the first and the second HAADF-STEM images, i.e.
4t0 = 30 s, the energy transferred from the incident electron beam to the sample was
high enough to promote the Brownian motion of some Pt NPs and start their fusion
via SR (see NPs marked by ellipses in Fig. 3.11). Moreover, the increase of the average
radius of Pt NPs between the first and the last HAADF-STEM image (Fig. 3.11(a-f))
demonstrates that 5 min continuous illumination (or 10 successive scan) in HRSTEM
is sufficient to induce a significant coarsening of Pt NPs. These observations point
out that HRSTEM is not a reliable technique for the quantitative analysis of small
NP-size distributions. Nevertheless the time series of HRTEM images in Fig. 3.11 can
be further used to qualitatively describe the coarsening processes taking place shortly
after deposition.
The HAADF-STEM image in Fig. 3.11(a) shows the presence of many small Pt species,
like Pt atoms, dimers, trimers, etc. indicated by arrows in between the Pt NPs on the
substrate. This observation suggests that due the short deposition time of Pt on a-C,
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(a) 1st scan, t0 = 0

(b) 2nd scan, t0 = 30 s

(c) 3td scan, t0 = 60 s

(d) 4th scan, t0 = 120 s

(e) 5th scan, t0 = 150 s

(f) 10th scan, t0 = 300 s

Figure 3.11.: Magnified 200kV HAADF-STEM images of a part of the time serie
recorded from the same region on the sample during continuous electron beam illumination. The sequence of images starts with (a) the 1st scan taken at t0 = 0 and
ended with (f) the 10th scan recorded at t0 = 300 s. Encircled regions point out
mobile NPs, which coalesce by SR, and arrows indicate very small Pt species, like
atoms, Pt dimers, trimers, etc. lying on the a-C substrate between the Pt NPs.
the early-growth stage (transition between nucleation and coarsening process) is not
completely finished just after deposition. It also demonstrates, that the high density
and the small size of Pt NPs favors Smoluchowski coarsening, as previously mentioned
in the in-situ TEM experiments. HAADF-STEM images in Fig. 3.11(a-f) allow also a
clear identification of different stages of a SR process (see Fig. 3.1(a)), starting with
two separated mobile NPs (Fig. 3.11(a)), which meet together and a neck is formed at
the contact region (Fig. 3.11(b)); the neck grows and results in an elongated particle
(Fig. 3.11(c-d)), which finally relaxes towards the equilibrium shape (Fig. 3.11(e-f)).
The effect of the illumination with the incident electron beam in (HR)STEM can be
clearly evidenced by examination of the low magnification HAADF-STEM image in
Fig. 3.12, where different contrasts of Pt species located in areas inside and outside
the dashed squares can be observed. In the area within the dashed squares, which
were used to record time series of (HR)STEM images, Pt NPs have higher contrast as
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compared with NPs located outside. The low contrast outside the dashed squares can
be attributed to the large number of Pt atoms, dimers, trimers, etc. located between the
Pt NPs on the substrate, as shown previously in Fig. 3.11(a). This contrast difference
evidences that after HRSTEM image acquisitions, very small Pt species disappear in
favour of larger Pt NP, which grow. This is further demonstrated by the larger average
NP size found within the dashed squares of r̄(t0 = 5 min) = 0.88 nm as compared with
r̄(t0 = 0 min) = 0.68 nm value calculated for the outside region.
Moreover, under illumination at low magnification and short acquisition time in (HR)STEM
mode such as the acquisition condition of the HAADF image in Fig. 3.12 (pixel size
of 0.1 nm, pixel time of 1 μs and beam current of 47 pA), the HAADF contrast did
not change significantly as opposed to that of HRSTEM images recorded at higher
magnification (5-10 times higher), where a single cross scan already induces an atomic
scale reorganization of the material. This indicates that the electron dose significantly
affects NP coarsening and will be considered more precisely in the next section.
The observation of small Pt species was not possible using HRTEM images (Fig. 3.2)
and only the qualitative analysis of HAADF-STEM images highlight it. However, the
use of substrates with a thickness ≤ 5 nm allows the observation of single Pt, Mo or
Co atoms ([Allo 12])[Gamm 12]).
Finally, we note that the contamination in the STEM mode is usually more pronounced
than in the HRTEM mode, due to the higher beam current density in STEM (see
next section). To prevent contamination, there are two common possibilities: plasma
cleaning the sample or backing in vacuum. Both solutions are not suitable for our
experimental requirements, as they could affect the NP-size distribution. Degassing
the sample in vacuum (1 mTorr) during one day prior to experiment, results in a
reduced but still present contamination.

3.3.4.3. Electron total dose and dose rate
To analyze the difference between the effects of the irradiation with an electron beam
on the Pt-NP coarsening in HRTEM and HRSTEM mode, it is necessary to determine the electron dose rate (or current density) and the total electron dose in both
modes. Firstly, we emphasize that the acceleration voltage was 200 kV in HRTEM and
HRSTEM mode. The electron dose rate drate is defined as the incident beam current
Ibeam divided by the illuminated area Sillum . Its usual unit is the ampere per square
centimeter (A · cm−2 ). In the literature, the total electron dose is the electron dose
rate multiplied by the illumination time tillum and is expressed in electrons per square
nanometer (electrons · nm−2 ).
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Figure 3.12.: Low-magnification 200kV HAADF-STEM images showing the difference between area illuminated in HRSTEM mode at high magnification and nonilluminated area. The dashed squares and circles indicate area which were used for
imaging and for alignment, respectively.
The electron dose rate and the electron dose are related by:
dtotal = drate · tillum =

Ibeam
· tillum
Sillum · e

(3.3)

where e is the charge of electrons. In HRTEM mode, the electron beam is broad
and the whole area is illuminated during the acquisition, so that tillum is the total
acquisition time. In HRSTEM mode, the probe scans the specimen, so that each area
of the specimen undergoes the electron beam irradiation only during a interval time
tillum , which is related to the pixel acquisition time tpixel , the pixel area Apixel and the
probe area Aprobe by tillum = tpixel · Aprobe /Apixel . This definition of tillum is valid for
Apixel ≤ Aprobe , i.e. above a certain magnification.
For the CM200 microscope, the beam current was estimated using the calibration
formula given by the manufacturer Ibeam = 4.875 · 10−9 /texp , where texp is the exposure
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time indicated by the microscope, and obtained by measuring the electrons hitting the
big fluorescence screen. The calibration formula was checked by measuring the beam
current using a Faraday cup mounted on a Gatan specimen holder. A difference of 1 nA
was found between the calculated value and the measured one, which demonstrates that
the calculated value is enough accurate to be used to determine the beam current.
With typical experimental conditions for measuring of the NP-size distribution in
HRTEM mode, the indicated exposure time was texp = 0.20 s, which corresponds to an
estimated beam current of Ibeam = 24.3 nA, and the illuminated area was measured to
be Sillum = 1.83 · 10−13 m2 = 0.183 μm2 . This experimental condition corresponds then
to a dose rate of drate = 13.1 A·cm−2 and a total dose of dtotal = 4.11·105 electrons·nm−2
for acquisition time of tillum = 0.5 s.
In the HRSTEM, a incident beam current of Ibeam ∼ 47 pA was measured with the
fluorescent screen. A dose rate of drate = 5.98 · 105 A · cm−2 is calculated for a probe
size diameter of 1 Å. The HAADF images were recorded with a pixel acquisition time
of tpixel = 1.6 μs and a pixel size of 12 pm (Apixel = 1.44 · 10−22 m2 ), leading to a value
of tillum = 87.3 μs. It follows a electron total dose of dtotal = 3.26 · 107 electrons · nm−2
for the STEM mode. We note that the pixel acquisition time of tpixel = 1.6 μs are
short in comparison to the standard tpixel = 20 μs used in HRSTEM, since we choose
to shorten the pixel acquisition time during the experiment in order to reduce the total
electron dose.
The values of dose rate drate and total dose dtotal calculated in both modes are in the
same range with values reported in the literature [Buba 10, Jian 12, Eger 13]. Based on
these calculations, one can conclude that the dose rate and the total dose are 104 and
102 times higher in HRSTEM than in HRTEM, respectively. The difference of electron
dose rate and total dose between the both modes can be explained by the following
consideration: as the HAADF signal is significantly lower than the bright field signal
used in HRTEM, the total electron dose has to be higher to acquire an HAADF image
with a signal-over-noise ratio high enough.
However, the factor of ∼ 102 between the total dose of both modes is not so large
as the factor of 104 for the dose rate between both mode. This is mainly due to the
factor of ∼ 103 in the illumination time between both mode that is much larger in
HRTEM (tillum = 0.5 s) than in HRSTEM (tillum = 87.3 μs). Moreover, as mentioned
in the preceding section (sec. 3.3.4.2), decreasing the magnification in STEM mode (i.e.
larger pixel size) reduces significantly the effect of electron beam irradiation. Indeed,
for the same probe size Aprobe an increase of the pixel size Apixel from 0.01 nm to
0.1 nm leads to a decrease of tillum with a factor of 100. Then, the total electron dose
in HRSTEM mode can approach that in HRTEM mode.
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From these calculations, one can not conclude if the relevant parameter for the observation of NP distribution is the electron dose rate drate or the total electron dose dtotal ,
as both are higher in HRSTEM. Nevertheless they are of interest for understanding
the cause of the strong effect on the NPs distribution.
Egerton recently reported calculations of the beam-induced motion of the adatom in
TEM [Eger 13], where the lateral displacement rate of adatoms is directly proportional
to the current density, i.e. dose rate. This explains the large effect of the electron beam
illumination observed in HRSTEM, as the dose rate is high (drate = 5.98 · 105 A · cm−2 ).
For an activation energy for surface diffusion of an adatom of 0.8 eV, Egerton calculates
a displacement rate of adatom of ∼ 104 s−1 in HRSTEM conditions (drate = 105 A ·
cm−2 ) at 200 kV. Thus, an electron beam-induced motion of adatom occurs in less
than 0.1 ms. As the calculated illumination time in HRSTEM is of tillum = 87.3 μs, the
electron-beam induced motion of adatoms is not negligible. It follows, that preventing
the effect of the electron beam in the HRSTEM mode requires the reduction of either
the illumination time tillum or the dose rate drate . Further experiments at fixed total
dose and different dose rate could give more precise insights in the effect of electronbeam irradiation on small Pt NPs in HRSTEM, thus possibly determining optimal
experimental conditions without disturbing the observed specimen.

3.4. Discussion
The experimental results of our study show that two stages can be distinguished during the coarsening of small Pt NPs at temperatures between 200 °C and 300 °C. Fast
coarsening of NPs occurs by SR taking place besides the surface OR during the first
stage for t < 2 h (see Fig. 3.4(b)), which could be directly observed by in-situ annealing in a transmission electron microscope (Fig. 3.5). In the second stage for t ≥ 2 h,
surface OR with a diffusion-limited kinetics becomes the dominant coarsening mechanism. This is concluded from the time dependence of the increase of the average NP
radius, which can be best described by an exponent n = 4 in Eq. 3.1.
The experimental observation of dominant SR during the first 2 hours is consistent
with theoretical considerations. The effect of SR can be estimated by calculating the
ratio τOR/τSR , where τOR and τOR are the times necessary to double the average NP size
by surface OR and SR, respectively [Imre 99, Imre 00]. If τOR/τSR is much smaller than
unity, SR can be neglected. As shown in Refs. [Imre 99, Imre 00] this condition is
equivalent to
τOR
τSR
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ln(lsc )α(θ)kβ T ζ
r̄2 (t)σ

(3.4)
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where ζ = π r¯2 n is the normalized surface coverage of the a-C film with NPs. lsc is
the screening distance (expressed in units of r) and represents the distance from a
NP with radius r at which the Pt-adatom population on the substrate recovers its
equilibrium value. It is assumed to be a constant given by lsc = 2.5 according to Ref.
[Chak 67]. kB is the Boltzmann constant, T is the absolute annealing temperature
in K and σ = 3.0 J·m−2 is the Pt surface energy [McLe 66]. The parameter α(θ) =
(2 − 3 cos θ + cos3 θ)/4 depends on the contact angle θ between NP and substrate
[Chak 67, Wynb 75], which cannot be deduced from TEM images. However α(θ) is
r3 α(θ) according to Refs.
used to express the NP volume, which is given by V = 4π
3
[Chak 67, Wynb 75]. The volume V and the circumscribed radius r of Pt NPs with TO
shape, which are relevant in our case, can be geometrically calculated and results in a
corresponding value of α(θ) = 0.683. A ratio value of τOR/τSR < 0.413 can be calculated
from Eq. 3.4 for Pt NPs characterized by n(0) = 6.4 · 1016 m−2 and r̄(0) = 0.72 nm at
300 °C. The ratio decreases to τOR/τSR < 0.056 after annealing the sample for t = 2 h
at 300 °C, because of a reduction of the NP density to n(t = 2 h) = 8.6 · 1015 m−2
and an increase of the radius r̄(t = 2 h) = 1.08 nm . These theoretical calculations
support the observed SR at the start of the coarsening process (t < 2 h). The reduction
of τOR/τSR by one order of magnitude after 2 h of annealing at 300 °C indicates that
coarsening via surface OR is more relevant for t ≥ 2 h.
More detailed information about the rate of OR at different temperatures can be obtained by comparing their surface mass-transport diffusion coefficients Ds0 . The Ds0
values can be calculated as a function of temperature from the corresponding Cd values derived from the fit curves in Fig. 3.4 on the basis of the Eq. 3.1 [Imre 99, Imre 00]

Ds0 =

45 ln(lsc )α(θ)kβ T
· Cd
2
4νPt
σn0

(3.5)

where νPt = a3Pt/4 = 1.5117 · 10−29 m3 is the atomic volume of Pt atoms calculated for
fcc bulk Pt with a lattice parameter of aPt = 0.3925 nm. The density of surface sites n0
for Pt NPs with fcc structure is given by n0 = 2/a2Pt = 1.298 · 1019 m−2 . Inserting these
values in Eq. 3.5, surface mass-transport diffusion coefficients with values between
(1.26 ± 0.03) · 10−23 and (48.4 ± 0.86) · 10−23 m · s−2 are determined for annealing
temperatures between 200 °C and 300 °C (see Tab. 3.1).The activation energy Ed for
surface diffusion of Pt adatoms on an a-C substrate can be derived by assuming an
Arrhenius-type dependence of Ds0 according to Eq. 3.6. The linear fit of ln(Ds0 ) as a
function of 1/T shown in Fig. 7 yields D00 from the intercept of the fit curve with the
Ds0 axis and Ed from the slope of the fit curve.
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Temperature T (°C) Cd · 10−42 (m4 · s−1 ) Ds0 · 10−23 (m2 · s−1 )
200
2.44 ± 0.06
1.26 ± 0.03
5.55 ± 0.17
3.02 ± 0.09
225
240
15.35 ± 0.51
8.60 ± 0.28
30.21 ± 0.63
18.09 ± 0.37
275
300
77.31 ± 1.37
48.40 ± 0.86
Table 3.1.: Values of the fit parameter Cd and corresponding surface mass-transport
coefficient Ds0 calculated for surface OR of Pt NPs with a diffusion-limited kinetics.

The dependence of Ds0 on the absolute temperature (Fig. 3.13) is then given by
) m2 · s−1
Ds0 = 1.12 · 10−14 exp(− (0.84±0.08)eV
kB T

(3.6)

Values for surface diffusion of Pt atoms on graphene were calculated to be as small as
0.14 − 0.19 eV·atom−1 [Tang 11, Kong 06] in contrast to experimental values of 2.2 −
2.5 eV·atom−1 [Gan 08]. Such high activation energies were explained by the strong
covalent bonding between metal and carbon atoms with calculated site-dependent
bonding energies between 1.4 and 8 eV [Okaz 10, Tang 11]. Assuming defect sites
in graphene to be a reasonable model for a-C, the activation energy of 0.84 eV for
Pt-surface diffusion on a-C is plausible. Published Ed values for Pt diffusion on Pt
surfaces are also high between 0.53 and 0.84 eV·atom−1 depending on the surface direction [Bass 78]. In the case of a W substrate, Ed = 0.7 eV·atom−1 was reported in
Ref. [Kell 90]. We also note that the coarsening behavior of Pt- and Au-NP ensembles
on a-C is similar. This can be inferred from Ed = 0.84 ± 0.08 eV·atom−1 for Pt on
a-C, which agrees within the error limits with Ed = 0.88 eV·atom−1 for Au atoms on
a-C [Utla 80].
The limitation of the OR process by surface diffusion as opposed to reaction limitation
is rationalized in the following way. Surface diffusion is expected to dominate, if the
activation energy for the detachment of a Pt atom Edet from a supported Pt NP is
lower than the activation energy for surface diffusion Ed . The detachment activation
energy is approximately given by Edet ≈ EPt-Pt − EPt-C with the cohesive energy
per Pt atom from a Pt NP EPt-Pt and the bonding energy between carbon support and
a Pt atom EPt-C [Loof 93]. The cohesive energy EPt-Pt = 5.6 eV·atom−1 for bulk Pt
[Kuma 08] decreases for small NPs according to the Gibbs Thomson effect to values of
3.7 eV·atom−1 and below for Pt NPs with radii ≤ 0.5 nm [Kuma 08, Nie 07]. Edet is
further reduced by the large bonding energies between Pt atoms and carbon support
which makes reduction of Edet below Ed = 0.84 eV·atom−1 plausible.
Finally, we point out that numerous studies, e.g., [Loof 93, Lars 12] were performed on
the coarsening of Pt NPs on SiO2 or Al2 O3 which are common supports in catalysis.
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Figure 3.13.: Arrhenius plot of the surface mass-transport coefficients Ds0 as a function of the reciprocal temperature.
In these studies, a strong influence of the gas environment on Pt-NP coarsening was
observed. Negligible coarsening was found for Pt NPs in a pure Ar atmosphere after
annealing at 700 °C for 60 min while significant coarsening takes place in oxygencontaining atmospheres [Loof 93]. The striking stability of Pt NPs in Ar is explained
by the high Pt-cluster stability and weak Pt-substrate interaction on oxidic supports.
Coarsening in oxygen-containing atmospheres is attributed to the oxidation of Pt NPs
at temperatures above 500 °C which lowers the cohesive NP energy. Moreover, an
increase the bonding energies between the oxidic support and PtOx species is invoked.
Since oxidation of Pt NPs at temperatures ≤ 300 °C can be excluded in our study
(see Ref. [Loof 93]), the coarsening is clearly associated with the comparatively high
bonding energies of Pt atoms on the carbon support.
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3.5. Conclusion
Pt NPs with a narrow size distribution were deposited on a-C substrates by electronbeam evaporation. The coarsening of the NP ensemble was studied by TEM after annealing at temperatures between 200 °C and 300 °C for up to 160 h. The possible influence of 200 keV electrons on the coarsening was systematically studied by illuminating
the same sample region for 20 min in HRTEM with a dose rate of drate = 13.1 A · cm−2 .
Neither enhanced SR nor a significant change of the NP sizes was observed under the
chosen illumination conditions. However, HRSTEM imaging can change significantly
the smallest NPs since a single cross scan can already induce an atomic-scale reorganization of the material.
High-resolution TEM was applied to analyze the NP shape. Experimental and simulated images along the [100]- and [110]-zone axes were compared to distinguish between
cuboctahedral and truncated octahedral fcc NP structures. [100]-zone axis HRTEM
images are suitable to discriminate between these two NP types which yield a truncated octahedral shape as being relevant in our study. Measured NP-size distributions
yield average radii which increase with annealing time and temperature. Coarsening
proceeds fast during the first 2 hours of annealing and slows down for longer annealing times. An in-situ TEM annealing experiment demonstrates that coarsening is
dominated by a very active coalescence of small mobile NPs via SR during the first
coarsening stage (t < 2 h). SR can be neglected during the second ripening stage for annealing times of more than 2 h. The coarsening kinetics during the second stage is best
described by surface OR with a diffusion-limited kinetics. A quantitative description of
the surface OR process is performed by evaluating surface mass-transport diffusion coefficients, which range between (1.25±0.03)·10−23 m·s−2 and (48.40±0.86)·10−23 m·s−2
for the investigated temperature interval between 200 °C and 300 °C. The Arrheniustype dependence of the surface mass transport diffusion coefficient is exploited to derive
the activation energy for surface diffusion of Pt atoms on an amorphous carbon substrate. The limitation of the OR process by surface diffusion as opposed to reaction
limitation can be understood by the reduction of the detachment activation energy
of Pt atoms in small NPs and the high bonding energies between Pt atoms and the
carbon support.
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4.1. Introduction
Mn doped Ge quantum dots (QDs) are particularly interesting since their small size
and the quantum confinement effects affect the electronic structure and the spin interaction and thus ferromagnetic properties [Knob 00]. For example, room-temperature
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ferromagnetism and electric-field-controlled ferromagnetism was demonstrated in selfassembled Mn0.05 Ge0.95 QD [Xiu 10]. The electric-field manipulation of ferromagnetism
is of great interest for the development of new device concept with reduced power consumption [Niko 08]. Since the formation of GeMn nanostructures is not well understood, the problematic of this chapter aims to understand and to control the fabrication
of ferromagnetic semiconductors by incorporating Mn in Ge quantum dots (QDs).
To that extend, we focus first on the measurement of the Ge content in the wetting
layer (WL) since the control of the growth of Ge islands and QDs layers required a
detailed knowledge of the formation of the WL. To that extend, a precise and accurate
quantification of the inter-diffusion or surface segregation process during the growth
is necessary. Then incorporation of Mn by co-deposition with Ge during molecular
beam epitaxy (MBE) growth is studied. Growth parameter, such as Mn concentration,
growth temperature and thickness are explored.
This chapter is organized as follows: it begins with a short review of the principle of
Stranski-Krastanov (SK) growth of Ge on Si(001), necessary to the understanding of
the results presented here. Then a methodological development for the quantification
of HAADF contrast in STEM mode is presented. This quantification method allows
us to precisely measure the Ge content at the atomic scale. This method is applied to
measure the Ge surface segregation in the case of Ge WLs in Si grown by MBE. Finally,
the incorporation of Mn in Ge quantum dots structures is presented and discussed with
respect to recent work reported.

4.2. Fundamentals of the growth of Ge quantum dots
Hetero-epitaxial growth of Ge on Si(001) has been studied, since it has great application
in electronic and optoelectronic and it is a prototypical system for studying growth
mode from a fundamental point of view. The MBE growth of hetero-structures is
inherently a non-equilibrium process, the formation of self-assembled nanostructures
is both complex and sensitive to growth and overgrowth conditions. The formation of
Ge islands is a spontaneous process that occurs after the Ge deposition that exceeds
a critical thickness of Ge. It follows one of the three primary modes by which thin
films grow epitaxially, the so-called Stranski-Krastanov (SK) growth mode or “layerplus-island growth”. The principle of the SK growth mode is schematically illustrated
in Fig. 4.1. Generally, the driving force of the spontaneous formation of island is the
relief of the elastic strain accumulated in the epitaxial film due to the lattice-mismatch
of a few percent. The layer growth starts in a 2D fashion (Fig. 4.1(a)) and undergoes
a transition towards 3D growth, as the accumulation of elastic strain in the epitaxial
layer changes the balance between the surface energy and the elastic strain energy
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(Fig. 4.1(b)). Si can be further epitaxially grown on top the Ge islands layer and (d)
others layers can be grown, as shown by Fig. 4.1(c-d).

Si spacer

Si(001) substrate

Si(001) substrate

Si(001) substrate

Si(001) substrate

(a)

(b)

(c)

(d)

Figure 4.1.: Schematic illustration of the Stranski-Krastanov growth mode: (a-b) a
wetting layer of Ge is deposited on the Si substrate; (c) beyond a critical thickness,
the strain in the WL is too high and three-dimensional island are formed. (d) Si can
be further epitaxially grown on top the Ge island layer to convert the island into
SiGe QDs and the growth can continue with others SiGe QDs.
In the following we will focused on the two regimes of the growth of Ge on Si [Mull 96]:
1. Ge WL embedded in Si: Ge growth is stopped before the formation of QD i.e.
thickness < 4 monolayers (MLs)
2. Ge QDs embedded in Si: thickness > 4 MLs and formation of Ge QD

4.2.1. Formation of the Ge wetting layer
In order to reduce the number of dangling bonds of the Si atoms lying on the initial
surface of the Si substrate, a surface reconstruction takes place. The Si(001) surface
exhibit a (2 × 1) reconstruction, consisting of dimers arranged in rows. Fig. 4.2 shows
that in case of the unreconstructed surface, each Si surface atom has two dangling
bonds, whereas in case of the (2 × 1) reconstructed surface, each Si surface atom has
one dangling bond. For a dimer axis oriented along the [110] direction, the dimer row
is oriented along the [1̄10] direction, i.e. perpendicular to the dimer axis [Voig 01].

Figure 4.2.: Comparison of unreconstructed and reconstructed surface of Si(001).
Taken from [Voig 01].
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During the deposition of Ge atoms on the Si(001), the surface rapidly changes to(2×N )
reconstruction, which consists of a periodic array of missing dimers of the (2 × 1)
reconstruction, i.e. every N th dimer is missing. The driving force of this transformation
is due to the strain energy which increases with increasing coverage. More complicated
surface reconstruction, such (M × N ) can occur during the formation of the Ge WL
[Miga 04]. The numbers M and N are determined by a balance of the strain energy
and the energy necessary to remove a dimer raw. It thus changes as a function of the
coverage and the experimental growth conditions. The first regime of the growth of
the Ge WL consists in the formation of a 2D pseudomorphically strained layer, i.e.
the in-plane lattice parameter of the Ge WL is the same as the Si substrate one. The
Ge quantity deposited on Si is controlled by Reflection high-energy electron diffraction
(RHEED) measurements which can follow the transition from 2D to 3D regime and
then allow to stop the deposition when needed.
For heterostructures, Si-Ge intermixing in the Ge WL during Si overgrowth can take
place creating a chemically mixed Si-Ge layer. This can be due to the fact that even
if the Si-Ge inter-diffusion can be negligible at temperatures lower than 500 °C, dimer
raw vacancies can create possible path to Si diffusion from the capping in the Ge WL
[Miga 04]. On top of that, surface segregation of Ge in Si have to be considered. It is
caused by the lower dangling bond energy, i.e. lower surface energy of Ge as compared
to Si. The driving force of surface segregation is then the energy difference between
the surface (adsorbed) and subsurface (incorporated) states Eb . Fig. 4.3 illustrates
the principle of surface segregation by the so-called two-state model, the two states
considered here being the surface and subsurface state.

Figure 4.3.: Energy diagram of the two-state model to explain atom exchange process
between surface and subsurface states. Ea is the kinetic barrier Ed is the desorption
energy. The segregation energy is defined by Eb = Ed − Ea . p and q are the jump
rates of the Ge atoms toward the surface and backward. Taken from [Fuka 91].
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The surface segregation leads to intermixing and asymmetric concentration in coherently grown SiGe structures and if affects the equilibrium of SiGe structures, since it
change the surface energy of the layer [Ters 94]. Our observations detailed in the following confirm this intermixing and quantitative analysis of the chemical profiles will
be presented to get better understanding of this segregation effect.

4.2.2. Formation of Ge quantum dots
Due to the large lattice mismatch of 4,2 % between Ge and bulk Si, an elastic strain
energy builds up in the Ge WL. The formation of 3D islands provide a way to release
this elastic strain energy stored in the Ge WL when the Ge content is too high. The
2D to 3D transition was modeled by Tersoff and LeGoues by the competition of surface
energy necessary to form facets Esurf and the elastic strain energy 4Erelax [Ters 94].
This model is illustrated by plotting the variation of Erelax ∼ x3 and Esurf ∼ x2 in
Fig. 4.4, where x is the island size. The energy difference between the 3D and the 2D
morphology is then given by 4E = Esurf − Erelax . For an island size x < xcrit the 3D
morphology is not favorable (4E > 0), whereas for an island size x > xcrit the 3D
becomes favorable as 4E < 0 . xcrit corresponds to the island size x where the gained
elastic relaxation energy is equal to the surface energy.

Figure 4.4.: Island total energy versus island size, i.e. deposited volume. For island
size larger than the critical size xcrit , the island formation is energetically favorable
(3D growth). Taken from [Voig 01].
This simple model gives some insights in the driven force of the 2D to 3D transition in
the SK growth mode. Kinetics effects or particular shape of island change significantly
the balance between the energy Erelax and Esurf , and thus the value of xcrit . Usually,
the Ge WL starts to relax at a coverage of ∼3 ML and Ge island are formed.
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The shape of Ge island on Si(001) can be complicated since several different types
of 3D QD have been observed. The 3D morphology of the most common Ge island
on Si(001) are shown in Fig. 4.5. The shape of the Ge island changes with increasing
its size. The smallest ones are {105} faceted huts with rectangular or square base
(pyramid). Then larger islands form dome with additional {113} and {102} facets,
and base size ranging from 50 to 100 nm. The higher aspect ratio of the dome allows a
relaxation by 50 % of the strain, that is significantly larger then the relaxation by 20 %
in case of the huts. Finally, plastically deformed super-dome islands can be observed
with misfit dislocations at the island-substrate interface.
Another way to reduced the energy associated to the strain in the island is the interdiffusion between the Ge island and the Si substrate. Independent and accurate determination of both chemical composition and strain is far from trivial in such island,
due to the small scale of such nanostructures and its particular geometry.

Figure 4.5.: Typical evolution of Ge QDs on Si(001) as observed by scanning tunneling microscopy (STM) topograph of Ge quantum dots on Si(001). The shape of the
Ge quantum dots changes with increasing its size. At small size {105} faceted pyramids with square base (a) are formed and with increasing the size additional {113}
and {102} facets are created in the dome (b). Plastically deformed super-dome are
finally formed with misfit dislocation(c). Note that the figures are stretched along
the growth direction to highlight the facets. Taken from [Duja 06].

For the conversion of Ge islands into optical QD, the islands have to be embedded in
a semiconducting matrix consisting of a capping of Si, as shown in Fig. 4.1(d). This
also offers the possibility to grow heterostructures by repetition of the Si/Ge(QD)/Si
period.
For the magnetic measurements on the Ge(Mn) QD using superconducting quantum
interference device (SQUID), a minimum volume of magnetic material is required to get
a good SNR. The magnetic material in each QD being small in the case of Ge0.94 Mn0.06
quantum dots studied in this work, heterostructures have been grown to increase the
total quantity of magnetically active species.
Note that the capping of Ge islands by Si can significantly change their composition
and their shape. The study reported by Rastelli el al clearly evidenced the flattening
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of the Ge island by capping at temperatures higher than 300 °C [Rast 02]. This shape
evolution is characterized by an increase of the base size and a simultaneous height
reduction. A similar observation was reported in the case of SiGe islands [Sutt 98].
In both cases, these observations were explained by Si-Ge intermixing caused by the
Ge surface segregation during Si capping. Reducing the growth temperature of the Si
capping kinetically hinders the Si-Ge intermixing, thus the shape evolution and the Ge
content in the QDs [Rast 02].
All these studies from literature show that a good knowledge of the Ge-Si intermixing
is important to understand the growth mechanism and also gives a good interpretation
of the optical or magnetic properties of such systems.

4.2.3. Ge Surface segregation in Si
Depending on the growth conditions, surface segregation of Ge can take place during
the growth of Si capping on SiGe nanostructures, i.e. QWs or QDs: some Ge atoms
remain at the growth front during the growth process. Consequently, the Ge content
in the Si capping or spacer is not zero even if no Ge was deposited at this stage of the
growth. This occurs because the surface and bulk sites are energetically different for
Ge and Si atoms, as explained in sec. 4.2, i.e. the surface energy of Si(001) is reduced
when terminated by a Ge adlayer. Nevertheless, the introduction of a third element
during the growth can lower the surface energy of both Si and Ge [Cope 89]. Such
a element (for example As of Sb) acts as a surfactant and can drastically change the
growth process by controlling surface segregation [Hoeg 94, Cope 89]. It can also be
suppressed by hydrogen surface passivation [Grut 93]. Hydrogen is believed to change
the surface energy by terminating the surface dangling bonds as well as the rate of
the Si-Ge atoms exchange. This is illustrated by the SiGe QWs we have used for the
calibration of the EELS kGeL2,3 factor, as shown in Fig. 4.13. No surface segregation
was observed by EELS measurement and HAADF imaging. This can be explained by
a modification of the Si–Ge exchange probability during the growth, which depends on
the Si precursor and its associated H surface coverage during the reduced pressurechemical vapor deposition (RP-CVD) growth [Kim 97, Vinc 09]. This observation
already indicates that the surface segregation is drastically affected by the growth
conditions.
The growth mechanisms of SiGe nanostructures has been extensively studied in the
last decades [Zalm 89, Fuka 91, Godb 92]. Many techniques have been used to investigate the composition of SiGe nanostructures in order to determine the chemical
distribution. This surface segregation of Ge in Si is usually studied by surface-sensitive
in-situ techniques such as Auger electron spectroscopy (AES)[Butz 92, Li 95] or X-ray
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photo-electron spectroscopy (XPS) [Fuji 91]. These techniques are sensitive to the surface and probe the top few monolayers. Ge concentration profiles were also measured
on photo-luminescence technique [Breh 08]. The quantification of the Ge concentration were obtained by the analysis of the peak positions photo-luminescence spectra combined with band structure calculations. Ex-situ techniques such as mediumenergy ion scattering (MEIS) [Cope 89] and SIMS [Zalm 89, Fuka 91] were also used.
TEM techniques in cross-section were also employed to study the surface segregation of Ge atoms, but no quantitative analysis of the segregation profile was reported
[Walt 99, Bene 03, Bari 06].

4.3. Experimental methods
All the samples studied in this work were grown using a Riber MBE 32 chamber
with a base pressure of a few 10- 11 Torr. Standard Knudsen cells were used for Ge
and Mn evaporation. Prior to the growth of Ge layers, a 40 nm thick Si buffer layer
was systematically grown on Si(001) and annealed at 800 °C during 15 minutes ().
The growth rate of Ge layers was 6 ML·min-1 = 1.8 nm·min-1 . Lattice relaxation
was permanently controlled by RHEED observations. For Ge wetting layers growth
on Si, Ge deposition has to be stopped before the thickness of Ge layer the exceeds
critical thickness of elastic relaxation. The growth rate of Ge and GeMn layers was
1.3 nm·min-1 .
Almost all the TEM experiments shown in this chapter have been performed using
the HRSTEM-HAADF imaging and HRSTEM-EELS spectroscopic modes at 200 kV.
Experiments were carried out on:
• a double-corrected FEI Titan3 Ultimate operating at 200 kV. Electron Energy
Loss Spectroscopy (EELS) was performed in HRSTEM mode using the probecorrected mode (DCOR corrector from CEOS) and a Gatan Image Filter (GIF)
Quantum ER equipped with Ultra fast acquisition, dual EELS acquisition and
2 kV drift tube. EELS acquisition were performed with the convergence angle α =
20 mrad and the collection angle β = 98 mrad. The Digiscan II scanning unit and
Digital Micrograph software from Gatan were used to record simultaneously the
EELS and HAADF signals. Dark reference of the CCD camera was improved by
averaging hundreds of dark reference recorded directly after the EELS acquisition.
• a probe-corrected FEI low-base Titan 80-300 microscope equipped with a GIF
Tridiem with an energy dispersion of 1 eV. The FEI scanning unit and TIA
software were used to record HAADF and EELS signals. EELS acquisition were
performed with the convergence angle α = 18 mrad and the collection angle
β = 44 mrad.
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On each microscope, the typical probe current was between 60 and 80 pA. Energy
dispersion was set so that EELS edges of Mn L2,3 at 640 eV, Ge L2,3 at 1217 eV and Si K
at 1839 eV could be acquired during experiments on the same spectrum or in dual EELS
mode in order to perform quantitative treatment of the data afterward. Post-processing
denoising of the data set, i.e. line scan or spectrum image, was performed using the
PCA algorithms implemented in the Hyperspy software. The relevant component was
estimated by careful inspection of factors and loadings, as explained in sec. 2.6.2. For
the EELS quantification, the integration windows were set to 60 eV.
The plane views and cross-sections of Ge or Ge(Mn) QDs samples were prepared for
observations by chemical mechanical wedge polishing in order to get very thin and
clean areas.
Magnetic properties at various temperatures were measured using a superconducting
quantum interference device (SQUID).

4.4. Methodological development of HAADF
quantification
4.4.1. Experimental observations of Ge quantum dots
Fig. 4.6 shows a typical HAADF-HRSTEM image of two layers of Ge embedded in Si.
Both layers consist of equivalent 4 MLs content of Ge grown on Si(001) at a temperature
of 380°C. The HAADF signal scales as Z γ , where Z is the atomic number and γ ranges
from 1,7 to 2, depending on the experimental conditions [Penn 88, Kriv 10]. Since
the Ge and the Si atomic number are ZGe = 32 and ZSi = 14, the atomic columns
containing Ge atoms appear brighter than Si pure atomic columns. The layers with
high content of Ge are then the two bright layers with a thickness of approximately
1 nm. The high contrast for this system on the HAADF image shows that the interface
between the Si substrate and the first Ge rich layer is almost atomically flat, whereas
it is not the case for the second interface with the Si spacer which exhibits roughness.
This observation shows that we have already overcome the pure WL regime and that
the transition toward the 3D growth has take place from 4 MLs of Ge grown on Si.
This transition is inherent to the SK growth mode, as explained previously in sec. 4.2,
and the small thickness variation could be already seen as small Ge rich QDs.
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4.4.1.1. Detection of segregated Ge atoms in Si by HAADF imaging
Above these Ge QDs, in the Si spacer, some atomic columns appear brighter than
others. In comparison, the contrast of atomic columns in the Si substrate is very
homogeneous and does not exhibit such bright atomic columns. It means that the
brighter atomic columns in the Si spacers could be attributed to the presence of Ge
atoms since the specimen contains only Si and Ge. Fig. 4.6(b) shows a zoom on the
upper layer of the HAADF image to highlight these bright dots. Orange arrows indicate
some atomic columns among the myriad of atomic columns, that are brighter than those
of the pure Si substrate.

(a)

(b)

Figure 4.6.: (a) Typical high resolution HAADF images of two layers of Ge QDs
embedded in Si. For these two layers, 4 ML of Ge have grown on Si. (b) Zoom on the
upper layer of the HAADF image in (a). The arrows indicate some atomic columns
in the Si spacer with brighter intensity than in the Si substrate. The specimen
thickness is 13 nm.
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The detection of Ge atoms in Si spacer is hard to perform as it is shown on the Fig. 4.7
showing HAADF images of the same Ge QDs acquired for three different specimen
thicknesses. Thin areas with thickness of 6 nm, 14 nm and 21 nm are shown in
Fig. 4.7(a,b,c) respectively taken on equivalent region of the sample. One can notice
that the contrast of the brightest atomic columns with respect to the Si substrate
is much higher for the thinner area (6 nm) and strongly reduced for too thick area
(21 nm). These observations show clearly that the detection of small amount of Ge
in Si implies to work with very thin and clean samples to get a good visibility. For
too thick samples visibility is very low: Ge atoms are almost not detected but are
nevertheless present in the Si spacer.
In order to investigate in more details the contrast variation between the Si substrate
and the Si spacer, HAADF intensity profiles across a Ge QDs layer are plotted in
Fig. 4.7(d) for each thicknesses. As the HAADF images have been normalized relative
to the incident probe intensity using the detector image procedure (Fig. 2.16(a)), they
can be then compared quantitatively. The unit scale of the HAADF signal is thus the
fraction of incident beam (f.i.b.). In the HAADF intensity profiles shown in Fig. 2.16(c),
two features are remarkable:
• the intensity distribution on the atomic columns;
• value of the background of the HAADF image, i.e. the value between the atomic
columns.
By examining the background for the three thicknesses plotted here, one can observed
that the background value increases with thickness and is higher on the Ge QDs compare to Si. For the two thinner areas (6 and 14 nm) the background value of the Ge
QDs is lower than the maximum value of the Si atomic columns, whereas it is the
opposite in the case of the 21 nm thick area. These observations indicate that the
background variation depends strongly on the sample but also on the quality of the
thin lamella.
Colored bands drawn in Fig. 4.7(d) represent the distribution of intensity of the Si
atomic columns in the substrate and spacer. The experimental HAADF intensities have
a certain distribution due to noise and the intensity distribution in the Si substrate is
taken as a reference for our experimental setup. The mean full width of the reference
distribution is 0.005 f.i.b. for the thinner area and 0.007 f.i.b. for the thicker area of
21 nm. For the thinner area, the intensity of some atomic columns in the Si spacer
are 0.005 f.i.b. higher than the mean atomic column intensity in the Si substrate
corresponding to an increase of 25 %. For the thicker area, the maximum intensity
in the Si spacer is 0.003 f.i.b. higher than the mean reference distribution value of
0.059 f.i.b. providing an increase of 5 %. These values indicate that the contrast of the
brightest atomic columns in the Si spacer reduced drastically with increasing thickness.
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(a) 6 nm

(b) 14 nm

(c) 21 nm

0.16

6 nm
14 nm
21 nm

0.14
Fraction of incident beam

0.12
0.10
0.08
0.06
0.04
0.02
0.00
0

1

2

3

4
5
Position (nm)

6

7

8

9

(d)

Figure 4.7.: HAADF-STEM images of 4 ML Ge QDs with different thickness: (a)
6 nm, (b) 14 nm and (c) 21 nm. (d) HAADF Intensity profile across the HAADF
images of Ge QDs (a-c). The profiles are measured in the area between the two
arrows by averaging over narrow width of 1 Å.
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4.4.1.2. Atomic resolution EELS
In order to confirm that the brightest atomic columns in the Si spacer are due to the
presence of Ge dopants, atomic resolution EELS experiments have been performed
on the Titan3 Ultimate microscope. Note that to reach the atomic detection, the
microscope voltage has to be set to 80 kV in order to avoid any beam damage during
acquisition of SI with small pixel size of 0.5 Å for high resolution. The use of such very
stable and powerful microscope is required for such advanced experiments. Fig. 4.8(a)
shows the HAADF image of a Ge QDs layers with the Si substrate on the left and
the green square indicates the area of the EELS acquisition. The convergence and
collection angles were 21 and 70 mrad, respectively. For the acquired 164 × 62 px
SI, the pixel time was 50 ms giving a total acquisition time of about 9 min. During
the acquisition, the HAADF image is acquired simultaneously with the EELS signals
on Ge L2,3 and Si edges. HAADF image and chemical maps of Ge and Si after PCA
treatment are shown in Fig. 4.8(b, c, d) respectively.
In Fig. 4.8(a-b) some atomic columns in the Si spacer appear brighter than in the
Si substrate. At the same localization on the Ge map, Ge signal was also detected
demonstrating the link between brightest atomic columns on the HAADF image and
the presence of Ge atoms. EELS intensity profiles shown in Fig. 4.8(f) evidence more
clearly this observation: in the Si substrate the Ge signal is close to zero whereas in
the Si spacer, Ge signal is measured at a position of around 6 nm.
These atomically resolved EELS acquisitions give a direct measurement of the Ge
profiles above the Ge QDs. Nevertheless, the quantification is nowadays still difficult
and requires a lot of computation (much more than HAADF image simulation) for
accurately quantify the chemical content at the atomic scale. Up to now, only one
work has been reported on quantitative chemical mapping at the atomic scale [Xin 11].
Moreover, the field of view is extremely small (3 x 8 nm) and does not suit very well
if one has to deal with a complete study of inter-diffusion in Material Science.
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Figure 4.8.: Atomic resolution EELS of 4 ML Ge embedded in Si performed at 80 kV
(no drift correction).. (a) HAADF-STEM image before acquisition; the green square
marks the actual area from which the EELS signal was acquired. (b) HAADF image
of the mapped area acquired simultaneously with the EELS signal: (c) Ge L2,3 map
at 1217 eV, (d) Si K map at 1839 eV. (e) Ge (green) versus Si (red) composite map.
(f) Ge and Si composition profile taken in the position marked with a white dashed
square. PCA denoising was performed with three components.
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4.4.1.3. HAADF image simulations of substitutional Ge atoms in Si
To obtain some insights on the dependence of HAADF signal as a function of the
thickness at the atomic level, we performed series of HAADF images simulations which
results are summarized in Fig. 4.9. HAADF images were calculated using the multislice approach (see sec. 2.2.2) implemented in the TEMSIM software1 [Kirk 10]. The
simulations were performed with Si supercells containing one or two Ge atoms in substitutional position built for thickness ranging from 2 nm to 25 nm. The substitutional Ge
atoms were positioned in the center of the supercell. The simulation of thermal diffuse
scattering (TDS) were performed within the frozen phonon approximation with 20 configurations. A 200-keV aberration-corrected probe has been employed (α = 20 mrad,
C3 = 5 μm and 4f = −5 nm) and an experimental probe size of 1 Å was assumed in
the calculation. The inner and outer collection angle of the annular detector were set
to 70 mrad and 160 mrad, respectively.

(a)

(b)

Figure 4.9.: (a) Calculated HAADF signal as a function of the thickness on a Si
atomic column containing 2 Ge atoms (blue dots), Si atomic column with 1 Ge atom
(green square), pure Si atomic column (red diamond) and the background, i.e. between Si atomic columns (cyan cross). Inset: simulated HAADF image showing the
disk used for integrating the HAADF signal at the different position. (b) Visibility
of 1 or 2 Ge atoms in Si atomic column as a function of the thickness.
Fig. 4.9(a) shows the variation of HAADF intensity as a function of the thickness for
four position in the supercell:
• Si atomic column containing 2 Ge atoms (blue dots),
• Si atomic column with 1 Ge atom (green square),
• pure Si atomic column (red diamond),
• the background, i.e. between Si atomic columns (cyan cross).
1

Free software, download at http://people.ccmr.cornell.edu/~kirkland/cdownloads.html.
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The HAADF signals were integrated over a disk as shown in the inset of Fig. 4.9(a).
From Fig. 4.9(a) one can observe that the HAADF signal integrated over atomic columns
increases with increasing thickness and with increasing Ge content. As observed experimentally and mentioned previously, the background signal also increases with thickness.
These curves also show that indeed the presence of one atom of Ge in Si is detectable
under some conditions. To go further and analyze more quantitatively the contrast,
we introduce here the notion of visibility which is defined as [Okun 10]:
V =

ID
IH

(4.1)

where ID is the intensity of a doped atomic column and IH is the intensity of a nondoped atomic columns. The visibilities of atomic columns containing one and two Ge
atoms are plotted in Fig. 4.9(b) as a function the thickness. The visibility of one or two
Ge dopants in Si is high at low thicknesses and converges to one at higher thickness.
The visibility of one Ge atom is quite high for very thin areas (< 10 nm) but decreases
rapidly when thickness is higher than 10 nm. Between 10 to 20 nm thicknesses, the
visibility is of only few percents and above the detection of one Ge atom is no longer
possible. It is important to note the effect of the depth position of the dopant in the
thin lamella: dopant positioned at the border of the lamella provide a smaller visibility
[Radt 13].
These HAADF image simulations support the previous experimental observations presented in Fig. 4.7. They also confirm that with a proper sample preparation of thin
lamella, the detection of single Ge atom in Si is possible using HAADF imaging.

4.4.2. Quantification of HAADF imaging by template matching
method
The results presented in the previous section point out that HAADF imaging allows
the detection of Ge atoms in the Si spacer. In this section, we present a method to
analyze HAADF contrast by combining spatial averaging and image fitting techniques
based on the template matching method. This approach was originally developed by
Ourmazd and his collaborators and applied to HRTEM images containing chemically
sensitive reflections, such as in the zinc-blende system [Ourm 89]. More recently, Zuo
and his collaborators developed a similar method for the quantification of HAADF
images [Kim 13]. In this work we use the Digital Micrograph plug-in implemented by
Zuo to map the diffusion of Ge atoms in the Si spacer on large areas. This approach
consists in fitting reference patterns to the original image.
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4.4.2.1. The template matching method
The first step consists in obtaining a reference pattern, which will be used to quantify
the HAADF signal of each atomic columns. Fig. 4.10 illustrates this procedure by
using a Si-dumbbell pattern averaged on a series of Si dumbbells (Fig. 4.10(a)) of an
experimental image.

(a) Raw image

(b) Cmap

(c) Thresholded (0.75) Cmap
(g) Template A

(d) Raw template

(e) Spatially averaged, (f) Spatially averaged,
threshold 0.75
threshold 0.85

(h) Template B

Figure 4.10.: Spatial averaging and determination of reference pattern. (a) Raw
HAADF image. (b) Coefficient map Cmap , resulting from the template matching.
(c) Threshold of 0.75 applied to the coefficient map Cmap . (d) Raw template, (d-e)
spatially averaged template after different iteration with a threshold increasing from
0.75 and to 0.85. (g) Template A and template B used in the quantification.

The reference pattern is spatially averaged for reducing the signal-to-noise ratio (SNR).
We used the template matching method technique to find the positions of the raw
HAADF image that match well with the reference pattern in order to localize the
dumbbells. The template matching algorithm scans the template over the source image
(reference area of the raw HAADF image) and calculates at each pixel position (i, j)
the matching. This matching uses cross-correlation which is known to provide good
results. The matching is given through the normalized coefficient provided by the
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cross-correlation at each pixel of the source image. A normalized coefficient map Cmap
(Fig. 4.10(b)) contains values between [-1,1] [Kim 13]. Value close to one corresponds
to very good matching between the reference pattern and the sub-image I(i, j) of the
source image. The normalized cross-correlation image is then thresholded (Fig. 4.10(c))
to get accurate localization of the dumbbells. Finally the reference pattern is averaged
using all well-localized dumbbells of the reference area on the raw HAADF image.
This provides a new reference pattern with a much higher SNR (Fig. 4.10(e-f)). One
can notice that the high SNR reference pattern is very sensitive to the remaining
aberrations and misorientation of the specimen. For example here, the reference pattern
in Fig. 4.10(f) points out a very small asymmetry: the lower atomic column of the
dumbbells is 10 % brighter than the upper atomic column. This can be explained by
a very small misorientation of the specimen with respect to the incident beam.
The second step consists in determining the best fit between the reference pattern
and the sub-images I(i, j). Once again, this is performed by template matching of
the reference pattern with the whole raw HAADF image. The coefficient map Cmap
contains peaks corresponding to the best match between the template and the subimage and the raw HAADF image. Thus, the position (i, j) are obtained by fitting the
maximum of the coefficient map Cmap .
In the third and last step the reference pattern is fitted to the HAADF image at each
location (i, j) obtained previously. The equation of the fit is here given by:
I(i, j) = a · T + b

(4.2)

where I(i, j) is a sub-image of the raw HAADF image, T is the reference pattern, a
is an amplitude coefficient and b is an offset coefficient. The choice of the reference
pattern and the reference area is of course of importance for extracting quantitatively
the information.
4.4.2.2. Template matching on HAADF images of Ge quantum dots
In our case, we worked with two templates: one for each atomic columns of the Si
dumbbells (template A and B in Fig. 4.10(g-h)). This allows to get more precision
in the analysis compare to that proposed by Zuo for InAs/GaSb system [Kim 13], in
order to differentiate in our case the two atomic columns of each dumbbell. Kim et al.
quantified the intermixing of InAs and GaSb layer by fitting a linear combination of two
templates (one for InAs and the other for GaSb) at the position of each dumbbell. In
our case, we used the template matching approach in a different manner: the amplitude
coefficient a in Eq. 4.2 is used as a direct measurement of the visibility as defined by
4.1 and the offset coefficient b is related to the background of the HAADF image.
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The Si substrate of the raw HAADF image was chosen as the reference area and the
reference patterns are Si pure atomic columns one each side of the dumbbell.
Fig. 4.11 shows a typical example of application of this method on a normalized HAADF
image of our Ge QDs in Si. Thickness measurements were performed by PACBED
in this area. One experimental PACBED pattern taken in the center of this area
(Fig. 4.11(a)) is compared to a simulated one (Fig. 4.11(b)) and allows to determine
a thickness of 9 nm. Series of PACBED analyzes across this area determine that the
thickness increase from 6 nm at the edge of the specimen (outside of the HAADF
image on the top) to 11 nm in the Si substrate (bottom of the image). Fig. 4.11(d)
presents in false color, the result of the template matching applied on the whole area of
Fig. 4.11(c). The amplitude is directly linked to the content of Ge in Si atomic column.
Due to thickness variation the HAADF intensities decrease slowly toward the border
of the specimen. leading to long range variation of the amplitude [Voyl 02, Rose 11]
and can be subtracted to straighten contrasts. Fig. 4.11(e) presents the result of this
background subtraction. The amplitude map (Fig. 4.11(e)) shown in false color is rich
of information and allows to classify different families of atomic columns:
• amplitude around 1 is the reference amplitude on the Si pure substrate
• amplitudes > 3.0 correspond to atomic columns in the Ge QDs and between 2.0
and 3.0 to the diffuse chemical profile above these Ge QDs.
• amplitudes comprise between 1.0 and 2.0 correspond to columns in the Si spacer
containing some Ge dopant atoms due to the segregation process during the
growth.
This example demonstrates that the template matching method provides a very good
way to analyze the contrast variation of atomic columns on high resolution HAADF
images. This method is very efficient if performed with pertinent choice of the reference
patterns combined with good quality of the sample preparation for a good area to be
analyzed.
Further steps are required to provide better quantification of the HAADF image. Usually, HAADF intensities are quantified by comparison with HAADF image simulation
[Gril 08, Rose 09] but this procedure is not so easy to perform due to two main reasons: the computation time is long (up to weeks) and the quantitative results of the
simulations are always convolved by a function with a standard deviation σ depending
on experimental parameters. Before the work of Dwyer et al. [Dwye 12], the value of σ
was used as adjustable parameters. Another way could be to compare the amplitude of
the template matching procedure with calculated visibility obtained by HAADF image
simulations since this amplitude is directly linked to visibility, as explained previously.
One can also analyze the amplitude distribution on the amplitude map in order to
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(a) Experimental
PACBED

(b) Simulated
PACBED 9 nm

(c) Raw HAADF image

(d) Raw amplitude map

(e) Amplitude map after background correction

Figure 4.11.: (a) Experimental PACBED pattern measured between the two layers
of Ge QDs. (b) Simulated PACBED pattern for a crystal thickness of 9 nm corresponding to (a). (c) HAADF image of Ge QDs. (d,e) Amplitude map obtained using
the template matching method, before and after background subtraction. The inset
in (d-e) shows the zoomed area indicated by a dashed square in (d-e). The contrast
have been saturated to highlight the difference between the Si substrate and the Si
spacer.
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classify the different families of columns described above. Fig. 4.12 shows three histograms of amplitude distribution taken on three different areas on the amplitude map
(Fig. 4.11(e)): in the Si substrate (in blue), in the Si spacer (in green) and in the
Ge QDs (in red). Since the template was chosen in the Si substrate, the amplitude
distribution in the Si substrate is well centered around 1, as expected. Its standard
deviation of 0.08 gives a estimation of the sensitivity of our measurements using the
template matching method. The amplitude distribution of the Si spacer is similar to
that of the Si substrate, but it has a tail at higher amplitude with maximum amplitude values reaching 2.0. The difference observed between the amplitude distribution
in the Si substrate and the Si spacer indicate that it is possible to discriminate low Ge
concentration in Si by using HAADF imaging. The amplitude distribution of the Ge
QDs (in red) lies at much higher amplitude than the Si substrate.

Figure 4.12.: Histograms of amplitude distribution measured in different area: (blue)
Si substrate, (green) Si spacer and (red) Ge quantum dots

4.4.3. EELS mapping
EELS mapping is a complementary technique to HAADF imaging for studying chemical
distribution of Si and Ge content. Thanks to the spectrum imaging (SI) method, large
areas can be scanned with the aberration-corrected STEM probe and HAADF signal
combined with localized EELS spectra around Ge L2,3 and Si K edges can be acquired
simultaneously. In order to scan large fields of view (few 10 nm2 ) in an acceptable time,
we set the pixel size to a larger value as compared to the previously atomic resolution
EELS mapping (Fig. 4.8): the pixel size is set to 3 Å as compare to 0.3 Å previously.
This is a good compromise to acquire data over several minutes and even depending
on the size of the area, over 10 to 20 minutes .
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4.4.3.1. Calibration of EELS sensitivity factor

To go further, the EELS signal needs to be quantified in order to get a better knowledge
of the Ge relative distribution in Si with high accuracy. We used calibrated k factor
for this quantification. Multilayers heterostructures of Six Ge1-x quantum wells grown
by reduced pressure-chemical vapor deposition (RP-CVD) [Hart 02] were used as reference. The EELS spectra were measured using the same experimental conditions as for
the Ge QDs: the most important being the integration range (60 eV), the convergence
angle (α = 20 mrad) and the collection angle (β = 98 mrad). The nominal Ge concentration of the four Six Ge1-x quantum wells were preliminary measured by secondary ion
mass spectrometry (SIMS) and Ge concentration of 45 %, 38 %, 31 % and 20 % were
obtained for the QWs shown in Fig. 4.13 from the left to the right [Bech 09, Bech 13].

(a) HAADF image

(b) Ge concentration profile and map

Figure 4.13.: (a) HAADF images of the four SiGe quantum wells indicating the location of the acquired EELS SI (green square) (b) Ge concentration profile and map of
four SiGe quantum wells used for the calibration of the kGe L2,3 factor. The concentration profile obtained by SIMS is plotted in red diamond. The Ge concentration
measured by EELS using Hartree-Slater partial cross-section and kGe L2,3 factor are
plotted in green square and blue dots, respectively. The nominal Ge concentration
is 45 %, 38 %, 31 % and 20 % from the left to the right.
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The good agreement of quantitative strain measurements using nano-beam electron
diffraction and dark-field holography analysis on the same sample, with the Ge concentrations obtained by SIMS confirmed the accuracy of the concentration [Coop 09].
The EELS Ge concentration profile measured on this identical sample (Fig. 4.13(a))
shows that a deviation of 10 % is observed between the real concentration value (SIMS
data) and the computed one using classical Hartree-Slater partial cross-section implemented in the Digital Micrograph software for EELS spectra analysis. Therefore, in
order to fit EELS signal with SIMS content, we found out that the sensitivity factor of Ge L2,3 relative to Si K edge is kGe L2,3 = 0.21 for our experimental conditions
(Fig. 4.13 (a)). More details about the EELS quantification using k factors are given
in the Appendix A. Note that the Ge profile obtained by EELS is very sharp at the
interfaces compare to the SIMS ones. This is mainly due to experimental artifacts during acquisition for the latter. This example shows clearly that the EELS acquisition
is much more spatially resolved than SIMS. Indeed, the aberration corrected electron
probe ( <0.08 nm for the experimental conditions used ) for EELS measurements ensures a very good spatial resolution and the EELS signal delocalization is considered
to be small at these energy edges > 1000 eV.

4.4.3.2. EELS analysis on Ge quantum dots
Fig. 4.14 shows a typical results of EELS spectrum image (SI) analysis on our Si/Ge
QDs system. This EELS SI data set is made of 107 × 73 px with acquisition time
per pixel of 50 ms, providing a field a view of 33 × 22 nm. The total acquisition
time was less than 11 min and depends both on the pixel acquisition time but also on
the readout time of the CCD signal. Spectra are acquired using binning of 130 px in
the non-dispersive direction to speed up the acquisition and increase the SNR. A fast
acquisition mode of digit scan software from Gatan were also used. The HAADF image
(Fig. 4.14(a)) is recorded simultaneously using the “sub-pixel” scanning option. The
electron probe is scanned in a mosaic fashion, i.e. one pixel on the EELS SI Fig. 4.14(b)
corresponds to a square of 16×16 px on the HAADF image Fig. 4.14(a). The benefit of
the “sub-pixel” feature is to keep the high resolution pattern in the HAADF imaging,
while acquiring EELS SI with larger pixel size. The 3 Å pixel size of the EELS SI is
an interesting trade off between pixel size and field of view and corresponds in the Si
[110]-zone axis to two atomic columns or one dumbbell. A first comparison between
Fig. 4.14(a) and (b) shows a very good matching between the high resolution HAADF
image and the Ge map regarding the localization and shape of the Ge QDs.
Three background subtracted spectra of unique pixel are plotted in Fig. 4.14(d) to show
typical Ge L2,3 and Si K edges after PCA treatment obtained in the Si substrate (blue
dots), the Ge QDs (green squares) and the Si spacer (red diamonds). A very good
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sensitivity of detection of small amount of Ge in the Si spacer is obtained (red curve)
and this is mainly due to optimized signal acquisition and PCA treatment presented
in the first chapter (see sec. 2.6.2). Fig. 4.14(c) presents the Ge content distribution
obtained from SI analysis using the calibrated kGe L2,3 factor.

(a) HAADF image

(b) Ge map

(c) Ge profile

(d)

Figure 4.14.: (a) HAADF image acquired simultaneously with the EELS SI. (b) Ge
map obtained by EELS. (c) Ge concentration profile across the Ge quantum dots
averaged over 20 pixels. (d) Background subtracted EELS spectra extracted of
unique pixel at different position of the EELS SI as indicated the square of the
corresponding color in (a) and (b). For EELS acquisition the probe current was 85
pA and PCA denoising was performed with three components.
A high content of Ge is found localized on the Ge QDs but note that the content does
not reach 100% meaning that these QDs have in fact a Six Ge1-x composition. Moreover,
the Ge profile across the Ge QDs exhibits an asymmetry with a sharp interface below
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but more diffuse above the QDs. The tail extends on few nm and corresponds to a very
low content of Ge (1 to 2 %) at the end. This confirms the presence of Ge atoms in small
quantity in the Si spacer and is in good agreement with a segregation process. Unique
ELLS spectrum acquired in the Si spacer (red diamonds EELS spectrum in Fig. 4.14(d))
detects small Ge content. This demonstrates that with low acquisition times such as
the 50 ms combined with the 85 pA probe current, elemental concentrations of a few
percents can be measured, even at relatively high energy loss (Ge L2,3 at 1217 eV).

4.4.4. Correlation of HAADF and EELS signals
The previous sections showed that the Ge distribution concentration in Si can be detected by HAADF imaging and EELS acquisition. The HAADF signal is not straightforward to convert to an accurate measurement of the Ge concentration but can provide high sensibility and high spatial resolution. Template matching is a good way
to quantify the amplitude distribution of the signal. EELS acquisition is a good way
to quantify Ge content with a accuracy down to 1 %2 and a precision of 4 % in our
experimental conditions. Nevertheless the acquisition of high spatially resolved EELS
Ge map is extremely difficult since the acquisition of EELS SI requires a much longer
time than HAADF (a least 1000 times longer). A good alternative to get both atomic
resolution, high chemical sensitivity and quantification is to combine the two signals
and obtain high resolution and accurate Ge map concentration on large field of view
of several tens of nanometers.
In practice, this correlative analysis requires a data set consisting of a EELS SI with a
pixel size of ∼ 3 Å and a HAADF image acquired simultaneously with a pixel size much
smaller than that of the EELS spectrum image in order to obtain atomic resolution on
the HAADF imaging. A typical example of such an acquisition was shown previously
in Fig. 4.14. The simultaneous acquisition of HAADF and EELS signals in such a data
set ensures a good correlation of both signals as they are recorded from exactly the
same position and at the same time.
Fig. 4.15(a) shows the distribution maps for three different intervals of the amplitude
coefficient of template matching analysis:
• The amplitude interval [0.8, 1.2] corresponds to pure Si atomic columns, as mentioned previously by inspecting the amplitude distribution in sec. 4.4.2. The
corresponding distribution map covers almost the whole map excluding the Ge
QDs and some position in the Si spacer.
• The amplitude interval [1.2, 1.4] highlights the position of amplitudes in the Si
spacer and at the border of the Ge QDs. On this map, there is almost no
contribution from the Si substrate.
2

The good accuracy is explained by the quantification with k-factor and the limited systematic error
in the EELS background subtraction of the high energy loss edges (Ge L2,3 at 1217 eV and the
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• The last amplitude distribution map shown in Fig. 4.15(a) for the interval [1.4, 2.4]
clearly corresponds to the Ge QDs.
Fig. 4.15(b) shows the three plots of mean EELS spectra obtained by averaging all the
spectra of pixels belonging to the same amplitude interval.

(a) Amplitude distribution map
50

Ge concentration (%)

40
30
20
10
0
1.0

(b) EELS signal

1.2

1.4
1.6
1.8
Amplitude coefficient

2.0

(c) HAADF-EELS Correlation plot

Figure 4.15.: (a) Amplitude distribution maps for three different intervals: [0.8, 1.2],
[1.2, 1.4] and [1.4, 2.0]. The amplitude map was measured on the HAADF image
shown in Fig. 4.14(a) which was acquired simultaneously than the EELS SI. (b)
Averaged EELS spectra for the three distribution considered in (a). (c) Dependence
of the Ge concentration obtained by EELS as a function of the amplitude coefficient.
The green line represents a linear fit of the experimental data in blue dots. The error
bar represent the standard deviation of the distributions.
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This points out that the intensity of the Ge edge at 1217 eV increases when increasing
the mean amplitude, i.e. by increasing the values delimiting the interval. This observation already indicates a correlation between the HAADF signal and the EELS signal
as we can expect due to the chemical sensitivity of both signals.
Following this approach, we plot the dependence of the averaged Ge concentration
as a function of the amplitude coefficient in Fig. 4.15(c). Each point of the curve
corresponds to an amplitude interval of 0.2 on which an EELS spectrum is averaged
over all the pixels belonging to this interval and afterward, the spectrum is quantified
in Ge content. The experimental data (blue dots) can be well modeled with a linear
fit, given by the equation y = a0 + b0 · x, where x is the amplitude coefficient and y
is the Ge concentration. The fitting parameters a0 and b0 were set as free parameter
P
P
and the fit quality was determined by the residual w = |yi −ythi |/ yi , which measures
the average relative deviation between the experimental values yi and the theoretical
value ythi of the fit curve, where the index i runs over all data points. A least square fit
provides a0 = −32.9 and b0 = 34.1 with a residual of w = 6.7%, confirming the good
fit quality.
This curve gives the correlation law between amplitude STEM signal and Ge content
and allows now to convert amplitude maps to Ge contents maps: i.e. to quantify
HAADF-STEM contrast.
For an amplitude coefficient of 1 corresponding to Si pure atomic columns, the fitted
straight line provides a value of less than 1 %, which is within the error bar of the EELS
quantification (∼ 1 %). High amplitude coefficient provides higher Ge concentration:
as an example, an amplitude coefficient of 2 gives a Ge concentration of 35 %.
The conversion of the whole amplitude map to a Ge concentration map is performed
and compared to the Ge concentration map obtained from the EELS data set acquired
simultaneously in Fig. 4.16. The intensities of the two maps in Fig. 4.16(a) are displayed
on the same color scale. These two maps exhibit a striking resemblance. Moreover,
from the profiles shown in Fig. 4.16(b), which were measured across the Ge QDs on
both maps, one can observe that the quantification obtained from the HAADF signal is
in good agreement with the Ge signal obtained from EELS. This demonstrates that this
method successfully quantifies the Ge concentration based on the analysis of HAADF
signal when knowing the correlation law between the amplitude and the Ge content.
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(a)

(b)

Figure 4.16.: Comparison of the amplitude quantified in Ge concentration (%) with
the Ge concentration obtained by EELS shown as map in (a) and as profile in (c).

4.4.5. The protocol in a nutshell and its limitations
The previous section has shown that it is possible to quantify STEM/HAADF contrasts
on atomically resolved images. One of the interest of this method is to show that the
conversion procedure proposed above can be apply to other HAADF images and then
provide very efficient quantitative chemical analysis on a large data set.
The synoptic representation of this work is illustrated by Fig. 4.17. The required experimental data set are a EELS SI and HAADF-HRSTEM images recorded simultaneously
and a set of HAADF images acquired from areas of similar thickness. The left part of
this figure corresponds to the data analysis presented in previous sections:
• analyze the HAADF image with the template matching method and background
variation removal (usually required) to get the visibility map,
• quantification of Ge EELS signals to get Ge EELS concentration maps,
• correlation between amplitude map with the Ge eels concentration map,
• the fit of the correlation curve provides the parameters to convert the amplitude
signal into Ge concentration map.
At this step, any other HAADF images acquired in areas of equivalent thicknesses can
be analyzed first with the template matching method and then quantified in terms of
Ge concentration map on the right side of Fig. 4.17.
Moreover, since the background variation in the amplitude map is related to the specimen thickness, thickness map can be deduced from the background image. Complementary techniques, such as PACBED can be used to measure the thickness at one
position of the map and allows calibration of the thickness map as the amplitude map
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Figure 4.17.: Protocol of the correlative analysis of HAADF and EELS signals.
background increases exactly as the thickness. This provides an easy way to extract a
quantitative specimen thickness map from HAADF image.
The limitations of this approach are mainly determined by those inherent to the
HAADF imaging. To measure small concentration, the specimen preparation is a
crucial step: the specimen surface has to be very clean and flat to get homogeneous
specimen thicknesses, i.e. the HAADF signal variation have to be small. Ion beam prepared specimen suffers from surface roughness leading to large distribution of HAADF
signal in the Si reference areas. This clearly prevents the analysis of small HAADF
variation in the region of interest. Radtke and co-authors [Radt 13] used gentle ion
milling at low voltage (< 500 eV) on Linda Gentle mill system to analyze similar Ge
surface segregation in SiGe QW grown by MBE using HAADF-HRSTEM.
Fig. 4.18 shows different background models that can be used for background subtraction of an amplitude map. First, we consider two analytic functions, a plane
(Fig. 4.18(a)) and a cubic polynomial (Fig. 4.18(b)). Second, we consider a rolling-ball
algorithm (Fig. 4.18(c)) implemented in the software ImageJ3 , which determines a local
background for every pixel by averaging over a very large ball around the pixel [Ster 83].
Profiles of the raw amplitude image and the different background models across the
two Ge QDs layers are plotted in Fig. 4.18(d). The decrease of the amplitude above
the two layers of Ge QDs appear clearly on the right of the profile (corresponding to
the top of the images shown in Fig. 4.18(a-c)). This variation is attributed to a speci3

Website: http://rsb.info.nih.gov/ij/index.html
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men thickness variation that occurs at the edge of the thin lamella, and was confirmed
by the relative thickness map obtained by EELS. This is common in wedge-polishing
preparation of specimen: the last step consisting of chemical-mechanical polishing, the
sharp edge of the specimen is usually rounded. Since the background variation are
not always linear, the fitted plane shown in Fig. 4.18(a) can fail to correctly model
the background. The cubic polynomial function and the rolling-ball algorithm estimation describe fairly well the stronger variation at the top of the image (Fig. 4.18(b-c)).
This comparison shown in this plot points out the importance of a correct background
modeling to measure small amplitude variation of a 5 % or less.

Figure 4.18.: Comparison of different background model for the amplitude map
shown in Fig. 4.16(a). Analytic function (a) plane, (b) cubic polynomial and nonanalytic (c) Rolling-ball background model. (d) Plot of the profiles of raw amplitude
(blue dots), and model background: plane (green square), cubic polynomial (red
diamant) and Rolling ball (cyan cross).
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4.4.6. Sensibility and accuracy
Following the protocol summarized in Fig. 4.17, we quantified the HAADF-HRSTEM
images shown in Fig. 4.11(c). First the HAADF image has been quantified in amplitude
and the thickness variation has been removed by subtracting the background (i.e. the
thickness map) shown in Fig. 4.19(a). A cubic polynomial has been used to model the
background. Fig. 4.19(a) shows that the thickness ranges from 7.5 nm at the top of
the image (close to the edge of the specimen) to 11 nm at the left bottom. The values
were confirmed by PACBED measurements at the top and the bottom of the image.
Using the fitted values of the correlation between EELS and HAADF signal, the amplitude map has been converted to a Ge concentration and the result is shown in
Fig. 4.19(b).
The HAADF images being now quantified in Ge concentration, we can study the concentration distribution and the profile concentration with a high statistic and on a
larger field of view compared to EELS SI atomic mapping. The variation of the depth
position of the Ge atoms in the lamella will lead to a distribution of HAADF intensity,
which can be approximated by a Gaussian function [Voyl 03, Radt 13]. It follows that
the Ge concentration on the HAADF image has to be measured statistically. This
can be performed by averaging profiles or by fitting histogram of concentration (or
amplitude) distribution with Gaussian functions [Voyl 02, Radt 13]. To discuss the
sensitivity and the accuracy of the method, we investigated more precisely the distribution of the amplitudes and of the Ge concentration in the Si substrate (reference
area) compared to the Si spacer (area between the two Ge QDs layers). Their histogram of amplitude (and corresponding Ge concentration) distributions are shown in
Fig. 4.20(a-b) respectively.
The experimental amplitude distributions were fitted by a linear combination of Gaussian functions given by:
G(x) =

X
i

λi

(x − µi )2
1
)
exp(−
2πσ
2σ 2

(4.3)

where x is the amplitude coefficient, σ is the standard deviation, µi are the mean value
of the Gaussian functions and λi are the free parameters. The index i runs over the
number of Gaussian functions.
• The standard deviation is regarded as a parameter of our experimental conditions
and was determined by the standard deviation of the Gaussian function fitted in
the Si substrate (reference area): σ = 0.08.
• The distance 4µ between the Gaussian functions (4µ = µi+1 − µi ) was fixed to
the expected increase of amplitude coefficient due to presence of an additional
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(a) Thickness map

(b) Ge concentration map

Figure 4.19.: (a) Thickness variation of the HAADF image shown Fig. 4.11(c). (b)
Amplitude map converted in Ge concentration (%). The inset in (b) shows the
zoomed area indicated by a dashed square in (b). The contrast have been saturated
to highlight the difference between the Si substrate and the Si spacer.
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Figure 4.20.: Zoomed amplitude distribution (lower axis) and corresponding Ge concentration (upper axis) in the Si substrate and in the Si spacer in (a) and (b),
respectively. The integrated count of the distribution have been normalized to one.
The linear combinations of Gaussian functions are plotted with a black solid line on
the histogram. The general view of the histogram are plotted in the insets. The
histograms integrate about ∼ 3000 atomic columns for both distributions.
Ge atoms in an atomic column.
We determine this value 4µ using the correlation between the amplitude coefficient
and the Ge concentration. The determination of the thickness has to be accurate in
order to determine an absolute number of atoms. In projection along the [1̄10]-zone axis
of the Si diamond structure, there are two atoms per unit column in one unit cell, i.e.
√
one atom along a distance of aSi 2, with aSi the Si lattice parameter (aSi = 0.543 nm).
Then, the number of Ge atoms nGe per atomic column in the [1̄10]-zone axis is related
to the thickness t and the Ge concentration cGe by:
nGe, 110 =

2 · t · cGe
√
aSi 2

(4.4)

For a measured thickness of 9 ± 1 nm by PACBED, the expected Ge concentration is
cGe = 4.27 ± 0.38 % for one Ge atom in the column corresponding to µ0 = 1.15. The
presence of one Ge atom provides an average increase of the amplitude coefficient of
0.15 and then determines our step between two consecutive Gaussian functions.
The results of the fitting by the function G(x) of amplitude distributions for the Si
substrate and the Si spacer are summarized in Tab. 4.1. The linear combination of the
Gaussian functions used for the fit is plotted with a black solid line in Fig. 4.20(a-b).
This fit provides then a way to obtain the distributions of amplitude coefficients corresponding to discrete number of Ge atoms (i = 0, 1, 2, 3...) in the atomic columns.
In that way, the bump around amplitude coefficient of 1.2 and the tail of the curve
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Ge concentration
µi
Coefficient
(%)
λi
Si substrate
1.00
-0.02
0
1.0
1.00
-0.02
0
0.765
1.15
4.27
1
0.130
Si spacer
1.30
8.51
2
0.052
1.45
12.78
3
0
Table 4.1.: Fitted values of the linear combination of the Gaussian functions in the
Si substrate (one Gaussian function) and in the Si spacer (linear combination of four
Gaussian functions)
Index i

for the Si spacer, due to the presence of Ge atoms can be fitted. The coefficients λi
in the linear combination of Gaussian functions give the estimation of the ratio between the different populations of atomic columns with 0, 1, 2 and 3 Ge atoms. In the
analyzed area of this example, the coefficient λ0 = 0.765 indicates that the majority
of the atomic columns does not contains Ge atoms. The coefficients λ1 = 0.130 and
λ2 = 0.052 indicate that the tail of the amplitude distribution is due to the presence of
one or two Ge atoms per atomic columns in the Si spacer, respectively and no column
have 3 Ge atoms as λ3 = 0. This analysis on histogram of amplitudes gives a complementary information to the Ge concentration value, by describing the distributions of
atomic columns having a given number of Ge atoms.
We can apply this analysis to describe the Ge concentration profiles which has been
extracted from the quantification of the HAADF image shown in Fig. 4.19(b) and
plotted in Fig. 4.21. The profiles have been averaged over different width: one atomic
column (blue dots), a band of 2.5 nm in width (green square) and 5 nm (red diamond).
Large variation on the Ge concentration profile can be seen if the integration width is
low (0.12 nm) in comparison to the profiles with larger width. As mentioned previously,
the HAADF signal of a given kind of atomic column can be assumed to follow a
Gaussian distribution. Averaging over a width of several atomic columns significantly
reduces the statistic variation, as demonstrated by the improved statistics of the 2.5
and 5 nm width averaged profiles (green square and red diamond, respectively). The
mean value of the Gaussian distribution being the reliable Ge concentration, the profile
averaged over a width of several nanometers provides an accurate measurement of
the Ge concentration at each point of the profile. In the Si substrate, the statistical
variation is of 1 % for the 5 nm width profile of Ge concentration. This points out the
sensitivity of the quantification of HAADF signal using correlative analysis of HAADF
and EELS signal. The asymmetrical shape of concentration profile already indicates the
presence of surface segregation of Ge atoms during the growth, as it will be discussed in
the next section. On the right-hand axis of the plot in Fig. 4.21(a), the mean number of
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Ge atoms per atomic columns have been calculated for a specimen thickness of 10 nm.
Since the mean number of Ge atoms per atomic column ranges from 0 to 12 atoms, it
highlights the sensitivity of this method to probe low chemical compositions with high
spatial resolution.
Histograms of the amplitude distributions are plotted in Fig. 4.21(b-d) for three areas
localized in the Si spacer above the Ge QDs: (b) close to the Ge QDs layer, (c) in the
middle and (d) at 5 nm above the Ge QDs. The three amplitude distributions were
fitted as previously (Fig. 4.20) using Gaussian fitting. This analysis shows clearly the
evolution of the population of the different kind of nanocolumns with regards to the
distance from the interface. At these distances of the interface, the Ge composition
is low and is mainly described by Si pure columns and few SiGe columns having only
one or two Ge atoms. The weight of the second Gaussian function is always higher
than the third one showing that the probability to have a column with only one Ge
atom is higher. Their weight decreases respectively when moving away for the Ge QDs
where the Ge concentration is very low. This technique enables then to describe the Ge
concentration profile by quantifying the distribution of Ge atoms into the Si columns
and gives then a more precise description of the segregation process.
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Figure 4.21.: (a) Ge concentration profiles obtained from the quantification of the
HAADF image. The profiles have been averaged over a width of one atomic column
(blue dots), 2.5 nm (green square) and 5 nm (red diamond). Zoomed amplitude
distribution measured in three different area of the Si spacer as indicated in (a): (b)
close to the Ge QDs layer, (c) in the middle and (d) further away. The integrated
count of the distribution have been normalized to one. The linear combinations of
Gaussian functions are plotted with a black solid line on the histogram. The general
view of the histogram are plotted in the insets.
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4.5. Direct measurement of Ge surface segregation in
Si
Our comparison of the Ge concentration profiles obtained by EELS with that of SIMS,
highlights the importance of using a technique providing high spatial resolution, i.e.
at the atomic level coupled with a high sensitivity (see Fig. 4.13). This is clearly
highlighted by the significant difference in the profile symmetry and shape (sec. 4.4.3.1)
obtained between the EELS and SIMS Ge concentration profile.
This section aims now at describing the chemical profiles obtained by the quantitative
chemical analysis presented above. The presence of Ge atoms has been clearly detected
in the Si spacer and chemical profiles have been quantified. The features of these Ge
chemical profiles are explained as being due to segregation processes and we are now
discussing about the model associated with this phenomenon.
We used a phenomenological approach to describe the surface segregation of Ge in Si.
Following the model provided by Muraki et al. [Mura 92], we assume that a certain
fraction R of the Ge atoms subsurface layer N segregates on the top of the next layer
N + 1 on the surface. The fraction R is called segregation efficiency. The rest portion
(1 − R) remains incorporated in the layer N . During the Si overgrowth on Ge, the Ge
content xGe in the N th layer can be then given by:
xGe = x0 RN

(4.5)

where x0 is the nominal Ge content at the interface between the Ge layer and the Si
overlayer and n is the number of the monolayer. Fig. 4.22 (a) shows the Ge concentration profiles obtained by EELS measurements across two Ge layers of nominal thickness
of 4 MLs grown on Si(001) at 380 °C. The concentration profiles were measured on
EELS SI by averaging over 15 lines, corresponding to a width of 4.5 nm. For clarity,
the Ge concentration profiles are separated by an offset of 20 % in the y axis .
A zoom in the area delimited by dashed line in Fig. 4.22(a) is plotted in Fig. 4.22(b).
The interface Si/Ge is more abrupt than the Ge/Si. This can be due to the Ge surface
segregation mentioned previously (see Fig. 4.21) but also due to the beginning of relaxation that take place at 4 ML. As can be observed in Fig. 4.19(b), the Ge/Si interface
is rough: the thickness of the Ge QDs layer change from 3 ML in the thinner area to
6 ML in the thicker area (1 ML corresponds to one dumbbell). To exclude the effect
of the begin of relaxation of the Ge/Si interface, the surface segregation have been
fitted from 5 ML after the Si/Ge interface. The fitted area is indicated by a filled blue
square in Fig. 4.19(b). The fitted models and their corresponding experimental data
are plotted in Fig. 4.23 with lines and dots, respectively.
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From the fit performed on 16 Ge concentration profiles (8 profiles are shown here),
we obtained a value for the segregation efficiency of R = 0.72 ± 0.01. The fit quality
determined by the residual w (see sec. 4.4.4) indicates a fair fit quality since 6.6% ≤
w ≤ 16%.
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Figure 4.22.: (a) Ge concentration profiles across two layer of 4 ML Ge grown on
Si(001) substrate obtained by EELS measurements. (b) Zoomed area taken in the
region delimited by the dashed lines in (a). The blue filled square indicates the
experimental data used for the fit. For clarity, the Ge concentration profile are
separated by an offset of 20 %.

Figure 4.23.: Experimental data (dots) and fitted model (lines) of surface segregation
profile of Ge in Si. For clarity, the Ge concentration profile are separated by an offset
of 20 %.
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4.6. Ge(Mn) quantum dots
In this section, we will first study the growth of large Ge QDs as compare to those of the
previous section, which in fact correspond to larger nominal amount of Ge deposited
on Si. It was described at the beginning of this chapter that there is a transition from
a 2D layer by layer mode to a 3D island mode in order to reduce strain. We will next
discuss the incorporation of Mn in this Ge QDs. We mentioned before that segregation
phenomena in non-equilibrium growth methods, such as the MBE technique, are related
to the surface energy of the forefront growth layer. Following this idea, we will intend to
change the growth equilibrium in order to achieve the incorporation of Mn in strained
Ge, such as Ge QDs.

4.6.1. State of the art of Ge(Mn) quantum dots
In the last few years, several groups reported on the formation of GeMn QDs and
their associated magnetic properties. Incorporation of Mn in Ge QDs was firstly
tried with ion implantation. Ion implantation creates a lot of defects in the crystal structure and the crystalline recovery was usually performed by post-annealing.
This post-treatment generally results in the formation of undesirable metallic precipitates, such as Ge3 Mn5 or Ge8 Mn11 precipitates [Chen 07, Ko 08, Yoon 10]. This
technique is thus not appropriate for the fabrication of GeMn QDs for spintronics applications. The formation of GeMn QDs grown by MBE has been achieved recently
[Xiu 10, De P 12, Kass 12b]. Concerning the magnetic properties, the most striking
result is first the observation of room-temperature ferromagnetism in Ge(Mn) QDs
and the electric-field-controlled ferromagnetism of these QDs [Xiu 10]. However, the
magnetic properties was not reproduced by other groups who reported on formation
of GeMn QDs grown by MBE. De Padova et al. [De P 12] observed the formation of
Mn5 Ge1 Si2 precipitates which exhibit ferromagnetic behavior with a Curie temperature of ∼225 K . Kassim et al [Kass 12b] reported Mn solid solutions in Ge/Si (001)
QD hetero-structures. Their TEM investigations show that Mn-rich compounds are
formed close to the Ge QD with back-diffusion in the Si substrate. They did not observe robust room temperature ferromagnetism, although their TEM observations are
similar to those of Xiu et al [Xiu 10].
Fig. 4.24 reviews the TEM investigations reported in [Xiu 10, De P 12, Kass 12b]. In
Xiu et al. and Kassim et al., the presence of Mn in the Ge QD was confirmed by EDX
analysis or EELS mapping and Mn back diffusion was observed (Fig. 4.24(a) and (b)).
Kassim et al performed a more detailed TEM study of the Ge QD underlying Mn-rich
areas and observed Moiré patterns which were interpreted as the formation of silicide
phases (Fig. 4.24(b)). The formation of Mn5 Ge1 Si2 precipitates was demonstrated by
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(a) Xiu et al. 2010

(b) Kassim et al. 2012

(c) De Padova et al. 2012

Figure 4.24.: TEM observations of GeMn QD on Si(001) substrate. (a) Left: HRTEM
image of a GeMn QD. (a) Right: EDX mapping of a GeMn QD, where Mn and Si are
red and green, respectively. The element associated to the blue color is not explicitly
specified in the Nat. Mat. publication, but it seems to correspond to Al2 O3 . (b) Top:
HRTEM images showing Moiré pattern corresponding to silicide precipitates in the
Ge QD underlying Mn-rich area. (b) Bottom: HRSTEM image showing the position
of the silicide precipitate with respect to the Ge QD. (c) Top: TEM image of the
overview of the specimen. (c) Bottom: HRTEM image showing the Mn_doped SiGe
QD. Adapted from [Xiu 10, De P 12, Kass 12b] for (a), (b) and (c), respectively.
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EXAFS measurements and the precipitates were observed in HRTEM investigations,
as shown in Fig. 4.24(c).
These papers indicate that the fabrication of GeMn QDs in Si is not well controlled
and understood at the moment. All these studies noticed the same feature: Mn atoms
always trend to diffuse making the incorporation difficult and giving rise to the question
about the dilution of Mn in strained structures, such as the Ge QDs considered here.
Achieving the incorporation of Mn in Ge QDs involves significant control MBE growth
and a understanding of the growth mechanisms.

4.6.2. Experimental results
4.6.2.1. Growth of Ge quantum dots
Fig. 4.25 presents the growth transition from 2D to 3D inherent to the StranskiKrastanov growth of Si(001)/Ge/Si. These HAADF-HRSTEM images corresponding
at three samples with nominal Ge thickness of 3 ML, 4 ML and 6 ML Ge on Si(001)
are shown on Fig. 4.25(a,b,c) respectively.
• For 3 MLs nominal thickness Ge has a pseudomorphic growth on the Si substrate,
i.e. the in-plane lattice parameter is the same than that of the Si substrate. This
means that due to the lattice mismatch between Si and Ge, Ge in-plane lattice is
in compression (smaller lattice parameter than the bulk cell). It results then that
the out-of-plane lattice parameter is in expansion. The Ge layer remains fairly
flat and homogeneous in this regime, as well as free of defect, such as dislocations
to relax the structure.
• At 4 MLs of nominal thickness of Ge, the WL starts to relax by creating thickness
modulations, i.e. roughness as described before: this is the first step toward the
formation of islands.
• The increase of Ge quantity up to 6 MLs of nominal thickness, implies the formation of larger QDs as shown in Fig. 4.25(c). These QDs have a relatively large
volume with a basal surface with a diameter reaching several tens of nm and a
height of about 10 nm. They are only very few such large QDs if the Ge nominal thickness is low. In the standard growth conditions used here (temperature
growth of 380 °C and a Ge flux of 0.1 ML/s), the Ge QDs are domes with {112}
and {112} facets. The base plane size ranges from 50 to 70 nm and some of the
QDs are plastically relaxed, i.e. some dislocations have been observed.
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Figure 4.25.: Transition from 2D to 3D growth mode. HAADF-HRSTEM images of
(a) 3 ML, (b) 4 ML and (c) 6 ML Ge grown at a temperature of 380 °C. (d) General
view of the 6 ML Ge shown in (c).
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4.6.2.2. Growth of Ge(Mn) quantum dots
The incorporation of Mn in these Ge QDs or WLs has been analyzed by STEM-EELS
mapping. Let us starts with the study of Ge(Mn) QDs consisting of an equivalent
nominal thickness of 6 ML grown at 380 °C on a Si(001) substrate. These conditions
are similar to those reported in [Xiu 10, De P 12, Kass 12b]. A typical Ge(Mn) QD
is shown in HAADF-HRSTEM (Fig. 4.26(a)). Fig. 4.26(b) (c) and (d) show the EELS
maps obtained from SI technique acquired using Mn L2,3 (640 eV), Ge L2,3 (1217 eV)
and Si K (1839 eV) edges, respectively. The Ge and Mn maps evidence the strong
segregation of the Mn and instead of having Mn incorporated in the Ge QD, large Mn
rich precipitates are observed. Fig. 4.26(e) shows that there are some region of the
precipitates that does not overlap with the Ge QD. In these area, no Ge was measured
demonstrating that these precipitates are Ge free. Since the thickness of this area
estimated by EELS is 55 nm, we are observing an overlap of the Si matrix with the
QDs (Fig. 4.26(d)). Nevertheless, the fact that the decrease of Si signal in the area
of the precipitates is small indicates that the precipitates contain Si. Moreover, it is
not possible on this view to conclude on the exact location of the Mn-rich area with
respect to the QDs along the [110] direction (electron beam direction).

Figure 4.26.: Cross-section EELS analysis a Ge(Mn) QD. (a) HAADF-HRSTEM images in the [110]-zone axis acquired simultaneously than the EELS SI. (b) Ge map,
(c) Mn map and (d) Si map obtained from the EELS SI. Ge (green) versus Mn (red)
composite map. PCA denoising was performed with five components.
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To provide better insight on the spatial location of these Mn-rich areas, one layer of
Ge(Mn) QDs (6 ML) has been grown on a Si substrate with the same growth conditions,
and the STEM-EELS observation were performed in plane view geometry, i.e. along
the [001]-zone axis. An amorphous Si capping has been deposited on top of the layer
in order to protect the Ge(Mn) QDs during the TEM sample preparation. Fig. 4.27
(a-b) show large field of view BF- and HAADF-STEM images.
Since the Ge QDs have a higher mean atomic number and the specimen thickness is
locally thicker than the Si substrate in between (area between the QDs), the Ge(Mn)
QDs appear as bright squares in the HAADF-STEM image. In the BF-STEM images,
the Ge QDs exhibit Moiré patterns due to diffraction effects caused by strain relaxation.
Fig. 4.27(c-f) show the results obtained from EELS analysis. Two Ge(Mn) QDs can be
recognized on the HAADF image (Fig. 4.27(c)) presenting the area of the SI analysis.
The Ge and Mn maps shown in Fig. 4.27(d) and (e) respectively, evidence the strong
segregation of Mn atoms to form Mn-rich precipitates as shown in the cross section
view (Fig. 4.26).
The plane view provides an additional information by allowing the localization of these
Mn rich precipitates and the observation of the shape of these nanostructures. From
Fig. 4.27(d) it is clear that the shape of the Ge QD is no longer an homogeneous dome
as it is for pure Ge QD on Si, but exhibits now a hole in the middle or at the border,
keeping a square base plane. This hole in filled with a Mn rich precipitate as evidence
by the superimposition of the two Ge and Mn maps (Fig. 4.27(f)). The Ge map points
out that the Mn-rich precipitates does not contain Ge, whereas the Si map indicates
a slight increase of the Si signal at the location of the Mn-rich precipitates. This
evidences that the Mn-rich areas are SiMn compounds.
Due to the 3D geometry of these nanostructures, it is very difficult to accurately
determine the stoichiometry of this Mn-rich areas. The EELS quantification using
Hartree-Slater partial cross-section could provide the absolute number of atoms N
(in atom/nm2 ) at each position following Eq. 2.45. Assuming a particular geometry
it could be possible to determine the stoichiometry but we showed previously that
the Hartree-Slater cross-section of Ge and/or Si gives an error up to 25 % in the
quantification of the Ge concentration. The k factor approach provides a concentration
between two elements. Since the measured signal comes from a overlap of the Si
substrate, the Ge WL and/or the Mn-rich regions, it is hazardous to determine the
stoichiometry of this Mn-rich areas with the concentration of Ge, Mn and Si.
The STEM-EELS observations unambiguously identify the Mn-rich areas that can be
seen in the BF-STEM image in Fig. 4.27(a). White arrows indicate some of these Mnrich areas on the BF image. On this large field of view we can notice that the Mn-rich
precipitates are mainly located on Ge QDs but some of them can be found at some
places where there is no Ge QDs, as shown in the middle of the BF-STEM image in
Fig. 4.27(a).
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Figure 4.27.: (a) BF- and (b) HAADF-STEM images in the [001]-zone axis of one
Ge(Mn QDs layer grown on Si substrate. (c-f) Plane-view EELS analysis of two
Ge(Mn) QDs. (c) HAADF-STEM image acquired simultaneously than the EELS
SI. (d) Ge map (e) Mn map and (f) Si map obtained from the EELS SI. (g) Ge
(green) versus Mn (red) composite map. PCA denoising was performed with three
components.
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4.6.2.3. Growth of Ge(Mn) wetting layers
In the previous section, we demonstrated that a strong lateral segregation of Mn occurs
during the MBE growth of Ge(Mn) QDs at standard growth temperature.
Fig. 4.28 shows a STEM-EELS observation of a specimen consisting of an heterostructures made of four Mn-doped Ge WLs with a thickness of 3 nm and separated by
5 nm of Si spacer. The Mn content is 6 % in the four layers. The WLs appear with a
bright contrast on the HAADF image (Fig. 4.28(a)). Ge, Si and Mn chemical profiles
recorded along the two green vertical and horizontal arrows in Fig. 4.28(a) are shown
in Fig. 4.28(b) and (c), respectively.
The vertical profile (labeled 1) crosses the WL along the growth direction. Modulations of the Ge and Si profiles clearly demonstrate the presence of the multilayers.
Nevertheless Mn is detected all over this profile implying that Mn is present even in
Si even if the Mn was only co-evaporated with Ge. The horizontal profile (labeled 2)
shows that the Ge content is not higher in the Mn-rich area than in between the WLs.
These profiles evidence the presence of a Mn-rich areas, which are attributed to SiMn
precipitates. Moreover, no Mn was found outside the SiMn precipitates and in particular no Mn incorporates in the Ge WL, i.e. Mn content is less than 1 %, which
can be considered as an upper estimation of the detection limit of our experimental
set-up here. Moreover, the deformation of the Ge WL visible in the HAADF image and
indicated by dashed arrows (Fig. 4.28(a)) evidences a slight perturbation of the front
growth. This perturbation can be associated to the formation of the SiMn precipitate
during the growth.
To provide a better understanding of this growth process we grew another sample
containing a unique GeMn WL of equivalent nominal thickness of 3 ML grown at a
substrate temperature of 380 °C. HRTEM cross section and plane view observations of
this specimen are shown in Fig. 4.29. HRTEM gives rise to diffraction contrast which
allows easy identification of the SiMn precipitates. Moiré fringes observable on the
cross-section HRTEM images, inform about the presence of a structure which is not
isostructural to Si diamond. The insets in Fig. 4.29(a) shows the power spectra of a
precipitate area and Si substrate area. Additional spots are observable for SiMn as
compared to Si. The bright-field TEM images give an overview of the distribution of
the distances between the precipitates. This distribution is rather broad and ranges
from 10 nm to 100 nm. We did not attempt to unambiguously identify these precipitates structure and composition, since they are not of high interest for this study.
The important result is that we did not succeed using this growth temperature to
incorporate Mn in the Ge WL and instead obtained the formation of some Mn-rich
precipitates.
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Figure 4.28.: STEM-EELS observation of GeMn WL grown at temperature of 380 °C,
showing the formation of SiMn precipitate. (a) HAADF image, on which a dash
ellipse and the numbered green arrows indicate the position of a SiMn precipitate and
of the EELS line scans, respectively. The white dash arrows indicate the deformation
of the front growth due to formation of the SiMn precipitate (b) Ge, Mn and Si
chemical profiles obtained along the vertical EELS line scan. (c) Ge, Mn and Si
chemical profiles obtained along the horizontal EELS line scan. PCA denoising was
performed with three components.

(a) Cross-section view

(b) Plan view

Figure 4.29.: HRTEM observations of an unique GeMn WL. (a) Cross-section view
images in [110]-zone axis showing SiMn precipitates, which can be recognized with
the Moiré pattern on the top HRTEM image. The dark area on the bottom brightfield TEM image correspond to the Moiré pattern. The FFT of SiMn precipitates and
the Si substrate are displayed in the insets. (b) Plan-view bright-field TEM image
acquired in the [001]-zone axis shows the in-plane distribution of SiMn precipitates.
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4.6.2.4. Low-temperature growth of Ge(Mn) wetting layers
The previous observations point out that co-evaporation at 380 °C of GeMn at the early
growth of the WL leads to the Mn segregation during the growth and formation of SiMn
precipitates instead of GeMn WL. This process is probably thermally activated and the
reduction of the growth temperature should limit it. Then to achieve Mn incorporation
in the Ge WL, Ge and Mn have been co-deposited at a temperature of 220 °C with
the same Mn deposited content of 6 %. Fig. 4.30 shows a cross-sectional STEM-EELS
observation of such specimen. The HAADF image in Fig. 4.30(a) shows 3 layers, the
bottom one consisting of a 3 ML Ge deposited at the usual temperature (380 °C) and
the 2 others consisting of 3 and 4 ML GeMn at lower temperature (220 °C). The first
important point is that even at low temperature (220 °C) compared to usual ones for
this kind of growth, we succeeded in growing crystalline and epitaxial Ge layers on Si
(Fig. 4.30(b)).
The Mn and the Ge maps recorded at the positions indicated by the green square in
Fig. 4.30(a) are shown in Fig. 4.30(c) and (d), respectively. In the upper layer grown
at lower temperature, Mn is detected along the Ge WL but is not homogeneously
distributed. This indicates that Mn still slightly segregate to form heterogeneous GeMn
layer, but the segregation is much less than for higher temperatures.
These observations point out that Mn incorporation in Ge WL is possible without the
formation of unwanted precipitates, such as the SiMn introduced during the growth of
Mn-doped Ge WL at high temperature. To further study the Mn incorporation, we
have grown other sample with different Mn contents, i.e. different Mn flux. Fig. 4.31
shows STEM-EELS observation of four Mn-doped Ge WLs. The two layers at the
bottom were grown at 220 °C with a Mn content of 6 and 10 %, whereas the two top
layers were grown at 380 °C with a Mn content of 6 and 10 %. The Ge and the Mn
maps are shown in Fig. 4.31(b) and (c).
The formation of large Mn-rich precipitates is observed for the layers 3 and 4 grown
at high temperature (380 °C). This is consistent with our previous observation in
sec. 4.6.2.3. In the layers 1 and 3 less Mn is measured than in the layers 2 and 4, thus
indicating that the Mn content incorporated in the Ge WL increase with increasing
the Mn flux, i.e. the deposited Mn content. The comparison of layer 1 and 2 grown at
low temperature and layer 3 and 4 growth at high temperature demonstrates clearly
once again the stronger Mn segregation at higher temperatures. The HAADF image in
Fig. 4.31(a) gives some insight on the crystalline quality due to the growth conditions.
The first Ge WL has a good crystallinity but the quality of the next layers is degraded
due to the perturbation of the front growth during the growth at low temperature for
the layer 1 and 2, as mentioned previously. This highlights the difficulty of the growth
of SiGe hetero-structures at low temperature.
136

4.6 Ge(Mn) quantum dots

Figure 4.30.: Cross-sectional STEM-EELS observation of Mn-doped Ge WL growth
at different temperature. (a) HAADF image of the three layers: the lowest is 3 ML Ge
grown at 380 °C, the middle is 3 ML GeMn grown at 220 °C, the top is 4 ML GeMn
grown at 220 °C. (b) High resolution HAADF image with high quality crystalline
structure of the low temperature grown Mn-doped Ge WL. (c) Mn map and (d)
Ge map obtained by EELS in the area indicated by a green square in (a). PCA
denoising was performed with five components.
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Figure 4.31.: Cross-sectional STEM-EELS observation of Mn-doped Ge WL growth
at different temperature and different Mn concentration. (a) HAADF image of the
four layers: the two lowest are grown at 220 °C with 6 and 10 % Mn nominal content,
and the two at the top are grown at 380 °C with 6 and 10 % Mn nominal content.
(b) Ge map and (c) Mn map obtained by EELS in the area indicated by a green
square in (a). (d) Mn (green) versus Ge (red) composite map. PCA denoising was
performed with five components.
The low growth temperature (220 °C) seems to be a good compromise to succeed in
incorporating Mn in Ge QDs if the initial content of Mn is not too high. For 6 % of
Mn, a GeMn layer of relatively good crystalline quality has been obtained with still
some composition inhomogeneities within the GeMn WL. These inhomogeneities seem
to contain more Mn if the nominal Mn content is higher (10 %) but we still obtained
a good crystalline quality GeMn WL. As soon as the growth temperature reached
(380 °C), the Mn segregation process is too important and Mn is not incorporated in
Ge and large SiMn precipitates are formed.
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4.6.2.5. Magnetic measurements
Typical magnetic measurements on Ge(Mn) WLs (4 ML) performed using SQUID
are shown in Fig. 4.32. The different specimens considered here are: Ge0.94 Mn0.06 WLs
grown at high temperature (Fig. 4.32(a-b)), Ge0.94 Mn0.06 WLs grown at low temperature
(Fig. 4.32(c-d)) and a Si substrate (Fig. 4.32(e-f)). The magnetic signals are plotted
in emu (1 emu = 103 A·m2 ). All the magnetization curves (Fig. 4.32(a,c,e)) look very
similar for all the specimens, even the Si substrate. This clearly indicates that the
measured magnetization can not be attributed to the Mn atoms in the Ge(Mn) layers.
Magnetic measurements performed on Ge(Mn) QDs (6 ML) are very similar, and no
difference has been observed. Two observations can be made from the temperature
dependence of the magnetization. A 1/T parasitic paramagnetic signal coming from the
Si substrate is visible below a temperature of 50 K. At higher temperature (> 150 K),
the magnetic signal could come from ferromagnetic precipitates in the Si substrate.
Magnetic measurements in this system are very difficult. Indeed, the total amount
of magnetic atoms in this system is small (10 % Mn in 6 ML corresponds to 2 · 1014
Mn/cm2 ) and the maximal sample size acceptable for the SQUID magnetometer used
in this work is limited to 5 x 5 mm. Assuming an atomic moment of 3 µB /Mn and
ferromagnetic interactions, the largest possible magnetic signal coming from Mn atoms
is around 10−6 emu. This value is above the sensitivity of ∼ 1 · 10−8 emu of the SQUID
magnetometer, however it is challenging to detect such signal above the noise coming
from the surroundings. The diamagnetic signal from a 5 mm x 5 mm x 500 μm Si
substrate as the one used in this work is of ∼ 3 · 10−4 emu, which is 100 times larger
than the upper estimation of Mn magnetic signal given previously. The contribution of
the ferromagnetic contaminants present in the Si is not negligible, since the magnetic
signal is integrated over the whole Si substrate.
We remove a large part of the Si substrate by back-side polishing of the specimen. We
observe a decrease of the magnetic signal at higher temperature (> 150 K), confirming
our precedent hypothesis. However, by comparing the same specimen before and after
polishing a large part of the substrate, we observe a decrease of the magnetization but
we did not observe significant difference that could be attributed to the Mn magnetic
atoms.
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Figure 4.32.: Magnetic investigations using SQUID of different specimen: (a-b)
Ge0.94 Mn0.06 WLs (4 ML) grown at high temperature (380 °C), (c-d) Ge0.94 Mn0.06
WLs (4 ML) grown at low temperature (220 °C) and (e-f) Si substrate. (a,c,e) Magnetization loop measured at different temperature. (b,d,f) Temperature dependence
of the saturation magnetization.
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4.6.3. Discussion
We started to investigated the Mn incorporation in Ge nanostructures by considering
the case of Ge QDs consisting of 6 ML grown at a temperature of 380 °C in sec. 4.6.2.2.
This growth conditions are similar to that of the works reported by Xiu et al. [Xiu 10]
and Kassim et al. [Kass 12a]. The plane view and cross-section investigations clearly
evidenced the strong segregation of Mn leading to the formation of SiMn precipitates.
This observation is in good agreement with a general trend of the GeMn system: Mn
strongly segregates [Jame 06, Li 07, Boug 06].
The experimental results reported here evidence that the co-deposition of Ge with
Mn on Si(001) at a growth temperature higher than 380 °C leads to the formation of
Mn-rich areas distributed homogeneously with an average distance between them of 70100 nm. This can be explained by the large diffusion length of Mn atoms on Ge(001),
which spans from a few nm at room temperature to several tens of nm at 220 °C
[Kass 12a]. EELS measurements reveal that the Ge concentration in the Mn-rich areas
is below the detection limits of EELS, i.e. less than 0.5 % in the experimental conditions
used in this work. The Mn-rich areas can be then attributed to SiMn precipitates. We
did not intend to identify the exact chemical composition and crystal structure of
the SiMn precipitates since they do not exhibit interesting physical properties. These
observations are in very good agreement with the very recent report of Kassim et al.
[Kass 12a, Kass 12b, Kass 13], since strong lateral segregation of Mn and back diffusion
of Mn in Si was observed in most of the cases.
It is known that in the GeMn system, the growth have to be performed at low temperatures, usually smaller than 150 °C, in order to avoid the formation of precipitates. Nevertheless lateral segregation are still observed and leads to the formation of
nanocolumns, i.e. nanostructures parallel to the growth direction having a few nanometers in section. These GeMn nanocolumns will be considered more in details in the next
chapter, but we already mentioned that that the nucleation of GeMn nanocolumns on
Ge(001) substrate required a critical thickness of 4 nm to start [Devi 08]. This was
explained by a subsurfactant epitaxial growth of the GeMn layers with Mn atoms occupying subsurface interstitial sites [Zeng 08]. It was argued that after the critical
thickness the Mn concentration of the front growth is high enough, so that the system
undergoes a 2D spinodal decomposition and forms Mn-rich nanocolumns. In this work,
we intend to incorporate Mn in small Ge layer (< 1 min) in order to prevent the lateral segregation observed in the case of thicker GeMn layers. However, a temperature
growth of 380 °C leads to strong lateral segregation of Mn. This conclusion motivated
the growth of Ge(Mn) WLs at lower temperatures (220 °C).
The growth of Ge(Mn) WLs at lower temperatures (220 °C) than the standard one
allows to limit the lateral diffusion of Mn in the Ge WL. This is clearly evidenced
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by the Ge and Mn maps obtained from EELS SI in Fig. 4.31, where two different
Mn concentration (6 % and 10 %) and different growth temperatures were used. To
increase the nominal Mn concentration in the Ge WL from 6 % to 10 %, the Mn
flux is increased. This experiment clearly indicates that Mn incorporation into Ge and
formation of precipitates is very sensitive to the surface diffusion length which increases
with temperature and decreases when in-coming flux increases. However, epitaxial
growth of SiGe nanostructures with good crystal quality at temperature lower than
200-300 °C is challenging. TEM observations shown in this work point out that the
front growth can be disturbed and the surface can become rough. Since the integration
of ferromagnetic semiconductors in devices requires a contact on the top of the layer,
the growth of heterostructures with good crystal quality is mandatory. Progress is then
necessary to improve the crystal structure at low temperature growth or to control the
lateral diffusion of Mn.
From the structural and chemical observations reported by Xiu et al. and Kassim et al.,
the Mn spatial distribution was ambiguous. The magnetic properties were attributed
to the formation of Ge(Mn) structures, but no clear chemical or structural evidences
were provided. The results of this work give more insight in the growth of SiGe(Mn)
heterostructure: we found that the Ge(Mn) QDs grown in similar condition than Xiu
et al. and Kassim et al. consist of Ge QDs and SiMn precipitates. Despite the very
interesting magnetic properties demonstrated by Xiu et al. [Xiu 10], we did not achieve
to reproduce their results, since the contribution coming from Mn atoms is very low
and therefore very difficult to measure.
Finally, it is to emphasize that the Ge WL and Ge QD consist of SiGe compounds
with maximum Ge concentration around 60 %. It implies that the magnetism of such
SiGe(Mn) QDs could be then significantly different from that of the expected Ge(Mn)
compounds.

4.7. Conclusion
This chapter reports on quantitative analysis of Ge and GeMn quantum dots in Si. The
chemical distribution of each species (Si, Ge and Mn) were performed using HAADF
and EELS imaging in HRSTEM mode in order to understand growth processes. The
first part of this chapter described the methodological development of HAADF quantification we developed to get an accurate quantification of our samples. This method
is based on the correlation of HAADF and EELS signals in order to quantify the
amplitude of each individual atomic column on the HAADF images. Despite the relatively low atomic number difference between Si and Ge, aberration-corrected HAADFHRSTEM performed in area thinner than 10 nm allows the observation of diluted
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Ge atoms in Si. The HAADF signal of each atomic columns was measured using a
combination of template matching method and fitting on the image. The statistical
correlation of HAADF and EELS signal acquired simultaneously shows a linear relationship between these two signals in the range of composition between 0 and 50 % of
Ge in Si. Using the fitted correlation between HAADF and EELS signals, the HAADF
image can then be converted in Ge concentration. Since the visibility of a few Ge
atoms as a function of a depth position in the atomic columns can be approximated to
a Gaussian distribution, the Ge concentration on the HAADF image has to be measured statistically. It can be performed by averaging profiles or by fitting histogram of
concentration (or amplitude) distribution with Gaussian functions. In the latter case,
each Gaussian function corresponds to atomic columns containing different number of
Ge atoms. Assuming a given specimen thickness, the separation between the different
Gaussian function were calibrated using the fitted value of the linear correlation between the HAADF and EELS signal. Finally, the detection of Ge atoms in the Si spacer
has been shown and quantified. It is explained as been due to surface segregation of Ge
atoms in Si during growth. Note that this observation is only possible thanks to good
sample preparation to get thin and flat area analyzed in order to obtain a sufficient
visibility of the presence of one Ge atom in a Si atomic column. The Ge distribution
in the Si spacer has been modeled with a two-states surface segregation model.
In the second part of this chapter, we investigated the Mn incorporation in the Ge QD.
The growth of Ge(Mn) QDs or WLs at 380 °C leads to a strong lateral segregation
of Mn. SiMn precipitates are then formed and the Mn concentration in the Ge QDs
or WLs is below the detection limits of EELS (<1 % in our experimental conditions).
This is in good agreement with the back-diffusion of Mn reported by other groups.
We evidenced that this diffusion is due to the presence of SiMn precipitates. However,
our observations does not support the formation of diluted magnetic semiconductors
of Mn in Ge. Lowering the growth temperature at 220 °C allows to limit the lateral
segregation of Mn in Ge WLs. The incorporation of Mn in Ge WLs was then achieved
at low temperature growth. However due to the very low Mn content in the specimen
(up to 10 % in a few GeMn MLs), it is very difficult to measure a magnetic signal that
can be attributed to ferromagnetism induced by Mn atoms.
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Since the work published in 2001 and 2002 by Park et al. [Park 01, Park 02] on Mndoped germanium films, the GeMn material has been intensively studied. Contrary to
the so called diluted magnetic semiconductors (DMS), in which Mn atoms are uniformly
distributed in the host matrix - the model system being Mn-doped GaAs [Maha 03]in GeMn grown on Ge(001), Mn atoms segregate and form Mn-rich nanostructures
[Jame 06, Li 07, Boug 06, Boug 09, Devi 07]. The driving force for the study of the
physical properties of GeMn is the ferromagnetism observed in such highly disordered
systems. In GeMn, structural and magnetic properties strongly depend on the growth
conditions. In order to incorporate Mn into Ge, the growth has to be made at very
low temperature usually lower than 150°C. This explains why GeMn films are mainly
grown by Low Temperature Molecular Beam Epitaxy (LTMBE).
In the first part of this chapter, structural and chemical investigations of GeMn nanocolumns
(NCs) are presented. This TEM work is part of larger investigations (atomic simulations, EXAFS, X-Rays diffraction, magnetic measurements, ....) in the laboratory
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performed to understand the structure and chemistry of these Mn-rich NCs and make
the link to their magnetic properties. Atomic structure inside the nanocolumns but
also their morphologies, shape, distribution and interface properties are important features. TEM imaging and STEM have been used but also image simulations of atomic
models from numerical simulations were performed to get a better understanding of
this remarkable ferromagnetic GeMn phase. The second part of this chapter is focused
on the study of GeMn NCs in a GeSn matrix instead of Ge pure matrix. This has been
done in order to investigate the effect of strain on the structures and the magnetic
properties of the nanocolumns.

5.1. State of the art
Many groups, involved into the research on GeMn were confronted to phase separation
during the growth. In most of the cases, the Ge8 M11 and Ge3 Mn5 phase precipitates
were found. Between 2005 and 2010 different groups reported on the formation of
elongated Mn-rich regions in Ge matrix exhibiting ferromagnetic behavior. The striking characteristic of these report is the absence of intermetallic compounds and the
attribution of ferromagnetic properties to an unknown Mn-rich phase.
Generally, the morphology of the columnar features observed by TEM were significantly different: Sugahara et al. observed amorphous columnar Mn-rich feature
[Suga 05], Bougeard et al. reported coherent Mn-rich cubic “string-of-pearls”-like object [Boug 06], the previous work Jamet et al. evidenced continuous Mn-rich NC
[Jame 06], Li et al. reported similar GeMn NC [Li 07]. Depending on the growth
conditions, these Mn-rich nanostructures appear in cross section HRTEM images as
spherical precipitates, elongated structures looking like cigars, or almost continuous
nanocolumns, parallel to the growth direction having few nm in section. The Curie
temperature (Tc ) of GeMn grown by LTMBE also depends drastically on the growth
parameters. In most of the reports, the Tc of GeMn nanostructured films was found
to be around 150 K [Boug 06, Devi 07]. These structure are usually intermetallic and
metastable [Devi 08]. The formation of NCs is usually explained by a combination of
2D growth mode with a spinodal decomposition [Sato 05]. Their lateral size ranges
from 2 to 7 nm and they are oriented along the growth direction. This system is investigated in Grenoble since 2006 [Jame 06] and Fig. 5.1 illustrates the significant changes
of the NCs with changing the growth temperature [Devi 07].
At temperature lower than 120 °C, the NC are fully strained by the Ge matrix. Between
120 and 145°C relaxed or partially relaxed ferromagnetic NCs are formed. Increasing
the temperature leads to the formation of amorphous NCs and then Ge3 Mn5 precipitates incoherent with the Ge matrix. The size and the density of the NCs increase
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Figure 5.1.: Evolution of the GeMn NCs as a function of the growth temperature.
Below a temperature growth of 120°C the NC are fully strained by the matrix.
Between 120 and 145°C relaxed ferromagnetic NC are formed. Increasing the temperature leads to amorphous NCs and Ge3 Mn5 incoherent precipitates. Each kind of
NC is illustrated by a corresponding HRTEM image in [001]-zone axis (plane view).
Adapted from [Devi 08].
by increasing the growth temperature and the nominal Mn concentration, respectively.
More precisely a linear dependence has been found between the volume fraction of the
NCs and the nominal Mn concentration for the different growth temperature [Devi 07].
Usually, the magnetic properties were investigated by superconducting quantum interference device (SQUID) and the structural properties by TEM or x-ray scattering
techniques. Li et al. observed some degree of disorder with HAADF-STEM in 2 nm
NCs [Li 07]. Atom probe tomography (APT) was performed on the “string-of-pearls”like object [Boug 09]. They observed Mn concentration variation along the growth
direction and strong structural disorder. Based on HRTEM observations of NCs with
a diameter of 1-2 nm, they concluded that the structure is amorphous.
Rovezzi et al. performed Extended X-ray-absorption fine-structure spectroscopy (EXAFS) on similar specimen than those studied in this work and obtained spectra difficult
to interpret [Rove 08]. Finally, they could fit their spectra with a structure similar to
one of the building blocks in the Ge3 Mn5 structures (Ge3-Mn tetrahedron).
The crystalline structure of GeMn NCs was also investigated using grazing incidence
x-ray scattering [Tard 11]. The grazing incident geometry was chosen in order to
maximize the scattering from the top layer and minimize that of the substrate. No
clear sign of a crystalline phase different from Ge diamond could be observed in GeMn
layers free from intermetallic precipitates (Ge3 Mn5 ).
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To summarize, synthesis of homogeneous GeMn films appears to be a very difficult
task. There is always some inclusions: either known metallic compounds or unknown
phases. They contain high concentration of Mn atoms and account for the ferromagnetic properties. The growth temperature is a key parameter that governs the crystalline structure, magnetic and electronic properties of the GeMn films. During our
work, we focused on the study of the relaxed NCs since they have the most interesting ferromagnetic properties. The techniques presented above are mainly broad-beam
techniques and the measurements are averaged over large volumes of the materials.
For inhomogeneous sample as the GeMn layers, TEM provides local information and
is then complementary to get information on individual NC.

5.2. Experimental details
All the samples studied in this work were grown using a Riber MBE 32 chamber with
a base pressure of a few 10–11 Torr. Standard Knudsen cells were used for Ge, Mn
and Sn evaporation. The growth rate of GeMn and GeSnMn layers was 1.3 nm·min-1 .
Prior to the growth of GeMn or GeSnMn layers, a Ge buffer layer was systematically grown on Ge(001) and annealed at 500 °C during 15 min. Concentrations of Mn
and Sn in GeMn and GeMnSn samples were determined by Rutherford backscattering
spectroscopy (RBS) in samples specially grown for calibration purposes. High resolution X-ray diffraction (HRXRD) experiments were performed using a Seifert XRD
3003 PTS-HR diffractometer with a beam concentrator prior to the Ge(220) fourbounce monochromator and a Ge(220) double-bounce analyser in front of the detector.
Magnetic properties at various temperatures were measured using a superconducting
quantum interference device (SQUID).
The TEM investigation were performed using six different microscopes available either
in CEA-Grenoble or Karlsruhe Institute of Technology:
• HRTEM observations were performed using a JEOL 4000EX microscope working
at 400 1kV (Cs = 1.0 mm), an image-corrected 80-300 kV FEI Titan3 working
at 300 kV, and a double-corrected 80-300 kV FEI Titan3 Ultimate working at
200 kV. HRTEM images were averaged over several image acquisitions (up to 20)
in order to increase the signal-to-noise (SNR) ratio.
• EELS was performed in HRSTEM mode using the probe-corrected mode of the
double-corrected 80-300 kV FEI Titan3 Ultimate working at 200 kV. A probecorrected 80-300kV FEI Titan working at 300 kV was also used. The acquisitions
of EELS data set were performed in a 1D or 2D fashion providing a spectrum
line or a spectrum image, respectively. EELS acquisitions were achieved using a
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GIF tridiem or a GIF quantum and an energy dispersion of 1 or 2 eV. If available
during the acquisition, the dark correction of the CCD camera was improved as
explained in sec. 2.6.2. A new gain reference was acquired at the beginning of
the session with a average number of counts similar to that of the EELS core-loss
range. The gain references were averaged over 20 acquisitions. The noise of EELS
signal was removed using PCA, whose relevant number of component was chosen
as explained in sec. 2.6.2. For each edge (Sn M4,5 at 485 eV, Mn L2,3 at 640 eV
and Ge L2,3 at 1217 eV), the background was removed by subtracting a power law
fitted in the region preceding the edge with a width of 40-80 eV (depending on
the edge). Element maps were obtained by integrating over 60 eV after the edge
for Mn and Ge, whereas the Sn signal was integrated between 500 and 525 eV,
in order to avoid integrating O signal potentially coming from the O K edge at
532 eV.
• EDXS analysis were performed on a FEI Tecnai Osiris microscope at 200 kV
acceleration voltage. This microscope equipped with a X-FEG high brightness
gun and four EDX SDD detecteurs (0.9 sr collection solid angle) allows the acquisition of EDX SI with a good SNR. EDX spectra were acquired and analyzed
with the Esprit software from the Bruker company.
• Conventionnal selected area electron diffraction (SAED) was performed using
a Phillips CM200 FEG/ST (Cs = 1.2 mm) microscope at 200 kV acceleration
voltage. Depending on the experiment the SAED were acquired using imaging
plate or by averaging several acquisitions performed with a CCD camera.
The plane views and cross-sections of samples were prepared for microscopy observations by mechanical wedge polishing in order to get very thin and clean areas, as
explained in sec. 2.7.1. If necessary, between 5 and 10 min ion milling were performed
on cross-sectional sample using a Gatan PIPS in single mode at 2,5 keV Ar+ ion energy.
APT was performed using a CAMECA FlexTAP instrusment. Sharp tips of GeMn
specimen were prepared for experiment by lift-out method and standard milling using
a dual beam ZEISS Nvision 40 and a FEI Strata 400 [Thom 07].
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5.3. GeMn nanocolumns embedded in Ge pure matrix

A typical 200 kV aberration corrected HRTEM images of a Ge0.9 Mn0.1 thin film grown
at 130 °C on a Ge(001) substrate, is shown in Fig. 5.2. The typical thickness of the
GeMn layer studied in this work is 80 nm. The Mn-rich NCs can be observed in
the plane view, [100]-zone axis (Fig. 5.2(a)) as elongated features and in cross section,
[001]-zone axis (Fig. 5.2(b)) as disks due to the projection along the growth direction.
The contrast of the cross-section observation in Fig. 5.2(a) shows a superposition of
the GeMn NCs with the surrounding Ge matrix, whereas the plane view observation
allows the observation of the GeMn NCs without superposition with the Ge matrix,
when the thin lamellae is thin enough. The dashed line in (a) indicates the position
of the interface between the Ge(001) buffer and the GeMn layer. The NCs range from
this interface to the top surface, and as we will see later they exhibit different shapes
and are not all perfectly perpendicular to this interface. In these growth conditions,
the NCs are homogeneously distributed and separated by ~7 nm, their diameter range
from 2 to 3 nm. This section presents quantitative analysis of the composition of these
GeMn NCs using EELS acquired on plane view samples with the spectrum imaging
(SI) technique.

Figure 5.2.: 200 kV aberration corrected HRTEM images of a Ge0.9 Mn0.1 showing
nanocolumns (a) in [100]-zone axis (cross-section view) and (b) in [001]-zone axis
(plane view). The dashed in (a) indicate the interface between the Ge(001) buffer
and the GeMn layer.
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5.3.1. Chemical composition of GeMn nanocolumns
5.3.1.1. Principal component analysis denoising
Before discussing in detail the quantification of the EELS chemical maps, Fig. 5.3 shows
the improvement on chemical imaging using a PCA treatment on typical EELS data
set. Fig. 5.3(a) is the HAADF image of the area analyzed using SI techniques. The
SI data cube has a pixel size of 0.3 nm and a total size of 130 × 121 px acquired in
13 min. Fig. 5.3(b) Fig. 5.3(c) present the two Mn maps obtained from the computing
of the raw EELS SI data and after denoising of the data set using 4 components of
PCA, respectively. They both show that the dark disks in Fig. 5.3(a) are the Mn-rich
NCs.
However, it is clear that the Mn map obtained from the raw EELS data set is much
more noisy and that the contrast between the matrix and the NCs is much lower
than that of the PCA-denoised EELS data set. This difference is mainly explained by
a better power-low extrapolation (required for background subtraction) in the PCA
treated data set than in the raw one. Since the elemental signal is integrated over a
relatively large window of 60 eV, the noise is averaged and the PCA denoising do not
play a significant role in the integration. Fig. 5.3(d-e) compare PCA treated EELS
spectra with corresponding raw spectra for two cases:
• signal of one individual pixel,
• signal averaged over a square of 4 pixels.
Both figures show the spectra between 400 and 1400 eV and a zoom on the Mn L2,3 edge
in the inset. In case of a unique pixel, the shape of the Mn can be hardy recognized
in the raw spectra, only a cloud of points are visible indicating the presence of some
intensity at the Mn L2,3 energy, but no more. After PCA treatment, the signal extracted
from a unique pixel show clearly the white lines shape of the Mn L2,3 edge. After
averaging over 4 pixels, the white lines can be recognized but the signal is still noisy
and the PCA treatment still improves the SNR. This statistical analysis over a large
data set (131 × 121 px) improves drastically the result and is in our case mandatory
when acquiring large field of view data set with low acquisition time, necessary to get
representative mapping. On Fig. 5.3(c), one can already see that there is some NCs
with lower Mn content (appear darker in the Mn map) than the other. We will see
in the following that this observation is due to the morphology of the NCs in the Ge
matrix.
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Figure 5.3.: Effect of PCA treatment on the computing of EELS data set. (a)
HAADF image acquired simultaneously than the EELS signal. Mn maps obtain
from (b) the raw EELS SI and (c) after PCA denoising. Comparison of EELS
spectra measured in a GeMn nanocolumns before and after PCA denoising for two
cases:(d) signal of one individual pixel and (e) signal summed over 4 pixels. Four
components were used for the PCA denoising.
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5.3.1.2. Absolute composition measurements
Using EELS SI techniques we analyzed quantitatively the composition of the GeMn
NCs. The dual eels acquisition option on the GIF Quantum allows the pseudosimultaneous acquisition of the zero-loss region of the EELS spectrum and of the edge
spectrum for each pixel of the scanned area. This dual acquisition allows to treat afterward quantitatively the data set following Eq. 2.45 having the total number of electrons
from the low loss region. This analysis provides a quantitative result of the NCs composition on a absolute scale. Following Eq. 2.45, the areal density nden (atom·nm-2 )
of each element is measured within the error of the partial cross-section. A good checking of the accuracy of the Hartree-Slater partial cross section used is to integrate the
mean Mn concentration of a set of computed maps and check that it corresponds to
the expected nominal value of 10 %: we found values ranging from 8.6 to 11.2 % which
is a fairly good matching with the nominal Mn concentration of 10 %1 . Note that in
the previous chapter we observed a systematic error on the relative concentration of
Ge in Si using the Hartree-Slater partial cross section (see sec. 4.4.3), while here the
Mn relative concentration obtained using Hartree-Slater partial cross section gives an
accurate measurement within 2 % error in the Ge-Mn system. We are then confident
to use the calculated partial cross section for the quantification.
Fig. 5.4 presents the results of the quantification of the Ge and Mn composition. The
Mn and Ge areal density maps corresponding to a measured number of Mn or Ge atoms
per unit area are shown in Fig. 5.4(a) and (b), respectively. The two main features are:
• the Mn content is fully localized on the GeMn NCs: no Mn is detected in the
matrix.
• the mean Ge areal density decrease from 1149 atoms·nm-2 in the Ge matrix to
940 atoms·nm-2 , corresponding to a diminution of 18 %. The specimen thickness
measured by EELS being 24 ± 2 nm, we deduced the average Ge density to be
47±4 atoms·nm-3 in the Ge matrix, which is fairly close to the theoretical density
of Ge dGe = 44.2 atoms·nm-3 of the diamond structure. This observation also
confirms the accuracy of the quantification method.
The sum of the density maps for Mn and Ge provides a map of the total absolute
density. The latter shown in Fig. 5.4(c) demonstrated that the total density in the NCs
is higher than in the Ge matrix. Moreover, the Mn concentration inside the NCs can
reach 70 % as shown by the Mn concentration map in Fig. 5.4(d). These results are
important clues to understand the GeMn phase in the NCs, and will be considered
more precisely in the following.

1

The nominal composition was checked using RBS techniques [Devi 08].
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(a) Mn and Ge absolute areal density

(b) Absolute density and Mn concentration

Figure 5.4.: Composition of GeMn NCs. Absolute areal density in atom·nm-2 of (a)
Mn and (b) Ge. (c) Total density (Ge + Mn) in atom·nm-3 and (d) Mn relative
concentration in %.

We now study more precisely the composition variation of individual GeMn NCs. The
positions of a series of NCs have been fitted and their radial composition was analyzed.
Fig. 5.5 shows the 36 sub-images of NCs cropped from Fig. 5.4(d). There are some NCs
which have lower Mn content, e.g. the first two ones of the series. This diminution is
due to the morphology of the NCs and will be investigated in more detail later. Some
NCs are also bent or not aligned along the electron beam direction or even they don’t
go through the whole layer.
To study the profile concentration in a systematic way, we radially averaged the chemical information of NCs which are almost rotationally invariant (no bending). Radial
profiles of Mn relative concentration are plotted on Fig. 5.5(b).
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(a)

(b) Mn concentration profile

(c) Absolute density profile

Figure 5.5.: (a) Set of NCs used for the statistical analysis of Mn composition in NCs.
Radial profile of (b) Mn relative concentration and (c) Mn, Ge and total density.
The sub-image in (a) come from the Mn concentration map shown in Fig. 5.4(d) and
are displayed on the same color scale. The radial profiles in (b-c) go from the fitted
center the NCs to the Ge substrate.
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The Mn, Ge and total density are plotted in Fig. 5.5(c). The Mn relative concentration
has a core shell like distribution with a high content of 50 to 70 % at the center and
slowly decreases over the 1-2 nm shell. This can be either a diffuse interface between the
GeMn NC and the Ge matrix, or a consequence of the roughness of the interface. Since
we are measuring the Mn concentration in projection we can not discriminate the cause
of this diffuse concentration profile. We estimate the average Mn composition over
the NC by the average concentration of Mn integrated above a certain concentration
threshold. A threshold of 5 % provides a mean Mn concentration of 33 % inside the
NCs. Due to the diffused Mn concentration profile a higher threshold value gives an
higher Mn average concentration. This value of 33 % is close to the value obtained
previously by only considering the volume fraction of the NC and the nominal Mn
concentration [Devi 07, Devi 08]. These previous studies were not able to provide the
chemical distribution of Mn across the NCs. We note that no correlation between the
NCs size and the Mn mean concentration has been observed.
The Mn, Ge and total density plots in Fig. 5.5(c) allow to get more insight on the
absolute composition of GeMn NCs. The mean Ge density in the matrix have been
normalized to the theoretical value of dGe = 44.2 atoms·nm-3 for a more accurate
measurement (the measured value being 47 atoms·nm-3 ). This normalization does
not affect the ratio of the different densities reported here. Contrary to the classical
relative concentration calculation where the sum of the two elements is assumed to be
100 %, the Mn and Ge densities are independently measured here following Eq. 2.45.
Consequently, we are able to observe a decrease of the Ge density from the Ge matrix
(44 atoms·nm-3 ) to the center of the NCs (30 atoms·nm-3 ), whereas the Mn density
increase from 0 in the Ge matrix to 57 ± 5 atoms·nm-3 to the center of the NCs. The
sum of the Mn and Ge density in the center of GeMn NCs 82 ± 8 atoms·nm-3 is largely
above the mean density in the Ge matrix (44 ± 2 atoms·nm-3 ). This clearly highlights
a higher total atomic density in the GeMn NCs in comparison to the pure Ge matrix.
Profiles of areal density and relative concentration measured with the Mn L2,3 and
Ge L2,3 edges and taken across two GeMn NCs are plotted in Fig. 5.6(a-b). Once again
the Ge L2,3 areal density only slightly decrease in the GeMn, whereas the Mn L2,3 areal
density strongly increases. The line profile provides more information on the extension
of the interface compared to the radial averaging which gave us information on the
composition. The line profile shows that there is an abrupt change of the Mn composition at the interface between the NCs and the matrix which takes place over only 3
measured points (0.9 nm) for both the areal density and the relative concentration.
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Figure 5.6.: Composition profile across two GeMn NCs: (a) Mn L2,3 and Ge L2,3 areal
density profile, (b) Mn and Ge relative concentration.
5.3.1.3. Atom probe measurements
To get more insight on the composition variation at the interface and on the morphology
of the GeMn NCs, some Atom Probe Tomography (APT) has been performed on
similar specimen (similar growth temperature and 10 % Mn concentration) on the CEA
Cameca Flextap new tool [Gaul 06]. We do not want to give too much details about
the technique itself but only some important features observed in the reconstructed
volumes. Fig. 5.7 shows reconstructed volume obtained from APT experiment of a tipshape sample preparated by FIB. The Ge and Mn volumes oriented along the growth
direction (similar to TEM plane view) are shown in Fig. 5.7(a) and (b), respectively.
The position of the GeMn NCs can be recognized by the Mn-rich area in Fig. 5.7(b).
By inspecting corresponding position on the Ge volume, one can observe that the Ge
appear higher in the NCs. This is known that the analysis of samples consisting of
phases with different evaporation fields may lead to biased composition data [Vurp 00].
Nevertheless, the composition profile measured on the reconstructed volume can be
corrected a posteriori according to the model of Blavette et al. [Blav 01].
Our APT experiment provides an upper limit of 0.1 % for the Mn concentration in the
matrix which is in good agreement with our EELS results. The Mn atoms visible in
between the NCs in the reconstructed volume shown in Fig. 5.7(b) are due to noise in
the mass spectra. The composition of the GeMn NCs was studied more quantitatively
within a collaboration with the Groupe de Physique des Matériaux in Rouen. A corrected concentration profile measured across a single Mn-rich NC is shown in Fig. 5.8
at two different heights in the same NC [Mout 12]. This highlights the fluctuation of
Mn concentration within a unique NC.
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Good agreement is found between composition profiles obtained by APT and EELS,
nevertheless APT found slightly less Mn in the NCs (from 35 % to 55 %) as compare to
the 60 % of EELS measurements. Even if APT is a technique that counts the number
of atoms evaporated from the tip (around 60 % of total number of atoms is count),
the quantitative analysis only provides relative concentration and is not able to give
absolute quantification as EELS (preceding section).

(a) Ge

(b) Mn

(c) Mn

Figure 5.7.: Reconstructed volume of (a) Ge and (b) Mn obtained from ATP experiment in top view. The volume in (a-b) are oriented along the growth direction.
The position of the GeMn NCs can be recognized by the Mn-rich area in (b). (c)
Side view of a junction of two GeMn NCs. Experiment performed by Pierre-Henry
Jouneau, Bastien Bonef from CEA INAC and Adeline Grenier from CEA LETI.
ATP observations evidence particular NC morphologies: the NCs are not all straight
and continuous. Beside bent or interrupted NCs, separation, junction or nucleation of
NCs in the GeMn layer were observed. Fig. 5.7(c) is a extraction of the APT volume
showing a NC that splits in two emerging branches in the growth direction. The curvature or bending of the NCs can be attributed to surface roughness of the front growth
[Devi 08, Yu 10]. These observations explain the different contrast of NCs observed on
plane view TEM images. Similar morphologies can be seen on the Mn maps obtained
from EELS experiment shown in Fig. 5.3(c), Fig. 5.4(a-b). Fig. 5.9 compare BF and
ADF images of a NC with a straight shape and well-oriented along the growth direction (Fig. 5.9(a-b)) and another NC exhibiting a Y shape with two emerging branches
as found in APT measurements (Fig. 5.7(c)). The contrast of the ADF images is not
straightforward to analyze, due to the strong dechanneling that can be observed in the
NC. Moreover, the bright contrast at the interface between the NC and the matrix in
the ADF image is mainly due to strain localized at the interface. Lowering the camera length decreases the bright annular feature of the interface. This indicated that
strain is still observed, even if these images were recorded in typical HAADF conditions
(50-110 mrad collection angle).
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Figure 5.8.: Corrected concentration profile taken across a single NC at two different
heights [Mout 12].

Figure 5.9.: (a) and (b) BF and ADF images respectively of the same emerging NCs
with a straight shape. (c) and (d) BF and ADF images respectively of another NC
exhibiting a Y shape with two emerging branches as revealed by APT observation
shown in Fig. 5.7(c).
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5.3.2. Structural analysis
So far classical XRD experiments were not able to provide information on the crystal
structure of the NC [Devi 08] because of the very small volume of GeMn NCs investigated. TEM is itself a tool of choice to obtain information on the NC by minimizing
the contribution of the surrounding matrix. Therefore, we investigated the structure
of NCs using aberration corrected HRTEM mainly in [001]-zone axis where the NC go
through the TEM lamella.
Aberration correction allows to acquire HRTEM image close to Gaussian focus preventing unwanted delocalization effect. This is crucial for imaging the GeMn NCs
which have a small diameter (2-3 nm). In order to significantly increase the SNR, the
HRTEM images have been averaged over numerous acquisitions (up to 20) on the same
area and same imaging conditions. No filtering in Fourier space is then used which is
of importance for the analysis of the power spectra. Particular attention was taken
for the specimen preparation to reduce the damage induced in the specimen during
polishing and the thickness of the amorphous layer, since these two parameters are of
importance for the HRTEM imaging. Using the wedge polishing method no ion-beam
is required and the amorphous layer is measured to be ~1 nm thick (see sec. 2.7).
5.3.2.1. Amorphous nanocolumns
We start by considering HRTEM investigations of Ge0.9 Mn0.1 layers grown at 150 °C
(Fig. 5.10). Their mean diameter is about 6 nm and their structure is amorphous.
A general view of the specimen and the corresponding power spectrum are shown in
Fig. 5.10(a) and (b), respectively. The reflections indicated by arrows on the power
spectrum in Fig. 5.10(b) are due to the presence of a Ge3 Mn5 precipitate located in the
lower left part of the HRTEM image (Fig. 5.10(a)). Since the amorphous are grown at a
temperature (150 °C) slightly lower than that of the formation of Ge3 Mn5 precipitates,
it is usual to observe the presence of a few precipitates in the amorphous NCs. A power
spectrum of the Ge matrix taken in the area indicated by the dashed square labeled 1 is
indexed in Fig. 5.10(c) as a reference. The cubic symmetry of the Ge diamond structure
can be recognized with the perpendicular (220) and (22̄0) Bragg reflections. A zoom on
a NC taken in the area indicated by the dashed square labeled 2 is shown in Fig. 5.10(d)
and clearly reveals the amorphous structures of the NC. The diffuse ring at 5 nm-1
on the corresponding power spectrum shown in Fig. 5.10(e) confirms the amorphous
feature. The comparison of the power spectrum taken in the Ge matrix (Fig. 5.10(c))
with that of a GeMn NC (Fig. 5.10(e)) evidences that the diffuse ring visible in the
power spectrum of the whole image (Fig. 5.10(c)) is characteristic from the NCs. This
indicates that the sample preparation is clean enough to exclude contribution from
surface amorphization.
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Figure 5.10.: 300kV HRTEM investigations of amorphous NCs in the [001]-zone axis.
(a) HRTEM images of NCs. (b) Power spectrum of the whole HRTEM image and
(c) of the Ge matrix. (d) Zoom showing the amorphous features in the NC and (e)
the corresponding power spectrum. The area of the Ge matrix and the GeMn NC
have been taken in the region indicated by dashed square in (a) and numbered 1 and
2, respectively. 3 images have been aligned and integrated providing a mean number
of count of 18357. For comparison all the power spectra are displayed on the same
scale. The arrows in (b) indicates Bragg reflections due to the presence of a Ge3 Mn5
precipitate indicated by a white arrow in the lower left part of (a)

161

Chapter 5

GeMn nanocolumns

5.3.2.2. Crystalline nanocolumns
Let us consider now a specimen containing relaxed crystalline GeMn NCs grown at
130 °C. Fig. 5.11 shows a HRTEM investigation in [001]-zone axis of a Ge0.9 Mn0.1
layer. The NCs which have a diameter of 2-3 nm can be observed in Fig. 5.11(a).
Its power spectrum in Fig. 5.11(b) does not show the diffuse ring observed previously
in case of the amorphous NCs (Fig. 5.10). Beside the characteristic {220} and {400}
reflections of the Ge matrix, a weak and diffuse reflection close to the forbidden (200)
reflection of the Ge diamond structure can be observed. This reflection comes from the
NC indicated by the dashed square labeled 1 in Fig. 5.11(a). A zoom of the NC and its
corresponding power spectrum are shown in Fig. 5.11(c) and (d), respectively. In the
power spectrum, the weak (200) reflection appear clearly and supplementary reflections
are present. A set of three weak reflections can be seen close to the forbidden (020)
reflection of the Ge diamond structure.
Fig. 5.12 shows a set of different NCs exhibiting crystalline features and their respective
power spectra. A pure matrix area is shown as reference. Even if all these NCs appears
as crystalline, it is clear that there are not all identical and present disorder structures.
It results that many weak reflections located at different position in the reciprocal space
coming from the GeMn NCs are observed in the power spectrum of each HRTEM
images. The most significant are nevertheless located on a ring corresponding to a
distance of about 0.2 nm indicating some similarity between all these NCs. Some
reflections can also be observed closer to the direct reflection, but they can be hardy
separated from the background of the power spectrum. NCs with a superstructure, as
shown in Fig. 5.11(e) was observed only a few time in numerous HRTEM observations.
These findings point out that there is no systematic order in the GeMn NCs.
Similar observation were performed directly on Selective Area Electron Diffraction
(SAED). Fig. 5.13 shows the SAED patterns acquired in the [001]-zone axis (plane
view) of a Ge0.9 Mn0.1 layers grown at temperature of 130 °C. The selected area was
about 100 x 100 nm2 . The same pattern is displayed on different intensity scale in
Fig. 5.13(a) and (b) in order to highlights the very weak feature, which are indicated
by white arrows in Fig. 5.13(b). These features are located on a ring with a radius of
4.64 ± 0.02 nm-1 , corresponding to lattice distance of 0.21 ± 0.02 nm which is in good
agreement with the power spectrum results.
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Figure 5.11.: 300kV HRTEM investigations of relaxed crystalline NCs in the [001]zone axis. (a) HRTEM images of NCs. (b) Power spectrum of the whole HRTEM
image and of the Ge matrix. (c, d) Zoom on NCs and their corresponding power
spectrum are shown in (d, f), respectively. The zoomed area have been taken in the
region indicated by dashed square in (a) and numbered 1 and 2. 7 images have been
aligned and integrated providing a mean number of count of 18939. For comparison
all the power spectra are displayed on the same scale.
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Figure 5.12.: HRTEM images of relaxed crystalline NCs in the [001]-zone axis and
their respective power spectra. All the power spectra are displayed on the same
intensity scale.

Figure 5.13.: SAED pattern of Ge0.9 Mn0.1 layers grown at temperature of 130 °C.
The same pattern is displayed on different intensity scale: (a) the whole intensity
range (0 to 65535), whereas in (b) the intensity is saturated at 6110.
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5.3.2.3. HRTEM image simulation
HRTEM image simulations of different structures have been performed and compared
with experimental HRTEM observations. Within a collaboration with the atomistic
simulation group of our institute (Emmanuel Arras, Frédéric Lançon and Pascale
Pochet at L_Sim), we studied different atomic models to describe the structure of
the GeMn NCs in a Ge matrix. Using first-principles calculation, they discovered a
family of low-energy intermetallic structures based on a Ge2 Mn, which is isostructural
to α-FeSi2 [Arra 10]. This structure called α-phase can have different Mn concentration, as illustrated by Fig. 5.14. The phase is based on the simple cubic Ge lattice with
Mn atoms placed in interstitial positions. The stoichiometry can be tuned by different
filling of the interstitial sites. The lattice parameter of this phase is very close to the
one of the Ge diamond structure. The α-phase has a striking structural proximity with
the diamond Ge. The a and c lattice parameters of the α-phase are only of 2.5 % and
1.0 % higher than diamond Ge parameter, respectively.

Figure 5.14.: α-phase for different Mn concentration. Ge and Mn atoms are in green
and grey color respectively
The HRTEM image simulations were performed using the JEMS software [Stad 87], and
the exit waves were calculated within the multislice algorithm. The partial temporal
coherence of the incident electron wave was described by a defocus spread of ∆C =
4 nm (see sec. 2.4.2), corresponding to that of the FEI Titan3 80-300 in Karlsruhe,
which was used for the acquisition of aberration corrected HRTEM images shown in
the preceding section. The spherical aberration was set to 1 μm in simulations which
corresponds to the typical experimental value obtained with the aberration corrector.
The thickness considered in the different atomic models was 17 nm and the defocus
was set to 10 nm.
Fig. 5.15 shows HRTEM image simulations based on two different atomic models of a
2 nm (Ge,Mn) NC in Ge: a solid solution model based on diamond Ge and a α-phase
compound.
A solid-solution may be acceptable in principle because of the strong similarity between the Ge matrix and the NC [Boug 06, Li 07]. A supercell was then build with Mn
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Figure 5.15.: HRTEM image simulation of GeMn NC with different structure model.
(a) Solid solution. (b) α-phase with the variant n°1. (c) α-phase with the variant
n°2. (d) α-phase with the variants n°1 and n°2. (e) α-phase with the variant n°1, 2,
3 and 4.

atoms placed randomly only in substitutional position. Fig. 5.15(a) shows the result of
the image simulation. Since the Mn atoms are in substitutional position, the contrast
between the matrix and the NC is very low. Fig. 5.15(b) shows the simulated HRTEM
image of a NC with the α-phase described previously. The localization of the NC is easier due to the cubic (as opposed to diamond) character of the α-phase. The presence of
two nonequivalent sublattices in the cell for Ge and Mn leads to a superstructure which
can be seen in the simulation Fig. 5.15(b). The brighter atomic columns corresponds to
the germanium pure atomic columns, whereas the atomic column in between are Mn
pure (the unit cell shown in Fig. 5.14 is viewed from the top). The two sublattices can
generate two variants depending on the position of the cell origin with respect to the
diamond-Ge cell. Fig. 5.15(c) shows simulated HRTEM image of the second possible
sublattice. Beside the superstructure, the interface between the NC and the matrix
appears more clearly due to the discontinuity of the lattice between the α-phase and
the diamond Ge, i.e. incoherent interface. The interface energy between two variants
being very low (10 meV·Å-2 [Arra 12]) the two variants of the α-phase are supposed
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to coexist inside each column. As can be observed on the HRTEM image simulation in
Fig. 5.15(d) the introduction of two variants cancel the superstructure contrast of the
α-phase. Another interesting point is the presence of a dark ring around the NCs, that
is due to the lattice discontinuity between the α-phase and the diamond-Ge structure
of the matrix. Variants can be generated by changing the origin of the α-structure
lattice with respect to the diamond structure. An offset of half a lattice parameter of
the diamond structure can be added to the origin of the α-structure lattice parallel or
perpendicular to the growth direction. Up to 6 different variants can be introduced in
the NC [Arra 12]. Fig. 5.15(e) shows the evolution of the contrast when the number of
variants of the α-phase is increased up to 4.
Fig. 5.16 shows a qualitative comparison of simulated and experimental HRTEM images
in [110]- and [001]-zone axis. Experimental images on Fig. 5.16(a) and (d) are compared
to the simulated images (Fig. 5.16(b) and (e)) using a model of NC filled with a α-phase
consisting of 4 variants. The different variants can be observed in the atomic model
shown in Fig. 5.16(c) and (f).

Figure 5.16.: Comparison of experimental and simulated HRTEM image of a GeMn
NC. (a) Cross-section and (c) plane view experimental HRTEM image. (b, d) Corresponding HRTEM image simulation with a α-phase in the NC.
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These results show that the α-phase proposed by the atomistic models is compatible
with the HRTEM observations if more than one variant is introduced. It is interesting
to note that the α-phase also fits with the ferromagnetic properties of this system.
The HRTEM simulations are indeed in good agreement with the experimental images:
equivalent contrast in the NC and presence of the dark ring at the interface with the
matrix.

5.3.3. Strain in the Ge matrix
Facing a two-phase system, strain distribution is also an important aspect for investigating the structure and the relaxation state. The strain distribution in the Ge
matrix around NCs has been investigated using the so-called Geometrical Phase Analysis (GPA) [Take 96, Hytc 98]. The GPA method consists of numerical treatment
of HRTEM images to get strain mapping. Displacements of the crystalline planes in
strained areas with respect to an unstrained area, are measured from the Fourier transform of the HRTEM image. This is possible because the phase of the Fourier components is directly related to the component of the displacement field [Take 96, Hytc 98] .
However, a quantitative analysis requires a “good” reference area. In our case of plane
view geometry, the reference lattice parameter is measured over the whole image. Since
the GeMn layer is grown epitaxially on the Ge substrate, the average in-plane lattice
parameter in the GeMn layer is identical to that of the Ge substrate and can then be
used as reference.
Using two non-collinear reflections in the Fourier transform of the HRTEM image
(here the (220) and (22̄0) reflections), the 2D strain tensor was calculated. The strain
along the [110] direction was calculated as εxx = ∂ux /∂x and the one along the [11̄0]
direction as εyy = ∂uy /∂y, where ux and uy are the components of the displacements
field along the [110] and [11̄0] directions, respectively. The shearing εxy is calculated
as εxy = (∂uy /∂x + ∂ux /∂y)/2 [Rouv 05].
5.3.3.1. Amorphous nanocolumns
Fig. 5.17 shows GPA analysis on experimental and simulated images of an amorphous
NC. The experimental HRTEM image acquired at 400 kV on the JEOL 4000EX
microscope, is shown in Fig. 5.17(a). A Wiener filter implemented as a plug-in2 in
Digital Micrograph was applied to the experimental HRTEM image to remove noise
[Mark 96, Kila 98]. The upper row (Fig. 5.17 (b, c, d)) show the experimental εx.x ,
εyy and εxy strain map obtained after processing this experimental HRTEM image.
2

See Dave Mitchell’s Digital Micrograph scripting website to download the HRTEM filter: www.
dmscripting.com/hrtem_filter.html
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The lower row (Fig. 5.17 (e, f, g)) show εxx , εyy and εxy strain map calculated using
a simulated HRTEM image of a relaxed amorphous NC. The atomic model used in
the simulation was provided by Fréderic Lançon from INAC and was obtained with
atomistic simulations conducted using Stillinger-Weber potentials [Stil 85]. The disorder was introduced in the NCs by placing Ge atoms at random positions inside them
with the same density as in the diamond structure. This results in compressing strain
exerted to the Ge matrix [Tard 10].

Figure 5.17.: GPA around an amorphous NC. (a) HRTEM image of an amorphous
NC. (b, c, d) experimental εxx , εyy and εxy strain map obtained from the HRTEM
image shown in (a). (e, f, g) Simulated εxx , εyy and εxy strain map.
The experimental and simulated εxx strain map are shown in Fig. 5.17(b) and (e),
respectively. The x-direction is defined as parallel to the [11̄0] direction. Since the
NC compressed the Ge matrix, the distance between the (22̄0) planes is smaller than
the reference value at the left and the right of the NC, leading to εxx < 0 ( green-blue
colors) at these positions. Consequently, at the top and the bottom of the NC, the (220)
planes are larger than the reference value because of the elastic volume conservation
leading to εxx > 0 (red-yellow colors) at the top and the bottom of the NC. Due to the
symmetry of the compression exerted by the amorphous NC on the matrix, the same
trend is observed in the εyy strain map (Fig. 5.17(d) and (g)) with respect to the (220)
planes, the y-direction being defined as parallel to the [110] direction. Good agreement
is found between experimental and simulated maps confirming the compressive state
of the matrix.
Fig. 5.18 shows the GPA of several amorphous NCs. The same trend is observed as in
case of a unique amorphous NC Fig. 5.17, confirming that the amorphous NCs exert
compressive strain to the Ge matrix.
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Figure 5.18.: GPA of the Ge matrix of a GeMn sample containing amorphous NCs.
(a) Plane view 400 kV HRTEM images. (b, c, d) εxx , εyy and εxy strain map. Piece
of image have crop in the HRTEM and paste on the strain map as guide to the eye.
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5.3.3.2. Crystalline nanocolumns
Fig. 5.19 shows the GPA of crystalline NCs performed on a ADF-HRSTEM image
which was acquired at 200 kV with a collection angle of 50-160 mrad. Note that new
highly stable microscope allows now to perform such GPA of ADF-STEM images which
was not possible before [Chun 10, Rouv 11]. In this collection condition, strain effect
can still be observed with a bright contrast at the interface matrix/NC. Lowering the
camera length reduces the contrast due to strain, but also reduce the SNR. Since we
are not interesting in the analysis of HAADF contrast, the ADF-HRSTEM image have
been acquired at camera length which provides high SNR. This allows to decrease the
pixel acquisition time down to 4 μs without sacrificing the SNR. The acquisition of
large images (up to 6144 × 6144 px) is then possible in an reasonable time (about
2 min).
The field of view of the image shown in Fig. 5.19 is 2.5 times larger than that of the
HRTEM image shown in Fig. 5.18. The crystalline NCs have a diameter of 2-3 nm to be
compared to 5-7 nm for the amorphous ones. For the same nominal Mn concentration,
the NC density is then higher as can be seen in Fig. 5.19, with a distance between the
NC of about 5 nm.
Because of the structural disorder in the NCs we discussed before, the contribution
of the high resolution patterns in ADF-HRSTEM images is very low inside the NCs.
It follows that the amplitude of the Fourier component at these positions is very low
and can be used to segment the position of the NCs. Using this method, the strain
value was set to zero at the position of the NCs, in order to recognized the position of
the NCs. We note here that the ADF-HRSTEM imaging mode compared to HRTEM
offers easier measurement of the strain due to the following reason: the ADF signal
being incoherent, it is not so sensitive to phase discontinuities (due to thickness, focal
variation or lattice plane bending) as compared to the coherent imaging. This effect can
be observed in the upper right part or the εyy and εxy strain map shown in Fig. 5.18(c)
and (d), respectively. In this particular case, there is phase discontinuities in the phase
image of the (22̄0) reflections that create strong strain variations in the upper right
part of the εyy and εxy strain maps. In good stability conditions of the system, GPA
are more robust on HAADF than on HRTEM images and provide larger field of view
(up to 400 x 400 nm2 [Bech 13]).
The acquisition of the image is performed lines by lines and scanning instabilities can
be observed as small shifts between lines. They can be corrected on the phase image
[Chun 10, Rouv 11]. For example, in the case of the εxx strain map (x is defined
as parallel to the [11̄0] direction), the scanning instabilities have been corrected by
measuring the scanning distortion in the [110] direction, the latter being perpendicular
to the [11̄0] direction. For the εyy strain map, another image with a rotation of 90° have
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Figure 5.19.: GPA of the Ge matrix of a GeMn sample containing crystalline NCs.
(a) Plane view 200kV ADF-HRSTEM images. (b, c, d) εxx , εyy and εxy strain maps.
The position of the NC are reported in the strain map by using a threshold on the
amplitude map of the Fourier component (not shown here).

Figure 5.20.: (a) HRTEM images of a NC in the [001]-zone axis. (b) (2̄20)- and (c)
(220)-Bragg filtered images. The dislocations are indicated by arrows in (b) and (c).
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been acquired and the scanning distortions have been corrected. Nevertheless, vertical
and horizontal lines can be observed in the εxx and εyy strain maps, respectively. They
are due to systematic shift with the lines caused by the scanning unit (Gatan Digiscan
2).
Finally, we found out that the measured strain distribution in the case of crystalline
NCs is in the opposite side of that of amorphous NCs. At the left and the right of
NCs the εxx value is positive, meaning that the distance between the (22̄0) plane is
larger than the averaged value. At the top and the bottom the εxx value is negative.
Corresponding observation can be made with the εyy strain map. This may have two
explanations:
1. an in-plane lattice parameter of the crystalline GeMn NC smaller than the Ge
diamond,
2. an in-plane lattice parameter of the crystalline GeMn NC larger than the Ge
diamond with an incoherent interface.
Fig. 5.20 shows an HRTEM images of a NC and the corresponding (2̄20)- and (220)Bragg filtered images. The Bragg filtered images clearly evidence the incoherent interface between the NC and the matrix. Dislocations can be observed as indicated by
the black arrows in Fig. 5.20(b,c). This indicates that from the two cases mentioned
above, the second one is the most relevant.

5.3.4. Discussion
All the results presented above provide detailed insights on the composition and the
structure of the GeMn NCs embedded in Ge matrix. Note that up to now, only few
quantitative and accurate results have been reported, in that way our studies provides
new experimental results.
First of all, we showed that the sample preparation is as explained in the previous
chapter a key parameter to control in order to obtain an artifact-free and clean sample. We have used the wedge-polishing method which has provided very good TEM
specimens for both EELS and HRTEM analysis.
Absolute chemical measurements using STEM-EELS in SI mode evidenced:
• a significant increase of the total atomic density inside the NCs (up to 82 ±
8 atoms·nm-3 ) as compared to the Ge matrix atomic density (44±1 atoms·nm-3 ).
This is in good agreement with the general trend in the GeMn system which consists in an increase of the density with increasing the Mn concentration.
• No Mn was detected in the Ge matrix in the limit of the experimental measurement method (< 1 %)
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• We measured the chemical profiles of Mn and Ge and evidence i) a Mn concentration significantly high in the GeMn NCs [Arra 11] up to 60 % in the center
with an average value integrated over the whole NC of 33 %, ii) a reduction of
the Ge atomic density inside the NCs compare to the Ge matrix
Complementary APT experiments showed that the Mn concentration in the matrix is
lower than 0.1 % which is in good agreement with EELS measurements. Significant
Mn concentration fluctuations or even discontinuity along the NCs is observed on
the reconstructed volume. The paramagnetic contribution at very low temperature
in the magnetization curve was so far attributed to diluted Mn atoms in the matrix
[Devi 08]. The APT observation allows us to revise this hypothesis and propose that the
paramagnetic signal is rather explained by the presence of fragments of NCs in which
the Mn concentration is reduced down to the limit where Mn atoms are paramagnetic.
Correlation of APT experiments and TEM investigations highlights interesting features
on the morphology of the NCs. Indeed it was evidenced that the NC can be bent or
not go through the whole GeMn layer thickness which may have a significant effect on
the determination of the Mn concentration on measurement made on TEM projected
sample. Moreover, splitting of some of the NCs has been clearly observed both in APT
reconstruction and plane view TEM imaging.
The theoretical work of Arras et al. [Arra 12] highlighted the existence of a metastable
phase: the α-phase. It was argued that the α-phase family gives rise to a second
minimum of energy formation versus stoichiometry, compatible with a spinodal decomposition mechanism. This simple cubic phase exhibits the same Ge density than
the diamond Ge phase, but have supplementary interstitial Mn atoms in the unit-cell.
Our experimental chemical measurements show that the Ge density slightly decrease
from 44 ± 1 atoms·nm-3 in the Ge matrix to 35 ± 1 atoms·nm-3 in the GeMn NCs,
whereas the Mn density increases from 0 in the matrix to 55 ± 5 atoms·nm-3 in the
NCs. It follows that the overall atomic density increases in the NCs as compare to the
matrix. From this observation, it is clear that the GeMn NCs does not form a solid
solution. However, even if the α-phase can have different stoichiometry (see Fig. 5.14),
the Mn concentration is not supposed to exceed 50 % with the Ge and Mn density of
43.6 atoms·nm-33 . Theoretically, the maximal atomic density in the α-phase can be
as high as 87.2 atoms·nm-3 . We can then assume that the decrease of Ge density is
compensated by substitution by Mn atoms. The phase in the GeMn NCs could then
consist on a phase based on the geometry of the α-phase, but with substitutional Mn
atoms on Ge sites. In that way we can explain both the high concentration of Mn and
the decrease of the Ge atomic density inside the NCs and then confirm the presence of
a α-phase based structure. These new results should now be confirmed by simulations.
3

The calculated lattice parameter of the α-phase are taken in [Arra 12].
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To complete the chemical results, the structure of GeMn NCs has been studied using
HRTEM imaging:
• The investigations of GeMn layers grown at 150 °C allows to clearly attribute the
diffuse ring observed in ED or on power spectrum to the amorphous structure
of the NCs. Surface amorphization due to sample preparation can be then ruled
out.
• The amorphous ring is absent on HRTEM observations of GeMn layers grown at
130 °C indicating that these NCs are not amorphous. Indeed, highly distorted
crystal patterns and corresponding Bragg reflections can be observed in HRTEM
images and their power spectrum, respectively. Most the GeMn NCs being continuous and the specimen thinner than the nominal GeMn layer thickness, the
superposition of NCs with Ge substrate can be ruled out. The observation of
relaxed structure and discontinuity of the lattice at the interface NC/matrix confirms this hypothesis. Crystalline ordering located on NCs in HRTEM images of
plane view specimen can be then attributed to the crystal structure the NC. The
absence of systematic order between the NC and the matrix is in good agreement
with the experimental observation concerning the absence of additional Bragg
reflections in x-ray scattering or ED investigations [Devi 08, Tard 11].
The HRTEM observations on crystalline NCs were compared to the model of the αphase suggested by Arras and co-workers. The symmetry of the α-phase being different
from that of the diamond Ge, a super-structure should appear on observations in the
[001]-zone axis which is not the case on most of the NCs. The α-phase can generate
two variants by changing the origin of the lattice with respect to the diamond Ge matrix, and the combination of these two different variants cancels the super-structures.
The interface energy between these two variants being low, the total energy formation
is found to be still lower than the other possible crystal structures [Arra 12]. The
combination of different variants of the α-phase is then expected. Nevertheless experimentally, the presence of a superstructure was observed only a few time as shown in
Fig. 5.11(e). Its occurrence could be explained in truncated NC, i.e. NC that does no
go through the whole lamella as revealed by the APT experiment. In this case, it could
possible that a NC have only one variant, thus exhibiting the super-structure.
HRTEM investigations were also performed in cross-section view along the [100]- and
[110]-zone axis, with the aim to find additional reflections that could allow the determination of the crystal structure. Due to the superposition of the disordered interfacen
the matrix and the NC, it is too hard task to detect any supplementary Bragg reflections on the FFT of the HRTEM images.
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Finally, the strain in the Ge matrix due to the presence of the NCs was studied using GPA performed on HRTEM or ADF-HRSTEM images. A strong difference was
observed between the amorphous and the crystalline NCs:
• in the amorphous case, the NCs exert compressive strain to the Ge matrix,
• whereas in the crystalline case, the Ge matrix is submitted to tensile strain.
The second case can be explained by a larger in-plane lattice parameter in the NC and a
incoherent interface between the NC and the matrix. This is in good agreement with the
observation of additional Bragg reflections on the power spectrum of HRTEM images or
SAED patterns (see sec. 5.3.2.2), if we assume that they could be attributed to a cubic
structure with a slightly larger lattice parameter. Finally, this could corresponds to
the calculated lattice parameter of the α-phase, that is 2.5 % higher in the a direction.

5.4. GeMn nanocolumns embedded in GeSn matrix
In the previous section, it was shown that Ge(Mn) gown by MBE on Ge stabilizes
during growth in Ge(Mn) nanocolumns embedded in a Ge matrix. These nanocolumns
present remarkable ferromagnetic properties. The possible incorporation of Mn into
strained Ge nanostructures leading to the formation of a GeMn diluted magnetic
phases, free of Mn-rich precipitates, is an extremely interesting phenomenon, which
clearly requires further investigations [Xiu 10]. In order to give some more insight into
the incorporation of Mn in strained materials, we report here on the structural and
magnetic properties of Ge1-x-y Snx Mny alloys epitaxially grown on Ge (001). This system has been investigated as the lattice parameter of Ge1-x Snx is larger than the one
of Ge and increases with Sn concentration. The lattice parameter difference between
Ge and Sn is of about 15 %.

5.4.1. Pseudomorphic growth of GeSn and GeSnMn films
GeSn alloy with up to few percent of Sn, can be grown coherently on Ge(001), being
strained by the Ge (001) substrate [Mene 04, Baue 02, Vinc 11]. In Fig. 5.21, we show
a HRXRD reciprocal space map (obtained by Edith Bellet-Almaric at INAC) around
the (1̄1̄5) Bragg peak of a 250 nm thick Ge0.94 Sn0.06 layer grown on Ge(001). Two
peaks have been observed: the more intense corresponding to the Ge Bragg peak and
the second one corresponding to the GeSn Bragg peak. Both peaks have the same Qx ,
i.e. in-plane parameter showing clearly that the 250 nm thick GeSn layer containing
6 % of Sn is still fully strained to Ge substrate. However the GeSn Bragg peak shows
a small asymmetry towards lower Qz values (i.e. lower 2θ values) which may indicate
the beginning of lattice relaxation.
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For this work, two GeMn samples, one GeSn sample and three GeSnMn samples named
S1 to S6 have been grown on Ge(001). The grown layers are 80 nm thick except in the
case of S4, which has been 240 nm thick. Their respective concentrations of Sn and
Mn are indicated in Tab. Tab. 5.1.
Sample name Sn concentration (at. %) Mn concentration (at. %)
S1
0
10
S2
1.4
6
3.6
10
S3
S4
3.6
0
0
6
S5
S6
3.6
6
Table 5.1.: Sn and Mn concentrations in samples S1 to S6.

In Fig. 5.22(a) we show the θ − 2θ HRXRD spectra around the (004) Ge reflection
(around 66 deg) for samples S1, S2 and S3. For both samples S2 and S3 a clear peak
corresponding to the epitaxial layer is observed. The position of the different peaks
is identical to their counterpart without Mn (not shown here). This shows that the
codeposition of Mn with Ge and Sn, does not influence the out-of-plane parameter
of the epitaxial layer. In all three spectra one can also notice thickness interferences,
which are signature of a homogeneous layer thickness and very low interface roughness.
Fig. 5.22(b) shows the reciprocal space map around the (1̄1̄5) Bragg peak of sample
S3, with the highest content of Sn and Mn investigated in this work. The peak corresponding to the GeSnMn layer has the same in-plane lattice parameter as the Ge
substrate, meaning that all the three GeMnSn layers are fully strained to the Ge(001).

In Fig. 5.23 we show HRTEM observations of sample S3: in cross-section (Fig. 5.23(a))
and in plane view (Fig. 5.23(b)). Cross-section observations reveal the existence of
nanometer sized, vertical columns, almost continuous along the growth direction confirmed by the plane view observations. Moreover, the interface Ge/GeSnMn is perfectly
coherent, confirming the HRXRD observations. The growth condition (Mn concentration and temperature) of sample S3 were the same than that of the GeMn sample shown
in Fig. 5.11. The same distribution than in case of the GeMn sample is observed, with
a NC size distribution and average slightly broader and larger than expected. This
could be due to the presence of Sn atoms or by a higher substrate temperature during
the growth coming from the radiation of the Sn effusion cell. As mentioned previously,
increasing the growth temperature increase the NC size.
An HRTEM images in the [001]-zone axis of sample S2 and its corresponding power
spectrum are shown in Fig. 5.24(a) and (b), respectively.
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Figure 5.21.: X-ray map around the [1̄1̄5] Bragg peak of a 250 nm thick Ge0,94 Sn0,06
layer grown on Ge(001).

Figure 5.22.: (a) θ −2θ X-ray diffraction spectra for samples S1, S2 and S3. (b) X-ray
map around the Bragg peak of the S3 sample.
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Figure 5.23.: HRTEM observations of the S3 sample: in cross section (a) and in plane
view (b).

Figure 5.24.: (a-b) HRTEM images of the S2 sample in the [110]- and the [001]-zone
axis. (c) Power spectrum of the whole image in (b). (a) Zoom on the {020} reflections
as indicated by the dashed square in (c). (e) Smoothed image of (d).
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As it can be seen on the typical HRTEM images the density of the NC is lower as it was
already noticed for GeMn layer: lower concentration (6 % for sample S2) provides lower
NC density. A zoom in the area indicated by a dashed square in Fig. 5.24(c) is shown
in Fig. 5.24(d). It points out the presence of a weak reflection located at the {200}
reflections of Ge crystal structure, indicating that the symmetry of the Ge diamond
structure is broken. A smoothed image of this reflection shown in Fig. 5.24(e) highlights
more clearly the particular symmetry of this reflection. SAED patterns have been also
acquired (Fig. 5.25) and showed that the {200} reflections have the symmetry of a cross
with the two branches oriented along the [110] and [11̄0] directions (Fig. 5.25(c)). The
presence of these reflections is characteristic of the GeSnMn layers since it has been
observed neither in GeSn layers nor in GeMn layers. Fig. 5.26(a) shows a HAADFHRSTEM images of S2 sample.

Figure 5.25.: SAED observation of S2 sample. (a) and (b) display the same pattern
on two different intensity scale: the full range intensity for (a) and saturated intensity
for (b). (c) zoom on the (02̄0) reflections.

Figure 5.26.: (a) HAADF-HRSTEM image of S2 samples. In the inset of (a) shows
the power spectrum of the HAADF images in (a). (b, c) Amplitude of the Fourier
component corresponding to the (02̄0) and (200) forbidden Bragg reflections, which
are marked by red fill circles in the inset of (a). The blue dashed circle indicated the
position of the NCs.
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The {200} forbidden Bragg reflections can be observed once again in the power spectrum shown in the inset of Fig. 5.26(a) and marked by red fill circles. In order to locate
these reflections in the direct space, we investigated the amplitude of the Fourier components corresponding to these reflections. Fig. 5.26(b) and (c) shows the amplitude
maps of the {200} reflections. The blue dashed circles indicate the positions of the
NCs as determined from the HAADF-HRSTEM images shown in Fig. 5.26(a). These
amplitude maps evidence that the reflections comes from region located close to the
NCs and the amplitude distribution has a particular cross shape which is higher in the
[110]- and the [11̄0]-directions than in the [100]- and the [010]-directions, similarly to
the symmetry of the {200} forbidden Bragg reflections in Fig. 5.25(c). This result will
be considered in more details in the following and correlate with EELS measurements.
We can notice here that this analysis performed using HAADF-HRSTEM images provides less noisy results than using HRTEM images: SNR of such weak reflections in the
fast Fourier transform is much higher in HAADF images than in BF/HRTEM images.

5.4.2. Chemical analysis by EELS
Fig. 5.27 shows the Ge, Mn and Sn maps obtained by chemical analysis using HRSTEMEELS on plane-view measurements (along the [001] zone axis) of S2 sample. We
observe:
• in the Ge map (Fig. 5.27(a)), the dark disks corresponding to the NCs, which
have lower Ge contents with respect to the matrix,
• in the Mn map (Fig. 5.27(b)), it appears clearly that the Mn content is high inside
the nanocolumns and no Mn is detected in the surrounding matrix. This means
that the Mn content is much less than 1 % in the matrix,
• the Sn map (Fig. 5.27(c)) shows that the Sn content is homogeneous in the
GeSn matrix forming a GeSn solid solution and that no Sn is detected inside
the nanocolumns.
The interesting new feature is located at the interface between the nanocolumns and the
GeSn matrix and around nanocolumns: an increase of the Sn content is observed, much
higher than in the matrix. A typical area is indicated by a dashed circle in Fig. 5.27(c).
The Mn (red) versus Sn (green) composite image in Fig. 5.27(d) highlights this feature
showing also the Sn and Mn content profiles across a GeMn nanocolumn and the GeSn
matrix in the inset.
The inhomogeneous Sn distribution can also be seen in the Sn and Mn map of S2
sample obtained by EELS on a cross section sample in Fig. 5.28. The comparison of
the Mn and Sn maps confirms that the Mn rich NCs are Sn poor and that the NC
are not completely continuous in the lower part of the GeSnMn layer. This indicates
a small perturbation of the NCs nucleation due to the codeposition with Sn.
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Figure 5.27.: Plane-view composition analysis obtained by STEM-EELS measurements of S2 sample: EELS maps of (a) Ge L2,3 , (b) Mn L2,3 ,(c) Sn M4,5 . (d) Mn
(red) versus Sn (green) composite image. An elemental profile of Mn and Sn across
a GeMn nanocolunm and the GeSn matrix at the position marked by a while line in
(d) is shown in the inset of (d).

Figure 5.28.: Cross-section composition analysis obtained by STEM-EELS measurements of S2 sample: (a) HAADF images recorded simultaneously. (b) Mn L2,3 and
(c) Sn M4,5 map. (d) Mn (red) versus Sn (green) composite image.
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5.4.3. Local strain analysis
To complete, we also investigated strain distribution in the GeSnMn films using GPA.
The strain mapping of sample S3, corresponding to the HRTEM image shown in
Fig. 5.22(a) is displayed in Fig. 5.29. The non-collinear (1̄11) and (11̄1) reflections have
been used to obtain the in-plane (εxx ) and out-of-plane (εzz ) strain map represented
on a color scale in Fig. 5.29(a) and (b) respectively.

Figure 5.29.: GPA performed on HRTEM images of a Ge0,84 Sn0,06 Mn0,10 film in [110]zone axis (a-b) and a Ge0,94 Sn0,06 film (c-d), both with 6 % Sn. (a,c) In-plane (εxx )
and (b,d) out-of-plane (εzz ) strain maps.

We also compare strain analysis of sample S3 with sample S4 (without Mn) to investigate the effect of the presence of the NCs on the GeSn matrix. The in-plane strain (εxx )
and the out-of-plane strain (εzz ) of sample S4 are shown in Fig. 5.29(c) and Fig. 5.29(d)
respectively. The εxx maps of S3 and S4 films show that the average in-plane lattice
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parameter is identical to the Ge one in both cases, in agreement with a perfectly coherent interface with the Ge substrate. Nevertheless, the presence of GeMn nanocolumns
(Fig. 5.29(a)) leads to small fluctuation of the in-plane lattice parameter in the GeSn
matrix around nanocolumns [Tard 10]. Moreover, the out-of-plane (εzz ) deformation
is homogeneous in the GeSnMn and GeSn films and is in both case positive, indicating
tensile strain (compressive in-plane strain) with average value εzz = (0.9 ± 0.3) % (the
same value was measured by HRXRD).
In-plane εxx , εyy and εxy strain maps obtained by GPA analysis on HAADF-HRSTEM
image of a plane view sample, are displayed in Fig. 5.30. Qualitatively, same results are
obtained as in case of GeMn layers consisting of crystalline NCs (see sec. 5.3.3.2): at the
left and the right of NCs the εxx value is positive, meaning that the distance between
the (22̄0) plane is larger than its averaged value. At the top and the bottom the εxx
value is negative. Corresponding observation can be made with the εyy strain map.
The GPA (local analysis) and HRXRD (global analysis) shows that the presence of Mnrich nanocolumns induces in-plane strain in the GeSn matrix around the nanocolumns,
which however does not affect the out-of-plane deformation.
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Figure 5.30.: GPA performed on HAADF-HRSTEM images of a Ge0,926 Sn0,014 Mn0,06
film in [001]-zone axis. (a) HAADF-HRSTEM images and corresponding (b,c) inplane εxx , εyy and εxy strain maps.
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5.4.4. Magnetic properties
SQUID measurements are shown in Fig. 5.31 for two sets of samples containing 6 % and
10 % of Mn (measurement performed by Matthieu Jamet at INAC). For the fixed 6 %
Mn content, we have studied three different samples with different Sn concentrations:
sample S5, S2 and S6. Samples S1 and S3 with 10 % Mn have also been studied . The
magnetic signals have been normalized to the sample mass and given in emu·g-1 in
order to compare qualitatively the saturation magnetization of GeMn nanocolumns.
As a whole, the magnetization curves look very similar with and without Sn.
However, in the following, we will not discuss about the Curie temperature of nanocolumns
since their superparamagnetic behavior makes its accurate determination very difficult.
Moreover, at low temperature, see Fig. 5.31(a,d), a 1/T parasitic paramagnetic signal
from the Ge substrate, which varies from sample to sample, prevents from a direct comparison of saturation magnetization curves below 100 K. In the inset of Fig. 5.31(b,e),
we show the magnetization curves recorded at 5 K for the highest content of Sn (3.6 %).
At this temperature GeMn nanocolumns are ferromagnetic and their coercive field is
of the order of 0.1 T irrespective of the Mn and Sn contents. In Fig. 5.31(a,b,d,e), it
can be seen that, above 100K the incorporation of Sn in GeMn samples increases the
magnetic signal and hence the magnetic moment per Mn atom. The same increase is
observed in Zero Field Cooled-Field Cooled (ZFC-FC) curves as shown in Fig. 5.31(c,f).
In addition, the ZFC peak is systematically shifted to higher temperatures which means
that the columns blocking temperature is also increased by the incorporation of Sn.
The blocking temperature is proportional to the columns volume and the magnetic
anisotropy constant. In previous work [Jain 10], we have shown that the magnetic
anisotropy of nanocolumns is dominated by shape anisotropy and thus proportional to
MS2 where MS is the saturation magnetization. Since MS increases with the incorporation of Sn, we expect the blocking temperature to be higher, that is in agreement with
the experimental findings. In parallel, the columns diameter in GeSnMn (∼4 nm) is
larger than in GeMn (∼3 nm) grown in the same conditions. This difference can be due
to the presence of Sn atoms or to a slightly higher substrate temperature during the
growth (for instance from the radiation of the Sn effusion cell) which tends to increase
the columns diameter. Increasing the columns diameter also leads to higher blocking
temperatures as observed experimentally.
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Figure 5.31.: SQUID results of GeSnMn film with 6 % Mn (a-c) and 10 % Mn (d-f).
(a,d) Temperature dependence of the saturation magnetization. (b,e) Magnetization
loops at 100 K, after subtracting the diamagnetic contribution from the substrate.
(c,f) Zero field cooled-field cooled measurements carried out at 15 mT.
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5.4.5. Discussion on GeMnSn films
HRXRD and HRTEM investigations of GeSnMn layers evidenced a pseudomorphic
growth on Ge substrate. More precisely, HRTEM observations reveal the formation of
NCs having similar features to those of GeMn layers. STEM-EELS mapping demonstrated that the GeSnMn layers consists of GeMn NCs embedded in a GeSn solid
solution matrix. Sn segregation was observed at the interface between the GeSn matrix and the GeMn NC. The nucleation of the GeMn NCs appears slightly perturbed by
the Sn codeposition. Nevertheless, the out-of-plane strain caused by the pseudomorphogic growth of GeSn matrix (up to 1 %) does not affect significantly the morphology
and the structure of the GeMn NCs.
Local strain analysis obtained by GPA in plane view evidenced in-plane tensile strain
around the NCs. This observation is similar to that of GeMn NCs in Ge pure matrix,
confirming that the NC are formed of the same phase than in the GeMn layers.
The Sn segregation observed around the NCs could be strain-induced in order to released the in-plane tensile strain in the Ge matrix around the NCs. It is also interesting
to note that the Sn segregation presents a particular shape: Sn segregates preferentially
along the [110] and [11̄0] directions, exhibiting a cross shape. This can be explained
by stress released in the anisotropic Ge materials. Due to its intrinsic anisotropy the
Young’s modulus is larger in the [110] direction than in the [100] directions [Wort 65].
The stress will be then preferentially released along the [110] directions, leading to a
strain-driven Sn segregation not only at the interface GeMn/GeSn, but preferentially
along the [110] directions.
The presence of the {200} forbidden Bragg reflections was observed in GeSnMn specimen oriented along the [001]-zone axis. It should be underlined that these reflections were only measured in case of plane view observations of GeMn and GeSn specimens, indicating that the occurrence of these {200} reflections is characteristic of the
GeSnMn specimen. These reflections have the particularity to exhibit a cross shape
oriented along the the [110]- and [11̄0]-directions and the amplitude of the Fourier
component of the {200} reflections demonstrated that they originate from areas close
to the nanocolumns. Correlation is found between the chemical Sn segregation and
the amplitude distribution of the Fourier component of the {200} Bragg reflections.
This indicates that the {200} Bragg reflections are due to the Sn segregation at the
interface GeSn/GeMn. To obtain more details on the origin of these forbidden reflections and its particular symmetry, it could be interesting to simulate the diffraction
of NC, in order to get more insight in the consequence on the Sn segregation at the
interface GeMn/GeSn. This should allows to obtain information in the morphology of
the Sn segregation. Atomistic simulation would be also of interest to understand this
particular segregation phenomena.
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5.5 Conclusion
The magnetization was observed to increase with the Sn incorporation, that might be
due to either strain or to interface effects. GeMn nanocolumns experience an uniaxial
out-of-plane tensile strain imposed by the GeSn matrix which increases with the Sn
content. Moreover, due to the presence of the Sn-rich ring around the nanocolumns,
Mn atoms at the interface between the column and the GeSn matrix have different
chemical environments in GeMn and GeSnMn samples. The magnetic measurements
(Fig. 5.31(b)) show that the incorporation of Sn increases the overall magnetic signal,
but remains constant irrespective of the Sn content. This enhancement of magnetic
moment may not be attributed to strain but rather to an interface effect, i.e. due to
modification of the electronic structure of Mn atoms in contact with the Sn-rich ring
around the NCs. This phenomenon clearly requires future investigations.

5.5. Conclusion
In the first part of this chapter, chemical composition, structure and strain distribution
of GeMn layers have been extensively studied by TEM and completed by APT volume
reconstruction. Results show that i) the atomic density inside the NCs is almost two
times higher than in the Ge matrix, ii) a decrease of the Ge density has been observed
inside the NCs, iii) the Mn concentration in the Ge matrix is lower than the detection
limit of the APT instrument, i.e. lower than 0.1 % iv) Mn concentration inside the
NCs can reach 60 %, v) reconstructed volume and plane view TEM imaging evidence
that the NCs can be bent or interrupted or exhibit branching.
The strain measurements in the Ge matrix evidence a strong difference between the
amorphous and the crystalline NCs: in the amorphous case, the NC exert compressive
strain to the Ge matrix, whereas in the crystalline case, the Ge matrix is submitted to
tensile strain close to the NC. The second case was explained by a larger in-plane lattice
parameter in the NC and an incoherent interface between the NC and the matrix.
The structure of NCs has been investigated using HRTEM imaging. Even if the crystalline NCs exhibit a high degree of disorder, a clear difference was observed between
amorphous and crystalline NC. Supplementary Bragg reflection were observed in the
power spectrum localized on the NCs, but we could not evidence a particular crystal
structure for the NCs. The α-phase model supported by atomic simulation was then
considered. HRTEM imaging coupled with image simulations showed that NCs could
consist of this phase only if different variants are introduced to cancel reflection due
to order. The α-phase is also coherent with chemical results if part of the Ge are
substituted by Mn atoms. We then end up with a GeMn α-phase-based structure with
a high content of Mn.
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In the second part of this chapter, X-ray diffraction and high resolution electron microscopy were used to investigate GeSnMn films containing up to 3.6 % of Sn and
up to 10 % of Mn grown pseudomorphically on Ge(001) substrates. Results show
: i)despite the strain induced by Sn, GeMn rich nanocolumns are formed similar to
those of the GeMn layers, ii) inside the nanocolumns, the Sn concentration is lower
than the EELS detection limit (< 1 %) iii) the matrix has a homogeneous GeSn composition iv) a strain-induced segregation of Sn atoms is observed around NCs leading
to a cross shape chemical distribution with branches aligned along the [110] and [11̄0]
directions.
The strain in GeSnMn layers was investigated using the geometrical phase analysis.
The presence of GeMn nanocolumns leads to variations of the in-plane lattice parameter
in GeSnMn films, but its average value is the same than the Ge substrate. GPA and
HRXRD demonstrated that the presence of GeMn nanocolumns does not change the
out-of-plane lattice parameter for a given Sn concentration.
Finally, the comparison between these two systems show that the magnetic moment
per Mn atom is higher in samples containing Sn compared to GeMn samples. In light
of our investigations we attributed this phenomenon to an interface effect related to the
modification of the electronic structure of Mn atoms inside nanocolumns surrounded
by Sn.

190

6. General conclusion and outlook
The first chapter introduces the motivation of this work. Different systems have been
studied using TEM methods: coarsening of Pt NPs on amorphous carbon, the Ge QDs,
the Mn incorporation in Ge QDs and the GeMn NCs embedded in Ge or GeSn matrix.
The second chapter reviews rapidly the basics of transmission electron microscopy for
HRTEM, HRSTEM and EELS imaging. It presents the techniques and quantification procedures we have used for this work. The opportunities that offers modern
electron microscopy have been explored and the optimal experimental conditions have
been highlighted for the different TEM techniques. The sample preparation and data
processing were emphasized to achieve accurate and precise measurements with TEM
methods.

Coarsening of Pt nanoparticles
The third chapter deals with the coarsening of Pt NPs. The coarsening of the NP
ensemble was studied by TEM after annealing at temperatures between 200 °C and
300 °C for up to 160 h. The possible influence of 200 keV electrons on the coarsening was systematically studied by illuminating the same sample region for 20 min in
HRTEM. Neither enhanced SR nor a significant change of the NP sizes was observed
under the chosen illumination conditions. However, HRSTEM imaging can change significantly the smallest NPs since a single cross scan can already induce an atomic-scale
reorganization of the material.
High-resolution TEM was applied to analyze the NP shape. Experimental and simulated images along the [100]- and [110]-zone axes were compared to distinguish between
cuboctahedral and truncated octahedral fcc NP structures. [100]-zone axis HRTEM
images are suitable to discriminate between these two NP types which yield a truncated octahedral shape as being relevant in our study. Measured NP-size distributions
yield average radii which increase with annealing time and temperature. Coarsening
proceeds fast during the first 2 hours of annealing and slows down for longer annealing times. An in-situ TEM annealing experiment demonstrates that coarsening is
dominated by a very active coalescence of small mobile NPs via SR during the first
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coarsening stage (t < 2 h). SR can be neglected during the second ripening stage for
annealing times of more than 2 hours. The coarsening kinetics during the second stage
is best described by surface OR with a diffusion-limited kinetics. The Arrhenius-type
dependence of the surface mass transport diffusion coefficient is exploited to derive the
activation energy for surface diffusion of Pt atoms Ed = 0.84 ± 0.08 eV·atom−1 on
an a-C substrate. The limitation of the OR process by surface diffusion as opposed to
reaction limitation can be understood by the reduction of the detachment activation
energy of Pt atoms in small NPs and the high bonding energies between Pt atoms and
the carbon support.
The coarsening on different substrates would be of interest for comparison with the
observations of Pt NP coarsening on a-C reported in this work. Amorphous substrate,
such as Al2 O3 or SiO2 could be used, since there are model system for catalysis. Concerning crystalline substrate, graphene could also be of interest, since clean graphene
allows to study the interaction of adatoms or NPs with a well defined crystalline structure. In this favorable case, direct comparison with first-principle calculations should
be possible. The effect of the number of layer on the binding energy of Pt adatom or
NPs with the substrate could be then investigated. However, systematic study of NP
coarsening process on graphene rises the problem of the control of the fabrication of
clean and large graphene area. The preparation of large and clean graphene for TEM
is still a very difficult task: the number of layer, the presence of defects or wrinkles
and the contamination are crucial parameters that have to be well controlled.

Ge and Ge(Mn) quantum dots
The fourth chapter reports on quantitative analysis of Ge and GeMn quantum dots
in Si. The chemical distribution of each species (Si, Ge and Mn) were performed
using HAADF and EELS imaging in HRSTEM mode in order to understand growth
processes. The first part of this chapter described the methodological development
of HAADF quantification we developed to get accurate quantification of our samples.
This method is based on the correlation of HAADF and EELS signals in order to
quantify the contrast of each individual atomic column on the HAADF images. Despite
the relatively low atomic number different between Si and Ge, aberration-corrected
HAADF-HRSTEM performed in area thinner than 10 nm allows the observation of
diluted Ge atoms in Si. The HAADF signal of each atomic columns was measured
using a combination of template matching and fitting methods on the image. The
statistical correlation of HAADF and EELS signal acquired simultaneously shows a
linear relationship between these two signals in the range of composition between 0
and 50 % of Ge in Si. Using the fitted correlation between HAADF and EELS signals,
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the HAADF image can be then converted in Ge concentration. Since the visibility
of a few Ge atoms as a function of a depth position in the atomic columns can be
approximated to a Gaussian distribution, the Ge concentration on the HAADF image
has to be measured statistically. It can be performed by averaging profiles or by
fitting histogram of concentration (or amplitude) distribution with Gaussian functions.
In the latter case, each Gaussian function corresponds to atomic columns containing
different number of Ge atoms. Assuming a specimen thickness, the separation between
the different Gaussian function were calibrated using the fitted value of the linear
correlation between the HAADF and EELS signal. Finally, the detection of Ge atoms
in the Si spacer has been shown and quantify and is explained as been due to surface
segregation of Ge atoms in Si during growth. Note that this observation is only possible
thanks to good sample preparation to get thin and flat area in order to obtain a
sufficient visibility of the presence of one Ge atom in a Si atomic column. The Ge
distribution in the Si spacer has been modeled with a two-states surface segregation
model.
In the second part of the fourth chapter, we investigated the Mn incorporation in the
Ge QD. The growth of Ge(Mn) QDs or WLs at 380 °C leads to the strong lateral
segregation of Mn. SiMn precipitates are then formed and the Mn concentration in
the Ge QDs or WLs is below the detection limits of EELS (<1 % in our experimental
conditions). This is in good agreement with the back-diffusion of Mn reported by other
groups. We evidenced that this diffusion is due to the presence of SiMn precipitates.
However, our observations does not support the formation of diluted magnetic semiconductors of Mn in Ge. Lowering the growth temperature at 220 °C allows to limit
the lateral segregation of Mn in Ge WLs. The incorporation of Mn in Ge WLs was
then achieved at low temperature growth. However due to the very low Mn content
in the specimen (up to 10 % in a few GeMn MLs), it is very difficult to measure a
magnetic signal that can be attributed to ferromagnetism induced by Mn atoms.

GeMn nanocolumns
In the first part of the fifth chapter, chemical composition, structure and strain distribution of GeMn layers have been extensively studied by TEM and completed by APT
volume reconstruction. Results show that i) the atomic density inside the NCs is much
higher than in the Ge matrix, ii) a decrease of the Ge density has been observed inside
the NCs, iii) the Mn concentration in the Ge matrix is lower than the detection limit
of the APT instrument, i.e. lower than 0.1 % iv) Mn concentration inside the NCs can
reach 60 %, v) reconstructed volume and plane view TEM imaging evidence that the
NCs can be bent or interrupted or exhibit branching.
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The strain measurements in the Ge matrix evidence a strong difference between the
amorphous and the crystalline NCs: in the amorphous case, the NC exerts compressive
strain to the Ge matrix, whereas in the crystalline case, the Ge matrix is submitted to
tensile strain close to the NC. The second case was explained by a larger in-plane lattice
parameter in the NC and an incoherent interface between the NC and the matrix.
The structure of NCs has been investigated using HRTEM imaging. Even if the crystalline NCs exhibit a high degree of disorder, a clear difference was observed between
amorphous and crystalline NC. Supplementary Bragg reflection were observed in the
power spectrum localized on the NCs, but we could not evidence a particular crystal
structure for the NCs. The α-phase model supported by atomic simulation was then
considered. HRTEM imaging coupled with image simulations showed that NCs could
consist of this phase only if different variants are introduced to cancel supplementary
Bragg reflection due to the introduced order. The α-phase is also coherent with chemical results if part of the Ge are substituted by Mn atoms. We then end up with a GeMn
α-phase-based structure with a high content of Mn. The new experimental insights in
the phase of the GeMn NCs obtained from chemical measurement (higher density and
presence of substitutional Mn) could be explored by first-principles calculations.
In the second part of the fifth chapter, X-ray diffraction and TEM were used to investigate GeSnMn films containing up to 3.6 % of Sn and up to 10 % of Mn grown
pseudomorphically on Ge(001) substrates. Results show: i) despite the strain induced
by Sn, GeMn rich nanocolumns are formed similar to those of the GeMn layers, ii) inside the nanocolumns, the Sn concentration is lower than the EELS detection limit (<
1 %) iii) the matrix has a homogeneous GeSn composition iv) a strain-induced segregation of Sn atoms is observed around NCs leading to a cross shape chemical distribution
with branches aligned along the [110] and [11̄0] directions. It could be interesting to
better understand the particular shape of Sn segregation observed around the NCs.
Experimental observations indicate that the Sn segregation at the interface GeMn NC
and GeSn matrix leads to the presence of the {220} forbidden Bragg reflections. Atomic
simulations and simulations of ED patterns could be performed to precisely determine
the origin of the Sn segregation and get more insight in the structure of the interface.
The strain in GeSnMn layers was investigated using the GPA. The presence of GeMn
nanocolumns leads to variation of the in-plane lattice parameter in GeSnMn films, but
its average value is the same than the Ge substrate. GPA and HRXRD demonstrated
that the presence of GeMn nanocolumns does not change the out-of-plane lattice parameter for a given Sn concentration.
Finally, the comparison between these two systems shows that the magnetic moment
per Mn atom is higher in samples containing Sn as compared to GeMn samples. In
light of our investigations we attributed this phenomenon due to an interface effect
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related to the modification of the electronic structure of Mn atoms inside nanocolumns
surrounded by Sn. The increase of magnetization by an interface effect is a very
interesting phenomenon, that clearly requires further investigations. Exploration of
these experimental findings by first-principles calculations could provide more insights
in this phenomenon.
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A. EELS quantification using k factors
This appendix describes some of the basics for the composition quantification using
reference specimens.

Fundamentals
Following the Castaing’s approach [Cast 52] for quantitative analysis of EDX spectra,
we assume that the concentration ci of a given element i generates an intensity of
characteristic signal Ii . Using a known composition specimen (called standard) with a
concentration c(i) of the element i, we can derive the concentration ci of the unknown
specimen by measuring the ratio [Cast 52, Will 09]:
Ii
ci
=K
c(i)
I(i)

(A.1)

where Ii and I(i) are the measured intensity of the unknown and known composition
specimen, respectively. K is a sensitivity factor dependent on the detector. This
approach implies that the experimental conditions are exactly the same to obtained
accurate quantification.
Cliff and Lorimer extended the Castaing’s approach and rewrite Eq. A.1 as a ratio of
two element A and B [Clif 75]. The ratio of the concentration of each element cA and
cB is then related to the ratio of the measured intensity of each element IA and IB by:

IA
cA
= kAB
cB
IB

(A.2)

where kAB is the Cliff-Lorimer factor. kAB can be seen as the ratio of the partial crosssection σk (β, ∆) of each element. The concentration of each element can be derived by
assuming:
X

cN = 1

(A.3)

N

in case of a specimen consisting of N elements.
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Determination of the EELS kGe L2,3 factor
To experimentally determine the EELS kGe L2,3 factor, we have used a standard consisting of four SiGe layers of different concentrations. An HAADF-STEM images of
such a specimen is shown in Fig. 4.13. The Ge concentrations of the four SiGe layers
obtained by secondary ion mass spectrometry are 20%, 31%, 38% and 45% from the
bottom to the top layer, as reported in [Bech 09, Coop 09]. We are confident with the
quality of the standard specimen, i.e. composition of each layer, because the SIMS
results are in good agreement with strain measurement obtained by different methods
[Bech 09, Coop 09].
We start by removing the background of the Ge L2,3 and Si K edges in the EELS
spectra. Then, we measure the ratio IGe L2,3 /ISi K of intensity integrated over 60 eV
after the Ge L2,3 and Si K edges (at 1217 eV and 1838 eV, respectively).
Finally, for each layer of known Ge concentration cGe , the kGe L2,3 factor is determined
according to Eq. A.2:
kGe L2,3 =

ISi K
cGe
1 − cGe IGe L2,3

Concentration determination using kGe L2,3 factor
The Ge concentration cGe can be determined by combining Eq. A.2 and Eq. A.3:
IGe L2,3
cGe
= kGe L2,3
cSi
ISi K

and cGe + cSi = 1

It follows:
IGe L2,3
cGe
= kGe L2,3
1 − cGe
ISi K
IGe L2,3
cGe = kGe L2,3
(1 − cGe )
ISi K
IGe L2,3
IGe L2,3
cGe (1 + kGe L2,3
) = kGe L2,3
ISi K
ISi K
Finally, the Ge concentration is given by:
cGe =
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IGe L2,3
ISi K
I L2,3
kGe L2,3 Ge
ISi K

kGe L2,3
1+

(A.4)

B. Cut-off of the microscope in STEM
This appendix gives complementary information on the cut-off of the microscope mentioned in the sec. 2.5.5.2, which is of importance for the calibration of the collection of
HAADF detector in STEM mode. In the following, we consider the Fishione detector
as HAADF detector.
We present here the measurement performed on the FEI Titan3 Ultimate microscope
working at 200 kV. The images have been acquired in a thick area of the sample in
order to have a lot of electrons scattering at high angle. Fig. B.1 display distribution
of scattered electrons observed in the diffraction plane. The images were acquired for
three different camera length using the FEI FluCam camera.

(a) L = 29.5 mm

(b) L = 46 mm

(c) L = 91 mm

Figure B.1.: Images of the distribution of scattered electrons in the diffraction plane
illustrating the dependence of the cut-off of the microscope in STEM mode on the
camera length. The images have been acquired using the FEI FluCam camera in
diffraction mode for three different camera length: (a) L = 29.5 mm, (b) L = 46 mm
and (c) L = 91 mm. The blue and red circles correspond to the inner collection
angle of the HAADF detector and the cut-off of the microscope, respectively.

In Fig. B.1 shows that the distribution of scattered electron is contained within a 3fold symmetrical feature, whose limit is indicated by the red circle and corresponds
to the cut-off of the microscope in STEM mode - electrons scattered at higher angle
are not transmitted to the detector. We note here, that the 3-fold symmetry can be
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attributed to the double hexapoles of the post-specimen aberration corrector1 . From
these acquisitions, it is possible to determinate the cut-off of the microscope in STEM
mode. The red circle illustrated how the cut-off have been measured. The outer
collection angle θouter being determined by the maximal angle at which the electrons
reach the detector: it is given by either by the value of the the cut-off θcut-off or the
maximum angle allowed by the geometry of the detector (6.3 ± 0.2) × θinner . It follows
that:
θouter = min {θcut-off , (6.3 ± 0.2) × θinner }

(B.1)

The data plotted in Fig. 2.17(a) were determined using this method. The blue circles
drawn on the images correspond to the inner collection angle. By comparing the
position of the blue and red circles, we can observe that at low camera length (L =
29.5 mm) the inner collection angle of the HAADF detector is higher than the cut-off
of the microscope, meaning that no electron can reach the HAADF detector at this
camera length, i.e. no image can be obtained using the Fishione HAADF detector
considered here.
Fig. B.2 shows that the cut-off can be also observed directly on the HAADF detector.
Similarly to the Fig. 2.16 in chapter 2, an image of the HAADF detector images have
been acquired by scanning the detector with the electron probe while the projector
system of the microscope was set in image mode. After leaving the probe for a few
minutes on a thick area of the sample, one can observe persistence on the detector due
to previous electron illumination.
The two images in Fig. B.2 were obtained from the same raw image. Fig. B.2(a) correspond to a detector image with a linear display, while the gamma value of the image
in Fig. B.2(b) have been changed to highlight the feature corresponding to the cut-off
of the microscope. Using this method, we obtained a value of 160 ± 5 mrad for the
cut-off. This value is in fair agreement with the previous measurement illustrated in
Fig. B.1 using the FEI FluCam (166 ± 6 mrad) confirming the validity of the previous
method.

1

Similar experiment performed on a probe-corrected FEI Titan (without post-specimen aberration
corrector) exhibit perfect circular feature for the cut-off.
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(a)

(b)

Figure B.2.: Direct observation of the cut-off of the microscope in the STEM mode
on the Fishione detector. Both images were obtained from the same raw image, but
there are displayed using two different settings: (a) with linear display and (b) and
with appropriate gamma value. For the acquisition, the microscope was set in STEM
mode with a camera length of 115 mm and the projector was in image mode. The
blue and red circles correspond to the inner collection angle of the HAADF detector
and the cut-off of the microscope, respectively.
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