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Abstract

The adhesion of austenitic oxide dispersion strengthened (ODS) steel during mechanical alloying and a decreased
powder production yield can be overcome by the addition of a process control agent: stearic acid. Here, the
influence of stearic acid and the introduction of carbon in an extruded and annealed austenitic ODS steel was
investigated. In particular the impact of carbon on the precipitate formation, the stability of particle and grain
sizes during a heat treatment of 2 h at temperatures in a range between 500 and 1100 °C and the resulting grain
size were investigated. No direct influence of carbon on the formation of precipitates was detected in the as-
extruded condition. The orientation relationship of oxide nanoparticles and the austenitic matrix was found to
be size dependent. Also, a surprising growth of oxide precipitates was recorded, which starts at annealing
temperatures as low as 700 °C. Precipitates in other steels do not show a growth in this temperature regime at
all. For that reason, a possible link between the unexpected growth and the formation of carbides was
investigated. M;C; and M,;Cg carbides were found in every sample condition and we were able to show that their
amount follows a trend suggested by thermodynamic simulations. The grain size of the extruded austenitic ODS
steel was examined and a grain refinement was found after a heat treatment of 2 h at 700 °C or higher was
performed. That is caused by the inhabitation of further grain growth after nucleation as part of the
recrystallization process has happened. The dragging force exerted by precipitates is strong enough to pin grain
boundaries. Nevertheless, no direct impact of carbon on the oxide precipitate growth was found, an indirect
impact of carbon on the growth of ODS precipitates is supposed but requires long-term annealing studies to be
verified.

Keywords:

e Austenitic steel

e ODS

e Process control agent
e Mechanical alloying

e TEM
o APT
e EBSD


mailto:tim.graening@kit.edu
mailto:michael.rieth@kit.edu
mailto:j.hoffmann@kit.edu
mailto:sascha.seils@kit.edu
mailto:edmondsonpd@ornl.gov
mailto:anton.moeslang@kit.edu

1. Introduction

The successful introduction of nano-particles in ferritic steels achieved enhanced high-temperature properties
and radiation resistance, but this was accompanied by a reduced ductility and partial embrittlement of these so-
called ‘oxide dispersion strengthened’ (ODS) steels [1, 2]. For this reason, interest in introducing nano-
precipitates during the more ductile, austenitic phase has grown stronger and can be seen in the growing number
of publications in this research area since 2008 [3]. Like their ferritic counterpart, the austenitic ODS steels are
designed to be used as a structural material in future fusion power plants and, therefore, the majority of the
research was targeting the development of a material with superior strength and ductility in comparison to
ferritic ODS steels at high temperatures [4-9]. However, only few publications have discussed the decreased
powder yield of austenitic ODS steels produced via mechanical alloying [10-12]. Due to the increased adhesion
of the ductile, austenitic powder on the walls of the milling vessel, it is necessary to add a process control agent
(PCA) to the powder to achieve a production yield of 100 % [10—-12]. The adhesion of ductile powders during
mechanical alloying is a well-known problem, which was already reported for aluminum and was tackled by the
addition of a carbon-rich PCA [13, 14]. Applying this method to the processing of austenitic ODS steels helped to
overcome this drawback by coating the surface of the powder particles during the mechanical alloying process,
but it has yet to be shown how this affects the microstructure and the mechanical properties of the final product.

Here we investigate the possible influence of a carbon-rich PCA on the formation of ODS precipitates in extruded
rods and evaluates the changes during a short-term annealing of two hours at different temperatures using
transmission electron microscopy (TEM) and atom probe tomography (APT) methods. To shed light on the impact
of carbon, not only on the precipitates but also on the grain size, scanning electron microscopy (SEM) and
electron backscattering diffraction (EBSD) methods were applied. The findings were compared to
thermodynamic simulations.

2. Materials and Methods

2.1. Materials

The material was produced using a novel two-step mechanical alloying process using a steel prealloy, FesY,
elemental nickel powder and stearic acid as a PCA. In house investigations have shown that FesY is easier to
dissolve and distribute than the more commonly used Y,03 and helps to reduce the milling time. The first and
second milling step were performed in batch sizes of 200 g and have taken 20 and 12 h, respectively. The whole
process is described elsewhere in more detail [12, 15]. After mechanical alloying, the powder was used to fill a
stainless steel can of 80 mm diameter and 100 mm in height. The steel can was degassed at 450 °C under an
applied vacuum of 2x10° mbar and then sealed. It was directly extruded at a temperature of 1100 °C (in one-
step) to form a rod 15 mm in diameter corresponded to a deformation degree of -1.67. The actual chemical
composition of the extruded rod is listed in Table 1 and labeled as PCA-2 for consistency with the mentioned
prequel. A triple determination method was used for each analyzing method and all powders. The carrier gas hot
extraction method was applied to determine the amount of oxygen, while carbon was measured using a carbon/
sulfur analyzer. All other elements were identified after they were dissolved in a mixed acid using inductively
coupled plasma optical emission spectrometry (ICP-OES). Parts of the approximately 2 m long rod were then
heat-treated for 2 h at 500, 700, 900 or 1100 °C to determine the influence of a subsequent annealing on the
evolution of the ODS precipitates and the microstructure.

It was also demonstrated in a previous publication, that the milling process was successful with the addition of a
carbon-containing process control agent (PCA) and that a powder production yield of 100 % can be attained [15].
Here, the impact of carbon is analyzed in extruded rods. An overview of the microstructure and distribution of
carbon and a thorough evaluation of the orientation relationship of particles and the austenitic matrix are shown
with respect to the size of the oxide nanoparticles formed. Atom probe tomography methods were applied to
investigate changes in the microstructure, such as the growth of precipitates and the change in the number
density of precipitates with respect to the chosen annealing temperature.



Tablel  Determined chemical composition of the extruded rod in wt.-%.

Rod Fe Cr Ni \W Mn Ti Vv Y 0 C
PCA-2 balance 16.00 14.10 1.52 0.37 0.16 0.16 0.18 0.14 0.28

2.2. Microscopy

Samples for transmission electron microscopy (TEM) were prepared by cutting off thin slices of the extruded rod
to a thickness of approximately 1 mm, followed by grinding and polishing of the slices to achieve a thickness of
0.1 to 0.2 mm. Three small discs with a diameter of 3 mm were punched out of each prepared slice. Finally,
electro-polishing in a TENUPOL V device with an electrolyte mix of 20% H,SO,4 and 80% CH3;OH was carried out at
20 °C, followed by a cleaning step applying a precision ion polishing system.

TEM studies were carried out with an FEI Tecnai 20 FEG analytical microscope with an accelerating voltage of
200 kV and a high angle, annular dark field detector. Energy dispersed X-ray spectroscopy (EDS), in combination
with scanning TEM (STEM) mode, was recorded using an EDAX Si(Li) detector with an ultra-thin window and a
FEI double tilt holder. The recording and determination of diffraction patterns was performed using Digital
Micrograph (by GATAN) and ImageJ software [16]. Structural information from the ICSD database gave Y,TiO; (a
=1.0350 nm; orthorhombic), Y,Ti,0; (a = 1.0095 nm; pyrochlore) and Y,0; (a = 1.0600 nm; bixbyite) as possible
phases for nanoclusters and of y-iron (a = 0.365 nm; Cu structure type) for the austenitic matrix that has been
used for evaluation [17-19].

Samples for scanning electron microscopy (SEM) were ground and polished in the same way as the TEM samples
but instead of punching three small discs out of the ROI, the whole sample was electro-polished for 15 seconds
at 12.5 V using the same electrolyte as for the TEM samples. Finally, the surface was cleaned using isopropanol
before investigation of the samples was carried out on a Zeiss Merlin field-emission gun scanning electron
microscope, with GEMINI Il electron optics and an acceleration voltage of 20 kV for electron back scattering
diffraction (EBSD). Kikuchi patterns were recorded with an EDAX Hikari high-speed EBSD camera and evaluated
by TEAM and OIM Analysis 7.0 software. A minimum confidence index (Cl) of 0.1 was applied, misorientation
angles higher than 10° were set as grain boundaries and all typical 23 coincidence side lattice (CSL) for a face-
centered cubic lattice (60° on the {111} plane) were identified. All maps are presented and evaluated in an
orthogonal direction with respect to the sample. A minimum confidence index (Cl) of 0.1 was applied,
misorientation angles higher than 10_ were set as grain boundaries and all typical 23 coincidence side lattice
(CSL) for a face-centered cubic lattice (60° on the {111} plane) were identified. Finally as a clean-up step a grain
Cl standardization with a tolerance angle of 5° was applied to all EBSD maps.

2.3. Atom probe tomography

APT experiments were performed in a LEAP 4000X HR local electrode atom probe, produced by CAMECA
Instruments Inc. The specimens were analyzed in laser-mode at a sample temperature of 40 K. A pulse repetition
rate of 200 kHz, focused laser beam energy of either 75 or 100 pJ, and a data collection rate between 0.3 % and
1% ions per field evaporation pulse were applied. Between 266 and 370 million atoms were collected for each
heat treated condition. Surface regions that contained damage from the gallium ion beam have not been used
for the evaluation. Data analysis was performed using the IVAS 3.6.14 software package by CAMECA Instruments
Inc. The maximum separation method described elsewhere was used to identify the nanoclusters for further
analysis [20]. A value between 8 and 12 was selected as a cut-off limit for the minimum size of a cluster N,,;, and
value of 1.0 nm was used as the maximum separation d,,., of core ions.

The average radii of the yttrium and titanium-rich clusters were calculated by using the spherical equivalent
radius (SER) R given by Refs. [21,22]:

3N

R= 4mpQ

where N is the number of titanium and yttrium atoms in each precipitate, r is the density of the precipitates, and
Q is the detection efficiency of the atom probe used, which was taken to be 0.4. For comparison reasons, the
calculated radii of precipitates were also determined by applying an often-used method: the Guinier radius R,. It
is given by Ref. [23]:
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where | is the radius of gyration. The measurements of the diameter were performed parallel to the analysis
direction, as proposed in a publication by London et al. [24].

3. Results & Discussion

3.1. Microstructure in the extruded condition

The sizes, distribution and orientation relationship of the precipitates (as well as the grain size of as-extruded
material) were investigated to set a baseline for a comparison with the annealed samples. For those
investigations, the influence of carbon was discussed and evaluated in each section. To get a general impression
of the microstructure, a high-angle annular dark field (HAADF) image of the rod was taken with the normal
direction of the presented plane parallel to the extrusion direction and is pictured on the left-hand side of Figure
1. The EDS maps on the right-hand side of Figure 1 show the formation of a large carbide with a diameter of 500
to 700 nm. It is incorporated into the austenitic matrix. The carbide consists of several elements, namely
chromium (Cr), vanadium (V), tungsten (W), and manganese (Mn). An enrichment of oxygen and carbon can be
seen by comparing the EDS maps of both elements. It can be inferred that the formation of nano-sized oxides
and larger, complex carbides occur in conjunction with each other during the extrusion process. After mechanical
alloying, no carbide-rich precipitates were found inside the powder particles and this means that their formation
and growth occurs during the extrusion process. Several ODS particles were found at and near to the grain
boundary of the carbide, which can be seen as a first indication of their restraining force on grain boundary
migration. A lot of small ODS precipitates consist of multiple phases clustered next to each other. This
phenomena can be observed in the particle in the enlarged area in the top left of the HAADF image in Figure 1
and it has also been reported by other researchers [21]. The two circled regions have a darker contrast and
contain elements with a lower atomic number. Comparing this enlarged particle with the element maps on the
right-hand side reveals that it contains vanadium (V), titanium (Ti), yttrium (Y), and oxygen (O). Vanadium inside
the nano-particles can impede the capillary-driven particle coarsening by reducing the interface energy and this
can be a beneficial contribution [22, 23]. A couple of these multi-phase particles with a diameter in the range 15
to 25 nm were found across the whole sample, whereby the majority of the small particles with a diameter less
than 10 nm contain high amounts of Y, Ti, and O.



Figure 1 HAADF TEM image of the microstructure of the as-extruded rod next to EDS maps showing the significant elements in the same

area. Yellow arrows highlight Ti-O precipitates, while white arrows display complex Y-Ti-V-O particles.

For a basic understanding of the growth behavior of ODS precipitates at elevated temperatures and their
influence on mechanical properties, it is important to determine the orientation relationship between the
particles and the matrix. Knowing the phase composition and obtaining information about the orientation
relationship of particles and matrix enables the calculation of the interface energy, which is an important factor
in predicting the growth of precipitates at high temperatures [24]. Thus, high-resolution transmission electron
microscopy (HRTEM) images of precipitates with different diameters were taken and are presented in Figure 2.
A dashed yellow circle marks a precipitate with a diameter of approximately 10 nm. Next to this larger
precipitate, smaller ones were found and some of them are highlighted with blue dashed circles. On the top right
of Figure 2, an image of the fast Fourier transformation (FFT) of the entire HAADF image is presented which
reveals the reciprocal lattices of several precipitates and the austenitic matrix. On the bottom right, a detailed
evaluation of the FFT is depicted, where the yellow box and blue circles represent reflexes produced by the large
and several smaller precipitates, respectively. The red colored reflexes are representative of the reciprocal lattice
of the austenitic matrix. The precipitates were found to correspond to the Y,Ti,O; phase. It can be seen that the
size of the precipitates does have an impact on the orientation relationship. The austenitic matrix and the small
precipitates both exhibit a {011} zone axis and the orientation relationship can be expressed as follows:

[011] Y,Ti,O, // [011] y-Fe with (111) // (111) and (200) // (200).

Essentially, this means that a cube-on-cube relationship between particles and matrix exists, which has also been
found for ferritic ODS steel [25, 26]. This orientation relationship was also found to be true for austenitic ODS
steels by other researchers [27].

In contrast, bigger precipitates tend to have a different orientation relationship with the austenitic matrix, which
turns out to be of the following type:

[001] Y,Ti,0 // [011] y-Fe with (200) // (200).

An inverse FFT image displayed in the bottom left image in Figure 2 was generated using the yellow marked
reflexes and proves that the reflexes belong to the bigger precipitate. The lattice mismatch 6 between the matrix
and the particle was calculated using the formula § = |2 (di —dy)/(d1 + dy)| and is displayed in Table 2. The
often-reported orientation relationship of the (400) & (200) plane (with a very low mismatch of only 0.3%
between Y,Ti,0; and the austenitic matrix) was not found but is listed for comparison reasons [7]. Similar to the
results found by Miao et al. [27], most precipitates larger than 15 nm in diameter exhibit an incoherent and
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random orientation relationship. Coherent precipitates are twice as effective as incoherent precipitates in
pinning boundary migration and can suppress recrystallization more efficiently, due to the higher interface
energy in an incoherent precipitate. This extra energy must be spent by the passing boundary to form an
incoherent interface [28]. However, all precipitates exert a drag force on a boundary and prevent grain growth
to a certain extent, which is known as the Zener pinning. The small radius, high number density, low interface-
energy, and rounded shape of the precipitates are beneficial to increasing the Zener drag. For that reason, small
coherent precipitates can prevent grain growth at higher temperatures more effectively. The stress field leads
to an increased threshold energy, which needs to be overcome by dislocations to continue their motion. This
eventually results in an increased yield strength for material with precipitates [28, 29].

In terms of mechanical properties, it is of interest to determine the amount and the size of the formed carbides,
which can severely affect the mechanical properties. It is well known, that M,;Cs carbides can cause
embrittlement and decrease the ductility [30, 31] but the focus of the TEM investigation was to analyze the
influence of carbon on the formation of nano-scale oxide precipitates. In extruded material, the impact of carbon
on the microstructure was not visible in terms of the precipitate orientation or phase formation. However, one
indirect influence resulting from a driving force for the formation of carbides with elements (which are important
for the formation of ODS precipitates), was observed in heat-treated powder and needs to be investigated by
further methods in extruded material [15].
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Figure 2 Determination of the orientation relationship between particles and the austenitic matrix in respect to their size in as-extruded

condition.



Table2  Mismatch between selected lattice planes of Y,Ti,O; and austenite.

(hk1) d (hkl) / nm Mismatch &
Y,Ti,0; & Austenite Y,Ti,05 Austenite
(333) & (111) 0.1943 0.2055 5.6 %
(600) & (200) 0.1683 0.1780 5.6%
(400) & (200) 0.1785 0.1780 0.3%
(800) & (220) 0.1262 0.1259 0.3%

3.2. APT

For additional insights into the three dimensional distribution and the size of the precipitates, APT samples have
been investigated. The APT results of the as-extruded material are displayed in Figure 3. A region inside the
austenitic matrix was chosen to analyze the nano-particles. Figure 3 shows accumulations of carbon along a grain
boundary (GB) in the middle of the tip. This grain boundary separates two grains with vastly different
microstructures. The top part of the tip has a much lower number density of precipitates in comparison with the
bottom half of the tip. This leads to the conclusion that regions with different number densities of precipitates
co-exist next to each other. As a consequence, the determined volume fraction of particles might not be
representative for the entire material, due to the limited volume of the specimen tested. However, large
differences in the number density of ODS precipitates in other mechanically alloyed ODS steels are often reported
[32].

Carbon is one of the elements most likely to form chromium carbides because of its abundance as one of the
major elements in the alloy and the low Gibbs energy of chromium carbides [33] but it was not found in the
proximity of the oxide-rich precipitates. A thorough examination of the precipitates shows that the APT results
are in good agreement with the findings of the TEM EDS analysis and confirm the contribution of vanadium atoms
in multiple precipitates. Chromium and iron atoms were also found inside and around the precipitates and can
possibly be attributed to flight-path aberrations, due to differences in the evaporation field of oxide particles and
the matrix. However, a core-shell structure (often reported for ferritic ODS steels) was not observed [34-37]. Its
absence can be explained by the significantly smaller mismatch between the precipitates and the austenitic
matrix of only § = 5.6 % instead of the reported 12.6 % for the (110)//(440) mismatch in ferrite and a low surface
energy of Y,Ti,0; which may make a buffer chromium layer between the precipitates and the matrix redundant
[25, 34, 38].
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Figure 3 Results of an APT-measurement of PCA-2 in as-extruded condition showing a precipitate-rich area in the middle of the tip and
a particle-voided area at the top of the tip.



After setting the baseline with the investigation of the as-extruded material, the annealed material was examined
to follow the evolution of the precipitates and to determine a possible impact of carbon. A representative
overview of the microstructure of several grains with differently sized precipitates for the material is shown in
Figure 4; this was annealed at 1100 °C for 2 h.

A large precipitate containing Ti-V-0, a smaller precipitate mostly comprising Cr-W-Mn-C, several Y-O particles
and a few precipitates containing Y-Ti-O were identified. A decreased Cr, W, and Mn content along the grain
boundaries is also visible and indicates diffusion of those elements along the grain boundary, to form carbide
precipitates [39, 40].

It is also noticeable that argon gas, which was used as an inert gas during mechanical alloying, was found as an
impurity adjacent to the small Y-O and Y-Ti-O precipitates. This [41, 42]. That can be explained by a low interface
energy between the nano-precipitates and the austenitic matrix, which lets the nano-particles act as sinks for
vacancies and argon gas bubbles [7, 43—-47]. However, argon bubbles have a negative effect on mechanical
properties when they are attached to ODS precipitates. A decreased strengthening effect by the precipitates,
caused by a reduced pinning pressure exerted on dislocations, is detectable [48]. Therefore, the amount of argon
introduced to the matrix material during mechanical alloying should be minimized. The perfect ratio between
yttrium, titanium, and oxygen (in weight percentage) to form the preferred Y,Ti,0; precipitates is 1.00 to 0.54 to
0.86 [12]. The Y,Ti,0; phase is preferred because of its high temperature stability and the low potential for
precipitate coarsening, due to its low interface energy in an austenitic matrix [25] In the case of material PCA-2,
and following chemical analysis by ICP-OES, the ratio is 1.00 to 0.89 to 0.78 for the aforementioned elements.
Comparison between these values implies that an excess of titanium and a lack of oxygen are present in PCA-2.
Larger, unwanted Ti-V-O precipitates have formed due to the abundance of titanium: high titanium content and
the low amount of oxygen contribute towards the formation of Ti,03, Ti-V-O and Y,0s instead of forming Y,Ti,0,
due to the lower oxygen-demand required to form Ti,O; and Y,0s. This trend was also observed in annealed
powder samples [15].

Figure 4 HAADF image of the microstructure after a short-term annealing for 2 h at 1100 °C.

In this context, it is also important to note the size differences of the much larger titanium-rich and smaller
yttrium-rich oxides depicted in Figure 4. It is necessary to examine the diffusion coefficients of titanium and
yttrium in austenitic steel and to take the differences in the free Gibbs energies of the formed precipitates into
consideration. Jiang et al. [43] have done thermodynamic simulations on the formation of ODS precipitates and
suggested that yttrium, which was either dissolved or fractured and homogeneously distributed during the

8



mechanical alloying process, forms Y,0; when there is a low partial pressure of oxygen and a high temperature
[43, 49]. In addition, an increased diffusion coefficient of titanium (approximately 7.6 times that in austenitic
steel, compared to the ferritic counterpart), is attributed to its high diffusivity [50]. The combination of a low
oxygen level, the low free Gibbs energy of Y,0; and Ti,03, and the high diffusivity of titanium and oxygen in
austenite explains the formation of Ti,O3 and Y,0;3 prior to Y,Ti,05. It also helps us to understand why titanium
oxides grow much faster and can be found in the often-documented size range between 50 and 200 nm in
diameter. Only titanium atoms, which are near yttrium, tend to diffuse towards the newly sequestered yttrium-
rich precipitates to form the highly stable Y,Ti,O, phase in areas where enough oxygen is present. In addition, a
low surface energy between Y,Ti,0; and the austenitic phase and the orientation relationship can be attributed
to a much smaller size of the yttrium-rich oxides compared to the titanium-rich oxides.

Figure 5 shows the APT results after annealing had been performed at 700 °C and 1100 °C for 2 h each. It has to
be noted, that huge carbides were found in both microstructures and that the displayed APT needles are not
representative of the whole microstructure in general, due to their limited sample volume. The focus of the
investigation has been on the growth of the oxide nano-particles and the elements which have been involved.

For both of the temperatures investigated, the nano-precipitates consist mainly of V, O, Cr, Ti, and Y and show a
heterogeneous distribution inside the APT needles. Aluminum was also found in bigger Al,O; precipitates with a
diameter in the rage of 30 to 80 nm. It is an impurity introduced during the steel production process and can
often be found in mechanically alloyed steels [51, 52]. The analysis of the 700 °C APT needle confirms that nano-
precipitates even exist inside big carbon precipitates and with that it can be inferred that the nano-precipitates
were not able to hinder the growth of the carbides. The elements which sequestered carbon are V, Cr, Mn and
W. All of these findings are in good agreement with the TEM results in Figure 4. However, the TEM results indicate
that Y, Ti, and V are the major elements forming oxides, while APT results point to the fact that chromium also
plays a role in the formation of the nano-precipitates. The results presented are also in good agreement with the
Ellingham-Richardson diagrams, which show that the most likely elements to form oxides are yttrium, titanium,
vanadium, manganese and chromium, in descending order [53-55].
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Figure 5 Particle distribution after a heat treatment of 700 °C (left) and 1100 °C (right) was applied for two hours.

Recently published research has demonstrated the stability of nano-precipitates and of the grain size during long-
term heat treatments up to 1150 °C [12, 56]. No significant growth of precipitates was detected after their
formation during extrusion. In the present study, the average radii of the yttrium and titanium-rich clusters were
calculated by using the spherical equivalent radius (SER) R given by [57, 58]:

L
~ J4mpQ’

where N is the number of titanium and yttrium atoms in each precipitate, p is the density of the precipitates, and
Q is the detection efficiency of the atom probe used, which was taken to be 0.4. For comparison reasons, the
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calculated radii of precipitates were also determined by applying an often-used method: the Guinier radius Ry. It
is given by [59]:

5
Ry = §lg,
where /, is the radius of gyration. The measurements of the diameter were performed parallel to the analysis
direction, as proposed in the publication by London et. al. [60]. The median of the size distribution of precipitates
is shown in the box plot of Figure 6. Table 3 summarizes the APT results including the volume fraction of the
precipitates f and their number density N. Four to six APT needles were tested for each condition, to give better
statistics on the size of the precipitates.
Across all tested annealing temperatures, the mean diameter, determined using the Guinier radius, are larger
than the values measured by the SER method at the same temperature. Nevertheless, both methods reveal the
same trend shown in Figure 6: the median of the precipitate size distribution increases during an annealing, while
the spread remains similar. An increasing median and mean diameter as well as a shift of the first and third
quartile towards larger diameter prove that finding. The median is smaller than the mean value for every
condition, which indicates a positive skewness of all three size distributions. The absolute values are less
important than the fact that a change in diameter is visible even after short annealing times of only 2 hours.
However, from a histogram plot (not shown) it can be seen, that the fraction of small precipitates between 1 and
3 nm decreases in favor of an increased fraction of precipitates in a range between 6 and 15 nm in diameter
during annealing. Due to the high count of atoms for each condition, the standard deviation of the measured
mean radius contains valuable information about the spread of the size distribution. The spread is also shown by
the whiskers in Figure 6. They represent the minimum and maximum value of the measured diameter inside the
one and a half times range of the interquartile range (IQR) [61].
In Table 3 a drop in the volume fraction is visible for the 1100 °C sample. Although four needles were tested at
that temperature, due to the small sample volume and an inhomogeneous distribution of particles (see Figure
5), the volume fraction and the number density are locally dependent parameters. Because the same amount of
yttrium and titanium was available in the material at all temperatures (which constitutes a constant volume
fraction), the lower volume fraction can only be explained by the small investigated volume and an
inhomogeneous particle distribution. The latter would cause a higher standard deviation of the volume fraction
at 1100 °C, which was not detected. For that reason, areas with a lower volume fraction of particles must have
been measured. Nevertheless, a general trend of declining values of number density of precipitates was observed
at high temperatures, which clearly indicates that diffusion-controlled growth of precipitates occurred.
Carbon forms huge carbides with V, Cr, and W at high temperatures, due to its high diffusivity. It is not directly
related nor dependent on the vacancy diffusion mechanism, but it diffuses to energetically favorable positions
like dislocations or grain boundaries and can easily form carbides with the aforementioned elements [62].
It is still unclear why the ODS precipitates tend to grow after a short term annealing was conducted. An indirect
effect of carbon on the growth of precipitates is suggested, which would explain the growth of precipitates as an
accompanying process in the diffusion of carbon and the formation of carbides:
The diffusion of contributing elements in the carbide formation process facilitates the growth of titanium oxides
and yttrium oxides. As the chemical composition changes, the diffusion coefficient of carbon in steel and the
diffusion coefficient of other elements is affected in the same way by a change of the matrix material [63]. Carbon
diffuses towards energetically beneficial positions and with that, changes the energy threshold for diffusion of
other elements in the vicinity of carbon during its motion and, also, after the formation of the huge carbides. The
diffusivity of titanium, oxygen and yttrium depends on a chemical gradient, the diffusion of other elements, the
number of vacancies and the temperature.
For these reasons, we suggest that the existence and diffusion of carbon assists the diffusion of Cr, V, and W to
form the aforementioned carbide phases. Several studies have proved that the alloying elements impact on the
diffusion coefficient of carbon in steel [63, 64]. In an addition to this, we suggest there is an interdependence of
carbon diffusion and the diffusion of other alloying elements. This means that the diffusion of yttrium or titanium
could also be facilitated by the presence of carbon and it would explain the unexpected growth of precipitates.
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Figure 6 Box plot of the mean particle diameter before and after annealing determined using the Guinier radius. The median is illustrated

by the line inside the box limiting the first and third quartile. The whiskers represent the minimum and maximum value inside
the 1.5xIQR. Outliers are not shown in this diagram.

Table 3  Results of the APT analysis of Y/Ti/O precipitates after a heat treatment of 2 hours. Mean diameter of precipitates dops has been
determined using the Guinier and the spherical equivalent radius (SER) method. The upper and lower limits represent the calculated
standard deviation. f=volume fraction of precipitates; N = number density of precipitates.

Temee N s Ve Gulidon Gy wpnomo el
0 266 3.70 4.56 +3.28 283+166 0.76+0.39 3.03+1.07 2106
700 373 4.01 518+4.73 353+220 0.76+0.31 1.18+0.48 1424
1100 290 4.74 588+4.20 3.72+2.16 0.43+0.16 0.83+0.63 428

3.3. Comparison of thermodynamic calculations and the microstructure

Figure 7A reveals the temperature-dependent phase composition of material PCA-2 in thermodynamic
equilibrium when calculated using the software JMatPro 5.0, by Sente Software. The phase fraction of the M»3Cg
phase has a significant role in terms of the mechanical properties of the alloy and is marked with a red line in
Figure 7. This diagram gives us an idea of the phase fraction of PCA-2 after heat treatments at 500, 700, 900 and
1100 °C. A phase fraction (wt.-%) of M,3Cs of approximately 5.3 % at 500 and 700 °C, 4.5 % at 900 °C, and 1.5 %
at 1100 °C would exist in the equilibrium state in the extruded PCA-2, under the assumption of an infinitely fast
guenching process after the heat treatment. However, PCA-2 was only annealed for two hours and cannot be
considered to be in an equilibrium condition. For a better understanding, the time dependency must be taken
into account. The graph in Figure 7B shows the formation of the most important phases (with an arbitrarily
chosen fraction of 0.5 %) with respect to the annealing time and temperature. A fraction of 0.5 % of M»;Cs and
M,C; can already be obtained after 1 or 4 minutes at high temperatures of 1100 or 900 °C, respectively. The same
amount of phase fraction can only be found after 300 minutes at temperatures of 700 °C. In Figure 7B, the applied
annealing time of two hours is represented by a vertical black line, which also highlights that no phase fraction
of a carbon-rich phase exceeds 0.5 % at temperatures below 730 °C for this annealing time. Further simulations
have proved that the maximum phase fraction at 900 °C (4.5 %) and 1100 °C (1.5 %) was already reached within
46 or 5 minutes of annealing, respectively, but only around 0.2 % of the phase fraction of the M,3C¢ phase have
been formed at 700 °C. Additionally, the M,C; phase was found to be the carbide phase with the second highest
phase fraction. Being a metastable phase, M,C; transforms into the more stable M,3Cs phase and is not shown
in the phase diagram in the equilibrium state on the left-hand side of Figure 7 [33, 55]. However, time-dependent
phase diagrams like Figure 7B can be inaccurate and the above mentioned times should only be considered as
trends. For that reason, Figure 7A is the more reliable source of information in terms of the phase fractions of
the annealed samples.
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Figure 7 Thermodynamic simulation performed with JMatPro 5.0 using the chemical composition of PCA-2; A) the thermodynamic
equilibrium of the phases as a function of the temperature and B) the temperature needed to form 0.5 wt.-% of the displayed
precipitates/ intermetallic phases as a function of the holding time.

A comparison of the calculated results with the obtained microstructure (shown in Figure 8 and Figure 11),
allows, us to draw conclusions about the impact of carbon, heat treatment and precipitates on the grain size.
Figure 8 shows EBSD phase maps before and after different heat treatments. The normal direction of the maps
is parallel to the extrusion direction. All maps were evaluated in the extrusion direction (ED). According to the
information about the time-dependent formation of the carbide phases, gained from Figure 7, three phases were
of special interest: the austenitic, the M,3Cs, and the M,C; phase. These are displayed in red, green and teal in
Figure 8, respectively. The grain boundaries are colored in black. Some areas have not shown Kikuchi patterns
due to the surface roughness, which was generated by selective etching. These dark areas have been investigated
using SEM energy dispersive x-ray (EDS) methods and were determined to be rich in titanium and oxygen. The
different sizes of the two mentioned carbide phases are in good agreement with the calculated results shown in
Figure 7, which indicate that more M,5C¢ is created in the investigated temperature range (image A) and that
M,3Cs precipitates are formed faster than the competing M,C; precipitates (image B). The created M,3Cg
precipitates grow faster and are larger than the M,C; precipitates and thus can be found as large particles.
Precipitates of the M;C; phase are visible along grain boundaries and were found to be smaller and more
frequent.

The austenite grains of the as-extruded and the 500 °C sample are similar and exhibit some large grains. In
between the austenitic matrix material, carbides with a diameter in the range 50 to 800 nm were found. Larger
M,3C¢ precipitates had been formed (green), whereas the M,C; phase (teal) was found to be sequestered in
smaller precipitates along the grain boundaries of the austenitic matrix. Comparison of the as-extruded and the
annealed condition reveals that the M,;Cs precipitates increased in size after an annealing up to 900 °C. The
1100 °C sample, however, has larger titanium oxides and less carbides, which is also in good agreement with the
thermodynamic simulations shown in Figure 7, due to the lower total limit of the carbide phase fraction
(1.5 wt.-%).
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Figure 8 EBSD phase maps of austenite, M,3Cs and M,C; for all sample conditions.

Atotal of 13 area-% are found to belong to carbide phases in the as-extruded condition. ‘Not-indexed’ areas have
not been taken into account for the calculation of the area fraction, which leads to an increased value for all
other phases in general. Only the trend of the area fractions (not the total values) were evaluated for comparison
reasons. The area fraction of the two most prominent phases besides the austenitic phase (the M,3;Cs and the
MC; phase) are depicted in Figure 9, together with the sum of these carbides. An increased aggregate of carbides
(which was higher than the average (13 area-%)) was found after an annealing at 900 °C. At all other
temperatures the total area fraction of carbides remains similar. Nevertheless, the ratio between the two carbide
phases changes. The phase fraction of M,3Cs rises steadily for increased annealing temperatures until a peak at
900 °C was reached. A drop of the maximum area fraction, from around 7.5 area-% to 5 area-%, was observed
for an increased annealing temperature of 1100 °C. This decline is linked to the lower maximum of carbides at
this temperature of only 1.5 wt.-%, according to Figure 7. A trend for the M,C; could not be observed however,
Figure 8 shows a decreased grain size after an annealing at temperatures of 700 °C and above. A smaller grain
size is tantamount to more grain boundaries, which are the sites where M,C; carbides were found. More grain
boundaries also provide more diffusion paths and formation sites for carbon and carbides, which decreases their
size and also their detectability. This could be a possible explanation for the drop of the area fraction after an
annealing at 700 °C was carried out. This investigation of the carbides highlights that the amount of both carbide
phases can be correlated with each other and is directly linked to the chosen annealing temperature.
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Figure 9 Area fraction of the analyzed carbide phases and their sum for all investigated temperatures.

After the carbide formation was investigated, the texture and the grain size were examined and summarized in
Figure 10 and Figure 11. Inverse pol figure (IPF) maps and grain average misorientation (GAM) maps of as-
extruded and annealed material are shown in Figure 10. In the as-extruded sample, most grains have a (001)
orientation, which is typical for extruded material and, in this material, was found to be 7.8 times more likely
than a random orientation. Approximately 5 % of the grains exhibit a (001)<010> orientation, which is linked to
an occurrence of dynamic recrystallization [12, 23]. The samples annealed at 500, 700 and 900 °C have some
larger grains with a (111) orientation (not displayed). In terms of the grain size, a change towards a smaller grain
size can be observed for higher annealing temperatures. This phenomenon can be explained by comparing the
GAM of as-extruded and annealed material on the bottom of Figure 10. The GAM is able to give information
about the misorientation within a single grain and, with that, an indication of the driving force that lead to
recrystallization. Small angle grain boundaries and a high dislocation density contribute to the average
misorientation. During an annealing treatment, recrystallization occurs in those areas and small grains form and
grow until they get pinned by precipitates. These newly-formed grains have a much lower average misorientation
and can be seen on the bottom right-hand side in Figure 10.
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Figure 10  Inverse pole figure and grain average misorientation maps before and after annealing at 1100 °C.

In Figure 11, the austenitic grain size dependence on the annealing temperature is evaluated using two methods:
a number and an area averaging. The first method is the conventional numerical average, while the second
method comprises weighting the average value by the area of each grain. If the grain size is uniform, both
methods should generate average grain size values which are close to each other. Therefore, plotting both graphs
and comparing the difference between them gives information about the homogeneity of the grain size. It is
often reported that ODS steel tends to form a bimodal grain size [32, 65, 66]. In the austenitic grain size
dependence on the annealing temperature is evaluated using two methods: a number and an area averaging.
The first mentioned is the conventional numerical average, while the last mentioned method is weighing the
value of the average by the area of each grain. If the grain size is uniform, both methods should generate average
grain size values, which are close to each other. Therefore, plotting both graphs and comparing the difference
between them gives information about the homogeneity of the grain size. It is often reported, that ODS steel
tend to form a bimodal grain size [32, 65, 66].

In Figure 11, it can be seen that in the as-extruded condition and after an annealing at 500 °C the grain size is
considered to be bimodal, showing differences in the average grain size between both evaluation methods of
between 0.7 and 0.9 um. The standard deviation of both calculated grain size averages gives additional
information about the grain size distribution. Its decrease, in addition to the smaller gap between the determined
values of the grain size at annealing temperatures of 700 °C and above, indicates that the microstructure
becomes more homogenous at higher annealing temperatures. No relationship between the resulting
microstructure (shown in Figure 10) and the carbide formation and evaluation (shown in Figure 8 and Figure 9)
was found and, therefore, a long-term annealing of a carbon-rich austenitic ODS steel is necessary to investigate
the growth and change of precipitates and grains to reveal the full impact of carbon on the microstructure and
mechanical properties. Development of the grain size of an austenitic ODS steel after annealing has been
reported elsewhere and seems to be dominated by polygonisation and a subsequent transformation from sub-
grain to high-angle grain boundaries [12, 67]. The transformation takes place by grain rotation, which happens
when the recrystallization process is initialized [68, 69]. The small size of the newly formed grains is than
stabilized by a process known as Zener-pinning [56, 70-72]. Thereby, the precipitates hinder grain boundary
migration and the small grain size remains until the driving force for further grain growth is high enough to
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overcome the pinning pressure. The driving force is governed by several factors, including diffusion and chemical
gradients. These two factors are severely influenced by carbon and need to be investigated in future research.
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Figure 11  Change of the grain size after an annealing of 2 hours at different temperatures averaged by number (numerical) and by area
of each grain. The standard deviation of the grain size is displayed in red and is linked to the right axis.

4. Conclusions

A comprehensive study on extruded austenitic ODS steel has been carried out to reveal the influence of carbon
on precipitates and grain size, before and after annealing at 4 different temperatures between 500 and

1100 °C. In comparison with recently published results it was possible to summarize the findings of this study as
follows:

o No direct impacts of carbon on the orientation relationship or the precipitates were detectable.

e The orientation relationship between precipitates and matrix for austenitic ODS steels is dependent on
the size of the precipitates and was found to be in good agreement with the results of other researchers.

e Asurprising growth of precipitates is observed, even for a short annealing time of only 2 h. A long-term
annealing needs to be performed to investigate the evolution of the microstructure thoroughly.

e  Cr-W-Ti-C precipitates have been found in the as-extruded material and under all annealing conditions.
According to thermodynamic simulations, these precipitates are M,3Cs or M,C; phase. The volume
fraction and the size of these carbides strongly depend on the applied heat treatment temperature.
M,3C¢ forms large precipitates with a size up to 1 um in diameter, while M,C; can only be found in
smaller precipitates along the grain boundaries.

e Anindirect effect of carbon on the growth of Y-Ti-O-rich clusters is suggested, which would explain the
growth of these particles as a process that accompanies the diffusion of carbon and the formation of
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carbides. The diffusion of contributing elements in the carbide formation process, facilitates the growth
of titanium oxides and yttrium oxides.

e A heat-treatment greater than 700 °C leads to a decreased inhomogeneity in grain size, which can be
explained by inhibited grain growth during static recrystallization caused by Zener drag.

e The grain size decreases during annealing after only a short time, which can be explained by
recrystallization and the pinning of the newly formed grain boundaries. The thermally activated
formation of high angle grain boundaries (after recovery), results in a lower average grain
misorientation, followed by a suppression of grain growth due to the pinning pressure exerted by the
precipitates.
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