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• The precious metal based High-Entropy Alloy (HEA) AuCuNiPdPt is
of single phase fcc structure in the homogenised state.

• Decomposition occurs during annealing AuCuNiPdPt at intermediate
temperatures.

• AuCuNiPdPt deforms by deformation twinning and dislocation slip at
room temperature.

• AuCuNiPdPt shows a high yield strength of 820 MPa and a high yield
ratio of 0.66 at room temperature as well as significant strain hardening
during deformation.

• The strengthening mechanisms of AuCuNiPdPt are assessed.
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Abstract

The precious metal based High-Entropy Alloy (HEA) AuCuNiPdPt crys-
tallises in a face-centred cubic structure and is single phase without chem-
ical ordering after homogenisation. However, a decomposition is observed
after annealing at intermediate temperatures. This HEA shows extended
malleability during cold work up to a logarithmic deformation degree of
ϕ = 2.42. The yield strength ranges from 820 MPa in the recrystallised
state to 1170 MPa when strain hardened by cold working with a logarithmic
deformation degree of ϕ > 0.6. This work hardening behaviour is traced back
to a steep increase in dislocation density as well as in deformation twinning
occurring at low strain. The microstructure and the mechanical properties
of AuCuNiPdPt are assessed in detail by various methods. EBSD and TEM
analyses reveal mechanical twinning as an important deformation mecha-
nism. The high strength in the recrystallised state is evaluated and found to
originate predominantly upon solid solution strengthening.
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1. Introduction

Solid-solutions with multi-element compositions have been investigated
for decades, e.g. in austenitic steels [1–5]. Nevertheless, the introduction of
High-Entropy Alloys (HEA) stimulated extensive research since these multi-
principal element alloys differ significantly from conventional alloys, whose
design is based on a strategy that considers one principal element, only. De-
spite the original definition, HEAs are nowadays defined as multi-component
single phase alloys with at least five elements of which each of them has an
alloy content of 5 at.% or above [6]. In particular, the multi-component al-
loys with an equiatomic composition represent HEAs in which no element
possesses majority. It has been discovered by chance that some of these
equiatomic alloys crystallise in a single phase crystal structure [6, 7]. Their
single phase nature clearly separates high-entropy alloys from composition-
ally complex alloys (CCA), which have similar compositions but are multi-
phase alloys [8]. Moreover, HEAs show properties such as a combination of
high strength and high ductility, which would not have been expected for
conventional intermetallic phases comprising similar stoichiometries [9–11].

Research in the field of HEAs allows for gaining a fundamental under-
standing of composition determined materials properties, such as solid so-
lution hardening, diffusion mechanisms as well as temperature dependence
of deformation behaviour. To comprise this large area, experimental studies
as well as novel modelling approaches are required. Consequently, one key
question is how the conventional models for solid solution strengthening that
consider matrix and solute elements, will have to be modified if no matrix
element can be assigned. To address this question, HEAs are required that
(i) crystallise as homogeneous solid solution and (ii) exhibit a wide range of
stoichiometries with identical crystal structure. In addition, further param-
eters that determine the strength such as grain size and dislocation density
have to be at the similar level.

With the AuCuNiPdPt system, a new strategy to find HEAs that ad-
dresses the aforementioned criteria is presented. This strategy is focussed
on evaluating the binary phase diagrams with respect to a solubility within
the entire concentration range. Furthermore, five elements are seeked for,
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which show this homogeneous solid solution for any of the ten binary phase
diagrams. Although a number of practically single-phase HEAs has been
discovered under appropriate processing conditions, such as CoCrFeMnNi
(face-centred cubic, fcc) [7], AuCuNiPdPt (fcc) [12], AlCoCrFeNi (body-
centred cubic, bcc) [13], HfNbTaTiZr (bcc) [14], MoNbTaVW (bcc) [15],
and DyGdHoTbY (hexagonal closed packed, hcp) [16], the concentration
range between the quinary alloys and their subsystems in which the alloys
are single-phase can be limited. According to the present literature, the
AuCuNiPdPt appears to be the only fcc-type HEA, in which the solid solu-
tion might be expected within the entire concentration range [12]. Although
there is no experimental proof for this statement, there are reasons for indi-
rect evidence. Firstly, the known binary and ternary subsystems show single-
phase solidification within the entire concentration range [17]. Secondly, even
though ordered phases or miscibility gaps are observed in some phase dia-
grams at low temperatures, there is no evidence of intermetallic phases close
to the solidus line. Thirdly, it has been shown, that the equiatomic quater-
nary subsystems as well as the quinary HEA crystallise in the fcc single-phase
Cu-type structure [12]. In principle, this strategy of seeking for solid solu-
tions within the subsystems would also work for the HfNbTaTiZr (bcc) [14]
and MoNbTaVW (bcc) [15] HEAs. However, these systems have not been
reported to be found by this strategy.

The mechanical properties of fcc HEAs were predominantly investigated
for CoCrFeMnNi and its derivatives, since this was the first reported HEA [7].
Furthermore, this alloy is easy to process by casting and various deformation
techniques, even in larger dimensions. The homogenised and quenched fcc
phase appears stable at room temperature [18]. However, this alloy exhibits
a metastable behaviour at elevated temperatures showing inhomogeneities
and short-range ordering [19–21]. The tensile properties and microstructure
of CoCrFeMnNi have been widely investigated [10, 20, 22, 23]. Plasticity
is dominated by dislocation slip at room temperature. However, twinning
is observed after a considerable amount of true strain but still below the
ultimate tensile strength (UTS) in the range of uniform elongation. Conse-
quently, during strain hardening the critical resolved shear stress required for
twinning has been reached at room temperature [22]. In contrast, twinning
is activated at lower strains, when testing at cryogenic temperatures was
performed. Even though, ε-martensite formation was not found (< 77 K)
[10, 22, 24]. While the contribution of mechanical twinning to the total plas-
tic strain is low, twinning causes significant strain hardening [24]. This is
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also associated to the formation of nanoscaled twins [25] which has a strong
influence on a sound determination of the grain size. CoCrFeMnNi shows a
dependence of the hardness on the grain size following the Hall-Petch rela-
tionship [10, 26]. However, the Hall-Petch coefficient is larger when compared
to non HEA fcc alloys. The yield strength of CoCrFeMnNi amounts to ap-
prox. 300 MPa at room temperature while the uniform elongation attributed
to this measurement is approx. 40 % [25]. It has been observed, that both
values increase when lowering the temperature at which the tensile test is
carried out [10, 24, 25].

The present article aims at providing an in-depth analysis of the mi-
crostructural evolution as well as the mechanical properties of AuCuNiPdPt
during heat treatments and cold work. Much effort has been put into a
precise production of the alloy with well-defined homogeneity. The metallur-
gical conception of AuCuNiPdPt provides the basis for the investigation of
the evolution of the microstructure as well as of the mechanical properties in
the fcc Cu-type crystal structure that are dependent on the composition in
a wide concentration range.

2. Experimental

Polycrystalline samples of AuCuNiPdPt were prepared from pure ele-
ments (Au: 4N, Allgemeine Gold- und Silberscheideanstalt AG (AGOSI);
Cu: 5N5, VEB Spurenmetalle Freiberg/Sa.; Ni: 4N, Alfa Aesar; Pd: 3N5,
AGOSI; Pt: 4N, AGOSI). The elements were weighed according to the de-
sired composition. For alloying, the metals were placed in an arc melter
(Edmund Buehler GmbH) on a water-cooled copper hearth, while the high
melting point elements were placed on top. Melting was performed with a
maximum current of 200 A to minimise evaporation losses; no significant
mass losses were detected. In order to enhance the homogeneity, the ingot
was flipped over and re-melted four times. Each melting step lasts for 30 s.
The surface of the melt looked homogeneous while melting. While the melt
was cooled down as ingot in the first melting steps, the last melting step was
completed by suction casting into a water-cooled copper mould of 6 mm in
diameter and 90 mm in length. The total mass was overestimated by 30 %
for dense casting. The additional material was sectioned prior to further
processing.

The as-cast alloys were homogenised at 1100 ◦C for 20 h in protec-
tive Argon atmosphere with subsequent water-quenching. For this purpose,
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the samples were placed in fused silica ampoules, which were evacuated to
< 10−3 mbar and back-filled with Ar three times. Before sealing, the Ar
pressure within the ampoules was set to 22 mbar in order to achieve atmo-
spheric pressure within the ampoules at the chosen annealing temperature.
The ampoules were destroyed to allow for rapid water-quenching.

The homogenised sample was cold worked at room temperature by rotary
swaging (UR2-4, Heinrich Müller Maschinenfabrik, Pforzheim) with an area
reduction per step of approximately 20 % and a total logarithmic degree of
deformation of ϕ = 0.64 (ϕ = ln (Ai/Af ), where Ai and Af are the initial and
final cross sectional area, respectively). The semi-cone angle of the tools was
6◦. After deformation, the samples were heat treated at 1100 ◦C for 1 h in or-
der to obtain a fully recrystallised microstructure. Annealing was performed
in sealed fused silica ampoules with subsequent water-quenching as described
before. Afterwards, the sample was further cold worked by rotary swaging
up to a total logarithmic degree of deformation of ϕ = 2.42. For the evalu-
ation of the Hall-Petch hardening, AuCuNiPdPt samples were recrystallised
for different times, i.e. 2.5 min, 5 min, 1 h and 65 h, respectively. While the
short annealings were performed in air atmosphere, the long annealings were
performed in sealed fuzed-silica ampoules as described before. All samples
were placed in the hot furnace and subsequently quenched in ice-water.

Structural characterisation by XRD was done on bulk samples utilising
a STOE STADI P diffractometer with MoKα1 radiation (0.70932 nm) in
transmission geometry equipped with a position sensitive detector (PSD)
Dectris Mythen 1K and a curved Ge(111)-monochromator (step size ∆2θ =
0.01◦).

For microstructural analysis and hardness tests, the samples were embed-
ded in a non-conductive epoxy resin and prepared by a conventional metal-
lographic procedure, which includes grinding on abrasive SiC paper up to a
grid size of P4000, polishing on MD-Mol and MD-Nap cloths (Struers) using
diamond suspension (MetaDi Supreme suspension, Buehler) with a net par-
ticle size of 3 µm, 1 µm and 0.25 µm, respectively. To remove the residual
surface-near deformation layer, etching with diluted aqua regia (25 % H2O)
was applied for 30 s − 60 s. Samples for transmission electron microscopy
(TEM) analyses were extracted from the metallographically prepared sam-
ples with the help of the focussed ion beam (FIB) technique utilising an
FEI Helios 600i.

Microstructural characterisation was carried out by scanning electron mi-
croscopy (SEM) using an FEI Helios 600i. At the same device, electron
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backscatter diffraction (EBSD) measurements were done at 20 kV oper-
ating voltage and 11 nA probe current using an EDAX DigiView system.
TEM analysis was performed utilising a Jeol JEM 2200 FS system operated
at 200 kV. The microscope is equipped with a field emission gun (FEG),
a Cs-corrector for the illumination system, a high-resolution objective lens
(Cs=0,5mm) and a highly sensitive 2Kx2K CCD camera of Gatan. The
investigation was performed by high resolution TEM (HRTEM) and ana-
lyzed by means of Fast Fourier Transformation (FFT), to carry out the local
orientation.

Microhardness measurements were performed on 15 indentations utilising
a Shimadzu HMV-2 hardness tester at a load of 1.98 N. Compressive tests
were performed at RT on samples with an initial height of . 6 mm, which is
equivalent to an aspect ratio of h0/d0 . 2. The tests were stopped when the
aspect ratio approached h0/d0 = 1. Tensile tests were performed on samples
with a diameter of 2.4 mm within the gauge section. The gauge length was
25 mm. The strain was measured with the help of a laser extensometer. For
mechanical tests an electro-mechanical Instron 5869 testing machine was used
with a constant crosshead movement corresponding to an initial engineering
strain rate of ε̇ = 1 · 10−3 s−1.

Atom probe tomography (APT) was utilised to evaluate uniform element
distribution after recrystallisation. The investigated sample was entirely pre-
pared from grain volume without any grain boundaries with a FIB FEI Strata
utilising the standard lift-out method on a microtip coupon [27, 28]. The
analysis was performed with a local electrode atom probe (LEAP 4000X
HR, Cameca) at a temperature of about 50 K with a pulse frequency of
125 kHz and a pulse energy of 50 pJ. The reconstructed tip consisted of ap-
proximately 13 ·106 ions. For the evaluation of the APT results, the Cameca
software IVAS 3.6.14 was used.

3. Results and discussion

3.1. Preparation of single-phase AuCuNiPdPt

The AuCuNiPdPt HEA shows significant segregations in the as-cast state
as can be seen from the dendritic microstructure in Fig. 1(a). These fluctua-
tions show regions reduced in Ni and Pt and enriched in Au, Cu and Pd (and
vice versa) with a compositional deviation of about± 10 at.%. The variations
in concentration vanish as a result of appropriate heat treatments. When the
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as-cast sample is homogenised at 1100 ◦C for 20 h and subsequently water-
quenched, the microstructure is homogeneous and single-phase, as shown in
Fig. 1(b). Further evidence for the single-phase nature of the homogenised
sample is provided by X-ray diffraction analysis. Fig. 2 shows the diffraction
pattern of the homogenised AuCuNiPdPt sample. There are no indications
in the diffraction pattern for secondary phases or ordering phenomena.

However, the temperature of homogenisation heat treatment has to be
chosen appropriately. When the samples are heat treated at lower tempera-
tures but still for the same period of 20 h and subsequently water-quenched,
phase separation occurs, which is more pronounced at lower temperature.
When AuCuNiPdPt is heat treated at e.g. 800 ◦C, two fcc phases occur,
as can be seen from the splitting of the (111) reflection of the diffraction
pattern. The microstructure of this state is shown in Fig. 3 in combination
with the elemental distribution maps, that were determined by using en-
ergy dispersive X-ray spectroscopy (EDX). This provides evidence that the
phase formation is not a precipitation reaction, but follows a decomposition.
Regarding the EDX maps in Fig. 3(b) to Fig. 3(f) the microstructure is de-
composed in a Ni- and Pt-rich phase (black arrow in Fig 3(a)) and a Au-,
Pd- and Cu-rich (white arrow in Fig 3(a)) phase. Since this multi-component
alloy is rather complex, the appearance of the phases is not steady in stoi-
chiometry, but shows small variations in concentration within the respective
phase areas, depending on the temperature and time of the heat treatment.
Tab. 1 reflects the elemental compositions of the two phases as revealed by
EDX point analysis, which were performed at representative positions as in-
dicated by the arrows in Fig. 3(a). This behaviour has been observed earlier
for AuCuNiPt [12] and explained by a preferential pairing of particular ele-
ments. For example, the binary Ni-Pt bonds are favoured according to the
enthalpies of mixing of the binary systems, while Au-Ni bonds are unlikely.
This is a further indication for the complexity of phase formation and de-
composition in HEAs especially at low temperatures, which solely cannot be
easily attributed to the amount of configurational entropy of mixing [29, 30].
In fact, as the contribution of the configurational entropy to the Gibbs free
energy is scaled by temperature, it is not surprising that the influence of mix-
ing entropy to stabilise the solid solution looses importance with decreasing
temperature. Hence, the enthalpy of mixing must not be neglected as a sig-
nificant parameter to the Gibbs free energy. Consequently, the enthalpy of
mixing determines whether the alloy decomposes into multiple phases or if
it remains a homogeneous solid solution especially at low temperatures.
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Increasing the temperature of isothermal annealing for 20 h and subse-
quent water-quenching causes these two phases to dissolve. On the level of
EDX spatial resolution no segregations can be observed anymore. Conse-
quently, the splitting of reflections in XRD pattern and, thus, the difference
in composition is less pronounced. It should be noted, that the lattice pa-
rameter in the AuCuNiPdPt system is a direct measure of the stoichiometry
[12]. Annealing the sample at 900 ◦C still causes segregation in two phases
as can be seen in Fig. 2. The according lattice parameters are 0.3811 nm
and 0.3819 nm. These values are much closer to each other than those ob-
tained for the phases in the sample annealed at 800 ◦C (lattice parameters:
0.3775 nm and 0.3869 nm). This means that the deviation of the lattice pa-
rameters of the two phases decreases from 2.4 % to 0.22 % when increasing
the annealing temperature from 800 ◦C to 900 ◦C. When the temperature of
the heat treatment is set to 1000 ◦C, it is not possible anymore to determine
two distinct lattice parameters. However, the segregation is still apparent in
the peak broadening (Fig. 2).

When the AuCuNiPdPt phase is homogenised at 1100 ◦C no segrega-
tions can be detected from XRD. This temperature is close to the melting
temperature of the alloy (TS = 1196 ◦C [31]). This provides evidence that
the temperature range between the solidus line and initiation of phase sep-
aration, in which this alloy can be homogenised, is rather narrow. Hence, a
subsequent water-quenching after annealing is absolutely essential in order
to keep the alloy in the single-phase state.

Although the composition of solid solutions generally define their prop-
erties, it is of importance to determine whether the properties are defined
exclusively upon the global composition or if these are also affected by local
variations of the composition. To prove or to disprove this issue, it is neces-
sary to evaluate the composition at the local scale. Therefore, atom probe
tomography has been employed to provide chemical information at the atomic
length scale. The results of the APT measurement are summarised in Fig. 4.
The determined chemical composition of the entire tip is provided in Tab. 3.
The three-dimensional elemental distributions, shown in Figs. 4(a), appear
homogeneous. For the sake of clarity only 3 % of all ions of an element are
visualised here. The total concentration in the APT tip after deconvolution
of overlapping peaks indicates a near-equiatomic composition, as the EDX
results do. The concentration profile along the cylinder indicated in Fig. 4(b)
and taken in direction of the black arrow reveals no significant variation in
the concentration when a step size of 1 nm is applied. To exclude the possible
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formation of inhomogeneities like nanoscaled clusters a frequency distribu-
tion analysis is performed by virtually cutting the tip in equisized voxels of
100 ions each. If no clustering occurs, a binomial distribution of the concen-
tration in the voxels is expected as it is obtained in Fig. 4(c). In this case, the
Pearson coefficient µ, explained in detail elsewhere [28, 32] and quantifying
the deviation between binomial and experimental distribution, is close to 0.
In the present analysis µ ≤ 0.07 is obtained for all elements from which a
homogeneous elemental distribution can be assumed (see Tab. 3). Neverthe-
less, it has to be noted that all quantification methods average over several
unit cells and, hence, possible ordering in superlattice structures cannot be
unambiguously excluded by APT measurements.

3.2. Microstructural evolution during cold work of AuCuNiPdPt

3.2.1. Texture evolution

The homogenised and single-phase AuCuNiPdPt alloy was subjected to
cold work. First of all, this was performed in order to obtain a homogeneous
and well-defined microstructure with a uniform grain size suitable for further
evaluation. This requires subsequent recrystallisation. For this purpose, the
AuCuNiPdPt alloy was cold worked by rotary swaging up to a logarithmic
degree of deformation of ϕ = 0.6. The sample was subsequently heat treated
for static recrystallisation. As lower temperatures yield phase separation, the
temperature was set to 1100 ◦C. This heat treatment was carried out for 1 h
with subsequent water-quenching. The resulting microstructure is shown in
Fig. 5(a). The microstructure, obtained by electron backscatter diffraction
(EBSD) with the corresponding image quality (IQ) maps, is composed of
equiaxed grains with an average grain size of about 50 µm and with an
almost random orientation distribution (Fig. 5(e)). In addition, as can be
seen from the IQ maps, there are few pores originating from suction casting
of the sample.

Samples in the recrystallised state having a diameter of 4.35 mm were
further cold worked by rotary swaging with an areal reduction of approxi-
mately ϕ = 0.22 per step. Cold working has been applied up to ϕ = 2.42
(diameter of the wires: 1.30 mm). The alloy can be subjected to significant
cold work, but the heating during cold work is substantial. Therefore, the
alloy was cooled to room temperature after each deformation step. The de-
formation causes the initial state to develop towards a mixture of 〈111〉/〈001〉
fibre components with a dominating 〈111〉-fibre. This development towards a
double fibre texture shows similar behaviour like what has been observed for
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conventional fcc alloys such as Cu-based alloys [33] or austenitic FeMn-base
TWIP-alloy [5]. The evolution of the texture is seen from the orientation
maps (Figs. 5(b) to 5(d)) as well as the inverse pole figures (IPF, Figs. 5(e)
to 5(h)). At ϕ = 0.43, the 〈111〉-fibre component exhibits an intensity of
about 6 m. u. d. (multiples of the uniform distribution) which increases to
about 20 m. u. d. at the maximum applied degree of deformation.

3.2.2. Strain localisation and deformation twinning

In the initial condition and after the first deformation step (ϕ = 0.22),
recrystallisation twins are apparent in the microstructure, as highlighted by
grey arrows in Fig 5(a). In analogy to texture evolution with respect to
Ref. [5, 33], mechanical twinning is initiated by plastic deformation high-
lighted by white arrows in Fig. 5(c) and 5(d). Besides dislocation slip, this
mechanical twinning or TWIP-effect apparently contributes to the plastic de-
formation of the presently investigated HEA. The orientation of the deforma-
tion twins corresponds to approximately 〈115〉-fibre orientations (indicated
by the magenta colour in the EBSD maps), which is the ideal orientation
resulting from twinning in a 〈111〉-oriented grain. The IQ map represents
a measure for the local defect density. Within this image, twins are seen
in a more pronounced way. However, not all twins are correctly identified
by the help of orientation mapping. This is mainly attributed to overlap-
ping Kikuchi patterns, caused by the size of microstructural features. Hence,
some of the defects shown in Fig. 5(b) might also originate from small-scaled
deformation twins, as e.g. the area pointed at by the white arrow. This
indicates, that nucleation of deformation twinning starts at a deformation
strain just below ϕ = 0.22. Even though, cold work was imposed by ro-
tary swaging, a clear orientation dependence of deformation twinning is seen
from Fig. 5. The preference for near 〈111〉-fibre oriented grains is basically
the same as in the case of tensile tests [5, 24] or wire drawing [33] of low
stacking fault energy (SFE) alloys implying a similar shear stress state for
rotary swaging. Despite the fact that close to 〈001〉 oriented grains are not
likely to twin, the extended stacking faults in low SFE alloys still and gener-
ally lead to a propensity to planar glide or slip band formation, i.e. localised
deformation [34]. This is depicted by the grains marked with a black ar-
row in Fig. 5(b). Though having unfavourable orientation for deformation
twinning, these grains have minor stripe-like orientation variations (also IQ-
contrast stripes in other grains as seen from Fig. 5), which are interpreted
as slip bands. Extended stacking faults or nucleation of single partial dislo-
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cations from grain boundaries are widely accepted to be the most plausible
initiation sites for deformation twinning [5, 35, 36].

For better visibility, Fig. 6(a) shows mechanical twinning (white arrows)
as well as disordered arrangements of extended stacking faults, i.e. slip bands
(black arrow) mapped with a higher resolution. Similar results were obtained
in Refs. [37, 38]. Although slip bands cannot be indexed by EBSD, the re-
duced IQ-level compared to the diffraction signal of the matrix leads to a
clear distinction. The corresponding IQ-Map in combination with the kernel
average misorientation (KAM) map is depicted in Fig. 6(b). KAM analysis is
a measure for the local misorientation assigned to a centre point of a partic-
ular grain with respect to all points in the perimeter of the kernel [39]. Due
to this analysis, localised strain within single grains becomes visible, which
can bee seen in this case close to grain boundaries, deformation twins and
slip bands. Further, the strain concentration in the vicinity of slip bands due
to localised deformation is obviously independent from the grain orientation.
Even though, the localisation of slip strikingly coincides with the arrange-
ment of deformation twins identified beyond all doubt in the later stages of
deformation only near 〈111〉 oriented grains. Hence, this is a direct evidence
for the aforementioned coherence between the slip bands and deformation
twinning in this HEA. Because deformation twinning is geometrically not
feasible in grains with 〈001〉 orientation [40], further cold work leads to a
severely strained lattice with an increased misorientation within grains as
shown in Fig. 5(c) and 5(d).

Based on the previous findings, it appears evident that the formation of
deformation twins represents an active deformation mechanism in the AuCu-
NiPdPt high-entropy alloy. For deeper analysis of size and arrangement of
deformation twins and stacking faults, high-resolution TEM and fast Fourier
transform was applied. For this purpose a lamella, perpendicular to the twin
boundaries, was prepared by FIB subsequent to EBSD analysis from the se-
lected grain shown in Fig. 6(a). Fig. 7 shows the twin at a magnification of
approx. 250k (7(a)) and 600k (7(b)) as well as a fast Fourier transform (7(c))
of a selected area covering matrix and twin across a single twin boundary
(indicated by an arrow in Fig. 7(a)). The primary beam direction close to
[1 1 0] allows for a local analysis of the depicted twin boundary (1 1 1)/(1 1 1).
As indicated in Fig. 7(c) the bright spots correspond to reflections that arise
either from the twin, or from the matrix. Although the twins shown in
Fig. 7(a) occur with different widths, common values are in the nanometre
range, i.e. the twin shown in Fig. 7(a) has a width of 11 nm.
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3.2.3. Grain refinement

The microstructure in the recrystallised state is governed by equiaxed
grains with a mean grain size of about 50 µm. By applying cold work via
rotary swaging, the aspect ratio of the grains changes due to geometrical
necessity regarding the volume conservation. Thus, the grain size is reduced
transverse and extended parallel to the wire axis. Moreover, deformation
twinning in 〈111〉 oriented grains creates further grain boundaries resulting
in substantial grain refinement. The evolution of the grain size distribution
as well as the mean grain diameter in cross section as a function of the loga-
rithmic degree of deformation is shown in Fig. 8. Due to the aforementioned
mechanisms a steep decrease in grain size transverse to the wire axis is appar-
ent. From the perspective of the mechanical characterisation, the grain size
in cross section is more relevant when loading the sample along the wire axis,
because dislocation motion in fcc metals occurs on {111} 〈110〉 glide systems.
At ϕ ≥ 0.43 the microstructure is dominated by 〈111〉 oriented grains inter-
sected by thin lamellae of a few micrometre in width (see Fig. 5(c) and 5(d)).
As the deformation strain which can be achieved by twinning is limited, the
twins are further deformed by dislocation slip during continuing cold work.
As a consequence of deformation, the orientation of the twins rotates into
the direction of 〈001〉 which causes an increasing amount of high-angle grain
boundaries at later stages of deformation. The minimum grain diameter
in cross section is about 10 µm. Since deformation twinning occurs pre-
dominantly in 〈111〉 oriented grains, a bimodal microstructure is observed.
Original matrix grains with a close to 〈001〉 fibre orientation remain typi-
cally stable upon uniaxial elongation by deformation, such as tension, wire
drawing and rotary swaging. All intermediate orientations close to 〈011〉 and
〈111〉 tend to rotate towards 〈111〉 in the course of this type of deformation.
Consequently, there is a gradient in deformation twin density. Thus, a dif-
ference in grain size is observed between grains that start to deform from
orientations close to 〈111〉 in contrast to grains which rotate towards these
orientations where deformation twinning is favourable. In summary, the mi-
crostructure consists of comparably large grains with 〈001〉 orientation and
a majority of 〈111〉-oriented grains intersected by thin lamellae with 〈001〉
orientation as well. This leads to the large grain size distribution as seen
from Fig. 8.
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3.2.4. Williamson-Hall analysis

The aforementioned lattice strain caused by deformation twinning and
dislocation accumulation is further analysed by XRD. Unfortunately, it is dif-
ficult to quantify the density of lattice imperfections. However, theWilliamson-
Hall analysis provides the apparent mean lattice strain 〈ε2hkl〉

1

2 of a sample
by analysing the line broadening in XRD pattern [41]. The dependence of
the line broadening on the diffraction angle θ is determined by:

FWHM =
K

〈D〉 +
4

λ

√

〈ε2hkl〉 sin θ, (1)

where FWHM, i.e. full width of the diffraction peak at half maximum, is
the physical line broadening, 〈D〉 is the mean crystallite size, K a factor
concerning the crystallite shape (K = 0.94 for cubes [42]) and λ the wave-
length of the radiation. Within the Williamson-Hall analysis, represented by
a FWHM − sin θ plot, a linear dependence is observed, analysing the line
broadening of reflections hkl referred to the diffraction angle. Consequently,
K
〈D〉

represents the intersection with the y-axis, while 4
λ

√

〈ε2hkl〉 is the slope
of the straight line. The latter serves as the base of calculating the mean
lattice strain.

In the case of deforming a single phase polycrystalline alloy, the disloca-
tion density represents the main contribution to the line broadening. For this
HEA there is also an additional contribution from extended stacking faults
and stacking fault arrangements [43]. However, in the present case of intense
plastic deformation this is a minor contribution and will not be considered
here in detail.

In most crystals, the ane broadening is anisotropic, i.e., it depends on the
crystallographic direction. In the HEA under investigation, this anisotropy
has been described by the cubic invariant Γ = (h2k2+k2l2+h2l2)/(h2+k2+
l2)2 [44, 45]. Considering elastic anisotropy of the crystal, Eq. 1 is reassessed
using the modified Williamson-Hall plot [44–48]:

FWHM =
K

〈D〉 + 4
√

〈ε2100〉(1− ζΓ)
sin θ

λ
, (2)

where
√

〈ε2100〉(1− ζΓ) is defined as the resulting lattice strain recalculated
into the easy deformation direction of 〈100〉 in cubic crystals corrected by
the cubic invariant Γ as well as the anisotropic part of the line broadening
ζ [46, 47].
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The peak widths (FWHM) were determined by single profile fitting on
XRD patterns from incrementally pre-deformed samples by means of rotary
swaging. The aforementioned modified Williamson-Hall analysis was per-
formed as shown exemplarily for ϕ = 0.43 in the inset of Fig. 9. As can be
seen, the fitting procedure yields a reasonable correlation factor of the fit as
far as the very weak 400 reflection is not considered within the evaluation.
This appears reasonable since the intensity of this reflection is rather low and
no reliable fitting was possible for most of the samples under investigation.

Since the size of coherently scattering regions exceeds an evaluable limit,
the crystallite size is not considered in the further analysis but used as a
supporting point for the linear regression. The mean lattice strain 〈ε2100〉
commonly defined by the variation of the inter-planar spacing d, i.e. ed =
√

〈

(∆d/d)2
〉

is assigned to the slope of the modified Williamson-Hall plot

by utilisation of Eq. 2. The resulting mean lattice strain in dependence on
the logarithmic degree of deformation is seen from Fig. 9. The evaluation
revealed an apparent lattice strain of (0.08 ± 0.02) · 10−2 for the recrys-
tallised condition. This is obvious when regarding the annealed microstruc-
ture without any residual lattice strain from prior deformation. After sub-
sequent cold work a rapid increase is observed leading to a lattice strain of
(1.07 ± 0.05) · 10−2 for ϕ = 0.43. The apparent lattice strain saturates at
(1.50 ± 0.10) · 10−2 for a logarithmic deformation degree larger than ϕ = 1.
This behaviour is in good agreement with the microstructural analysis shown
in Fig. 5 and common for the strain response after cold work of fcc metals
and alloys leading to a saturation at an intermediate logarithmic degree of
deformation.

3.3. Mechanical properties

3.3.1. Examination of the strength

The mechanical properties of AuCuNiPdPt are assessed by compression
and hardness testing after every step of cold working. The results, i.e. the
true stress–strain curves, as well as the corresponding yield strength and
Vickers microhardness as a function of the logarithmic degree of deformation
are depicted in Fig. 10(a) and Fig. 10(b), respectively. In the recrystallised
state, AuCuNiPdPt shows a compressive yield strength of 820 MPa and a
hardness of 345 HV0.2. The true stress strain curve reveals significant work
hardening, which reaches saturation at a true strain of ε = 0.40. This is in
good accordance with results from hardness testing after recrystallisation and
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subsequent cold work using rotary swaging, which saturates at a similar level
of strain. In addition, hardness values during cold work after homogenisation
are presented, showing essentially the same behaviour.

The yield strength was determined from three samples, which were tested
in each condition. The obtained individual strength values show the same be-
haviour, while the arising deviations are reflected by the error bars, shown in
Fig. 10(b). The preceding cold work strengthens the alloy and, consequently,
the yield strength increases with increasing degree of cold work. With in-
creasing degree of cold work prior to testing, the strain hardening during
mechanical testing becomes less pronounced and saturation is immediately
reached beyond yield strength. This also becomes evident when considering
the microstructural results in the previous sections. Firstly, as can be seen
from Figs. 5, the evolution of the texture is rapid and apparently has been
developed to its final texture components within ϕ = 0.4. Secondly, the evo-
lution of lattice defects also saturates within this level of deformation as can
be seen from Fig. 9, where the apparent lattice strain is plotted as a function
of the logarithmic degree of deformation. Thirdly, the decreasing grain size
with proceeding cold work (see Fig. 8) has obviously a minor contribution
on the mechanical strength.

To complement the evaluation of the recrystallised state, samples of Au-
CuNiPdPt were also tested under tensile loading conditions. Fig. 11 shows
the corresponding true stress-strain curve. The yield strength was deter-
mined to be 830 MPa, which is in good agreement with the value obtained
from compression tests. The ultimate tensile strength amounts to 1200 MPa.
Further, the alloy shows significant ductility in the tensile test, i.e. a true
plastic strain of 0.14 is observed. Work hardening in tension is similar, when
compared to the compression tests. In addition, the work hardening rates
are similar as well, as depicted in the insert of Fig. 11.

3.3.2. Assessment of the strengthening mechanisms

The different strengthening mechanisms in the AuCuNiPdPt alloy were
assessed as follows: The contribution of solid solution hardening to the total
strength has been determined according to the model of C. Varvenne et al.
[49]. The effect of the grain size on the total strength has been evaluated upon
recrystallised samples that have been additionally heat treated for different
times in order to obtain different grain sizes. As these samples were not
subjected to deformation, the effect of work hardening is neglected. Other
measures such as precipitation or dispersion strengthening are not relevant
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for the present alloy.

Modelling of solid solution strengthening. The most commonly used model
to describe solid solution strengthening in fcc HEAs is the model derived by
C. Varvenne et al. [49]. They propose that the solute strengthening in a
HEA can be described by an effective average matrix (“solvent”) with all
atoms being embedded “solute” atoms. Here, the average matrix represents
the mean properties of the HEA, while the embedded solutes account for the
local chemical fluctuations [49–51].

The full parametrisation of the model includes chemical and elastic inter-
actions between the dislocation and the HEA matrix [49, 51]. Commonly, a
reduced form including only elastic contributions is used. This reduced form
has been applied to different noble metal HEAs [52, 53]. Eqs. 3-5 give the
critical shear stress for dislocation glide τy as function of temperature T and
strain rate ε̇:

τy (T, ε̇) = τy0

[

1−
(

kBT

∆Eb

ln
ε̇0
ε̇

)
2

3

]

,with (3)

τy0 = 0.01785α− 1

3 Ḡ

(

1 + ν̄

1− ν̄

)
4

3

[∑

n cn∆V 2
n

b6

]
2

3

, and (4)

∆Eb = 1.56318α
1

3 Ḡb3
(

1 + ν̄

1− ν̄

)
2

3

[∑

n cn∆V 2
n

b6

]
1

3

, (5)

where Ḡ is the shear modulus of the HEA, ν̄ is the Poisson’s ratio of the alloy,
cn is the concentration of element n, ∆Vn is the so-called misfit volume, b is
the length of the Burgers vector, and kB is the Boltzmann constant. In-line
with Varvenne & Curtin [52], we chose the following parameters: α = 0.123,
ε̇ = 10−4s−1, and ε̇0 = 104s−1 [49]. Using a Taylor factor of 3.06, τy can be
converted to the tensile yield strength σtheo.

y .
As many of the input properties of the model are not known for the

AuCuNiPdPt alloy we follow the approach taken in Ref. [52] and use a rule-
of-mixture based on established literature data, with Ḡ =

∑

n cnGn and
ν̄ = Ē/(2Ḡ − 1), where the Young’s modulus Ē of the HEA is equal to
∑

n cnEn. Following Vegard’s law [54], the mean atomic volume of the alloy
is V̄ =

∑

n cnVn, which can be used to calculate the misfit volume ∆Vn =
Vn − V̄ . Note, that for fcc Vn = a30/4, where a0 is the lattice constant.

Further, b =
√
2/2

3
√
4V̄ is the shortest interatomic distance in the fcc lattice.
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While Yin & Curtin [53] have shown that this rule-of-mixture might not
be sufficient to accurately determine the yield strength, it should be valid
to judge the magnitude of solid solution strengthening in the AuCuNiPdPt
alloy.

Using the methodology outlined above and the literature data given in
table 4, we calculate a theoretical tensile yield strength of 592MPa at 300K,
which is in-line with other noble metal HEAs [52, 53]. From these calcula-
tions we can conclude that solid solution strengthening provides a substantial
contribution to the very high yield strength measured for the AuCuNiPdPt
HEA.

Assessment of Hall-Petch type strengthening. For the evaluation of the Hall-
Petch hardening, AuCuNiPdPt samples were recrystallised for different times.
This annealing procedure causes recrystallisation as well as grain growth,
which is dependent on the annealing time. The dependence of the yield
strength, as determined upon three compression tests on the inverse square
root of the grain size is shown in Fig. 12. A linear fit of the data yields a
Hall-Petch coefficient of 0.675 MPa/

√
m. This value is somewhat higher com-

pared to what has been observed for the CoCrFeMnNi high-entropy alloy, i.e.
0.5 MPa/

√
m [10], while it is comparable to the value of the medium-entropy

alloy CoCrNi, i.e. 0.6 MPa/
√
m [55]. Extrapolating the present experimen-

tally observed values (Fig. 12) to an infinite grain size gives a strength level
of 750 MPa, i.e. this value is representative for the strength without the
effect of the grain size.

The total yield strength of AuCuNiPdPt is assessed upon a superposition
of the individual strengthening mechanisms, i.e.

τ = τ0 +∆τc. (6)

Here τ represents the yield strength of the sample, τ0 the friction stress and
∆τc is the contribution to the yield strength due to the before mentioned
strengthening mechanisms. However, there is no general accepted formula
for the calculation of ∆τc and an empirical equation has widely been used
[56]:

∆τc =
k

√

∑

i
∆τ kc,i (7)

The exponent k is typically in between 1 and 2, while k = 1 is justified
when the individual mechanisms have different strengths, while k = 2 is seen
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for the case when the mechanisms are comparable in effect. In the present
case the obstacles for dislocation slip are either a few nm for solid solution
strengthening or several µm for grain boundary strengthening. Hence k = 1
would be more likely.

Table 5 shows the corresponding strength values for the weakest and
strongest sample under investigation. While the contribution of solid solu-
tion hardening remains at the same level, the Hall-Petch type hardening is
different. As can be seen, the yield strength is altered in the same magnitude
and the evaluated friction stress is about the same for both cases. This is an-
other indication that k = 1 is justified, especially as τ0 would alter by approx.
30 % for both cases when k = 2 would be assumed. The apparent friction
stress of τ0 ≃ 160 MPa is very high. However, current modelling of the solid
solution strengthening of High Entropy Alloys is still under development.

The high strength of this HEA would not have been expected from the
mechanical properties of the five base metals, which are rather soft. In ad-
dition, the well established fcc single phase CoCrFeMnNi HEA to which the
AuCuNiPdPt alloy can be compared to, shows a lower yield strength, i.e.
200 − 400 MPa [10, 11, 18, 22, 24]. Besides the higher yield point the Au-
CuNiPdPt HEA shows a much higher yield ratio of 0.66 in the recrystallised
state and 0.9 in the cold worked state. For comparison: The values being
reported for the CoCrFeMnNi alloy in the recrystallised state range from 0.4
to 0.5 [10, 11, 18, 22, 24]. The origin of the high strength of the AuCu-
NiPdPt HEA, its high friction stress and its high yield ratio has not yet been
determined.

4. Conclusions

The precious metal based High-Entropy Alloy AuCuNiPdPt crystallises
in the face-centred cubic Cu-type structure. The alloy is single phase after
homogenisation at an appropriate temperature and rapid water-quenching
with no chemical ordering or inhomogeneities visible from XRD, EDX or
APT measurements. However, a decomposition occurs in consequence of
annealing at intermediate temperatures, proving the metastability of this
HEA.

During cold work the texture of the recrystallised AuCuNiPdPt HEA
develops towards a 〈001〉/〈111〉 fibre texture with a dominating 〈111〉 fibre
which is a typical behaviour for conventional as well as multi-principal com-
ponent fcc alloys deformed by uniaxial elongation. Deformation twinning
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predominantly occurs in 〈111〉-oriented grains. Localised dislocation slip,
i.e. slip band formation, was seen after the initial deformation state in any
grain independent of its orientation. This is an indirect evidence for ex-
tended stacking faults typically appearing in materials with a low stacking
fault energy.

In the recrystallised state, this alloy shows a yield strength of approx.
820 ± 15 MPa as determined from compression and tension tests. The
analysis of the strengthening mechanisms reveals a contribution to the yield
strength by solid solution strengthening of 591 MPa, while the Hall-Petch
type strengthening mechanism provides values ranging from 40 to 110 MPa
depending on the grain size. The calculated friction stress is apparantly as
high as 160 MPa. Furthermore, a yield ratio of 0.66 at room temperature
and sufficient ductility to allow cold work by means of rotary swaging up
to a logarithmic deformation degree of ϕ = 2.4 are observed. Starting from
the recrystallised state, cold work causes a significant increase of the yield
strength to approximately 1.1 GPa above ϕ = 0.6. The hardness shows the
same qualitative behaviour, including saturation at larger degrees of defor-
mation. This is in good accordance with the behaviour of mean lattice strain
determined by modified Williamson-Hall analysis showing a similar satura-
tion. The steep increase of strength is associated with deformation twinning
as well as dislocation mediated work hardening which is enhanced by the
introduction of additional twin grain boundaries. Further, the formation of
twins contributes to the refinement of the microstructure and, thus, to the
strength of the work hardened alloy. The saturation of work hardening at
later deformation stages follows the common theory of plastic deformation.

The AuCuNiPdPt HEA can be used as benchmark for fcc, single-phase
HEAs when investigating solid solution strengthening, since it allows wide
changes of the composition without loosing the single-phase nature.
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Table 1: Compositions of the sample as obtained locally from EDX analysis. The point
analysis was made on both phases as indicated by arrows evaluating 10 individual mea-
surements each. The corresponding SEM image and the EDX maps are shown in Fig. 3.
Values are provided in at.%.

element Au Cu Ni Pd Pt
bright phase (1) 29.4± 0.6 24.2± 0.7 10.2± 0.6 24.0± 0.4 12.1± 0.3
dark phase (2) 7.7± 0.6 13.6± 0.2 31.3± 0.5 12.1± 0.4 35.3± 0.3

Table 2: Composition of the sample as obtained locally from EDX point analysis by evalu-
ating 10 individual measurements which cover the whole scanning area. The corresponding
SEM image is shown in Fig. 1(b). Values are provided in at.%

element Au Cu Ni Pd Pt
20.2± 0.9 18.7± 0.3 19.8± 0.5 18.8± 0.2 22.5± 0.9
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Table 3: Compositions of the sample as obtained from APT analysis covering the entire tip
after peak deconvolution as seen from Fig. 4(a). Values are provided in at.%. The Pearson
coefficient µ quantifies the deviation between binomial and experimental distribution of
the frequency distribution shown in Fig. 4(c).

element Au Cu Ni Pd Pt
18.8± 0.1 19.7± 0.1 20.9± 0.1 20.1± 0.1 20.3± 0.1

µ 0.05 0.04 0.04 0.06 0.07

Table 4: Literature data of the properties for the pure elements contained in the HEA taken
from the “Springer Handbook of Materials Data”[57]. a0 is the fcc lattice constant, E the
Young’s modulus, and G the shear modulus. The HEA misfit volume ∆V is calculated as
outlined in Section 3.3.2.

element Au Cu Ni Pd Pt

a0 Å 4.078 3.615 3.524 3.890 3.923

∆V Å
3

3.054 -2.096 -2.963 0.812 1.192
E GPa 78 128.8 220 121 170
G GPa 26 46.8 78.5 43.5 60.9

Table 5: Strength values of the individual strengthening mechanisms ∆τc,i, experimentally
determined yield strenght τ as well as calculated friction stress (k = 1) of two conditions
with different grain sizes. τc,ss is representative for the solid solution strenghtening, while
τc,HP symbolises the Hall-Petch type strengthening mechanism.

condition 1 2
grain size in µm 35.2 252.8

τ in MPa 865 790
τ0 in MPa 164 159

τc,ss in MPa 591 591
τc,HP in MPa 110 40
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125 µm

(a)

250 µm

(b)

Figure 1: Microstructure of AuCuNiPdPt in the (a) as-cast state as well as (b) after the
homogenisation at 1100 ◦C for 20 h. Both images are taken by means of light optical
microscopy.
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Figure 2: X-ray diffraction pattern of AuCuNiPdPt observed after homogenisation at
1100 ◦C for 20 h (upper part). Below the entire pattern, sections of the (111) reflection
are shown. These correspond to samples heat treated for 20 h at the given temperatures
ranging from 800 ◦C to 1100 ◦C.

30



30 µm

(a)

Ni

(b)

Pt

(c)

Cu

(d)

Au

(e)

Pd

(f)

Figure 3: Microstructure (a) as obtained from SEM utilising BSE imaging of AuCuNiPdPt
annealed at 800 ◦C for 20 h as well as elemental mappings (b) to (f) obtained from EDX.
The white arrow points to the Au- Cu- and Pd-rich phase. The black arrow points to the
Ni- and Pt-rich phase.
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Figure 4: APT analysis of AuCuNiPdPt. (a) element distributions, (b) 1-D element
distribution along a cylinder of 50 nm in diameter (uncorrected rel. counts) and (c)
frequency distribution of the concentration. The concentration profile was taken with a
step size of 1 nm.
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Figure 5: Orientation imaging microscopy: orientation mapping with colour code accord-
ing to the inverse pole figure of the wire axis (〈111〉, 〈011〉 and 〈001〉) and image quality
as grey scale images on the cross section of AuCuNiPdPt in (a) the recrystallised state
and (b) various stages of cold work are shown. The corresponding IPFs are depicted in
(e) - (h). The scaling is given in multiples of the uniform distribution (m.u.d.).

Grey arrows indicate recrystallisation twins and white arrows indicate
deformation twins, respectively. Black arrows point to grains with slip

bands.
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Figure 6: Orientation imaging microscopy: high-resolution image of the cross-section area
of AuCuNiPdPt after cold work to ϕ = 0.43 pointed at with a white arrow in the image
quality map of Fig. 5(c) depicted as (a) orientation mapping and image quality as well as
(b) the kernal average misorientation map. The white arrows indicate indexed deformation
twins. The black arrows point at localised deformation bands.
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Figure 7: High-resolution TEM micrograph of the twinned micrustructure with (a) 250k-
fold and (b) 600k-fold magnification. Subfigure (c) represents a fast Fourier transform
across the twin boundary indicated by an arrow in (a); the corresponding zone axis is
[1 1 0]. The TEM lamella was cut from the grain shown in Fig. 6(a).

35



Rx 0.5 1.0 1.5 2.0
0

20

40

60

80

gr
ai

n
 s

iz
e 

/ 
µ
m

ϕ / 1

 grain size distribution

 mean grain size

Figure 8: Evolution of the grain size of cross sections during cold work in dependence of
the applied logarithmic degree of deformation.
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Figure 9: Evolution of the lattice strain during cold work in dependence of the applied
degree of deformation determined by Williamson-Hall analysis of XRD diffraction pattern.
As example the modified Williamson-Hall plot from the sample with ϕ = 0.43 is inserted
within the diagram.
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Figure 10: Mechanical properties of AuCuNiPdPt: (a) true compressive stress-strain
curves in the recrystallised (Rx) and in various cold worked states as well as (b) the
resulting yield strength in comparison to the hardness values after recrystallisation de-
pending on the logarithmic degree of deformation. Hardness values during cold work after
homogenisation (H) are also provided.
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Figure 11: Comparison of compression and tension true stress-strain curves of AuCu-
NiPdPt in the recrystallised state. The insert shows the corresponding work hardening
rates.
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Figure 12: Dependence of the yield strength on the grain size of AuCuNiPdPt. Closed
symbols represent compressive data, while the open symbol represents the data from the
tensile test.
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