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Abstract

A high temperature compression and compression creep study was undertaken performed on
Al-Mn-Mg-Sc-Zr alloy produced by selective laser melting (SLM). High temperature
compression tests in the temperature range from 150 to 300 °C were conducted for the as-
fabricated (AF) and aged (HT) SLM specimens. The 0.2% proof stress (0o2) showed
comparable values at different loading directions, which reveal an isotropic mechanical
behavior. 0o. of the HT samples exceeded that of the AF at temperatures up to 200 °C. At
250 °C, g2 of AF surpasses that of HT, due to the interaction of solid solution strengthening
above 0.5 of the homologous temperature and the formation of new precipitates in this
temperature range. For AF and HT oo becomes similar again at 300 °C. Creep tests were
conducted at 250 °C in a stress range of 100 to 150 MPa. The Norton stress exponent was
determined to (5.1 + 0.2) indicating that creep is dislocation climb controlled. An activation
energy for creep of (198 +11) kdJ/mol was found. It is suggested that solid solution
strengthening in conjunction with a dispersed L1, AlsSc precipitates improved the creep
resistance compared to conventionally cast-manufactured Al-Sc-Zr alloys.

Keywords: Aluminum alloy; Selective Laser Melting; Precipitation Hardening; Mechanical
Properties; Elevated Temperatures

Introduction

Selective laser melting (SLM) exhibits enormous benefits for the development of precipitation-
strengthened Al alloys for structural high-temperature applications [1-3]. Despite the
conventional aspects associated with SLM processes, namely the higher freedom of design,
minimized machining efforts and rapid prototyping [4], SLM allows for the formation of
supersaturated solid solutions and very fine microstructures to improve the mechanical
properties which are thermally stable as well [5-7]. However, this does not apply to any Al alloy
due to the nature of the process that can be simplified as multipass welding. On the one hand,
Al-Mg-Si based 6000 series alloys or Al-Zn-Mg based 7000 series alloys, for example, suffer
from hot cracking due to the rapid solidification in SLM and their large freezing zones [8,9]. Al-
Si alloys, on the other hand, are well suited for SLM [10-12], but they possess relatively low
strength and ductility compared to precipitation-strengthened Al alloys. Recently, high-strength
Al-Si-Ni-Fe [13] and Al-3Ce-7Cu [14] alloys manufactured by selective laser melting have been
introduced. However, both alloys are not suited for precipitation strengthening and especially
the hardness of the Al-3Ce-7Cu alloy significantly decreases after heat treatments at 250 °C
and above [14]. Therefore, the research on precipitation-strengthened Al alloys suited for SLM



has led to the development of novel high-strength Al alloys strengthened by L1, precipitates.
The most prominent example is the commercially available Scalmalloy®, which is an Al-Mg-
Sc-Zr based alloy [1,15,16]. Sc is known to be one of the most effective alloying elements in
Al due to the formation of AlsSc (L1,) precipitates [17]. The low diffusion coefficient of Sc, as
well as the high coherence and low lattice mismatch of Al:Sc to the matrix provide an
exceptionally good thermal stability of the precipitates [17,18]. Furthermore, the grain size is
significantly reduced in hypereutectic Al-Sc alloys due to the primary solidification von AlzSc
particles that act as nucleation sides [19]. Additional alloying with Zr leads to the formation of
Al3(Sc,Zr) precipitates, where Zr substitute Sc and decreases the lattice mismatch even further
and increases the thermal stability of the precipitates [17,20]. Besides Scalmalloy®, research
has been conducted on alloys with higher Mg and lower Sc and Zr contents encouraged by
the high costs of Sc [21-24]. Other L1, precipitate-forming Al-alloys are Al-Mn-Mg-Sc-Zr
[2,25,26], where Mn substitutes a large portion of Mg to improve solid solution strengthening
and the Sc-free Addalloy®, which is based on Al-Mg-Zr [3,7,27]. The later forms AlzZr with a
metastable L1, crystal structure by the high cooling rates during SLM instead of stable Al;Sc
precipitates.

Even though those alloys were developed for high-temperature applications, little is known
about the mechanical properties at elevated temperatures. The strengthening effect and creep
behavior of binary Al-Sc cast alloys are well investigated [17,28,29], but SLM-processed alloys
exhibit a different microstructure due to the processing. It is known that SLM can lead to a
crystallographic texture formation along the build direction in Al-alloys [4,11,30]. Additionally,
the microstructure of precipitation strengthened alloys consist of a bimodal grain structure with
fine and equiaxed grains at the bottom of the melt pool and elongated grains in a fan-like
morphology almost along the solidification direction [25]. Therefore, the mechanical response
at higher temperatures might differ from the behavior of cast binary Al-Sc alloys. Bi et al. [21,22]
have investigated the mechanical behavior of a Mg-rich Al-Mg-Si-Sc-Zr alloy at temperatures
up to 400 °C in the as-fabricated condition. However, the authors have not investigated the
creep behavior of the alloy. Recently, Griffiths et al. [7] investigated the creep resistance of
SLM processed Al-Mg-Zr forming AlsZr precipitates with a metastable L1, crystal structure in
as-fabricated and peak-aged (400 °C/8 h) condition. They found continuous precipitates with
spheroidal shape and a diameter of approx. 2 nm and discontinuous precipitates of 5 nm width
and hundreds of nanometers in length. The authors identified the creep mechanism based on
the stress exponent between 2 and 3 to be dominated by grain boundary sliding or dislocation
motion. The possible influence of the different grain morphologies was not addressed.

Hence, this work aims to investigate the mechanical properties of an Al-4.58Mn-1.24Mg-
0.91Sc-0.42Zr alloy at elevated temperatures. Bayoumy et al. [25] have recently shown, that
this alloy can be manufactured with a density above 99.8% under various processing
conditions by SLM (i.e., laser power and scan speed). Furthermore, if this alloy is manufactured
by SLM, it exceeds the room-temperature strength of other Sc-containing Al alloys and is
therefore a promising candidate for high-temperature applications.

Experimental

In this work, we investigate the mechanical behavior at high-temperatures of an L1»
strengthened Sc-containing alloy manufactured by SLM. For this, an EOS M290 machine was
used to manufacture 20 x 20 x 20 mm? blocks of the Al-Mn-Mg-Sc-Zr alloy. Details about the
powder characterization and process-optimization can be found elsewhere [25]. Samples were
built at a laser power of 350 W and a scan speed of 1600 mm/s to achieve a density above
99.8 %. The hatch distance was kept at 0.1 mm and the layer thickness was 30 um. All
samples were manufactured under an Ar atmosphere and a scan track rotation of 67°
alternating between consecutive layers. ICP-OES was used to analyze the chemical
composition of the as-fabricated alloy, which is given in Tab 1. In this work, the Al-Mn-Mg-Sc-



Zr alloy was investigated in two different conditions, hamely as-fabricated AF and peak-aged
HT300 at 300°C for 6 h in air followed by water-quenching. AF was tested along the build
direction (BD) and HT300 along and perpendicular to build direction, denoted by HT300L and
HT300T, respectively. A Qness Q10+ micro-hardness tester was used to measure the micro-
hardness before and after aging for various times up to 600 min on polished samples with a
1 pm surface finish.

Samples of 5x3x3 mm? in dimensions for mechanical testing were prepared by electrical
discharge machining. Compression tests were performed using a UPM-Zwick 1478 universal
testing device with an induction coil to heat the samples up to testing temperatures ranging
from 150 to 300°C. All tests were started after sufficient holding time of 15min at test
temperature to ensure the temperature being evenly distributed. The initial strain rate was set
to 1-103s. The compression creep tests were performed at constant load corresponding to
initial engineering stresses of 100, 125 and 150 MPa at 250 °C. Additional creep tests were
performed at 225 and 275 °C at an initial stress of 125 MPa to determine the activation energy
for creep. All mechanical tests were done in air. Since the compression creep tests were
performed at constant load, the true stress decreases during deformation due to increasing
sample cross section (geometrical hardening). Hence, creep rates in the steady-state
decrease continuously with increasing strain. Therefore, the true creep rate for a fictive
constant true stress (corresponding to the engineering stress) is calculated based on the
procedure described in what follows.

The true steady-state creep rate &, as a function of constant true stress &, is expressed by the
Norton creep law:

ét = A . 5tn (1)
A and n are a constant and the stress exponent, respectively. The creep rate &,(&,) obtained
in a test with changing true stress 4,(&;) might be approximated by the Norton law:

E(E) ~ A GTE) (2)
when assuming that A and n are constant in the entire strain range and for small changes in
true stress. Equs. (1) and (2) can be combined to
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By assuming a prismatic sample shape and volume preservation the true quantities &; and 6;
can be replaced by the engineering quantities obtained throughout the test:

0 = 0.(1+ &) 4)
& =In(1+%) (5)
;b (6)
71+,
Eq. (3) becomes:
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For a test at constant initial load corresponding to ; = &, = gy, a correction of the form
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T T ta,)mt ®
might be performed. The stress exponent n was estimated 4.8 at 10 % engineering strain. In
the transient region, the approximation of &.(g,) in Eq. (2) with the Norton law will fail to

describe the situation properly since no steady state is achieve. Anyhow, the strains remain
below 5 % of true strain. This corresponds to a lower true stress of minimum 142 MPa in the



case of 150 MPa engineering stress. The deviation of the approximated creep rate with respect
to a constant true stress creep experiment remains below 5 %. In the steady state, the
difference in engineering stress &, and true stress 4; make up to 20 MPa. The correction is

then up to 14 % of the experimentally observed creep rate &, or &,.

Table 1: Chemical composition in wt.% analysed by ICP-OES of AF

Al Mn Mg Sc Zr Fe Si

wt.% rest 4.58 1.24 0.91 0.42 0.07 0.04

Microstructural analysis was performed on samples prepared by grinding with progressively
finer SiC grits before final polishing with a colloidal silica solution. A JEOL 7001F FEG scanning
electron microscope was used in backscattered electron mode (BSE) to examine the
microstructure in the conditions prior to mechanical tests. After creep testing, the
microstructure was analyzed using a Zeiss LEO 1530 FEG scanning electron microscope. The
grain size was determined utilizing the interception method on at least ten micrographs. The
volume fraction of precipitates was determined on binarized BSE micrographs.

Results

The microstructure of AF is shown in the BSE micrographs in Fig. 1 (a). The melt-pool
morphology can be clearly identified by two different grain morphologies. While the bottom of
the melt-pool consists of equiaxed grains with a grain size of (0.49 + 0.05) ym, grains in the
center to upper region are elongated in a fan-shaped morphology along the solidification
direction in the melt pool by up to 50 um at a maximum aspect ratio of approximately 10. A
high number of bright precipitates (blue arrows) can be found in the equiaxed region compared
to the region of elongated grains. In our previous work on the same alloy under the same
processing conditions [25], those bright precipitates are described in detail. They were found
to be a quasicrystalline and rich in Mn and Fe. Investigations by Jia et al. [26] on a similar alloy
further revealed a stoichiometry of AlsMn for this phase.

Besides those bright precipitates, primary solidified AlsSc can be found with bright contrast
(marked with red arrows in Fig. 1 (b)). Both types of precipitates make up for a total of
(6.9+0.6) vol.% in the fine-grained region, while the coarse, elongated grains contain only
(2.2 +£0.3) vol.% of precipitates. Fig. 1 (¢) and (d) display the microstructure of HT300. The
grain size of the equiaxed grains slightly increases during peak aging to (0.58 £ 0.06) um. The
total volume fraction of both types of precipitates increases to (7.2+0.7)vol.% and
(2.4 £0.4) vol.% for the regions of fine and elongated grains, respectively. Therefore, the total
volume fraction of precipitates is increasing during the aging heat treatment at 300 °C as well.
As a consequence, the Al solid solution matrix is less enriched with Mn and Sc. The columnar
grains have globular cross section of (1.3 £ 0.2) um in diameter perpendicular to the BD in the
HT300T condition, as can be seen in Fig. 1 (d).



Figure 1: BSE micrographs: (a) overview of AF with BD vertical in the image, (b) details of the fine-grained region
in AF showing primary AlsMn (bright particles marked by blue arrows) and primary solidified AlsSc (bright grey
particles marked with red arrow), and HT300with (c) BD vertical and (d) BD out of plane of projection.

Fig. 2 (a-e) displays the compressive stress-strain curves of AF, HT300T and HT300L
depending on the temperature. Only one representative curve of in total three tests performed
for each condition and test temperature is shown for the sake of clarity. In Fig. 2 (f), the mean
compressive 0.2 % offset yield stress (0, ,) depending on the test temperature is depicted. As
expected, AF possesses a lower g, , at room temperature compared to HT300. However, the
difference between o0o2 of the AF and HT300 becomes smaller with increasing temperature up
to 200 °C. At 250 °C, g, , of AF is significantly higher than for both test directions of HT300,
but becomes similar at 300 °C. It is worth mentioning, that no difference in yield strength was
observed for the HT300L and HT300T samples, suggesting that the mechanical behavior
remains independent from the test direction.
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Figure 2: (a-e) Compressive strain-stress curves of AF, HT300L and HT300T at temperatures ranging from 20 °C
to 300 °C and (f) temperature-dependent compressive 0.2% offset yield strength gy 5.

To evaluate a possible influence of the exposure time at test temperature before the
compression tests, the hardness response after aging of AF at 200, 250 and 300 °C was
investigated and the results are shown in Fig. 3. It can be seen, that it takes at least 120 min
before the hardness of the alloy exposed to 200 °C starts to increase significantly, while it takes
less than 15 min at 250 and 300 °C.
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Figure 3: Age hardening response of AF for aging at 200, 250 and 300 °C.

Fig. 4 (a) depicts the true compressive creep rates as a function of true strain at 250 °C of the
HT300L alloy for stresses ranging from 100 to 150 MPa. By increasing stress, the creep rates
become larger. The steady-state creep rate is attained after 6 - 10 % true strain for all tested
samples (also for the HT300L and HT300T conditions, not shown here). Fig. 4 (b) summarizes
the true creep rates in dependence of the true compressive stress in the double-logarithmic
Norton plot. The creep tests are in accordance with the compression tests at 250 °C. While
both peak-aged conditions possess similar creep rates, AF shows creep rates by half an order
of magnitude lower over the tested stress range. The apparent stress exponentn, = 5.1 + 0.2
for the constant true stress condition was determined from the slope in Fig. 4 (b) for each test
condition. It reveals similar dominant creep mechanisms independent from the heat treatment
applied prior to the creep tests and the orientation of the compression direction to the build
direction.
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Figure 4: Compressive creep behaviour at 250 °C: (a) compressive creep curves at 100, 125 and 150 MPa of AF
and (b) the corresponding Norton Plot for AF and HT300 along (HT300L) and perpendicular (HT300T) to the build
direction.

Fig. 5 (a-d) depicts the microstructure before and after creep deformation of the coarse-grained
regions in HT300L and HT300T. All regions, including the coarse-grained region significantly
participate to creep deformation. New grains have been formed during the deformation
process, which can be identified by the dark contrast and the absence of AlsMn precipitates in
the grain interior. The lower volume fraction of precipitates within the coarse grains compared



to the fine-grained region leads to a lower creep resistance and therefore, a significant
contribution to creep deformation. The fine grains change their shape and are clinched
perpendicular to the applied stress, as shown in Fig. 5 (e). The high amount of AlsMn particles
impede grain rotation by boundary sliding and promote the grain shape change. The apparent
activation energy for creep Q. based on the Arrhenius term for &, :
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Figure 5: BSE micrographs of HT300L and HT300T: (a,c) before creep testing, (b,d,e) after 15 % creep strain (in
vertical direction) at 250 °C and 125 MPa. (a,b,e) with BD being vertical and (c,d) with BD being out of the plane
of projection.

Discussion

The higher strength of AF at 250 °C is unexpected, but the almost similar yield strength of both
conditions, AF and HT300, at 300 °C suggests that this might be related to the precipitation in
the early stages of testing. As mentioned earlier, the compression tests started approximately
15 min after reaching the respective temperature for testing to ensure thermal equilibrium. Jia
et al. [26] found AlsSc forming mainly in the early stages of the peak-aging heat treatment at
300 °C. Following those results, the AlsSc phase starts forming and coarsening within the first
few minutes in a similar Al-Mn-Mg-Sc-Zr alloy at 300 °C. We found that in this work the volume
fraction of the precipitates slightly increases during peak-aging heat treatment in the fine-
grained region as well as in the coarse-grained region (see above), reducing the number of
solute atoms in the Al-matrix. This leads to a larger strengthening effect by precipitates on the
one hand, but on the other hand, it decreases the amount of solid solution strengthening mainly
by Sc and Mn atoms in the Al matrix. Furthermore, the AlsMn precipitates are majorly located
at the grain boundaries and therefore do not contribute directly to the strengthening of the alloy,
besides the fact that they prevent grain growth during the aging treatment. The hardness
response during exposure time at test temperatures revealed that AF already starts to increase
hardness and therefore its g, just due to the exposure of 250 and 300 °C for 15 min before
the compression test actually starts. However, AF is not reaching the maximum hardness
value. Hence, the solid solution in the AF condition will still have more Mn and Sc solved
compared to the conditions in HT300L and HT300T. Furthermore, at testing temperatures T of
200 °C and above the homologous temperature Tyom = T/T,, (With T, being the solidus
temperature) surpasses 0.5, which means that diffusion-controlled dislocation climb to
overcome obstacles like AlsSc precipitates becomes significant as will be shown during the
discussion of the creep experiments later in this work. With all this information we assume the
yield strength of AF to be influenced by contrary effects: (i) Exposure at 250 °C and 300 °C,
while waiting for thermal equilibrium, leads to the formation of additional AlsSc precipitates and
therefore an increase in strength. (ii) The increase of the volume fraction of precipitates leads
to a depletion in Sc and Mn in the matrix and therefore a decrease in the solid solution
strengthening. (iii) Dislocations climb at higher temperatures to overcome obstacles is
activated. Moreover, Griffiths et al. [7] have observed a similar behavior for the Al-Mg-Zr alloy,
where they found a higher yield strength of AF above 177 °C compared to the peak-aged
condition (400 °C/8 h). In addition, they found a similar creep behavior of both conditions after
an additional exposure of 120h at 260 °C and concluded that aging occurred during the



additional heat treatment [7]. However, their creep data is well fitted by a stress exponent n =
2 or 3, which is indicative of grain boundary gliding or dislocation gliding [7]. In the present
alloy the apparent stress exponent indicates that dislocation climb controls steady state creep
in good agreement with data published by Seidman et al. [29]. A creep exponent of 4.4 was
found for cast Al-0.3 wt.% Sc tested at temperatures ranging from 225 to 300 °C [29].
Therefore, grain boundary sliding, as previously reported in additive manufactured and
precipitation strengthened ultrafine-grained Al alloys can be excluded [7], since the stress
exponent for grain boundary sliding is generally associated to values close to n = 2 [31]. In
addition, the high amount of grain boundary precipitates (AlsMn and AlsSc) is expected to
prevent grain boundary sliding or strain accommodation by grain rotation.

The apparent activation energy for creep is higher than previously reported Q. of 132 kJ/mol
for dislocation climb controlled creep in Al [32] and 138 kJ/mol for Al-0.3 wt.% Sc [29]. For the
present alloy the influence of Mg and Mn has to be considered. The activation energy for
diffusion of Mg in Al is 120 kJ/mol [33]. This is lower than the above mentioned low Q. for creep
of Al, Al-Sc and AF. Hence, dissolved Mg does not contribute to a substantial decrease in Q..
The activation energy of diffusion of Mn in Al of 211 kJ/mol [34] is close to the determined
activation energy of (198 + 11) kd/mol in this work. Therefore, Mn seems to contribute to the
rather high Q. of AF, if it is dissolved in the solid solution. Jia et al. [26] suggest, that the
formation of AlsMn is not effectively activated by annealing at 300 °C for 5 hours, but starts
significantly at 350 °C. In this work we have shown, that the volume fraction of precipitates is
only slightly increasing without distinguishing between AlsSc and AlsMn at 300 °C for 6 h. For
this reason, the decomposition of the Mn-rich solid solution is believed to be negligible at
250 °C, where the creep tests have been performed, even though the duration of the creep
tests was up to 80 h. Therefore, Mn indeed remains mainly in solid. A similar apparent
activation energy of creep in the investigated alloy compared to the activation energy of Mn
diffusion in Al is supporting the identification of dislocation climb controlled creep based on the
Norton exponent. As proposed by Cottrell [35], the distortion field of solute atoms might pin
dislocations. To further move the dislocation without increasing the applied stress, the Mn
solute atom has to diffuse away from the dislocation.

Compared to other L1, precipitation strengthened Al alloys manufactured by SLM, the Al-Mn-
Mg-Sc-Zr alloy investigated in the present work shows a superior creep behavior in the AF as
well as in the HT condition compared to other L1, strengthened Al-alloys, such as cast-
manufactured Al-Sc and Al-Sc-Zr [20,29] and additively manufactured Al-Mg-Zr [7]. This can
be explained (i) by the influence of the solute Mn in the matrix and (ii) by a higher number
density of AlsSc precipitates compared to other commonly investigated Al alloys. For example,
the published creep rates for Al-Mg-Zr at 260 °C are at least 5 orders of magnitude higher [7].
The creep tests performed at 275 °C and 125 MPa to determine the apparent activation energy
for creep display a significant lower true creep rate compared to the published creep rates of
Al-Mg-Zr at 260°C. Hence, the difference of 10 K does not rationalize such a significant
difference. Although the Al-Mg-Zr alloy possess 2.9 wt.% Mg, the solid solution strengthening
to increase the creep resistance is less effective than for the Mn addition of the alloy in this
work, as can be seen by the lower activation energy for Mg diffusion in Al. It has been reported
recently, that the strength contribution of solid solution in the peak-aged condition for the Al-
Mn-Mg-Sc-Zr alloy is up to approx. 134 MPa at room temperature [2]. This even exceeds the
solid solution strengthening effect in the widely applied alloy 7075, where high amounts of up
to 10 wt.% in total of dissolved Zn, Mg and Cu can increase yield strength by approx. 82 MPa
[36]. Despite the L1, precipitates, solid solution strengthening has a huge contribution in
increasing the creep resistance at 250 °C, as we have shown by the lower creep rates of the
AF condition compared to HT300. Furthermore, the creep rates of the investigated Al-Mn-Mg-
Sc-Zr alloy are lower compared to conventionally cast-manufactured Al-Sc alloys [29]. These



alloys typically contain up to 0.3wt.% Sc compared to 0.91wt.% Sc in the present alloy.
Therefore, a lower number density of AlsSc particles can be expected, resulting in a lower
creep resistance. Even though the creep resistance of the peak-aged conditions is half an
order of magnitude lower than for AF, the yield strength is significantly higher below 250 °C.
Therefore, the heat treatment condition has to be adjusted to the actual application of the parts.

Summary and Conclusions

In this work, we reported on the high temperature properties in compression of an additively
manufactured Al-Mn-Mg-Sc-Zr alloy in different conditions. First of all, two different directions,
namely vertical and transversal to the build direction have been examined in terms of
microstructure, compression and compression creep properties. Both build orientations
possess a bimodal microstructure, even though in the transversal direction both grain fractions
are equiaxed, while the coarser grains are elongated along the build direction in case of the
vertical orientation. However, this does not affect the mechanical properties for the peak-aged
condition, since the compression strength and creep resistance are independent of the build
direction when macroscopic test samples are considered. The aged conditions both possess
a higher offset yield strength g,, compared to AF up to 200 °C. However, the ag,, of AF
exceeds those of the aged ones at 250 °C before becoming similar for all conditions at 300 °C.
The higher strength at 250 °C is a result of the higher content of Sc and Mn in solid solution
for AF compared to the solid solution of the aged condition. Dislocation climb controlled creep
is majorly responsible for creep deformation in the present alloy as indicated by the determined
apparent stress exponent n,of 51 + 0.2 and the apparent activation energy of
(198 £ 11) kd/mol. Despite the high amount of Sc and therefore AlzSc precipitates compared
to conventional casted Al-Sc in literature, the high Mn content in the investigated Al-Mn-Mg-
Sc-Zr alloy is also assumed to be responsible for its higher creep resistance compared to other
Al alloys.
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