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Abstract 

An Al-Mn-Mg-Sc-Zr alloy was additively manufactured and deformed by rotary swaging to investigate 

the effect of high defect densities on the precipitation behavior, work hardening capability and 

ductility. For this, the LPBF-fabricated alloy was deformed by rotary swaging up to a true strain of 2.5 

subsequent to a laser powder bed fusion (LPBF) process. Compared to the LPBF condition, swaging 

results in a refinement of the microstructure by one order of magnitude and an increased hardness 

and ultimate tensile strength (UTS) which is mainly attributed to the finer microstructure of the swaged 

alloy. By annealing, a higher peak-aging hardness of (209 ± 2) HV0.1 and UTS of (717 ± 2) MPa of the 

swaged alloy at a lower peak-aging temperature of 300 °C (1 h) was obtained. Significant improvement 

of uniform elongation by enhanced work hardening capability of the swaged and annealed alloy is 

obtained for annealing temperatures above 300 °C while strength is only moderately affected. The 

significant improvement of aging kinetics is discussed alongside a profound microstructural 

characterization of the heterogeneous grain structure and precipitate distribution. 
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1. Introduction 

In recent years, the increased use of additive manufacturing (AM) in general, and laser powder bed 

fusion (LPBF) in particular, has led to the development of several new age-hardening, high-strength 

aluminum alloys that can only be processed by utilizing this technology. Scalmalloy® probably is the 

most prominent alloy, which is based on the Mg-containing 5xxx series and is modified by Sc and Zr 

additions [1-3]. The 0.2% offset yield strength for Al-5Mg increases from 115 MPa to 266 MPa by minor 

additions of Sc and Zr of 0.2 and 0.1 wt.%, respectively [4]. The increase in strength is mainly associated 

with precipitate strengthening by L12-ordered Al3(Sc,Zr) particles and grain boundary strengthening as 

a result of the fine microstructure due to the primary solidification of the Al3(Sc,Zr) particles that 

further act as heterogeneous nucleation [5,6]. It is worth noticing, that grain refinement in binary Al-

Sc alloys is usually observed at higher Sc contents beyond 0.5 wt.%, but Zr noticeably reduces the 

necessary amount of Sc for grain refinement [4,7]. Zr is known to substitute Sc atoms in the Al3Sc phase 

[8,9]; for simplicity we, therefore, refer to Al3Sc in this manuscript. The maximum amount of Sc, which 

can be effectively used for age-hardening in casted Al-Sc alloys is limited by its maximum solubility of 

0.3 wt.% [10]. However, due to the high cooling rates of up to 106 K/s associated with LPBF [11,12], the 

solubility of Sc in the super-saturated solid solution increases to 0.7 wt.% [1,13]. The higher cooling 

rates compared to conventional casting processes and the higher Sc content further refine the 

microstructure and increases the strength of the alloys manufactured by LPBF [2,3]. The yield strength 

of Scalmalloy® with a nominal composition of Al-4.6Mg-0.66Sc-0.42Zr-0.49Mn (all compositions are 

given in wt.%, unless specified otherwise) manufactured by LPBF is 288 MPa in the as-LPBF condition 

and increases to 450 MPa after applying a direct aging heat treatment at 325 °C for 4 h [2]. Total 

elongation in the as-LPBF condition and after direct aging have been determined to be 16 % and 9 %, 

respectively [14]. Jia et al. [15] have modified the Mn-containing 3xxx series with Sc and Zr additions, 

to further increase solid solution strengthening. The yield strength was determined to be 438 MPa and 

556 MPa in the as-LPBF and age-hardened condition, respectively [14]. Besides the increase in 

strength, alloying with Sc and Zr also improves the resistance against recrystallization [7,16]. Due to 

the thermal stability of the precipitates and microstructure, Al-Mn-Mg-Sc-Zr alloys exhibit exceptional 

high creep resistance at 250 °C in comparison to other precipitate-strengthened Al alloys [17].  

The LPBF process usually leads to the formation of a heterogeneous microstructure as a result of the 

thermal gradient in the melt pool and its surroundings [18]. The microstructure consists of fine 

equiaxed grains at the bottom of the melt pool and columnar grains oriented in solidification direction 

on top of them [18]. Recently, Jia et al. [15] investigated the precipitation kinetics of an LPBF processed 

Al-Mn-Mg-Sc-Zr alloy and found that the heterogeneous microstructure remains stable even after 

annealing at 450 °C for 24 h due to the thermal stability and grain growth inhibition capability of Al3Sc 

and Al6Mn particles. Furthermore, the respective activation energies determined for the formation of 

Al3Sc and Al6Mn were found to be considerably lower than for long-range volume diffusion of Sc and 

Mn in Al, which is attributed to the high dislocation density within the fine-grained microstructure. 

However, heterogeneous microstructures can lead to limited uniform strain by localized deformation 

in the early stages of deformation, which can be seen in the ultimate tensile strength (UTS) occurring 

early at 1 to 2 % plastic strain (uniform elongation) followed by a significantly lower flow stress of Al-

Mn-Sc alloys manufactured by LPBF [14,15,19,20].  

To obtain a more homogenous microstructure for suppression of localized deformation and 

improvement of uniform strain, a cold working process with subsequent annealing to 

recover/recrystallize the alloy is applied in the present study. Furthermore, the LPBF process was 

utilized to increase the amount of precipitates by the increased supersaturation in Mn and Sc. The 

influence of heat treatment conditions on superimposed precipitation, recovery and recrystallization 

is studied with respect to microstructure and mechanical properties.  The following questions were 



addressed: (i) How do deformation induced defects alter the precipitation kinetics and (ii) how does 

the microstructure evolves after heat treatment and influence the mechanical behavior? 

2. Experimental 

Al-4.58Mn-1.24Mg-0.91Sc-0.42Zr powder was used to manufacture 200 mm long bars of hexagonal 

cross section and 10 mm in width. The composition of the powder was determined by inductively 

coupled plasma optical spectroscopy (ICP-OES) previously in Ref. [19]. The bars were built horizontally 

on the build plate by LPBF using an EOS M 290 machine. The particle size of the powder is ranging from 

20 to 70 µm with an average particle size of around 35 µm. To ensure a relative density above 99.8 %, 

laser power, scanning speed, hatch distance and layer thickness were set to 350 W, 1600 mm/s, 

0.1 mm and 0.03 mm, respectively. The scan strategy included a snake-like pattern with scan track 

rotation of 67° alternating between consecutive layers. LPBF was performed under Ar atmosphere. 

Further details on the manufacturing process and parameter optimization can be found elsewhere 

[19]. Subsequently, the LPBF-fabricated bars were deformed down to 3 mm in diameter via rotary 

swaging, applying an areal reduction of approximately 20 % per step. The totally applied true strain is 

2.5. In the following, the different manufacturing conditions of the alloy are referred to as LPBF and 

swaged. 

Microstructural characterization was carried out on samples prepared by water-cooled grinding with 

SiC paper as fine as grit P4000. Samples were polished using 3 and 1 µm diamond suspension before 

final polishing with a colloidal silica solution. Scanning electron microscopy (SEM) with backscattered 

electron contrast (BSE) was conducted using a JEOL 7001 FEG and FEI Apero S at 10 kV acceleration 

voltage. Electron backscatter diffraction (EBSD) was performed on a Zeiss Auriga 60 SEM equipped 

with an EDAX DigiView EBSD system. The samples for transmission electron microscopy (TEM) were 

prepared perpendicular to the wire axis and the slices were ground and polished to a thickness of 

approximately 100 µm. Subsequently, double jet electrochemical thinning was performed at 

temperatures of -10 °C using a mixture of electrolyte A1 and A2 (Struers). TEM micrographs were taken 

using an FEI Titan3 80-300and a Philips CM 200 FEG at an acceleration voltage of 300 kV and 200 kV, 

respectively. Elemental mapping was performed at the FEI Osiris ChemiStem equipped with a SuperX 

detector using scanning transmission electron microscopy (STEM) and energy-dispersive x-ray 

spectroscopy (EDXS) operated at an acceleration voltage of 200kV and quantified with the Esprit 

software by Bruker.  All microstructural characterization of the swaged alloy was done on the normal 

surface to the cross section with the wire direction (WD) out of projection plane. Grain size distribution 

of the alloy and volume fraction of additional phases were determined by image analysis. While the 

interception method was used to estimate the grain size distribution in the different region of the 

swaged alloy using TEM images, the areal fraction of the phases was determined in the software 

ImageJ based on SEM micrographs. The equivalence of areal fraction and volume fraction was 

considered assuming isometry and isotropy of the investigated microstructural features. 

Annealing experiments of the LPBF and swaged condition were performed using a box furnace by 

Nabertherm. Specimens of each condition were (i) annealed at 300°C for various times ranging from 

15 min to 360 min and (ii) annealed for one hour at various temperatures ranging from 250°C to 550°C. 

Subsequent to the aging treatment, all specimens were water-quenched. Hardness of the alloy after 

various aging treatments was measured using a Qness Q10+ microhardness tester at HV0.1. A 100 kN 

Instron 5982 machine was utilized for tensile tests on the LPBF alloy and tensile samples were 

machined from hexagonal rods with a cross-section of 10 mm manufactured horizontal to the build 

plate. The gauge length of the specimens was 24 mm with a diameter of 6 mm. Tensile tests on the 

swaged alloy were performed using a ZwickRoell universal testing machine equipped with an optical 

extensometer system VideoXtens by ZwickRoell. Tensile samples were directly cut from the swaged 

material with a total length of 175 mm and a gauge length of 50 mm observed by the VideoXtens 



system and were subject to a heat treatment at 300, 375 and 550 °C and subsequently water 

quenched, except for the tensile samples that remained in the as-swaged condition. The initial strain 

rate for the displacement controlled tensile testing of both conditions, LPBF and swaged, was 4.8 · 10-

4 s-1. At least three samples were tested on each manufacturing and annealing condition. 

X-ray diffraction (XRD) was performed on longitudinal sections of the swaged and annealed wires using 

a D2 Phaser by Bruker equipped with a LynxEye line detector. The scanning was carried out in Bragg-

Brentano geometry on polished surfaces in 0.01° steps with a Cu X-ray tube operating at 30 kV and 

10 mA. The according radiation was filtered by means of Ni foil. Lattice parameters were determined 

by extrapolating the peak positions using a Nelson-Riley approach [21]. In order to estimate the 

contribution by internal lattice strain, peak width ∆2𝛩 in the diffraction patterns as a function of peak 

position 2𝛩 were used and expressed in terms of the scattering vector ∆𝑠 =
∆2𝛩 cos 𝛩

𝜆
 and 𝑠 =

2 sin 𝛩

𝜆
, 

respectively. 𝜆 was 1.5406 Å. Instrumental broadening (analysis of an LaB6 reference powder) was 

subtracted in order to obtain ∆𝑠. Due to low elastic anisotropy, linear trends are observed for ∆𝑠 vs. 𝑠 

(Williamson-Hall plot) for all processing conditions in this study (see Supplementary Material S2). The 

slope 𝑚 of the linear relationship is considered dominated by dislocation density 𝜌 subsequent to 

rotary swaging due to low density of other defects contributing to internal lattice strain in the present 

materials conditions (for example stacking fault due to high stacking fault energy of Al based alloys).  

As a rough estimate, dislocation density 𝜌 scales with 𝑚 ∝ √𝜌  [22].  

3. Results 

3.1 Initial microstructure 

The initial microstructures of the LPBF and swaged condition have been investigated by means of SEM 

and TEM. Fig. 1a displays the bimodal initial microstructure of the LPBF alloy along the solidification 

direction. It consists of a fine-grained (FG) region with equiaxed grains at the bottom of the melt-pool 

with grain sizes of (0.49 ± 0.05) µm and coarse elongated grains (CG) in the center and top region of 

the melt-pool. The elongated grains with up to 50 µm are arranged in a fan-shape morphology along 

the solidification direction with an aspect ratio of approx. ten. Higher magnification SEM micrographs 

of FG and CG show additional phases at the grain boundaries and within the grains in Fig. 1b in the 

upper right and lower left corner, respectively. These phases have previously been identified as L12 

Al3Sc and quasicrystalline Al6Mn [19]. The total volume fraction of both phases is (6.9 ± 0.6) vol.% in 

FG, while it is (2.2 ± 0.3) vol.% in CG. No attempt was undertaken in this work to distinguish between 

the two phases due to similar atomic 𝑍 contrast. After swaging, the microstructure remains bimodal 

as can be seen in Figs. 1c and d. Comparison of Fig. 1a and 1c illustrates that the size of the fan-shaped 

regions, tagged by the dashed line, is smaller after swaging. Furthermore, the grain size of the equiaxed 

grains in FG after swaging is (0.10 ± 0.05) µm. For CG, the length of the elongated grains is (2.8 ± 

1.3) µm, while the aspect ratio remains similar to the LPBF condition at approx. ten with a mean grain 

width of (0.26 ± 0.12) µm. The determined volume fraction of the additional phases Al3Sc and Al6Mn 

after swaging compared to the as-LPBF condition is (2.3 ± 0.5) vol.% and (5.8 ± 1.1) vol.% for CG and 

FG, respectively. Therefore, no significant change was observed in the SEM and TEM investigations 

subsequent to swaging. The varying contrast within single grains in high angle annular dark-field 

(HAADF) STEM images in Fig. 1d displays the two additional phases (marked by arrows) and the high 

dislocation density after swaging. The secondary phases have been again identified as Al3Sc of L12 

crystal structure and Al6Mn of a ten-fold quasicrystalline structure (see Supplemental Material Fig. S1a-

d), which were also found in the LPBF condition. Even though severe deformation can lead to 

dissolution of precipitates [23], no change in volume fraction of the additional phases was detected 

after cold working within the resolution of the applied microscopy techniques and for the comparably 

lower true strains ((5.8 ± 1.1) vol.% for FG and (2.3 ± 0.5) vol.% for CG). 



  

  
Figure 1: Microstructure of Al-4.58Mn-1.24Mg-0.91Sc-0.42Zr: (a) BSE micrograph of the LPBF condition with z denoting the 
build direction, (b) detailed BSE micrographs of FG (upper right corner) and CG (lower left corner) of the LPBF condition, (c) 
BSE micrograph after swaging with WD out of plane of projection and (d) STEM-HAADF micrograph after swaging. In (a) and 
(b) the z is vertical in the image and WD in (c) and (d) points out of projection plane. 

3.2 Age-hardening response and mechanical properties 

The aging behavior of the alloy in both fabricated conditions was investigated in terms of hardness (i) 

as a function of time at 300 °C and (ii) as a function of temperature for 1 h. The first case is displayed 

in Fig. 2a. The hardness in the as-fabricated condition after swaging is increased compared to the LPBF 

condition. Furthermore, the maximum hardness after annealing is determined after shorter annealing 

times compared to the LPBF alloy (1 h vs. 6 h). Moreover, the maximum hardness of the swaged alloy 

is significantly higher than for the LPBF condition with (209 ± 2) HV0.1 vs. (192 ± 3) HV0.1. Fig. 2b shows 

the hardness as a function of temperature at a constant annealing time of 1 h. For the swaged 

condition, the maximum hardness is obtained at 300 °C, while for the LPBF alloy the peak is found at 

325 °C, corresponding to hardness values of (209 ± 2) HV0.1 vs. (194 ± 3) HV0.1, respectively. In case 

of the swaged alloy, the hardness drop is larger compared to the LPBF alloy when annealed at the same 

temperature beyond the peak temperature. 

Tensile test specimens in the peak-aged condition at 300 °C of the LPBF and swaged alloy as well as 

over-aged specimens at 375 and 550°C of the swaged alloy were prepared for further mechanical 

testing. In addition, we tested the LPBF alloy in the peak-aged condition at 350 and 400 °C for 4 and 



3 h, respectively, according to the age-hardening results reported elsewhere [15]. Fig. 2c displays the 

stress-strain curves of selected heat treatment conditions of the swaged and LPBF alloy. For clarity, 

only one test per condition is shown even though at least three samples were tested for each 

condition. The offset yield strength 𝜎0.2, ultimate tensile strength 𝜎UTS, uniform elongation 𝜀u and 

plastic strain to failure 𝜀p are summarized in Tab. 1. While the strength of the alloy increases 

significantly by swaging, its plastic strain drops to almost zero. The strength increases for both 

conditions after their respective peak age heat treatment (at 300 °C for 1 h or 6 h, see Fig. 2a), while 

the strength slightly decreases for the peak-aged conditions at 350 and 400 °C of the LPBF material. All 

conditions obtained directly from LPBF without cold working showed their maximum strength after 

very small plastic deformation followed by an extended plastic strain at a lower flow stress indicative 

of localized deformation, e.g. band formation and propagation. Furthermore, the LPBF alloy exhibits 

less plastic strain by increasing the annealing temperature, while for the swaged condition the plastic 

strain to failure improves but remains smaller compared to the LPBF condition except for the swaged 

550 °C alloy. Increasing the annealing temperature for the swaged alloy further increases plastic strain, 

while decreasing the strength of the alloy. Besides increase in plastic strain to failure, the uniform 

elongation substantially increases with increasing annealing temperature in the swaged alloy. Note, 𝜀u 

cannot be accurately determined for the as-fabricated swaged alloy, because all samples failed in the 

grip section of the samples before necking occurred. In contrast to the swaged alloy, 𝜀u does not 

depend on the annealing treatment in the LPBF alloy except for annealing at 400 °C, where it decreased 

significantly. Both, hardness and 𝜎UTS follow the same trend upon annealing, as shown in Fig. 2d. From 

the hardness and ultimate tensile strength at various annealing temperatures a linear correlation of 

the two properties was obtained, following: 

𝜎UTS = 4.1 MPa · 𝐻𝑉0.1 − 93 MPa (1) 

with an adjusted 𝑅adj
2 = 0.99, where 𝐻𝑉0.1 is the corresponding hardness value (no unit). Eq. (1) is 

strictly only valid for the observed hardness range of 100 to 220 HV0.1. 

Table 1: Summary of offset yield strengths 𝜎0.2, UTS  𝜎UTS, strains to failure 𝜀𝑝 and uniform elongation 𝜀u for all tested 

specimen conditions incl. standard deviations obtained from sets of individual tests. 

Specimen condition 𝜎0.2 in MPa 𝜎UTS in MPa 𝜀u in % 𝜀p in % 

LPBF 

as-LPBF 438 ± 4.1 450 ± 2 0.34 ± 0.05 19.4 ± 1 

300 °C/6 h 619 ± 1 629 ± 1 0.36 ± 0.01 11 ± 0.2 

350 °C/4 h 597 ± 1 601 ± 1 0.34 ± 0.04 9.7 ± 0.5 

400 °C/3 h 547 ± 5 549 ± 4 0.27 ± 0.02 6.5 ± 0.2 

swaged 

as-swaged 700 ± 3 705 ± 6 n/a < 0.3 

300 °C/1 h 709 ± 2 717 ± 2 0.46 ± 0.05 1.1 ± 0.2 

375 °C/1 h 587 ± 10 612 ± 9 1.4 ± 0.2 2 ± 0.3 

550 °C/1 h 248 ± 7 354 ± 1 9.6 ± 0.7 10 ± 0.2 

 



  

  
Figure 2: Summarizing the mechanical properties in terms of (a) HV0.1 after annealing for different durations at 300 °C, (b) 
HV0.1 after annealing at different temperatures for 1 h, (c) engineering stress-strain-curves for selected processing and 
annealing conditions and (d) the UTS and HV0.1 at different annealing conditions of the swaged alloy. Dashed lines and 
shaded regions correspond to peak-age conditions.  

3.3 Characterization of swaged and annealed microstructure 

In Fig. 3, EBSD maps color-coded according to the inverse pole figure (IPF) of the WD are plotted with 

WD out of the projection plane for the swaged condition in the different annealing conditions. The IPF 

map of as-swaged condition is presented in Fig. 3a, while Fig. 3b through 3c displays the alloy annealed 

for 1 h at 300, 375 and 550 °C, respectively. All conditions exhibit strong 〈111〉 and 〈100〉 fiber texture 

components being typical of wire deformation by drawing or rotary swaging of face centered cubic 

metals and alloys [24,25]. The heterogeneous microstructures endure for annealing up to 375 °C and 

becomes fully equiaxed after annealing at 550 °C. However, the microstructure remains fine-scaled 

and only slightly coarsens.  

 



  

  
Figure 3: Orientation mapping by EBSD according to the IPF of the WD projection out of plane of (a) the as-swaged condition 
and following annealing for 1 h at: (b) 300 °C, (c) 375 °C and (d) 550 °C. Scale bar and color code IPF in (a) are representative 
for all images. 

The microstructure after annealing at 300 and 375 °C has been further investigated by means of TEM 

in bright field (BF) mode and is shown in Figs. 4a and c, while the 550 °C condition was examined by 

SEM in Fig. 4e (Fig. S2 in the Supplemental Material illustrates the comparison with the swaged 

condition). In contrast to the 300 °C condition, grains without dislocation networks were found in the 

375 °C alloy (see Fig. 4c marked by blue arrows). The corresponding EDS maps for Sc and Mn are shown 

in Figs. 4b and d. The microstructure in all annealed conditions remains bimodal, except for the 550 °C 

condition, as can be seen in Fig. 3. Fig. 5 displays the grain size distribution for the swaged alloy and 

after annealing at 300 and 375 °C. All changes in grain size after annealing at 300 and 375 °C are within 

the standard deviation and therefore not significant. The grain size after annealing in the equiaxed 

grain regions is (0.1 ± 0.05) and (0.16 ± 0.08) µm for 300 and 375 °C, respectively. Columnar grains 

exhibit widths of (0.38 ±0.15) and (0.33 ± 0.11) µm and lengths of (3.86 ± 1.56) and (2.94 ± 1.04) µm 

for annealing at 300 and 375 °C, respectively. The only significant change in grain size was observed 

after annealing at 550 °C for 1 h with an equiaxed grain size of (0.88 ± 0.11) µm. The volume fraction 

of Al3Sc and Al6Mn in the swaged alloy increases by annealing at 300 °C for 1 h from (2.3 ± 0.5) vol.% 

and (5.8 ± 1.1) vol.% to (9.5 ± 1) vol.% and (15.1 ± 1.3) vol.% for FG and CG, respectively. Annealing at 

375 °C further increases the volume fraction of additional phases to (16.1 ± 2.8) vol.% and 

(19.6 ± 2.6) vol.% in FG and CG, respectively. In the alloy annealed at 375 °C, the formation of needle 



shaped Al6Mn was observed (see Fig. 4c, marked by black arrow). However, no further increase was 

observed after annealing at 550 °C for 1 h in the fully recrystallized microstructure with a combined 

volume fraction of Al3Sc and Al6Mn of (18.1 ± 3.5) vol.%. The bright particles in Fig. 4e are both Al3Sc 

and Al6Mn. 

  

  

 

 

Figure 4: Microstructure of the annealed condition after swaging: (a) TEM-BF 300 °C/1 h (black arrows indicating Al6Mn), (b) 
superposition of TEM-BF and EDS map 300 °C/1 h (equiaxed grain region in the upper right corner and elongated grain 
region in the lower left corner), (c) TEM-BF 375 °C/1 h (black arrows indicating needle-shaped Al6Mn, blue arrows indicating 
recovered grains), (d) EDS map 375 °C/1 h (equiaxed grain region in the upper right corner and elongated grain region in the 
lower left corner), (e) BSE 550 °C/1h with WD out of projection plane. 



  
Figure 5: Summary of grain size distributions in (a) the equiaxed and (b) columnar grain regions of the swaged and annealed 
conditions. Continuous lines correspond to log-bimodal fits to the data. 

The lattice parameter of the Al-rich solid solution calculated via the Nelson-Riley approach and the 

slope 𝑚 determined from Williamson-Hall plots (see Supplemental Material Fig. S3) for the LPBF, 

swaged and heat-treated conditions are plotted in Fig. 6. Aging at 375 °C leads to a significant increase 

of the lattice parameter, while it remained similarly low during other processing conditions, namely 

LPBF, swaged and the heat treatment at 300 °C. Annealing at higher temperatures does not affect the 

lattice parameter any further. The internal lattice strain represented by the slope 𝑚 increases by 

swaging and remains constant within the estimate ranges by annealing at 300 °C. Annealing at higher 

temperatures results in a significant decrease of 𝑚 even though no significant difference between the 

microstructure of the samples annealed at 375 and 550 °C has been observed. 

 
Figure 6: Dependence of lattice parameter and internal lattice strains represented by 𝑚 for the various processing 
conditions. 

4. Discussion 

4.1 Microstructural evolution during swaging and annealing 

The fine microstructure and the mechanical properties of the swaged alloy are a result of (i) the applied 

straining to the microstructure, effectively reducing the cross section of grains, (ii) recovery of the 

microstructure [26-29] and possibly (ii) dynamic recrystallization [27]. The geometrical grain size 

reduction by a true strain of 2.5 during cold work results in an average grain size of 0.15 µm for the FG 

region and 15 and 1.5 µm for length and width of the grains in the CG region, respectively. This is 

considerable larger than the observed grain sizes, see Fig. 5. Therefore, some microstructural 

refinement will be a result of dynamic recovery and recrystallization. In case of Al alloys, recovery might 



be the dominant mechanism due to the high stacking fault energy, which promotes cross slip and 

subsequent annihilation of dislocations. For this reason, complete dynamic recrystallization by cold 

deformation is limited to high purity Al [30], which is not the case here considering the amount of 

alloying elements. Interestingly, the grain refinement in FG and CG is in the same order of magnitude 

suggesting that the different volume fractions of Al6Mn and Al3Sc in both regions do not affect the 

recovery behavior in this alloy. One reason could be, that the formation of nano-sized precipitates 

embedded in the matrix with similar scattering potential during deformation in both regions was not 

observed with the microscopy techniques used in this work. Furthermore, the dissolved amount of 

alloying elements is similar in FG and CG of the LPBF alloy, as recently reported in Ref. [20] for the 

same alloy as in the present study. At the same time, a preferred grain orientation occurs which is 

typical of fcc metals and alloys deformed by wire drawing or rotary swaging [24,25], while for the LPBF 

alloy no significant preferred grain orientation has been reported in literature so far [14,19]. However, 

the microstructure remains heterogeneous, which can be associated to (i) high number of particles 

(Al3Sc and Al6Mn), (ii) an uneven distribution of particles in the equiaxed and columnar regions, (iii) 

stable precipitates due to limited temperature increase during swaging and (iv) high dislocation density 

in the as-LPBF and swaged alloy. Even though the estimated internal lattice strain (which might be 

considered dominated by dislocation density in the present case) in the LPBF is lower compared to the 

swaged alloy (see Fig. 6), dislocation density in LPBF alloys is higher than in alloys obtained by 

conventional cast metallurgy due to the cyclic thermal processing during the layer-by-layer production 

of the alloys [15,31].  

The fine microstructure is stable up to 375 °C, which agrees with the observations on a similar alloy of 

composition of Al-4.52Mn-1.32Mg-0.79Sc-0.74Zr-0.05Si-0.07Fe manufactured by LPBF by Jia 

et al. [15]. The heterogeneous microstructure in this LPBF alloy remained unaffected even after 

annealing at 450 °C and the grain size in the FG region did not change. However, a significant change 

of electrical conductivity was observed after annealing at 350 °C and above. This was linked to the 

formation of quasi-crystalline and needle-shaped Al6Mn particles identified by TEM investigations [15]. 

In this work, the formation of needle-shaped Al6Mn was not observed at 300 °C, indicating that the 

higher defect density in the swaged alloy prevents the nucleation of Al6Mn precipitates at lower 

temperatures. The volume fraction of Al3Sc and Al6Mn after annealing at 300 °C has significantly 

increased compared to the as-fabricated swaged alloy, while in the LPBF alloy the change in volume 

fraction is negligible at 300 °C [17]. Therefore, the higher defect density in the swaged condition 

facilitates the formation of Al3Sc and the growth of Al6Mn. In the swaged alloy annealed at 375 °C, 

needle-shaped Al6Mn precipitates were found, but their formation was limited to the CG region only 

(compare Fig. 4b and d). Growth of precipitates is mainly limited by long-range diffusion, fast-growing 

facets and minimization of anisotropic interface energy and strain energy minimization in case of 

coherent interfaces [32]. The dominance of these contributions strongly depend on the specific alloy 

system. The minimization of the volume-specific elastic strain energy is the dominant mechanism in 

case of incoherent particles, which leads to the formation of needle-shaped Al6Mn. The diffusion 

coefficients for diffusion of Mn in Al are 4.8 ∙ 10−23 m2

s
 and 1.4 ∙ 10−19 m2

s
 for 300 and 375 °C, 

respectively [33]. It can be seen that the diffusion is four orders of magnitude faster at 375 °C and 

therefore, the formation of critical Al6Mn nuclei occurs at a faster rate. At higher temperatures, the 

faster diffusion rates also facilitate the growth and coarsening of Al6Mn (𝐷 = 5.3 ∙ 10−16 m2

s
 at 550 °C 

[33]).  

As previously reported by Jia et al. [15], Al3Sc precipitates nucleate at 300 °C, which can be seen in 

Fig. 4b, where very small Al3Sc particles are detected by EDS within FG and CG besides the primary, 

larger Al3Sc particles. No significant growth of primary Al3Sc particles was observed in the swaged alloys 

up to annealing temperatures of 375 °C. This can be associated to the high thermal stability of Zr-



containing Al3Sc. Fuller et al. [9] investigated the thermal stability of Zr-free and Zr-containing Al3Sc. Zr 

improves thermal stability by deteriorating the coherency of Al3Sc to the Al matrix to up to 375 °C. At 

higher temperatures, i.e., 550°C the coherency loss of Al3Sc leads to enhanced coarsening rates of the 

particles (compare Fig. 4c and e).  

Both, Al6Mn and Al3Sc are known to shift the occurrence of recrystallization in the LPBF alloy to 

temperatures above 450 °C [15]. After introducing a high number of defects by swaging, mainly 

dislocations (see Fig. 6), the first indications of recovery were observed after annealing at 375 °C for 

1 h by TEM and XRD. Even though the internal lattice strain after annealing at 375 °C and 550 °C is 

similar, the microstructure becomes fully equiaxed sole in the 550 °C alloy indicating the onset of 

recrystallization between the two conditions. Important contributions might be the increased 

coarsening rates of Al6Mn and Al3Sc, which allow grain boundary migration due to the lower number 

density of larger particles, considering the similar volume fraction at these temperatures. This leads to 

a fully recrystallized microstructure with equiaxed grains of average (0.88 ± 0.11) µm in size. 

4.2 Mechanical properties of the swaged alloys 

As can be seen from Fig. 3a and c, hardness and strength of the LPBF alloy are increased by applying a 

cold working process like rotary swaging up to a true strain of 2.5. The main contributions to 

strengthening in both alloys are (i) solid solution strengthening 𝜎ss, (ii) grain boundary strengthening 

𝜎HP, (iii) precipitation strengthening by nano-sized Al3Sc 𝜎ps and (iv) dislocation strengthening 𝜎dis. 

The Peierls stress 𝜎0 for all investigated alloys is assumed constant and approximated 20 MPa as for 

pure Al [34]. Hence, it is small compared to the determined yield strengths. 

The increase in yield strength by 𝜎ss can be approximated by the following equation [35]: 

𝜎ss = ∑ 𝐻𝑖 𝑥𝑖
𝑛𝑖

𝑖

 (2) 

where 𝑥𝑖 is the concentration of solute 𝑖 in atomic percentage, 𝐻𝑖 is the strengthening coefficient of 

solute 𝑖 and 𝑛𝑖 is characteristic exponent of solute 𝑖. It is important to note, that (i) during the cold 

working process Al3Sc or Al6Mn particles might be dissolved by localized mechanical alloying (when 

strain is sufficiently large) [23] and (ii) a localized temperature increase during the cold working process 

might lead to the formation of additional Al3Sc and Al6Mn particles. Both processes would change the 

volume fraction of additional phases and therefore enrich or deplete the Al solid solution by Sc and 

Mn and change the contribution by solid solution strengthening. However, no change in volume 

fraction was observed in this work with respect to the applied microscopic techniques. Furthermore, 

the lattice parameter of the solid solution remains unaffected by cold working. For this reason, the 

solid solution strengthening by Mn, Mg and Sc can be assumed similar in the LPBF and swaged alloy. 

Nevertheless, the supersaturated Al matrix starts to deplete by annealing due to the formation of 

secondary precipitates. As discussed before, nano-sized Al3Sc precipitates will form by annealing at 

300 °C while Mn and Mg are the remaining contributors to solid solution strengthening [20]. The 

portion of solid solution strengthening in the swaged alloys will continuously decrease due to the 

increasing volume fraction of Al6Mn and Al3Sc even after annealing at 300 °C and will be on its lowest 

level after annealing at 375 °C and 550 °C. Bayoumy et al. [20] have estimated a 𝜎ss for the present 

alloy and processing conditions in the annealing condition (300 °C/6 h) to be 118 and 116 MPa for FG 

and CG, respectively. Considering the larger volume of Al3Sc precipitates in the annealed condition 

compared to the as-fabricated LPBF alloy, 𝜎ss will be slightly higher in the later one. This comes at the 

expense of 𝜎ps due to the lower number of Al3Sc precipitates. The determination of 𝜎ss for the swaged 

and annealed alloys is difficult with respect to the applied methods in this work, due to the high 

number of nano-sized precipitates even in TEM lamellae. In the view of the increasing volume fraction 

of Al3Sc and Al6Mn during annealing, the contribution of solid solution strengthening will become 



smaller in comparison to the other effective strengthening mechanisms in general and to the annealed 

LPBF alloy in particular. However, since no indication of Mg-containing precipitates were observed in 

this work and Mg still contributes to 𝜎ss. This is also indicated by the change in lattice parameter (see 

Fig. 6). By the formation of Al3Sc and Al6Mn the lattice parameter increases by annealing at 375 °C and 

550 °C to a larger lattice parameter than observed for pure Al (4.049 Å [36]). An increase in lattice 

parameter above 300 °C can be explained by remaining Mg dissolved in the Al-matrix [37]. The 

maximum solubility of Sc at 550 °C is reported to be 0.08 at.% [10] and, therefore, no significant 

contribution to 𝜎ss is expected. Taking the solubility of Mn (0.25 at.% [38]) under equilibrium 

conditions at 550 °C into account, 𝜎ss for the 550 °C alloy by Mg and Mn is approx. 32 MPa (values of 

𝐻 = 12.1 and 54.8 as well as 𝑛 = 1.14 and 1 for Mg and Mn, respectively, were taken from Ref. [34]). 

This seems negligible for the swaged alloy annealed at 375 °C and 550 °C compared to other 

strengthening contributions as will be shown later in this discussion. 

The grain refinement due to swaging can lead to a substantial increase in strength. In heterogeneous 

microstructures, a modified linear rule of mixture of two Hall-Petch contributions [14] might be used 

as approximation of the corresponding strength increment 

𝜎HP =
𝛼𝑘

√𝑑FG

+
(1 − 𝛼)𝑘

√𝑑CG

 (3) 

where 𝑘 is the Hall-Petch coefficient (taken as 0.17 MPa m½ [39]), 𝛼 is the area fraction of FG 

(experimentally determined to be 55%) and 𝑑FG and 𝑑CG (in width) are the grain sizes of the 

corresponding regions. In the LPBF condition, 𝜎HP is calculated to be 168 MPa for both, the as-

fabricated and the annealed alloy due to the thermally stable microstructure. For the swaged alloy, 

𝜎HP increases to 446 MPa by grain refinement due to the cold working process and only slightly 

decreases to 420 MPa and 367 MPa after annealing at 300 °C and 375 °C, respectively. While the 

contribution by 𝜎HP to the total strength in the LPBF alloy is only around 40 and 30 % in the as-

fabricated and the annealed alloy, respectively, it makes up to approx. 60 % in the swaged and 

annealed alloy. Even though, 𝜎HP for the 550 °C alloy is just 181 MPa, its total share on the yield 

strength is around 75 % and, therefore, even higher as in the other swaged alloys. This holds since all 

other strengthening mechanisms become more or less negligible by annealing at 550 °C, while the 

grain size still remains small, i.e. (0.88 ± 0.11) µm. 

Even though the dislocation density is reported to be higher in LPBF manufactured alloys than in 

conventional cast metallurgical alloys, 𝜎dis was not considered to contribute to strengthening in 

previous publications on Al-Sc alloys [14,20,40,41]. Assuming that all internal lattice strains are 

encountered by dislocations reveals an upper bound of their density as well as an increase thereof by 

a factor of four by swaging when compared to the LPBF processed sample. This would imply that the 

contribution of work hardening in this alloy would be doubled [41]. In agreement to the findings of 

other groups [14,20,41,43] the contribution of work hardening is considered small and will be 

neglected in what follows.  

A high number of secondary Al3Sc precipitates in the as-fabricated LPBF alloy has been reported 

previously for several different Al-Mn-Mg-Sc-Zr compositions [14,18,20,41,43]. This is mainly caused 

by the cyclic heat treatment taking place during the layer-by-layer processing of the alloy. It can be 

assumed that the contribution by 𝜎ps is similar in both as-fabricated alloys, considering the previously 

discussed possibility of particle formation and dissolution by the cold working process, which was not 

observed in this work. Annealing at 300 °C will increase 𝜎ps due to the formation of additional nano-

sized Al3Sc precipitates, as it was shown recently by Bayoumy et al. [20] for the same LPBF alloy 

investigated here. The authors calculated 𝜎ps to be 258 MPa and 314 MPa for FG and CG, respectively. 

The difference in FG and CG resulted from a slightly higher number of Al3Sc precipitates, which was 



determined by atom probe tomography APT. The high defect density after swaging can facilitate the 

formation of precipitates during annealing leading to a higher number of Al3Sc precipitates compared 

to the LPBF alloy. For the same reason, these particles can grow faster and lead to a less effective 

𝜎ps [44]. This is supported by the larger hardness drop by annealing above 300 °C than for the LPBF 

alloy, while the grain size remains constant. Recently, Vlach et al. [45] have found, that the formation 

of needle-shaped Al6Mn had no significant effect on the hardness of an age hardened Al-Si-Mg-Mn 

alloy with additions of Sc and Zr. Therefore, we do not expect any additional contributions to 

strengthening by the formation of Al6Mn in the alloy investigated in this work. 

Overall, it can be assumed that the contribution by 𝜎ps in the LPBF and swaged alloy are comparable 

for the as-fabricated and annealed alloys. Furthermore, Jia et al. [14] had recently shown that the 

different strengthening mechanisms add up linearly in this alloy system, so that the yield strength is 

simply the sum of all contributing strengthening mechanisms. This shows that the drop in strength of 

the swaged alloy by annealing at temperatures above 300 °C can be attributed to a decrease in (i) 𝜎ss 

by the depletion of the Al matrix in Sc, Mn and Zr by the formation of precipitates, (ii) 𝜎ps by the growth 

of precipitates and (iii) 𝜎dis by a reduced dislocation density. The larger drop in strength in the swaged 

alloy is a direct result of the faster growth rates of precipitates at higher annealing temperatures in the 

swaged alloy compared to the LPBF alloy. 

The absence of work-hardening in the LPBF alloy and the small uniform elongation associated with 

localized deformation has been recently investigated by Bayoumy et al. [20]. It was attributed to the 

lack of mobile dislocations and the high number of intermetallic particles along grain boundaries in the 

FG region of the heterogeneous microstructure. However, we found that work hardening during the 

tensile test is taking place in the swaged alloys annealed at 375 and 550 °C in this work. Fig. 7 displays 

the true work-hardening rates plotted against true stress of all alloys investigated by tensile tests here. 

It can be seen, that all tested LPBF alloys and the swaged alloy annealed at 300 °C show a similar work 

hardening behavior with only a very brief increase in 𝜎t beyond yielding and before satisfying the 

Considère criterion necking occurs [46]: 

𝜎t =
d𝜎t

d𝜀t
 (4) 

The calculated work hardening for all those alloys do not significantly deviate from the dashed lines in 

Fig. 7, which is indicating 𝜎0.2. Hence, the work hardening capability is low and localization due to 

mechanical-geometrical instability occurs at low strains. The swaged alloy did not satisfy the Considère 

criterion due to failure in the grip sections before necking. Low work hardening in Al alloys is mainly 

due to enhanced dynamic recovery taking place at room temperature caused by high stacking fault 

energy and cross slip probability. 

A clear exception of this trend are the swaged alloys annealed at 375 and 550 °C. The reason for this 

behavior is difficult to ascertain and not necessarily associated to the cold working process, since the 

swaged 300 °C condition does not show such a significant deviation from the dashed line. Furthermore, 

all alloys have a very fine grain size in common, which is generally associated to a lack of work 

hardening capability in Al alloys with ultra-fine grain structures, such as commercial 1100 Al [47] 

AA1050 [48,49] and AA5754 [50]. It has been reported previously in Refs. [51,52] that introducing a 

significant number of coarse grains to form a bimodal microstructure increases the work hardening 

capability of such alloys. It is worth noting, that all alloys except the swaged 550 °C already exhibit a 

bimodal microstructure even after swaging, as can be seen in Fig. 5. However, the heterogeneous 

microstructure in the LPBF alloys investigated here, possesses grain sizes of around 1 µm and below 

and is considerably finer in the swaged alloys by one order of magnitude. Therefore, a bimodal 

microstructure is not expected to increase the work hardening capability of the alloys here, most likely 



due to the very small grain size of CG. The criteria that distinguish the swaged alloys annealed at 375 

and 550 °C from all other alloys is (i) the significantly higher amount of Al3Sc and Al6Mn particles and a 

therefore a smaller amount of Mn and Sc dissolved in solid solution and (ii) the transition from Al3Sc 

particles that can be cut to one that cannot be cut [52]. Recently, Ma et al. [54] have investigated the 

mechanical behavior of a LPBF Al-Mg-Sc-Zr alloy after subsequent cold rolling. This alloy contained 

around 0.5 wt.% Mn. Even though, Ma et al. did not focus on the work hardening capability of this 

alloy, some work hardening is taking place and no yield phenomenon causing small uniform elongation 

was observed independent of the processing of the alloy. It is noteworthy here, that the average grain 

size of the cold-worked, and annealed alloy was above 1 µm. The work hardening capability could then 

be linked to the absence of Mn in solid solution, which mainly contains Mg as dissolved element in Al 

at annealing temperatures of 375 °C and above in the swaged condition. Fazeli et al. [55] found that 

an increased particle size of Al3Sc in an Al-Mg-Sc alloy enhances the work hardening capability. This is 

attributed to the transition of shearable to non-shearable Al3Sc particles by growth to a critical 

diameter at high temperatures, at which misfit dislocations are formed in the Al/Al3Sc interface [56]. 

Several authors have reported on the critical diameter for coherency loss to be ranging from 28 to 

40 nm in binary Al-Sc with Sc contents of 0.12 to 0.5 wt.% [16,57-61]. The growth of Al3Sc to this critical 

diameter was only observed at temperatures above 400 °C in case of binary Al-Sc alloys manufactured 

by casting [58]. As the results of the present work reveal, the precipitation and growth kinetics of Al3Sc 

are enhanced by cold working of the LPBF alloy. Therefore, it can be expected that the critical diameter 

of Al3Sc to transition from shearable to non-shearable is reached at lower temperatures and shorter 

heat treatment times in the swaged alloy heat treated at 375 and 550 °C for 1 h. However, even 

modelling of the strength of metallic materials with such complex hierarchical microstructures and 

with such superposition of various strengthening contribution is challenging taking the non-linear 

superposition and uncertainties of experimental characterization into account [62]. Hence, proper 

modeling of the work hardening capability and investigation of the effect of a potential transition from 

particle cutting to Orowan mechanism might be restricted to simple model systems. 

 

Figure 7: True work hardening rate 
𝑑𝜎𝑡

𝑑𝜀𝑡

 as a function of 𝜎𝑡. The dashed line indicates the Considère criterion for the onset of 

mechanical-geometrical instability. 



5. Conclusions 

An Al-Mn-Mg-Sc-Zr alloy was additively manufactured and deformed by rotary swaging. Subsequent 

aging yields significant acceleration of aging kinetics and improvement of uniform elongation by 

enhanced work hardening capability for annealing temperatures above 300 °C while strength is only 

moderately affected. The following conclusions can be drawn from the present investigations: 

 Cold work up to true strain of 2.5 does not destroy the heterogeneous microstructure of the 

LPBF alloy.  

 Precipitation and coarsening kinetics are significantly improved by cold working prior to aging 

treatment, e.g. peak hardness is obtained at lower temperatures and shorter durations. Peak 

hardness and peak strength are superior for the cold worked condition over the LPBF alloy.  

 The uniform elongation significantly increases by heat treatment of the cold worked alloy, 

while maintaining high strength compared to the peak aged LPBF condition. Enhanced ability 

for uniform plastic deformation is achieved by improved work hardening capability 

presumably by the transition from precipitates that are cut to particles circumvented by the 

Orowan mechanism. 

 The main contribution to strengthening of the cold-worked alloy is found to be the increased 

𝜎HP by the finer microstructure. 

 The fine-grained heterogeneous microstructure remains stable up to heat treatment at 375 °C 

for 1h. Precipitation is completed for 375°C and 1h and evidence for recovery is obtained. 

Beyond that recrystallization and coarsening occurs. 
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