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The present study aims to understand the underlying mechanisms of macroscopic contraction that oc- 

curs in γ / γ ′ nickel based superalloys submitted to isothermal annealing and resulting in stress relax- 

ation retardation. Samples of the AD730 TM alloy were characterized at different scales using dilatometry, 

X-Ray Diffraction (XRD) with in-situ heating, Electron Channeling Contrast Imaging (ECCI) in the Scan- 

ning Electron Microscope (SEM), conventional Transmission Electron Microscopy (TEM) and Atom Probe

Tomography (APT). APT analyses revealed chemical composition changes in both the γ matrix and the γ ′ 
hardening precipitates during annealing at 760 °C after sub-solvus solution heat treatment. These chem- 

ical alterations lead to a decrease of the lattice parameters of both phases, which was captured by XRD

analyses. The macroscopic volume contraction is shown to be mainly governed by that decrease in the

lattice parameters. In addition, from APT analyses, the chemical alterations seem to be promoted by dif- 

fusion of solutes such as Cr, Co and Fe, along dislocations occurring under relaxation testing conditions.
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. Introduction

Cast and wrought polycrystalline γ / γ ′ nickel-based superalloys

re used for the manufacturing of aero-engines turbine disks and 

ings to sustain a combination of high temperatures and high me- 

hanical stresses to which these parts are submitted under engine 

perating conditions [ 1 , 2 ]. Turbine disks are produced from billets 

y multistep hot forging sequences followed by heat-treatments to 

ontrol and optimize the final microstructure. Given the complex- 

ty of the thermomechanical routes used for the manufacturing of 

isks and because of thermal gradients developing during cooling, 
∗ Corresponding author at: Mines ParisTech, Centre de Mise en Forme des Matéri- 

ux (CEMEF), UMR CNRS, PSL University, 1 rue Claude Daunesse, CS 10207, Sophia

ntipolis, 06904, France.

E-mail address: malik.durand@minesparis.psl.eu (M. Durand) .
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igh levels of residual stresses exist in the raw forgings [ 3 , 4 ]. Stress

elaxation annealing must then be performed after forging which 

s crucial to ease subsequent machining operations. 

It has been previously shown that stress relaxation in the 

D730 TM alloy is sluggish during the first 20 – 25 h of a stress 

elaxation test conducted at 760 °C starting from a 500 MPa ini- 

ial stress (i.e. under an applied constant mechanical strain ε of 

.28%) [5] . This slow relaxation regime is associated with an intrin- 

ic tendency for volume contraction as demonstrated by analyzing 

he material behavior when submitted to an isothermal dilatomet- 

ic test ( Fig. 1 ). 

Other γ / γ ′ and γ / γ ′ ′ nickel superalloys such as Nimonic 80A,

imonic 101, Nimonic 105 [6] , Inconel 718 [7] or Inconel 783 

8] also present such an atypical behavior. The tendency for

tress increase retarding relaxation was attributed to a macroscopic

sothermal contraction phenomenon [6–8] . Other studies have ev- 

http://crossmark.crossref.org/dialog/?doi=10.1016/j.actamat.2022.118141&domain=pdf
mailto:malik.durand@minesparis.psl.eu
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Fig. 1. Behavior of the AD730 TM alloy submitted to a stress relaxation test at 760 °C
under 500 MPa initial stress (in blue) and to an isothermal dilatometric test at

760 °C (in red) [5] .
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denced negative creep (negative strain) for the same reasons in 

he γ / γ ′ ′ Inconel 718 alloy [7] and the γ / γ ′ IN100 alloy [9] . Un-

erstanding the physical origin of the isothermal contraction be- 

avior is thus of utmost practical importance, for the optimization 

f stress relaxation treatments, for the control of in-service me- 

hanical behavior, and for the dimensional control of components. 

his is a challenging fundamental issue due to the different scenar- 

os that could potentially rationalize this behavior. The most prob- 

ble hypothesis proposed to explain the behavior of the AD730 TM 

lloy is based on changes in the chemical composition of the γ ′
recipitates and of the γ matrix. This assumption is further inves- 

igated in the present article. Few reports discuss the evolution of 

ompositions during aging of γ / γ ′ or γ / γ ′ ′ superalloys [ 7 , 10–12 ].

hemical changes are assessed either indirectly through the evolu- 

ion of γ , γ ′ or γ ′ ′ lattice parameters studied by X-Ray Diffraction

XRD) or Neutron Diffraction (ND) or directly by using Atom Probe 

omography (APT). These reports show that the decrease in the γ , 
′ or γ ′ ′ lattice parameter can be related to the precipitation of
′′ and γ ′ phases [7] or to the redistribution of chemical elements

Ni, Cr, Ti, Al and Co) between the γ matrix and the coherent γ ′
ardening precipitates [ 10 , 11 ]. 

In this work, specimens of the AD730 TM alloy after relaxation 

est at 760 °C / 500 MPa / 40 h or isothermal holding at 760 °C /

0 h were submitted to investigations by X-Ray Diffraction (XRD), 

lectron Channeling Contrast Imaging (ECCI) in the Scanning Elec- 

ron Microscope (SEM), conventional Transmission Electron Mi- 

roscopy (TEM) and Atom Probe Tomography (APT), combined to 

eek for local chemical changes and their effect on lattice parame- 

ers. The first part of this study ( Section 3.1 ) presents the influence

f temperature on the composition of γ and γ ′ phases and the

volution of their lattice parameters. The second part ( Section 3.2 ) 

eals with the role played by dislocations in composition evo- 

utions. The discussion of the results at different microstructural 

cales and down to the near-atomic level, allows a better under- 

tanding of the mechanisms and their consequence on the macro- 

copic behavior of the material. 

. Material, experimental approach and procedures

.1. Material and dilatometry tests 

The AD730 TM alloy is a new cast and wrought γ / γ ′ superalloy

eveloped for turbine disk application by the Aubert & Duval com- 

any [ 13 , 14 ], with the chemical composition given in Table 1 . 

Like any γ / γ ′ nickel-based superalloy, the AD730 TM alloy has
′ -Ni (Al, Ti) precipitates with L1 ordered cubic structure and
3 2 
ifferent sizes, morphologies and chemical compositions [15–17] , 

epending on the cooling rate experienced at the time (and thus 

emperature) of their formation. These precipitates are strengthen- 

ng the polycrystalline Face Centered Cubic (FCC) disordered solid 

olution, referred to as γ -matrix, and pin the grain boundaries. 

oth polycrystalline and single crystal versions of the AD730 TM al- 

oy have been used in this work. With the same chemical compo- 

ition, these materials were used to decouple the effects of grain 

oundaries and intragranular hardening precipitation. For collect- 

ng Scanning Electron Microscopy (SEM) micrographs, the samples 

ere first mechanically mirror polished and then the γ matrix was 

lightly dissolved by electrochemical etching, with an electrolyte 

ade of 45% sulfuric acid, 42% nitric acid and 13% phosphoric acid, 

t 0-5 °C for 2 s under 1 V [5] . 

Polycrystalline (PX) samples were all machined out from the 

ame industrial AD730 TM forging provided by Safran. The as- 

eceived material has a fine-grained microstructure (about 10 μm) 

ptimized to provide the best compromise between static and 

yclic (fatigue) properties [18] . Rods of the as-received material 

14 mm in diameter) were cut and submitted to a γ ′ -subsolvus

olution treatment: 1080 °C ± 5 °C for 4 h followed by cooling 

t 100 °C/min. The solvus temperature (T solvus ) of the γ ′ phase is

bout 1105 °C [ 17 , 19 ]. The subsolvus solution treatment allows to 

eep the largest (so-called primary) precipitates undissolved to pin 

he matrix grain boundaries and preserve the fine grain size [20] . 

he size and distribution of secondary and tertiary precipitates 

which form during cooling after holding at the subsolvus solution 

reatment temperature) and the partitioning of elements between 

he γ matrix and the different types of γ ′ precipitates are con- 

rolled by the cooling rate [ 20 , 21 ]. After the 4 h holding at 1080 °C,

he PX samples have a 5% area fraction of primary γ ′ precipitates

called γ ′ (I) in the following) with an equivalent circle diameter

f 1-5 μm and which are mainly located at the grain boundaries 

 Fig. 2 a) [ 18 , 22 , 23 ]. Secondary γ ′ precipitates (called γ ′ (II) in the

ollowing) are about 95 nm in size, intragranular and coherent 

ith the matrix ( Fig. 2 b). Tertiary γ ′ precipitates ( γ ′ (III)) found be- 

ween secondary ones are much finer and also coherent with the 

atrix. Furthermore, owing to the small size of the rods and their 

low cooling, it can be assumed that the samples are free of resid- 

al stress after the sub-solvus solution treatment. In the following, 

PX initial state” refers to that state obtained after sub-solvus so- 

ution treatment and controlled cooling. 

The single crystalline (SX) bars, also provided by Safran bars are 

ll coming from the same batch (i.e. same ingot, same melt and 

ame solidification parameters). Specimens were machined from 

ars whose solidification direction was close to a < 001 > crystal- 

ographic direction. The size of SX bars is close to that of the ma- 

hined polycrystalline rods. The as-received cast samples were first 

omogenized for 24 h at 1180 °C and then for 24 h at 1200 °C fol-

owed by air cooling. The γ ′ precipitation was adjusted to be simi- 

ar to that of the PX initial state by performing another heat treat- 

ent: holding for 2 h at 1120 °C (i.e. above the solvus temperature) 

ollowed by slow cooling ( ∼ 80 °C/min). The resulting size distribu- 

ion of γ ′ (II) precipitates ( Fig. 2 d) is very similar to that of the

olycrystalline material ( Fig. 2 c). The area fraction of secondary 

recipitates f S is 43% in the SX material, higher compared to the 

X material (33%) because of the absence of primary precipitates 

n the SX material. This state obtained after thermal treatments 

ill be referred to as the “initial state” of the SX material in the 

ollowing. 

Isothermal dilatometry has been performed at 760 °C on both 

he PX and the SX alloys, aiming to measure their macroscopic 

ontraction magnitude. The PX material was also subjected to a re- 

axation test at 760 °C for 40 h starting from 500 MPa initial stress. 

he specimen gauge length and the grip section of the same re- 

axation test piece were analyzed. The later on called “relaxation 
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Table 1

AD730 TM chemical composition (weight and atomic %).

Element Ni Cr Co Fe Ti Mo W Al Nb C B

Wt. % Bal 16.0 8.5 4.0 3.5 3.0 2.6 2.3 1.1 0.01 0.01

At. % Bal 17.4 8.2 4.2 4.1 1.7 0.8 4.8 0.7 0.07 0.05

Table 2

Summary of the characterization techniques and analyzed samples.

APT TEM ECCI XRD in situ 760 °C Dilatometry 760 °C

PX

Initial state
√ √ √ √ 

Relaxation grip 760 °C / 40 h
√ √ 

Relaxation gauge 500 MPa 760 °C / 40 h
√ √ √ 

SX Initial state
√ √ 

Fig. 2. (a) Low magnification SEM BackScattered Electron (BSE) image showing γ ′ (I) precipitates and grain size in the PX initial state and (b) SEM Secondary Electron (SE) 

image of the SX initial state at the same magnification as (a). (c, d) SEM SE images of the γ ′ (II) precipitates in the (c) PX and (d) SX initial microstructures, and their 

quantification in terms of average equivalent circle diameter and area fraction.
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rip” microstructure is that of the specimen taken in the grip 

ection: it was subjected to temperature but not to deformation, 

hereas the specimen gauge length was subjected to both tem- 

erature and deformation (“relaxation gauge” microstructure). Both 

icrostructures, as well as the initial one have been analyzed by 

PT, in order to decouple the influence of temperature and of ap- 

lied strain/stress on the local composition changes that are sus- 

ected to occur at the intragranular scale. Dislocation landscapes 

ave been observed by Transmission Electron Microscopy (TEM). 

X samples have been used to seek for changes in the lattice pa- 
ameters and misfit by X-Rays Diffraction (XRD). All analyzed sam- 

les and techniques used are summarized in Table 2 . 

During the relaxation test, the sample is heated to the desired 

emperature and then an external tensile stress is applied up to 

he desired initial stress. From there, the total strain is kept con- 

tant and the stress is followed over time. During the dilatometry 

ests, the evolution of the dimension along the longitudinal axis is 

ollowed as a function of time at constant temperature. The reader 

s referred to a previous article from the authors for more details 

n the performed dilatometric and relaxation tests [5] . 
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.2. Atom probe tomography (APT) 

APT specimens were prepared from site specific lift-outs from 

ntragranular regions of PX AD730 TM samples using an FEI plasma 

ocused ion beam (PFIB) instrument, following the procedures de- 

cribed in [24] and adapted for PFIB as outlined in [25] . Targeted 

pecimen preparation was conducted by depositing Pt [25] . APT 

as performed on a local electrode atom probe (LEAP-50 0 0XR) in- 

trument. The specimens were analyzed in laser mode with 50 pJ 

nergy at a pulse repetition rate of 125 kHz and at 50 K. APT anal-

sis was performed using the proprietary IVAS 3.8.8 software. 

.3. X-ray diffraction (XRD) 

Crystal lattice parameter changes as a function of temperature 

nd time were tracked by XRD using a Bruker D8 diffractometer 

quipped with a copper X-ray source (operated under 40 kV and 

0 mA) and with a high-temperature chamber (as described in 

hapter 4 of Ref. [26] ). Experiments were performed under high 

acuum ( < 10 −6 mbar) to limit oxidation of the specimens’ sur- 

aces. 

The detector used is the Lynxeye TM , it is a linear detector dis- 

riminating in energy and is composed of 192 spot detectors which 

rovides a very good signal to noise ratio. The diffractometer is 

lso equipped with a high-temperature heating chamber allowing 

n-situ monitoring of the evolution of the lattice parameter as a 

unction of temperature and time. The furnace is of the Anton Paar 

ompany, it is covered with a graphite dome transparent to X-rays 

nd which allows a homogeneous temperature. The heating rate is 

 °C.s −1 . 

The expansion of the furnace was first calibrated. The intrinsic 

ilatation of the furnace was measured to be less than 1.10 −7 °C 

−1 

nd therefore negligible compared to the variation of the samples. 

urthermore, the measurement accuracy of 2 θ is guaranteed to be 

ithin 0.01 ° ( �2 θ ) using various reference powders over the entire 

ngular range. The absolute error �a can then be calculated, and 

he results are presented in Table 3 for a lattice parameter at room 

emperature of 3.5910 Å and for different diffraction angles. 

SX samples (mechanically polished down to 1 micron with dia- 

ond abrasive powder) were used in XRD measurements in order 

o get higher intensity peaks with a narrower width compared to 

X materials, thus enabling the detection of subtle changes. The 

nalyzed (400) diffraction peak has been chosen for its relatively 

igh Bragg angle allowing for better accuracy. The heat treatment 

onsists of a temperature rise at 1 °C/s from room temperature up 

o 760 °C, followed by holding at 760 °C for 40 h and then a return

o room temperature at 1 °C/s. 

Peak analyses were performed using the “Rayflex-Analyze” and 

xcel softwares. The fitting of the experimental curves at room 

emperature was performed by associating to each component a 

seudo-Voigt type function, which is a linear combination of a 

orentzian and a Gaussian weighted by a proportionality coeffi- 

ient η (0 < η < 1). These normalized functions, characterized by 

heir FWHM (Full Width at Half Maximum) and 2 θ position, are 

ommonly used in X-ray diffraction to describe the profile of Bragg 

eaks. Two tests were carried out at 760 °C to check for repro- 
Table 3

Calculation of the absolute error on the lattice parameter for dif- 

ferent diffraction planes diffraction planes (20 0), (30 0) and (400) at

room temperature.

Plans (hkl) 2 θ ( °) �a ( ̊A)

200 50 7.10−4

300 80 4.10−4

400 118 2.10−4

s

a

a

f

t

a

o

o

t

ucibility. Diffractogram acquisitions take 200 s for each and have 

een recorded during the holding of 40 h at 760 °C every 10 min. 

or the readability of the graphs, we have represented only a few 

f the 300 recorded diffractograms. 

.4. Transmission electron microscopy (TEM) 

Conventional TEM observations have been done using a JEOL 

EM 2010 transmission electron microscope operated at 200 kV. 

EM thin foils have been extracted from slices cut perpendicularly 

o the tensile axis and prepared by mechanical polishing and fur- 

her electropolishing in a solution made of 5% perchloric acid and 

5% methanol under 60 V at approximately - 30 °C. 

.5. Electron channeling contrast imaging (ECCI) 

ECCI has been performed using a BSE detector in a Zeiss Supra 

0 Field Emission Gun Scanning Electron Microscope (FEG-SEM) 

perated at 30 kV acceleration voltages and a working distance of 

2 mm, on electrolytically polished samples. The electrolyte was 

hen composed of 10% perchloric acid and 90% methanol, and pol- 

shing was performed at 5–10 °C during 8 s under a voltage of 35 

. 

. Results

The influence of temperature on local compositions will be 

iscussed first, in Section 3.1 , by comparing the initial state and 

he heat-treated state (i.e. relaxation grip sample). The influence 

f dislocations on γ and γ ′ composition will be discussed in

ection 3.2 by comparing the relaxation grip sample and the re- 

axation gage sample. 

.1. Evolution during heat treatment 

.1.1. Evolution in local chemical compositions assessed by APT 

Fig. 3 shows APT reconstructions of samples taken from intra- 

ranular locations of the PX material, in its initial state, after 40 h 

xposure at 760 °C (relaxation grip sample) and after 40 h relax- 

tion test at 760 °C from an initial stress of 500 MPa (relaxation 

age sample which will be discussed in Section 3.2 ). Reconstruc- 

ions contain γ ’(II) and γ ’(III) precipitates and their interfaces with 

he γ matrix. The most obvious difference between these three 

tates regards tertiary precipitate size. From these APT reconstruc- 

ions, the chemical composition of each type of precipitate and the 

atrix was extracted. For each state, two APT datasets are mea- 

ured while the compositions given below are the average of the 

recipitates found in all the measured specimens of each state. 

Fig. 4 shows a comparison the compositions of the matrix, of 

he γ ′ (II) and of the γ ′ (III) precipitates in the PX initial state and

fter heat treatment at 760 °C (grip microstructure). The Ni con- 

entration increases in the γ ′ phase after heat treatment at 760 °C
from 65.9 to 69.8 at.% in γ ′ (II)) and decreases in the γ matrix

from 47.2 to 45.4 at.%). Conversely, Cr and Co concentrations de- 

rease in γ ′ phase (from 1.5 to 1.1 at.% and from 4.4 to 2.7 at.%, re-

pectively, in γ ′ (II)) and increase in the matrix (from 23.8 to 26.0

t.% and from 11.2 to 12.4 at.%, respectively). A slight decrease in Ti 

nd Al contents is observed in the matrix (from 2.2 to 1.5 at.% and 

rom 2.9 to 2.0 at.% respectively), compensated by an increase in 

he tertiary precipitates (from 7.0 to 7.8 at.% and from 9.3 to 10.6 

t.% respectively). 

Compositional variations in the γ matrix due to the presence 

f tertiary γ ′ precipitates have also been investigated. In a previ- 

us study in a powder metallurgy superalloy, it was shown that 

he composition of the γ matrix was affected by the presence of 
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Fig. 3. APT reconstructions of specimens taken from intragranular locations of PX samples: (a) initial state, (b) relaxation grip sample after 40 h at 760 °C and (c) relaxation

gauge sample after 40 h at 760 °C starting from 500 MPa. The γ / γ ’ interfaces are shown with an iso-composition surface at 13 at. % Cr.

Fig. 4. Chemical composition (at.%) of (a) the matrix, (b) secondary and (c) tertiary γ ′ precipitates before (blue bars) and after (red bars) holding for 40 h at 760 °C. The 

numbers on top of each bar are the atomic fraction values obtained from APT datasets (i.e. exact bar height).
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Table 4

Summary of γ matrix composition from locations as denoted in Fig. 3 a and b, for the initial state and after heat treatment at 760 °C (at.%).

Ni Al Cr Ti Mo Nb Co Fe

Initial state

close to γ / γ ′ γ #1 47.3 2.9 24.8 2.1 2.2 0.3 11.1 5.4

γ #2 47.2 3.2 24.5 2.1 2.4 0.3 12.0 5.5

close to γ ′ (III) 
γ #3 47.4 2.9 23.1 2.3 2.2 0.4 10.9 5.1

γ #4 45.7 2.7 22.6 2.0 2.0 0.3 11.3 5.0

Grip sample after heat treatment at 40 h at 760 °C

close to γ / γ ′ γ #1 46.1 1.9 26.6 1.5 2.5 0.1 12.1 5.9

γ #2 46.0 1.9 25.9 1.5 2.4 0.1 12.3 5.8

close to γ ′ (III) 
γ #3 41.8 1.9 24.9 1.5 2.3 0.1 13.4 5.3

γ #4 44.8 2.0 25.5 1.5 2.5 0.2 12.5 5.7

Fig. 5. (400) XRD peak of the SX alloy at room temperature and at 760 °C just after

heating (heating rate: 1 °C.s −1 / Stabilization at 760 °C for 30 min / 2 θ scan time: 

200 s).
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he tertiary γ ′ precipitates [27] . With this in mind, we have in- 

estigated the γ matrix composition close to the γ / γ ′ interface

nd close to tertiary γ ′ precipitates corresponding to locations in- 

icated in Fig. 3 a and b. Table 4 shows the composition measured 

y APT for all these locations. At the initial state, no variation is 

bserved between the two different locations. Only in the case of 

r, there is an indication of higher amounts of Cr close to the γ / γ ′
nterface. Although no variations observed also after heat treat- 

ent at 760 °C (grip microstructure), there are some indications 

hat Ni content is higher closer to γ / γ ′ interface. However, sub- 

tantial variations and a clear compositional trend is not observed 

s in the previous study of the powder metallurgy superalloy [27] . 

.1.2. Lattice parameter and misfit evolution assessed by XRD 

.1.2.1. During heating from room temperature to 760 °C 
Fig. 5 shows the (400) Cu-K α1 and -K α2 XRD peaks of the SX 

lloy at room temperature (RT, plotted blue) and at 760 °C after 

eating at 1 °C.s −1 (plotted red). 

The (400) peak contains overlapping contributions from both 

he matrix γ and the γ ′ precipitates. The γ ′ and γ phases give su- 

erimposed peaks due to their close values of lattice parameters. 

he peaks exhibit a secondary peak or shoulder (blue arrows) at 

T which disappears at 760 °C, suggesting a very small difference in 

attice parameter between both phases at room temperature which 

anishes upon heating. The peaks clearly shift to lower diffraction 

ngles at higher temperatures, by roughly 2 °, as a result of ther- 

al expansion and increase in lattice parameters. The main and 

econdary peaks have been attributed to γ and γ ′ phases as fol- 

ows. Many studies have shown that the thermal expansion of the 
′ phase is less than that of the matrix in other γ / γ ′ nickel-based

uperalloys [28–36] . The peak of the γ ′ phase therefore shifts to a

esser extent than the peak of the γ matrix when the temperature 
ncreases. It can thus be deduced that the γ ′ phase is responsible

or the left peak shoulder while the high narrow peak on the right 

s that of the matrix. 

The constrained lattice misfit (defined below) is then positive at 

oom temperature and tends towards zero when increasing tem- 

erature. 

The lattice parameter misfit noted δ is defined as follows ( Eq. 

1 )): 

= 2 × a γ ′ − a γ

a γ ′ + a γ
(1) 

here a γ is the lattice parameter of γ matrix and a γ ′ is the lattice 

arameter of γ ′ phase.

The lattice parameter depends on the chemical composition of 

he alloy. Moreover, the coherency of γ ′ (II) and γ ′ (III) precipitates

ith the matrix leads to elastic deformation of both the γ and 

′ phases and accommodated lattice parameters at the interface.

 constrained lattice parameter should then be considered [37] , 

hich depends on the microstructure, and notably on the precip- 

tate size, composition, volume fraction and degree of coherency 

hat are themselves dependent on the thermal history of the ma- 

erial. 

It is worth noticing that, in principle, XRD analyses can be used 

o trace back to the constrained misfit. However, this measurement 

s a weighted average depending on precipitate size and γ channel 

idth. In order to obtain the constrained lattice parameter misfit, 

t is necessary to work on a model material such as the SX alloy 

sed in the present work. Only then, it is possible to perform finite 

lement calculations to obtain the associated stress in the matrix 

nd the precipitates [38] . 

.1.2.2. During holding at 760 °C 
The (400) XRD peak was monitored during 40 h holding at 

60 °C, as shown in Fig. 6 . Gradual peak shift towards higher 2 θ
alues was observed ( Fig. 6 a). This shift necessarily reflects a de- 

rease of the lattice spacing d hkl and thus of the lattice parameter . 

The evolution of the lattice parameter value evaluated using the 

 α1 (400) diffraction peak is shown on Fig. 6 b. The same results 

ere obtained using the K α2 diffraction peaks (not shown here) 

nd the experiment showed excellent reproducibility (data from a 

econd run plotted with cross symbols on Fig. 6 b). The lattice pa- 

ameter gradually decreases during about 25 h before stabilizing 

 Fig. 6 b). No shoulder re-appearance can be seen on either side of 

he peaks; which suggests that both the γ - and the γ ′ -phase lat- 

ice parameters keep being very close to each other. 

.1.2.3. After cooling back to room temperature 

Fig. 7 compares the XRD diffractograms obtained at room tem- 

erature before and after the heat treatment (40 h at 760 °C). They 

o not overlap, which shows that the material has evolved at high 

emperature and does not recover its initial state, in other words it 

as undergone a transformation. 
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Fig. 6. (a) (400) XRD peak evolution of the SX alloy during holding at 760 °C for 40

h. (b) γ / γ ′ lattice parameter evolution deduced from the Cu-K α1 diffraction peak

positions. Reproducibility was checked by doing the same experiment again (red

crosses), and the same results were also obtained from the Cu-K α2 diffraction peak

(but not shown here).

Fig. 7. (400) XRD peak of the SX alloy at room temperature before and after heat

treatment at 760 °C for 40 h.

t
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o

Fig. 8. Diffractograms of AD730 TM alloy SX-100 measured at RT after the thermal

treatment (40 h at 760 °C) (a) γ ’-(300) (b) γ / γ ’-(400) peaks.

Fig. 9. (400) diffraction peak of the AD730TM alloy SX-100 at room temperature

before heat treatment with γ and γ ’ contributions deconvoluted.
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To measure precisely the peak shift due to the transformation 

hat occurred during heat treatment, peak deconvolution was per- 

ormed. Moreover, the peaks (300) were measured in addition to 

he (400) peaks after heat treatment ( Fig. 8 ). Since the Miller in-

ices h, k, and l are of different parity for the (300) peak, there is

n extinction condition for the FCC γ matrix. That is, unlike peak 

400) where there is the contribution of both the γ phase and the
′ phase, peak (300) includes only the γ ′ phase.

Thus, thanks to the (300) peak, it is possible to get the lattice 

arameter of the γ ′ phase: 3,5931 Å. From this data the position

f the γ ’ peak can be set on the (400) diffractogram. With this 
 γ ’ value, the (400)-CuK α1 peak of the γ ′ phase should be located

t a 2 θ value of 118.08 °, which indeed corresponds to the peak 

houlder observed on the left side of the (400) peak diffractogram 

 Fig. 8 ). 

The positions of the γ and γ ’ peaks after heat treatment 

 Fig. 8 b) can be compared to those before heat treatment ( Fig. 9 ). 

The offset in the γ peak position seems to be larger than that 

f γ ′ phase: 0.1 ° for γ and 0.05 ° for γ ′ ( Table 5 ). This sug- 

ests that the lattice parameter of the matrix decreased more than 

hat of the precipitates, and that the misfit value after thermal 

reatment is thus higher than the initial one. The associated con- 

raction deformation of the γ matrix and γ ′ phase is 0.053% and

.028%, respectively. With a classical rule of mixture and consider- 
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Table 5

Positions of the peaks before and after heat treatment and associated deformation.

Before HT After HT

Relative difference

(%)

Deformation estimated

with Eq. (2) (%)

2 θ ( °) a ( ̊A) 2 θ ( °) a ( ̊A)

γ ’ precipites 118.03 3.5941 118.08 3.5931 -0.028
-0.042

γ matrix 118.19 3.5911 118.29 3.5892 -0.053

Fig. 10. Contraction strains during holding at 760 °C, deduced from (400) XRD peak

positions and from isothermal dilatometry.
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ng the contribution of the widely prevalent secondary precipitates 

nly ( Eq. (2 )), the overall deformation is estimated to be of about 

.042%. 

¯ DRX = f 
γ
s · ε γ

DRX
+ f 

γ ′ 
s · ε γ ′ 

DRX
(2) 

.1.3. Relationship between volume shrinkage, chemical composition 

hange and crystal lattice contraction during isothermal holding 

Fig. 10 presents the elastic contraction strains deduced from 

RD measurement using ( Eq. (3 )) and from isothermal dilatometry 

 Eq. (4 )) as a function of holding time at 760 °C, for the SX alloy.

he dilatometry and XRD data obtained from the PX alloy are also 

hown at this plot and will be commented in Section 4.2 . The XRD

easured strains were derived here from the overlapped γ matrix 

nd γ ′ diffraction (400) peak. The dilatometer measured the over- 

ll variation of the sample length. 

 DRX = 

a DRX − a 0 DRX

a 0 
DRX

(3) 

 dilatometry = 

l − l 0
l 0

(4) 

XRD results showed a contraction of 0.040% over about 25 h 

n the SX material. This contraction of the “global” lattice param- 

ter (i.e. including both γ and γ ′ phases) is in very good agree- 

ent with the macroscopic contraction measured by dilatometry, 

uggesting that the volume contraction is mainly governed by the 

hanges in the lattice parameter of γ ′ and γ phases.

Changes in lattice parameter were also estimated using the 

egard relationship [39] ( Eq. (6 )) and the chemical composition 

hanges measured by APT in the PX microstructure submitted to 

hermal exposure (relaxation grip sample compared to the initial 

tate). 

 

ϕ 
Vg 

= a 
ϕ 
0 

+ 	i 

ϕ 
i 

x 
ϕ 
i 

(6) 
c

here: 

- a 
ϕ
Vg

is the lattice parameter of the ϕ phase ( γ or γ ′ ), 
ϕ 
i 

are the 

Vegard coefficients and x 
ϕ 
i 

are the molar fractions of each alloy- 

ing elements i. The Vegard coefficient values found in literature

[ 11 , 39 ] are summarized in Table 6 .

- a
ϕ 
0

is the lattice parameters for pure Ni and Ni 3 Al, a Ni = 3.524

Å and a N i 3 Al = 3.570 Å [39] .

The values of the Vegard coefficients for all considered alloying

lements show that an increase in concentration of any of them 

n the matrix would lead to an increase in lattice parameter. This 

ould be more pronounced in the case of Nb, Mo and Ti, followed 

y Al, Fe and Cr. An increase in Nb, Mo or Ti contents also in-

reases the lattice parameter of the γ ′ phase. However, an increase

n Co, Cr and Fe content has the opposite effect of decreasing the 
′ lattice parameter.

A strain value associated with the variation of the lattice pa- 

ameters estimated with the Vegard relationship can then be de- 

ermined by Eq. (5 ): 

 APT = 

a 
γ /γ ′ 
Vg 

− a 
γ /γ ′ 
0 

a 
γ /γ ′ 
0 

(5) 

Where 

 

γ /γ ′ 
Vg 

= a 
γ
Vg

· f 
γ
s + a 

γ ′ 
Vg

· f 
γ ′ 
s (6) 

Only γ ′ (II) precipitates have been used for this calculation be- 

ause their volume fraction is much larger than that of primary 

nd tertiary precipitates. Moreover, taking into account only the 

econdary γ ′ (II) precipitates allows to have the deformation in the

rain. The results are presented in Table 7 . 

Using a mixture law Eqs. (5 ) and ( (6) ) considering the volume 

ractions and lattice parameters of the matrix and γ ′ (II) precipi- 

ates results in a contraction of about 0.017% during the heat treat- 

ent, a value very close to that obtained by isothermal dilatome- 

ry, equal to 0.016% ( Fig. 10 ). 

.2. The role of dislocations on facilitating compositional alterations 

It is well known that solutes can segregate at crystal defects, 

uch as dislocations and stacking faults. Recent TEM and APT stud- 

es on superalloys have revealed segregation of particular solutes 

t dislocations, which can influence their microstructure by alter- 

ng locally the chemical composition [41] . Based on this, we inves- 

igated qualitatively the dislocation density in the different condi- 

ions and evaluated the segregation of solutes at dislocations, that 

an potentially enhance or facilitate the observed compositional al- 

erations. 

In particular, in the initial PX microstructure, there is almost no 

islocation visible on ECCI images ( Fig. 11 a). Nevertheless, few lin- 

ar dislocations segments can be seen by TEM, especially around 

′ (I) precipitates ( Fig. 11 b), which have potentially originated from

revious forging and cooling steps. This observation is in good 

greement with a previous study where the same alloy in sub- 

olvus solution treated and aged state was investigated [40] . 

After holding at 760 °C for 40 h, still no dislocations can be seen 

n ECCI images ( Fig. 12 a). By contrast, a noticeable density of dislo- 

ations ( Fig. 12 b) is present in the grains of the sample submitted 
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Table 6

Vegard coefficient values in the γ and γ ′ phases 

Elements Co Cr Fe Al Ti Mo Nb

γ

i ( ̊A/at.%) 0.0196 0.11 0.115 0.179 0.422 0.478 0.7

Source [39] [39] [11] [39] [39] [39] [39]

γ ′ 
i ( ̊A/at.%) -0.014 -0.004 -0.004 / 0.258 0.208 0.46

Source [11] [39] [11] / [39] [39] [39]

Table 7

Lattice parameters of γ and γ ′ phases (obtained by Végard’s law, Eq. (6 ), with the coefficients given in Table 6 and chemical compositions 

measured by APT) and deformation values associated with changes in composition during heat treatment or relaxation tests under 500

MPa at 760 °C for 40 h.

γ γ ′ (II) a 
γ /γ ′ 
Vg 

= a 
γ
Vg

· f 
γ
s + a 

γ ′
Vg

· f 
γ ′
s ε APT

PX Initial state
a Vg ( ̊A) 3.5856 3.6045

3 . 5918 /
f s (%) 67 33

PX + 760 °C /40 h 
a Vg ( ̊A) 3.5828 3.6029

3 . 5912 - 0.017%
f s (%) 58 42

Fig. 11. Initial state of the PX material observed by (a) ECCI and (b) TEM bright field imaging.

t

a

m

m

g  

g

a

W

a

(  

l

b

n

d

A

v  

(

b

m

1

a  

l

a

a

r

c

t

s

T  

t

a

p

c

i

4

r

c

s

m

c

m

I

i

a

4

t

n

7

o relaxation testing from an initial stress of 500 MPa ( ε = 0.28%) 

t the same temperature. Dislocation density is even higher in pri- 

ary precipitates ( Fig. 12 c), near grain boundaries and near pri- 

ary precipitates ( Fig. 12 d). 

The higher dislocation density in the case of the relaxation 

auge sample after 500 MPa / 40 h at 760 °C, allowed us to investi-

ate a potential segregation of solutes at dislocations. Fig. 13 shows 

n APT reconstruction containing a γ / γ ′ interface from this alloy.

ithin the γ ′ (II) precipitate, a local enrichment of Cr is observed,

long tubular features which reveals segregation onto dislocations 

as often encountered by APT [ 42 , 43 ]). Note here that the observed

ocal enrichment is associated with segregation to a dislocation, 

ut not the dislocation itself, given the fact that dislocations can- 

ot be directly observed by APT. 1D composition profiles across a 

islocation in γ ′ (arrow #1 in Fig. 13 a) are shown in Fig. 13 b and c.

 distinct segregation of Cr, Co and Fe at the dislocation is clearly 

isible ( Fig. 13 b). By contrast, depletion of Ni, Al and Ti is observed

 Fig. 13 c). Segregation of the same elements onto dislocations has 

een shown in other nickel-based superalloys after plastic defor- 

ation at high temperature [44–49] . In addition, Fig. 13 d shows 

D composition profiles from the γ matrix along the dislocation 

s denoted by arrow #2 in Fig. 13 a. Diffusion of Cr along the dis-

ocation is apparent, while it is less pronounced in the case of Co 

nd Fe. This is most likely related to the higher partitioning of Cr 

t the dislocation compared to Co and Fe. 

In order to investigate any chemical alteration due to the seg- 

egation of solutes at dislocations in γ ′ , the γ matrix composition

lose to the sheared γ ′ precipitate in Fig. 13 a is compared with
he γ matrix composition next to γ ′ precipitates which are not

heared ( Fig. 3 c). The comparison between the solutes is given in 

able 8 . It is shown that a small depletion of Cr is observed in

he γ matrix close to the sheared γ ′ precipitate, while Co and Fe

re not influenced. The segregation of Cr is more pronounced com- 

ared to that of Co and Fe, which could potentially explain that no 

hemical alteration is observed for Co and Fe. By contrast, a slight 

ncrease of Ni is observed. 

. Discussion

It has been shown in the section n °3 (Results) that the unusual 

elaxation behavior of AD730 TM at 760 °C results from subtle mi- 

rostructural evolutions, overall leading to the contraction of the 

pecimen in the absence of any applied load. Such a contraction 

ay have consequences in terms of dimensional changes of forged 

omponents that need to be taken into account during further 

anufacturing steps, more specifically for large dimension parts. 

n this discussion section, the γ / γ ′ lattice misfit evolution and the

mpact of chemical evolution evolutions at the phase scales with 

nd without plastic activity will be discussed. 

.1. Lattice misfit of the AD730 alloy and its dependence on 

emperature 

Some commercial polycrystalline superalloys have a slightly 

egative lattice misfit at room temperature such as Udimet TM 

20Li [15] while others exhibit a slightly positive misfit at room 
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Fig. 12. (a) ECCI micrograph of the PX microstructure after 40 h holding at 760 °C. (b) ECCI and (c,d) TEM bright field images of a PX sample after 40 h stress relaxation

testing from 500 MPa initial stress at 760 °C.

Table 8

Comparison of the composition between the γ matrix close to a γ ′ precipitate with a dislocation ( Fig. 13 a) and the γ

matrix next to γ ′ precipitates which are not sheared ( Fig. 3 c) in the gauge sample after 500 MPa / 40 h at 760 °C (at.%). 

(at.%) Gauge sample (no dislocations) Gauge sample (with dislocations) With dislocations – No dislocations

Cr 26.6 ± 0.8 25.4 ± 0.2 - 1.2

Co 12.1 ± 0.3 11.9 ± 0.1 - 0.2

Fe 5.9 ± 0.2 5.9 ± 0.3 0

Ni 45.8 ± 0.7 46.9 ± 0.3 + 1.1

Al 2.0 ± 0.1 2.3 ± 0.2 + 0.3

Ti 1.6 ± 0.1 1.7 ± 0.1 + 0.1
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emperature such as Waspaloy, Alloy 718 [50] or Rene 88 DT [20] . 

ther high γ ′ phase volume fraction (blade) superalloys such as

MSX-4 [ 51 , 52 ], TMS12 [2] , IN738LC [53] or SC16 [34] behave sim-

larly to AD730 TM superalloy with a positive misfit at room temper- 

ture that becomes negative at higher temperatures. Fig. 5 shows 

hat the lattice misfit as deduced from XRD data is slightly pos- 

tive at room temperature and tends toward 0 while approaching 

60 °C as the contribution of the γ and γ ′ phases can no longer

e discerned at this temperature. The γ ′ (II) precipitates in this al- 

oy have been reported to coalesce perpendicular to the tensile 

oad during creep at 850 °C and 900 °C of single crystalline spec- 

mens (Fig. III-18-c in the Ref. [22] and Fig. 7 d in the Ref. [54] ),

hich proves that the misfit is negative in this high temperature 

ange. 

If the lattice misfit tends towards 0 at 760 °C as suggested by 

he XRD results on SX specimens, the morphology of the γ ′ (II)
recipitates should tend to adopt spherical shape after prolonged 

olding time at 760 °C [ 28 , 53 , 55 ]. This is true as shown on Fig. 14

ompares the γ ’(II) morphology in the PX initial state and after 

ong-term holding (312 h) at 760 °C. 

The lattice misfit of AD730 TM alloy is close to zero at 760 °C. 

uring holding at 760 °C, it should be noted that the FWHM of the 

400) diffraction peak increases during the first 20 h ( Fig. 15 ), sug-

esting that the lattice parameters of the two phases are close but

volves in a different way.

.2. The mechanism for isothermal macroscopic contraction 

As revealed by APT, the chemical composition of both the γ
atrix and the γ ′ (II) and γ ′ (III) precipitates of the PX microstruc- 

ure varied during holding at 760 °C. A redistribution of chemical 

lements between the matrix and these same precipitates is ob- 
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Fig. 13. (a) Atom probe reconstruction from AD730 TM region showing a γ / γ ′ interface and dislocations in γ ’ phase. γ / γ ’ interface and dislocations are shown with an 

iso-composition surface at 13 at.% Cr. (b) Cr, Co and Fe 1D concentration profiles and (c) Ni, Al, Ti 1D concentration profiles across the dislocation #1. (d) Cr, Co and Fe 1D

concentration profiles along the dislocation #2.

Fig. 14. γ ′ (II) spheroidization during heat treatment at 760 °C. γ ′ (II) precipitates (a) in the PX originated from a γ ′ -subsolvus solutioning heat treatment at 1080 °C followed 

by cooling at 100 °C/min initial state and (b) after 312 h holding at 760 °C followed by water quench.
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precipitates
erved over a significant number of elements (Ni, Al, Cr, Ti and Co 

Fig. 4 ). With the heat treatment at 760 °C, γ ′ precipitates reject

r and Co and consume Ni, Al and Ti ( γ ′ formers) to reach equi-

ibrium. 

Applying the Vegard’s law with coefficient values found in lit- 

rature and the acquired APT data from the PX samples (see 

ection 3.1.3 ) showed that both the lattice parameters of the γ
atrix and that of the γ ′ (II) precipitates decrease. A simple lin- 

ar rule of mixture considering the area fractions and the lattice 

arameters of the matrix and of the γ ′ (II) precipitates leads to

n overall contraction of about 0.020%, a value very close to the 

acroscopic contraction measured by isothermal dilatometry over 

he same period of time ( ∼25h) ( Fig. 1 ). This may sound surprising

ince primary and tertiary precipitates are omitted in the calcula- 

ion, but can be explained by the fact that the secondary precipi- 

ates account for the largest area fraction (33%) compared to γ ′ (I)
recipitates (5%) and γ ′ (III) precipitates (low fraction which could

ot be measured). 

In order to better assess the reason why both the lattice param- 

ters happen to decrease as a result of elemental redistribution be- 

ween the matrix and precipitates, the lattice parameter variation 

ssociated with the chemical composition variation has been calcu- 

ated thanks to the Vegard law coefficients, for each element and 

ach phase. The results are listed in Table 9 and plotted on Fig. 16 .

This brings out the role of each element in each phase and sug- 

ests that the decrease of the parameter is mainly driven: 

- by Al, Ti, Nb not fully compensate by the effect of Cr in the γ
matrix

- by Ti and Nb not fully compensate by the effect of Co in the γ ’
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Table 9

Chemical composition and composition difference (atomic %) of secondary precipitates and matrix before and after heat treatment at 760 °C
for 40 h.

Ni Al Cr Ti Mo Nb Co Fe

γ

PX initial state (%at) 47.2 2,9 23.8 2.2 2.2 0.3 11.2 5.3

PX + 760 °C / 40 h (%at) 45.4 2 26 1.5 2.2 0.1 12.4 5.8

�i (%at) -1.8 -0.9 2.2 -0.7 0 -0.2 1.2 0.5

�i × 
i ( ̊A) / -0.161 0,242 -0.295 0 -0.140 0.024 0.058

γ ’(II)

PX initial state (%at) 65.9 10 1.5 11.0 0.4 1.3 4.4 0.8

PX + 760 °C / 40 h (%at) 69.8 10.5 1.1 10.8 0.4 1.0 2.7 0.6

�i (%at) 3.9 0.5 -0.4 -0.2 0 -0.3 -1.7 -0.2

�i × 
i ( ̊A) / / 0.002 -0.052 0 -0.138 0.024 0.001

Fig. 15. FWHM (Full Width at Half Maximum) of the (400) γ / γ ′ Cu-K α1 diffraction 

peak during isothermal heat treatment at 760 °C of SX specimen, as a function of

holding time.
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The Vegard’s analysis plotted this way emphasizes that the ef- 

ect of each element on the lattice parameters is not a simple steric 

ssue with volume conservation of atoms seen as hard spheres, and 

hat chemical redistributions between two phases can indeed lead 

o the decrease of both the parameters. 

In the SX version of the alloy, a decrease of the lattice pa- 

ameter by 0.042% was measured by XRD after 40 h ( Fig. 6 ) at

60 °C. This decrease mainly occurs during the first 25–30 h, again 
Fig. 16. Variation in lattice parameter ( 
i × �i) associated with the chemical compo
he same time as that typical one observed for the PX material 

 Fig. 10 ). Because the changes in lattice parameter occurring at 

60 °C are related to irreversible local chemical changes, the XRD 

eak profiles at room temperature are different before and after 

he in-situ annealing heat treatment (40 h at 760 °C). From the γ
nd γ ′ peaks positions on the diffractogram ( Figs. 7 –9 ), the change

n the room temperature lattice parameter of the γ matrix before 

nd after 40 h holding at 760 °C was estimated to be greater than 

hat of the γ ′ precipitates, 0.053% and 0.028%, respectively. Com- 

ining these values and the precipitate area fraction (43%) leads to 

n overall decrease by 0.042%, consistent with isothermal dilatom- 

try test. 

The macroscopic contraction measured by isothermal dilatome- 

ry compares very well with the relative changes in lattice param- 

ter assessed in-situ by XRD ( Fig. 10 ), for both the SX and the PX

lloys. This strongly suggests that the isothermal volume contrac- 

ion is mainly controlled by the changes in the lattice parameters 

f the γ ′ precipitates and γ matrix, which themselves result from

ocal scale atomic diffusion and chemical equilibration. The compo- 

itional changes in the matrix and precipitates cause a decrease in 

he lattice parameter and thus explain both the macroscopic con- 

raction and the relaxation retardation observed over the first 25 h 

t 760 °C ( Fig. 1 ). These results are also in good agreement with

 recent study on the stress relaxation behavior of powder metal- 

urgy superalloys where the initial applied strain was 0.6% [56] or 

ith our preliminary work showing no abnormal relaxation behav- 

or once γ ′ (III) precipitates have been dissolved at 760 °C by a prior

ong-term pre-aging [5] . 

Contraction was also observed in other nickel-based superal- 

oys during heat treatment such as Waspaloy [11] , RR10 0 0 [10] ,

nconel 718 [7] , Inconel 783 [8] or IN100 [9] , with a magni-

ude which is similar to what was observed in the present work 

 Table 10 ). 
sition variation for each element and each phase calculated from Vegard’s law. 
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Table 10

Comparison of macroscopic contraction measured by dilatometry (in black), XRD (in red) and Vegard’s law (in green) for different super- 

alloys at different temperatures for a time after stabilization.

Contraction (%) AD730 TM [This work] Waspaloy [11] RR10 0 0 [10] Inconel 718 [7] Inconel 783 [8] IN100 [9]

PX

0.020 (500 °C) 0.027 (482 °C)

0.016 (760 °C) 8 h 500 h

0.017 (760 ◦ C) 0.032 (550 °C) 0.055 (760 ◦ C) 0.060 (620 °C) 0.035 (538 °C) 0.095 (704 °C)

0.017 (760 ◦ C) 10000 h 16 h 8 h 300 h 300 h

25 h 0.080 (720 °C) 0.017 (593 °C)

8 h 100 h

SX
0.042 (760 ◦ C) 

25 h

Fig. 17. γ ′ phase topology near to and further away from a grain boundary. SEM/SE 

micrograph.
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Note worthily, in the present work, the ultimate measured con- 

raction was about 0.042% in the SX alloy, while it was only 0.017% 

n the PX alloy (XRD measurements - Fig. 10 ). There are several 

ossible explanations for the difference between PX and SX con- 

raction magnitude. The first obvious one is anisotropy since the 

X material is tested and observed along a nearly < 001 > crystal- 

ographic direction, whereas the forged PX materials are known to 

ave no or very weak crystallographic texture. Then, the volume 

raction of γ ′ (II) precipitates is greater in the SX microstructure

ompared to the PX. The SX microstructure has indeed been tai- 

ored by preliminary thermal treatments to be close to the intra- 

ranular microstructure of the polycrystalline version of the alloy 

 Fig. 2 and related text in Section 2.1 ). The size of the secondary

recipitates is similar but their area fraction (43%), and thus their 

umber per unit area/volume, is higher in the SX compared to the 

X material (33%) due to primary precipitates (accounting for 5% 

rea in the PX and zero in the SX material) and tertiary precipi- 

ates. The matrix channels between the γ ′ (II) precipitates are thus

arrower in the SX which could affect both the diffusion profiles 

nd the actual average value of the matrix lattice parameter (ac- 

ounting for the constrained value near to the interface and that 

urther away). Another difference to be considered is the pres- 

nce of grain boundaries in the polycrystalline version of the al- 

oy, which might lead to specific local mechanisms and contraction 

agnitude notably as a result of differences in precipitate topology 

ompared to the grain interior ( Fig. 17 ). Indeed, a 150 nm wide

one depleted in precipitate γ ′ (II) is observed on both sides of the

rain boundary and coarser γ ′ (II) are located on the grain bound- 

ries. Further work is needed to describe the local mechanisms at 

lay at grain boundaries and their role in the macroscopic behav- 

or. 
.3. Potential local chemical alterations by pipe diffusion of solutes 

long dislocations 

When a dislocation shears a γ ′ (II) precipitate, it can stay

rapped within it. In this case, APT has shown that Cr, Co and Fe 

lements have been found to preferentially partition along dislo- 

ations ( Fig. 13 ). The proposed scenario can be understood as a 

onsequence of the mass transport via pipe diffusion along these 

islocations [57] . The diffusion of Cr, Co and Fe from the matrix 

o the γ ′ (II) precipitate can then lead to a local depletion of those

lements in the matrix. Other elements such as Ni, Al and Ti will 

hus consequently have higher amounts in γ matrix. Indications of 

uch chemical alteration are shown in Table 8 , where the γ ma- 

rix close to a shared with dislocation γ ′ precipitate ( Fig. 13 a) is

ompared with the γ matrix next to γ ′ precipitates which are not

heared ( Fig. 3 c) in the same sample. In particular, the presence 

f dislocations in the γ ′ precipitates could be possibly associated

ith the lower amounts of Cr in the surrounding γ matrix. Thus, a 

lausible scenario could involve a correlation between the disloca- 

ion density in the γ ′ precipitates and the depletion of Cr from the

atrix. Potentially, the higher the dislocation density within the γ ′
recipitates, the greater the local chemical inhomogeneities, how- 

ver this needs to be further investigated with a different set of 

xperimental plan. Similar effect on chemical alterations as a re- 

ult of the presence of dislocations is reported in a polycrystalline 

uperalloy after local deformation by oxidized carbide [58] . Given 

he presence of dislocations and the related chemical segregation 

t them, a chemical evolution of the matrix is observed that is 

ifferent from the sample without dislocations. Thus, dislocations 

ould potentially promote chemical evolutions that, in turn, may 

lso influence the lattice parameter of the macroscopic contrac- 

ion. However, the actual relative contribution of plasticity on the 

acroscopic contraction through its impact of chemical element 

istribution remains to be objectively measured. 

. Conclusion

In this work the mechanisms controlling the macroscopic con- 

raction in the AD730 TM alloy at a typical stress relaxation tem- 

erature (760 °C) was studied. Analyses from macro to nano scales 

XRD, ECCI, TEM and APT) were performed on as-received, heat 

reated and stress-relaxed specimens. The studied phenomenon is 

f significant practical importance since the intrinsic tendency for 

sothermal contraction retards stress relaxation, could also affect 

he creep behavior of the alloy and lead to non-negligible dimen- 

ional changes of large components. This work shows that changes 

n chemical composition at a very fine scale (that of secondary 

recipitates) actually control this macroscopic behavior. More pre- 

isely, the following conclusions can be drawn: 

• During isothermal holding at 760 °C, Ni, Al and Ti contents de- 

crease in the matrix and increase in the γ ′ (II) precipitates while

Cr, Co and Fe contents increase in the matrix and decrease in
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the γ ′ precipitates. These compositional changes induce a lat- 

tice parameter decrease of both γ and γ ′ phases, which spans

over during the first 25 h. This decrease in the lattice parame- 

ter is of comparable magnitude with the macroscopic contrac- 

tion measured by isothermal dilatometry (-0.017% for the poly- 

crystalline alloy and -0.042% for the monogranular variant, after 

25 h). 

• Partitioning of Cr, Co and Fe at dislocations within γ ′ (II) caused

by deformation was revealed by APT. This partitioning causes

local chemical inhomogeneities in the γ matrix which results

from the mass transport via pipe diffusion along these disloca- 

tions of Cr and to a lower extent of the concentration Co. As a

result of these elements in the matrix is lower in the presence

of dislocation compared to the matrix without dislocations. This

way the presence of dislocations is likely to affect the chemical

redistribution kinetics and possibly amplitude.

• Moreover, careful XRD analyses along with in-situ annealing

showed that the misfit of the AD730 TM alloy is low and pos- 

itive at room temperature and tends towards a zero value at

760 °C, consistent with the progressive spheroidization of the

secondary precipitate morphology at this temperature.
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