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The rocksalt structured (Co,Cu,Mg,Ni,Zn)O entropy-stabilized oxide (ESO) exhibits a reversible phase 
transformation that leads to the formation of Cu-rich tenorite and Co-rich spinel secondary phases. Using 
atom probe tomography, kinetic analysis, and thermodynamic modeling, we uncover the nucleation and 
growth mechanisms governing the formation of these two secondary phases. We find that these phases 
do not nucleate directly, but rather they first form Cu-rich and Co-rich precursor phases, which nucleate 
in regions rich in Cu and cation vacancies, respectively. These precursor phases then grow through 
cation diffusion and exhibit a rocksalt-like crystal structure. The Cu-rich precursor phase subsequently 
transforms into the Cu-rich tenorite phase through a structural distortion-based transformation, 
while the Co-rich precursor phase transforms into the Co-rich spinel phase through a defect-mediated 
transformation. Further growth of the secondary phases is controlled by cation diffusion within the 
primary rocksalt phase, whose diffusion behavior resembles other common rocksalt oxides.
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Introduction
Since their discovery in 2015 [1], high-entropy oxides (HEOs) 
have garnered significant attention due to their wide composi-
tion space and interesting behavior [2]. A HEO contains five or 
more oxide components that are mixed in equimolar amounts 
and form a single-phase solid-solution structure after process-
ing. HEO materials show promise in a range of applications, 
such as electronics [3], batteries [4], and catalysts [5]. Despite 
their compositional complexity, HEOs can be successfully fabri-
cated in forms other than bulk ceramics, including nanopowders 
[6] and thin films [7]. Additionally, the concepts behind high-
entropy design has been applied to non-oxide systems as well, 
including silicides [8], borides [9], and carbides [10].

While the incorporation of five or more oxides will result 
in a material with high entropy, this does not guarantee that 
the respective HEO will be truly entropy-stabilized. An entropy-
stabilized oxide (ESO) must have a metastable entropy-driven 
single-phase state that overcomes the free energy of an equi-
librium enthalpy-driven multi-phase state. The metastability 
of the entropy-driven state arises from the fact that the con-
tribution of entropy to the Gibb’s free energy is regulated by 
temperature. The temperature sensitivity of entropy leads to a 
competition between the entropy-driven phase state and the 
enthalpy-driven phase state, resulting in a reversible entropic 
phase transformation.

In our previous work, we demonstrated that this revers-
ible phase transformation in the transition metal oxide 
(Co,Cu,Mg,Ni,Zn)O (referred to here as TM-ESO) gave rise to 
a continuum of phase heterogeneity that could be modified by 
heat treating within a specific temperature window (650–850 °C) 
[11]. For TM-ESO, the entropy-driven state consists of a single-
phase rocksalt solid-solution crystal structure, which is stable 
at temperatures above the entropic transformation temperature 
(~ 850 °C). The phase heterogeneity manifests as the forma-
tion of Cu-rich tenorite and Co-rich spinel phases [12]. The 
enthalpy-driven multi-phase state, therefore, consists of the 
primary rocksalt phase along with the Cu-rich tenorite and the 
Co-rich spinel secondary phases, with the at.% of the phases 
being controllable through heat treatment temperature and time. 
These secondary phases form as particles with needle- or sphere-
like shapes, with the morphology being partly determined by 
the grain size after sintering [13]. We observe that the phase 
transformation provides unparalleled microstructural control, 
giving ESO materials an additional lever for tuning their struc-
tural and functional behavior.

Atom probe tomography (APT) has emerged as a power-
ful instrument for chemical analysis at the nanoscale, due to 
its sub-nanoscale resolution and elemental detection sensitiv-
ity [14]. APT instruments can analyze the chemical distri-
bution of a selected nanoscale volume in 3D. APT has been 

successfully used to analyze a wide range of material systems, 
including high-entropy alloys [15, 16], which contain five 
or more metallic elements and were the primary inspiration 
behind HEOs. In our previous work, we analyzed single-phase 
TM-ESO particles and bulk samples using a combination 
of X-ray diffraction (XRD), scanning electron microscopy 
(SEM), and APT [17, 18]. We found that these single-phase 
TM-ESO samples were chemically homogeneous down to the 
nanoscale, despite being prepared using a variety of different 
chemical synthesis and sintering methods. Additionally, we 
demonstrated that the combination of XRD, SEM, and APT 
provides a powerful approach for studying the chemical dis-
tribution in these complex materials across a wide range of 
length scales.

In our other previous work, we focused on character-
izing the secondary phases using microscopy [11] as well as 
identifying how the phase transformation influences the elec-
tronic structure of TM-ESO [12]. However, the nucleation and 
growth mechanisms governing the formation of the second-
ary phases are currently unknown. Understanding the mecha-
nisms behind the secondary-phase formation in TM-ESO will 
allow for greater control over microstructure and behavior. In 
the current work, we study the nucleation and growth behav-
ior of both the Cu-rich tenorite and Co-rich spinel secondary 
phases in TM-ESO. We have prepared samples with two differ-
ent grain sizes and heat treated them to stimulate meaningful 
secondary-phase formation. We then used a combination of 
APT characterization, kinetic analysis, and thermodynamic 
modeling to construct a nucleation and growth sequence for 
the secondary phases. We find that the Cu-rich tenorite and 
Co-rich spinel secondary phases follow a complex multistep 
nucleation and growth process. Additionally, the phase trans-
formation mechanisms are distinct between the two phases.

Results
Microstructure and phase state

XRD confirms that the as-sintered TM-ESO samples con-
solidated using conventional sintering display a single-phase 
rocksalt crystal structure with no signs of extraneous peaks 
[Fig. 1(a)]. SEM micrographs of fracture surfaces reveal that 
these bulk samples display large equiaxed grains with an aver-
age grain size of 15 µm [Fig. 1(b)]. We hereafter refer to this 
as the “coarse-grained” sample. These coarse-grained samples 
are consolidated using high temperatures (1100 °C) and long 
hold times (12 h), leading to the significant grain growth and 
equiaxed microstructure observed.

Bulk TM-ESO samples consolidated using spark 
plasma sintering (SPS) also display a primarily rocksalt 
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crystal structure, as well as a minor amount of tenorite phase 
[Fig. 1(a)]. Some minor amount of secondary phase forms 
after consolidation due to the SPS processing being per-
formed at 700  °C, which is within the phase transforma-
tion window for TM-ESO [11]. These samples display a 
nanocrystalline microstructure (average grain size of 90 nm) 
with non-equiaxed grains [Fig. 1(c)]. We hereafter refer to 
this as the “nanocrystalline” sample. The low consolidation 
temperature and short sintering time allow the single-phase 
state and nanocrystallinity to be retained from the TM-ESO 
nanopowders.

Heat treating the coarse-grained sample at 700 °C for 12 h 
yields an XRD pattern with three distinct sets of peaks, cor-
responding to the entropy-stabilized rocksalt phase, a Cu-rich 
tenorite secondary phase, and a Co-rich spinel secondary phase 
[12]. The Cu-rich tenorite phase and Co-rich spinel phase are 
labeled “T” and “S,” respectively, in Fig. 1(a). Heat treating the 
nanocrystalline sample at 550 °C for 2 h results in the formation 
of secondary phases, yielding an XRD pattern with peaks cor-
responding to the rocksalt phase and the Cu-rich tenorite phase 

[Fig. 1(a)]. The Co-rich spinel phase is not observed in the XRD 
pattern for this sample.

SEM and energy-dispersive X-ray spectroscopy (EDS) were 
used to analyze the secondary phases at the microscopic length 
scale and to determine secondary-phase particle sizes. Cu-rich 
sphere-like and needle-like particles, corresponding to the Cu-
rich tenorite phase, are observed in the coarse-grained samples 
[Fig. 2(a)]. These Cu-rich particles have Feret diameters ranging 
from 40 to 700 nm, with an average Feret diameter of 200 nm. 
Co-rich spinel particles are also observed and adopt a primarily 
sphere-like morphology with Feret diameters ranging from 40 to 
440 nm and an average Feret diameter of 170 nm. The Cu-rich 
tenorite particles in the nanocrystalline sample do not form as 
spherical- or needle-like morphologies [Fig. 2(b)]. Instead they 
are similar in size and shape to the nanocrystalline grains, which 
is consistent with our previous observations that the tenorite 
particles encompass an entire grain in nanocrystalline TM-ESO 
samples [11]. These Cu-rich tenorite particles have Feret diam-
eters ranging from 40 to 170 nm, with an average Feret diameter 
of 70 nm. Spinel particles are not observed in the EDS results for 
the nanocrystalline sample, which is consistent with our XRD 
results [Fig. 1(a)]. Hereafter, we refer to the Cu-rich tenorite sec-
ondary-phase particles and the Co-rich spinel secondary-phase 
particles observed through SEM simply as “tenorite particles” 
and “spinel particles,” respectively.

Nanoscale chemical analysis

SEM/EDS can identify the distribution and morphology of the 
secondary phases across a range of length scales (40–700 nm), 
allowing for the equilibrium behavior of the secondary phases 
to be observed. To better understand the nucleation process, 
however, an even finer scale is needed. Thus, APT was used to 

Figure 1:   Phase state and microstructure of consolidated and heat-
treated TM-ESO samples. (a) X-ray diffraction patterns for the coarse-
grained and nanocrystalline TM-ESO samples before and after heat 
treatment. Peaks corresponding to the secondary phases are labeled as 
‘T’ for the tenorite phase and ‘S’ for the spinel phase. (b) Fracture surface 
micrograph of an as-sintered coarse-grained sample. (c) Fracture surface 
micrograph of an as-sintered nanocrystalline sample.

Figure 2:   Investigation of the secondary phases at the micro-scale. 
Scanning electron micrograph and the corresponding Cu (red) and Co 
(green) EDS elemental maps for the heat-treated (a) coarse-grained and 
(b) nanocrystalline TM-ESO samples.



 
 J

ou
rn

al
 o

f M
at

er
ia

ls
 R

es
ea

rc
h 

 2
02

2 
 w

w
w

.m
rs

.o
rg

/jm
r

Invited Feature Paper

© The Author(s) 2022 4

observe the elemental distribution at length scales < 100 nm. A 
three-dimensional APT reconstruction of all six elements in the 
coarse-grained sample is observed in Fig. 3(a), with individual 
atoms being represented by color-coded dots. Regions of Cu 
(red) and Co (green) segregation are distributed throughout the 
volume, while the other four elements appear homogeneous. 
To distinguish these regions of enrichment from the tenorite 
and spinel particles observed in SEM, we refer to these regions 
observed using APT as Cu-rich and Co-rich “nanoparticles”.

In order to highlight the features of the Cu-rich and Co-
rich nanoparticles, isoconcentration surfaces were constructed 
from the region contained in the dashed black box in Fig. 3(a). 
The analyzed volume contains Cu-rich nanoparticles having 
both spherical and elongated morphologies [Fig. 4(a)]. Addi-
tionally, the analyzed volume contains a grouping of primarily 
spherical Co-rich nanoparticles. From the APT isoconcentra-
tion surfaces, it is possible to quantitatively assess the size of 
these nanoparticles. The Cu-rich nanoparticles have an average 
Feret diameter of 3.0 nm (radius of 1.5 nm), while the Co-rich 
nanoparticles have an average Feret diameter of 2.0 nm (radius 
of 1.0 nm).

Proxigrams were used to measure the concentration of 
the nanoparticles and the surrounding area [19]. A concen-
tration proxigram of a representative Cu-rich nanoparticle in 
the coarse-grained sample is shown in Fig. 4(b). Three distinct 
regions of the concentration profile are observed: the primary 
TM-ESO phase, the Cu-rich nanoparticle, and the composi-
tional transition region between the two phases. The boundary 
between the primary TM-ESO phase and the compositional 
transition region is arbitrarily defined on the x-axis as 0 (zero) 

nm. The observed nanoparticle is enriched in Cu and depleted 
in the other cations relative to the primary rocksalt phase. A 
gradual change in the cation concentration is observed in the 
compositional transition region between the Cu-rich nanopar-
ticle and the primary phase, while the oxygen concentration 
remains constant. The composition of the nanoparticle pla-
teaus at a distance of > 1 nm indicates that the composition has 
reached equilibrium. The Cu-rich nanoparticles are not pure 
CuO, but instead have the form of (CuxMx−1)O, where M is the 
sum of the other cations (M = Co,Mg,Ni,Zn). The evaluated Cu-
rich nanoparticles have an average Cu concentration of 37 at.%, 
an oxygen concentration of 50 at.%, and M = 13 at.%. A sum-
mary of the chemical composition of the Cu-rich nanoparticles 
is provided in Fig. 5(a).

Figure 3:   Investigation of the chemical distribution at the nanoscale. 
Atom probe tomograph (APT) 3D chemical distribution maps for the 
heat-treated (a) coarse-grained and (b) nanocrystalline TM-ESO samples. 
The dashed black boxes indicate the regions where isoconcentration 
surface analysis was performed.

Figure 4:   Interrogation into nanoparticle chemistry in TM-ESO samples. 
For coarse-grained TM-ESO: (a) APT 3D reconstruction showing 
isoconcentration surfaces of Cu (red) and Co (green). (b) A representative 
proxigram of a Cu-rich nanoparticle and the surrounding rocksalt 
primary phase. (c) A representative proxigram of a Co-rich nanoparticle. 
For nanocrystalline TM-ESO: (d) APT 3D reconstruction showing 
isoconcentration surfaces of Cu. (e) A representative proxigram of a 
Cu-rich nanoparticle and the surrounding rocksalt primary phase.
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A concentration proxigram of a representative Co-rich nan-
oparticle in the coarse-grained sample is provided in Fig. 4(c). 
Again, three distinct regions of the concentration profile are 
observed: the primary TM-ESO phase, the Co-rich nanoparti-
cle, and the compositional transition region. The nanoparticle 
itself is enriched in Co and deficient in the other cations, hav-
ing the approximate form of (CoxMx−1)O (M = Cu,Mg,Ni,Zn). 
A composition plateau is reached at a distance of > 1 nm, indi-
cating that this is the equilibrium composition for the Co-rich 
phase. The evaluated Co-rich nanoparticles have an average Co 
concentration of 33 at.%, an average oxygen concentration of 
51 at.%, and M = 16 at.% [Fig. 5(a)].

The diffusion of atoms during the early stages of secondary-
phase nucleation will lead to the formation of a diffuse compo-
sitional interface region [20]. The thickness and form of these 
compositional interfaces can therefore provide insight into the 
nucleation and growth mechanisms of the Cu- and Co-rich nan-
oparticles. Diffuse concentration profiles, such as those acquired 
from APT, can be fit to a sigmoid function of the form [21]:

(1)
X − Xm

Xp − Xm
=

1

1+ e−η(z−z0)
,

where X is the concentration at position z, Xm is the concen-
tration of the TM-ESO rocksalt phase, Xp is the concentration 
of the secondary-phase nanoparticle, η is a fitting parameter 
related to the slope of the straight-line segment of the sigmoid, 
and z0 is the center of the straight-line segment (the inflection 
point).

The compositional interface width (δ) between the secondary 
and primary phase can then be calculated from

where ΔX is the difference in concentration between the second-
ary-phase nanoparticle and the primary phase and 

(

dX
dz

)

z0
 is the 

slope of the straight-line segment at position z0.
Using Eqs. [1] and [2], values for δ, for both the Cu-rich 

and Co-rich nanoparticles in the coarse-grained sample, were 
calculated from the APT concentration profiles. The average 
and range of δ values for the cations are displayed in Fig. 5(b). 
Note that δ for oxygen is not defined because it remains con-
stant throughout the transition between the primary phase 
and tenorite phase. For the Cu-rich nanoparticles, the values 
of δ for Cu fall in the range 0.6–0.9 nm, with an average value 
of 0.8 nm, whereas the values for the non-primary cations 
(Co,Mg,Ni,Zn) range from 0.3–1.2 nm. For the Co-rich nano-
particles, the Co interface width ranges from 0.6 to 0.9 nm, 
with an average value of 0.7 nm, while the values of δ for 
the non-primary cations (Cu, Mg, Ni, Zn) range from 0.4 to 
1.2 nm.

A 3D atomic reconstruction of all six elements in the 
nanocrystalline sample is seen in Fig. 3(b). Like the coarse-
grained sample, the nanocrystalline sample displays Cu-rich 
nanoparticles throughout the observed volume. Unlike the 
coarse-grained sample, however, the nanocrystalline sample 
exhibits no signs of Co-rich regions. Regions enriched in Mg, 
Ni, Zn, and O are also not observed. To highlight the Cu-rich 
regions, isoconcentration surfaces were constructed from the 
region contained in the dashed black box in Fig. 3(b). The 
observed Cu-rich nanoparticles exhibit primarily non-spher-
ical morphologies, with many nanoparticles exhibiting elon-
gated or curved shapes [Fig. 4(d)]. The Cu-rich nanoparticles 
have an average diameter of 3.0 nm (radius of 1.5 nm).

A concentration proxigram of one of the Cu-rich nano-
particles in the nanocrystalline sample is seen in Fig. 4(e). The 
Cu-rich nanoparticles exhibit a diffuse compositional transi-
tion region, with the Cu concentration increasing from the 
outside to the center. Additionally, the Cu-rich nanoparticles 
are deficient, but not absent in the other four cations. The 
Cu-rich nanoparticles have an average Cu concentration of 

(2)δ =
�X

(

dX
dz

)

z0

=
4

η
,

Figure 5:   Composition and interface width for the TM-ESO precursor-
phase nanoparticles. (a) Concentration, X, and (b) interface width, δ, 
values for the five cations in the Cu-rich and Co-rich precursor-phase 
nanoparticles determined for the coarse-grained and nanocrystalline 
TM-ESO samples using APT. Error bars correspond to the range of 
observed values.
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34 at.%, which is slightly lower than the average concentration 
found in the coarse-grained sample (37 at.%). The average of 
the other cations is M = 16 at.%, while the oxygen concentra-
tion is 50 at.%. A summary of the composition details is pre-
sented in Fig. 5(b). Values for δ for the Cu-rich nanoparticles 
in the nanocrystalline sample, calculated using the proxigrams 
and Eqs.  [1] and [2], range from 0.7 to 1.1 nm. The aver-
age value is 0.9 nm, which is thicker than the value for the 
Cu-rich nanoparticles in the coarse-grained sample (0.8 nm). 
The non-primary cations of the Cu-rich nanoparticles have δ 
values that range from 0.3 to 1.7 nm.

Thermodynamic modeling and phase stability

The software Thermo-Calc was used to model the equilib-
rium phase behavior in TM-ESO. As the Thermo-Calc oxide 
database does not currently contain data on ZnO, the qua-
ternary equimolar (Co,Cu,Mg,Ni)O system was investigated 
instead. Thermo-Calc was used to investigate the stability of 
CuO tenorite as a function of temperature and composition 
by calculating the fraction of tenorite present between 200 and 
900 °C and with Cu concentration ranging from 10 to 50 at.%. 
A heat map of temperature vs Cu concentration is presented in 
Fig. 6(a), with the colors representing the fraction of tenorite 

Figure 6:   Role of composition and temperature on secondary-phase stability in (Co,Cu,Mg,Ni)O. (a) Heat map depicting the predicted phase fraction 
of tenorite (see color bar) stable at different temperatures and Cu concentrations. (b) The predicted phase fraction of tenorite stable at 700 °C 
with varying Cu concentrations. (c) Heat map depicting the predicted phase fraction of spinel stable at different temperatures and cation vacancy 
concentrations. (d) The predicted phase fraction of spinel stable at 700 °C with varying cation vacancy concentrations. All data were calculated using 
Thermo-Calc.
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present. The fraction of tenorite predicted to form is highly 
sensitive to Cu concentration, with increasing Cu concentra-
tion leading to greater amounts of tenorite forming. Addition-
ally, the calculations exhibit some temperature dependence 
of the tenorite formation. Thermo-Calc predicts that 520 °C 
is the temperature requiring the lowest Cu concentration to 
form the tenorite phase. Additionally, the tenorite stability 
becomes less sensitive to temperature with increasing Cu 
concentration.

Thermo-Calc predicts that at 700 °C the tenorite phase is 
highly sensitive to Cu concentration, [(Fig. 6(b)]. At the equi-
molar composition, Thermo-Calc predicts no tenorite forma-
tion at 700 °C. Instead, only the rocksalt phase is predicted at 
700 °C. Further, tenorite is not predicted to form at Cu concen-
trations < 14 at.%. We note that behavior predicted by Thermo-
Calc is contradicted by some of our previous experimental 
evidence. First, we do not experimentally observe the tenorite 
phase at temperatures ≥ 850 °C [11], which we propose is due 
to the entropic stabilization effect, which is not accounted for 
by Thermo-Calc. Second, we experimentally observe that the 
greatest fraction of tenorite emerges during heat treatment at 
700 °C, with tenorite fraction decreasing at temperatures below 
700 °C, which we propose is due to slower diffusion at lower 
temperature.

Unlike the tenorite phase, Thermo-Calc indicates that the 
formation of spinel in equimolar (Co,Cu,Mg,Ni)O is not sensi-
tive to the concentration of any one specific cation (not shown). 
Instead, spinel stability is highly sensitive to cation vacancy con-
centration. A heat map of temperature vs cation vacancy con-
centration is presented in Fig. 6(c), with the colors representing 
the fraction of spinel present. The spinel phase tends to mean-
ingfully form at cation vacancy concentrations > 1 at.%, and then 
declines at > 3 at.%. However, the spinel stability is highly tem-
perature dependent, with lower temperatures predicting greater 
spinel stability at all cation vacancy concentrations. Addition-
ally, Thermo-Calc predicts no spinel formation above 800 °C, 
which is consistent with our previous experimental results [12]. 
Thermo-Calc predicts that more spinel phase will form at lower 
temperatures, contradicting our experimental observations that 
the greatest fraction of spinel forms at 700 °C.

At 700 °C, Thermo-Calc predicts that the spinel phase is 
highly sensitive to cation vacancy concentration [Fig. 6(d)]. 
Similar to the tenorite phase, Thermo-Calc does not predict the 
formation of a spinel phase in equimolar (Co,Cu,Mg,Ni)O at 
700 °C. The fraction of spinel predicted to form increases line-
arly with increasing cation vacancy concentration up to 1.8 at.%  
cation vacancy concentration. The spinel fraction is predicted 
to decrease linearly at cation vacancy concentrations > 1.8 at.%, 
due to the formation of an oxygen gas phase (not shown). It is 
known that cation vacancies play a role in spinel formation. For 
example, the rocksalt to spinel transformation in CoO is highly 

sensitive to vacancy concentration, with the transformation 
occurring at a critical vacancy concentration [22].

Thermo-Calc was used to calculate the thermodynamic 
values related to the phase transformation in the quaternary 
(Co,Cu,Mg,Ni)O. We use Thermo-Calc to estimate the inter-
facial energy (σ) and the driving force for the phase transfor-
mation (ΔG) for the rocksalt→tenorite/spinel phase trans-
formations. We note that the oxygen concentration used in 
the rocksalt→spinel calculation is set to O = 51 at.%, which 
Thermo-Calc predicts will yield the greatest fraction of spinel 
phase. For the rocksalt→tenorite transformation, increasing Cu 
concentration leads to a decrease in σ [Fig. 7(a)] and an increase 
in ΔG [Fig. 7(b)] indicating that the formation of tenorite is 
more favorable as Cu concentration increases. In contrast, the 
rocksalt→spinel transformation exhibits a more complex rela-
tionship between cation concentration and the thermodynamic 
parameters. Increasing Co concentration results in a decline in σ 
up to ~ 30 mol% Co, with increasing Co concentrations resulting 
in an increase in σ (Fig. 7(d)]. ΔG for the rocksalt→spinel trans-
formation generally increases with increasing Co concentration 
[Fig. 7(e)]. However, the trend in ΔG is non-monotonic due to 
the sensitivity of the spinel transformation on the non-primary 
cations (which decrease in concentration with increasing Co 
concentration).

Both σ and ΔG play a significant role in the nucleation of 
the secondary phases, making it difficult to interpret the role of 
composition on the phase transformation behavior when exam-
ining either thermodynamic variable individually. One way to 
account for the interplay between the two variables is to calcu-
late the critical radius for nucleation (r*) using [23]

where V is the molar volume of the transformed phase (cal-
culated using Thermo-Calc). For the rocksalt→tenorite 
transformation, r* decreases with increasing Cu concentra-
tion [Fig.  7(c)], which is consistent with the Thermo-Calc 
prediction that tenorite forms more readily with increasing 
Cu concentration [Fig. 6(b)]. For the rocksalt→spinel trans-
formation, the predicted r* decreases subtly with increasing 
Co concentration [Fig. 7(f)], indicating that the formation of 
spinel is not as strongly related to the cation concentration 
as the rocksalt→tenorite transformation. The range of values 
predicted by Thermo-Calc is summarized in Table 1. We note 
that the values of σ, ΔG, and r* from Thermo-Calc are calcu-
lated from a very limited oxide thermodynamic database and 
are based on the quaternary (Co,Cu,Mg,Ni)O instead of the 
experimental composition of interest, (Co,Cu,Mg,Ni,Zn)O, 
because Zn is not in the database. As such, the absolute val‑
ues of the three parameters are unlikely to be accurate. Nota-
bly, in this work, only the trends predicted by Thermo-Calc are 

(3)r∗ =
3σV

�G
,
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considered, as they offer insight into the role of composition 
on the tenorite and spinel phase transformation. Therefore, to 
investigate the potential role of this database limitation on the 
overall Thermo-Calc trend predictions, the same analysis for 
the rocksalt→tenorite/spinel transformations was performed on 
the quinary (Ca,Co,Cu,Mg,Ni)O system (with Ca replacing Zn). 
Thermo-Calc predicts that the addition of Ca slightly decreases 

the minimum Cu concentration required to form tenorite, but 
otherwise does not change the trends observed in Fig. 6(a) and 
(b) (not shown). Similarly, the addition of Ca decreases the 
maximum amount of spinel that forms but does not change the 
trends in Fig. 6(c) and (d) (not shown). Thus, we observed mini-
mal changes in the predicted thermodynamic parameters and 
identical trends with composition, verifying that this database 

Figure 7:   Role of composition on the phase transformation thermodynamic parameters in (Co,Cu,Mg,Ni)O. Calculated: (a) interfacial energy, σ, (b) the 
driving force for the phase transformation, ΔG, and (c) critical radius for nucleation, r*, for the rocksalt→tenorite transformation. Calculated: (d) σ, 
(e) ΔG, and (f ) r*, for the rocksalt→spinel transformation in (Co,Cu,Mg,Ni)O with an oxygen concentration of 51 at.%. All data were calculated using 
Thermo-Calc.

TABLE 1:   Summary of the calculated kinetic and thermodynamic parameters for Cu-rich tenorite and Co-rich spinel phase transformations in TM-ESO

The method/model used to calculate the values is listed in the headings.

Phase

Thermo-Calc LSW Model Calderon et al. Model

σ (J/m2) ΔG (J/mol) r* (nm) k (m3/s) κ (s−1) D (m2/s) σ (J/m2) ΔG (J/mol) r* (nm)

Cu-rich
Tenorite

0.01–0.028  < 6500 0.03–1.3 3 × 10–26 7 4.0 × 10–13 11 550 38

Co-rich
Spinel

0.32–0.34 10,000–12,500 0.4–0.45 8 × 10–27 90 3.9 × 10–13 2.5 324 16
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limitation and the application of four cations instead of five does 
not significantly influence the Thermo-Calc predictions.

Secondary‑phase coarsening kinetics

Analysis of the temporal behavior of the phase transformation 
can provide insight into the nucleation and growth behavior of 
the secondary-phase particles. One of the most accessible mod-
els for describing how secondary-phase particles grow with time 
is the Lifshitz–Slyozov–Wagner (LSW) model. We note that the 
LSW model assumes a binary composition with an ideal dilute 
solid-solution primary phase and that the secondary-phase par-
ticles are spherical and consist of a single element [24]. TM-ESO 
meets none of these assumptions. Despite this, the LSW model 
provides a simple method of estimating kinetic parameters 
needed for more advanced calculations, without knowledge of 
the fundamental thermodynamic parameters. The LSW model 
has been successfully applied to other complex ceramics, such 
as (SiOC)-HfO2 and SiZrCNO [25, 26].

From the LSW model, the kinetic rate constants k and κ can 
be calculated using [27]:

where r is the average particle radius, t is the heat treatment 
time, f is the mass fraction of the secondary phase, and fe is the 
maximum possible fraction of secondary phase. Here, r was 
acquired from the dimensions of the secondary-phase parti-
cles using SEM/EDS, while the mass fractions were calculated 
from XRD and Rietveld refinement using MAUD [28]. Using 
the present work, as well as our previous work on TM-ESO 
[11–13], we can estimate the kinetic constants at 700 °C as fol-
lows: k ≈3 × 10–26 m3/s and κ ≈ 7 s−1 for the rocksalt→tenorite 
transformation, while k ≈ 8 × 10–27 m3/s and κ ≈ 90 s−1 for the 
rocksalt→spinel transformation. We emphasize that these val-
ues are estimations, as the available data on the phase transfor-
mation in TM-ESO are still limited. Despite this, our kinetic 
constants are reasonable compared to other materials at the 
same temperature (700 °C), such as 10–27 m3/s for Ni alloys 
[24], 10–28 m3/s for Cu–Co alloys [29], and 10–28 m3/s for Cu–Fe 
alloys [30]. While the kinetic constants will be sensitive to tem-
perature, the similarity to the kinetics constants found in lit-
erature for other materials gives confidence to our estimated 
values for TM-ESO.

The kinetic constants allow for the calculation of several 
meaningful values related to the growth of the secondary phases. 
For example, the effective diffusion coefficient for coarsening 
can be calculated from the LSW model using

(4)r3 ≈ kt,

(5)f = fe −
(κt)

1
3

�X
,

From Eq.   [6] ,  D  =  4 .0  ×  10 –13 cm 2/s  for  the 
rocksalt→tenorite transformation and D = 3.9 × 10–13 cm2/s 
for the rocksalt→spinel transformation. The nearly identical 
values for D between the two transformations, despite having 
different kinetic coefficients, imply that the dominant diffu-
sion mechanism is the same between the two transformations. 
The LSW model assumes that the D in Eq. [6] should resem-
ble the chemical (interdiffusion) coefficient, which is the dif-
fusion behavior driven by a concentration gradient. Previous 
work on diffusion in TM-ESO indicates that the chemical dif-
fusion coefficient is very similar to rocksalt structured CoO 
[31]. However, our estimated values of D are much lower than 
the estimated chemical diffusion coefficients for CoO and TM-
ESO (8 × 10–8 cm2/s at 700 °C), implying that the growth of 
the secondary phases is not strongly driven by a concentration 
gradient. Instead, we find that our estimated values for D are 
very similar to the self-diffusion coefficients (diffusion in the 
absence of a concentration gradient) of the constituent rocksalt 
oxides [32], in particular CoO (9.3 × 10–13 cm2/s at 700 °C [33]), 
implying that the secondary-phase growth is dictated by cation 
self-diffusion in the primary rocksalt phase.

The LSW model can also be used to estimate σ:

where R is the gas constant and T is the temperature (973 K). 
From Eq. [7], the LSW model estimates that σ = 11 J/m2 for the 
rocksalt/tenorite interface and σ = 2.5 J/m2 for the rocksalt/spinel 
interface. Both values are significantly higher than the those pre-
dicted by Thermo-Calc (Table 1), indicating that Thermo-Calc 
underestimates the difficulty of forming a new interface for the 
secondary phase. Additionally, our estimated interface energies 
are higher than those seen in literature for other materials at 
similar temperatures, such as 0.02–0.1 J/m2 for Ni-based super-
alloys [24], 0.55 J/m2 for Fe-Cu alloys [30], and 0.15 J/m2 for 
Cu–Co alloys [29]. Low σ values indicate a resistance to particle 
coarsening, instead favoring the formation of a fine distribution 
of secondary phases, which are used for improving the strength 
of alloys [34]. The relatively high σ values in TM-ESO illustrate 
the difficulty of nucleating the secondary phases and the prefer-
ence for particle coarsening.

Calderon et al. modified the LSW model to remove the 
assumption that the primary phase be a dilute solid solution 
and the secondary phase a pure element [35]. From the Cal-
deron model, the kinetic rate constants Eqs. [4] and [5] can be 
related to σ and ΔG with

(6)D =
9

4

(

k2κ
)

1
3 .

(7)σ =
RT

2XmV

(

k

κ

)
1
3

,
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It is important to note that the σ value in Eq. [8] is different 
from Eq. [7], meaning that Eq. [8] requires an accurate ther-
modynamic model of σ or ΔG to calculate the other. It has been 
observed that σ values from the Calderon model are an order of 
magnitude smaller than those from the LSW model. We there-
fore estimate ΔG for the phase transformations in TM-ESO by 
using σ values that are one order of magnitude smaller than the 
ones we calculated using the LSW model. From Eq. [8], we esti-
mate ΔG ≈ 550 J/mol for the rocksalt→tenorite transformation 
and ΔG ≈ 324 J/mol for the rocksalt→spinel transformation. 
These values are one to two orders of magnitude smaller than 
those predicted by Thermo-Calc, indicating that Thermo-Calc 
underestimates the driving force for the phase transformations.

Discussion
Pre‑nucleation environment

The existence of both large secondary-phase particles with 
sizes > 40 nm (observed with SEM) and nanoparticles with 
sizes ≤ 3 nm (observed with APT) indicates that the Cu-rich and 
Co-rich phases experience simultaneous nucleation and growth 
processes during heat treatment [36]. Our Thermo-Calc calcula-
tions predict that the formation of the tenorite and spinel phases 
are closely related to the local composition (Fig. 6). Specifically, 
Thermo-Calc predicts that the tenorite phase forms when the 
composition of TM-ESO is enriched in Cu, while the spinel 
phase forms when there are cation vacancies. Local concentra-
tion fluctuations are known to form in materials with random 
solid-solution structures [37]. Our Thermo-Calc predictions 
imply that local regions that are enriched or deficient in cati-
ons could act as nucleation sites for the formation of second-
ary phases. Such a phenomenon has been observed in ceramics 
before, such as spinel phases precipitating on cation vacancies 
in Fe–NiO and Ti–MgO [38, 39].

In our previous work, we studied the chemical homoge-
neity of the as-sintered, single-phase TM-ESO samples using 
APT, finding that the as-sintered TM-ESO samples had no obvi-
ous secondary phases at the nanoscale [18]. However, bino-
mial frequency analysis revealed that the as-sintered TM-ESO 
samples had a non-random cation distribution, likely due to 
local regions that are enriched in one or more cations [40]. 
We observed that the single-phase TM-ESO samples exhibit 
local Cu concentrations as high as 14 at.% and cation vacancy 
concentrations as high as 3 at.% [18]. These local concentra-
tion fluctuations can act as sites for nucleation and enable con-
tinuous nucleation of secondary phases during heat treatment 
[41, 41]. We propose that the local concentration fluctuations 

(8)
(

k

κ

)
1
3

=
2σV�Xfe

�G
.

present in the non-heat-treated, single-phase TM-ESO samples 
will act as nucleation sites for the Cu-rich and Co-rich second-
ary phases.

Precursor‑phase nucleation

In materials where the crystal structure of the primary phase 
and secondary phase differs significantly, there will be a large 
interfacial energy, and thus a large barrier to nucleation [36]. 
In many materials, this barrier to nucleation is circumvented 
by the nucleation of a transitionary precursor phase with a 
similar crystal structure to the primary phase [36]. The forma-
tion of transitionary precursor phases is frequently seen dur-
ing precipitation, with the formation of Guinier–Preston (GP) 
zones and other precursor phases in Al and Cu alloys being 
well studied [36]. Precursor-phase nucleation has even been 
seen in ceramics, such as the formation of precursor phases 
before the nucleation of Al2O3 in non-stoichiometric MgAl2O4 
[43], or the formation of GP zones before the nucleation of 
spinel in Ti–MgO [39].The advent of APT greatly facilitates 
the identification of these precursor phases by allowing for 
the accurate measurement of composition at the nanoscale. 
Precursor phases can often be identified by observing particles 
whose composition deviates from the expected equilibrium 
chemistry of the secondary phases measured at larger length 
scales. For example, APT was used in intermetallic TiAl to 
identify the ω″ precursor phase which forms before the nucle-
ation of ωo precipitates [44], and in an Al–Cu–Mg–Ag alloy 
where the formation of GP zones and other precursors form 
before the formation of Ω and θ′ phases [45].

Using APT, we have confirmed that the Cu-rich and Co-
rich nanoparticles are not single-cation oxides, but are instead 
multi-cation oxides enriched in a primary element. The Cu-
rich nanoparticles in the coarse-grained sample possess an 
average non-primary cation concentration of Co = 3.4 at.%, 
Mg = 3.2 at.%, Ni = 3.0 at.%, and Zn = 3.4 at.%. The solubility 
limits for Co, Mg, Ni, and Zn, in CuO tenorite are known to be 
approximately 2.5, 2.0, 1.0, and 2.0 at.%, respectively [46–49]. 
Our observed cation concentrations are close to their respec-
tive individual solubility limits. Similar results are observed 
for the Cu-rich nanoparticles in the nanocrystalline sample, 
with non-primary cation concentrations of Co = 4.2  at.%, 
Mg = 3.6 at.%, Ni = 4.6 at.%, and Zn = 3.7 at.%. On average, 
the non-primary cation concentration in the Cu-rich phase is 
higher in the nanocrystalline sample compared to the coarse-
grained sample. However, the nanocrystalline sample is heat 
treated at a lower temperature and for a shorter time (550 °C 
for 2 h) compared to the coarse-grained sample (700 °C for 
12 h). Notably, the above-listed solubility limits for Co, Mg, 
Ni, and Zn, in CuO tenorite are only the individual cation 
solubility limits. Therefore, the observed non-primary cation 
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concentration (M = 13 at.%) is unexpectedly high, indicating 
that the Cu-rich phase in TM-ESO can accommodate signifi-
cantly more non-primary cations than CuO tenorite would 
be expected to. We propose that the Cu-rich nanoparticles 
observed in APT are not a Cu-rich tenorite phase but are 
instead a Cu-rich multicomponent transition phase acting as 
a precursor to tenorite.

There are two primary types of Co-based spinel oxides: 
Co3O4 and MCo2O4. Rocksalt CoO will oxidize to form Co3O4 
(Co = 43 at.%, O = 57 at.%) at 600–900 °C in air. Co will also 
react to form MCo2O4 (Co = 29 at.%, M = 14 at.%, O = 57 at.%), 
where M = Co,Mg,Ni,Zn, at > 550 °C [50]. However, the Co-rich 
nanoparticles observed in APT exhibit an average composition 
of Co = 33 at.%, M = 16 at.%, O = 51 at.%, which deviates from 
both possible Co spinel variants. Like the Cu-rich phase, we pro-
pose that the observed Co-rich nanoparticles in APT are not a 
Co-rich spinel phase but are instead a Co-rich multicomponent 
transition phase acting as a precursor to spinel.

The existence of the precursor phase can be verified by con-
sidering the critical radius for nucleation, r*. Thermo-Calc pre-
dicts that r* < 1 nm for each of the secondary phases [Fig. 7(c) 
and (f)]. While Thermo-calc provides valuable insights about 
the role of composition on the phase transformations, our 
kinetic analysis indicates that Thermo-Calc underestimates the 
difficulty of nucleating the secondary phase. From the Calderon 
model [35], r* can be elegantly calculated without knowledge of 
σ or ΔG using

Using Eq.  [9], we calculate r*  = 38  nm for the 
rocksalt→tenorite transformation and r* = 16  nm for the 
rocksalt→spinel transformation. These values for r* are larger 
than the size of the nanoparticles observed in APT for both 
phases (each on the order of 2 nm), indicating that the Cu-rich 
and Co-rich nanoparticles are not, yet, the Cu-rich tenorite and 
Co-rich spinel secondary phases that we observe in XRD and 
SEM. Thus, the r* values calculated from our kinetic constants 
provide further support for our hypothesis that the nanoparti-
cles observed in APT are actually precursor phases.

Differences in crystal structure between a primary phase 
and secondary phase will lead to coherency strains and a large 
interfacial energy, limiting nucleation of the secondary phase 
[36]. The formation of precursor phases in TM-ESO is logical 
considering the difference in crystal structure between the cubic 
rocksalt, the monoclinic tenorite, and the cubic spinel phases. 
While the rocksalt and spinel phases are both cubic, our XRD 
results indicate that the spinel phase has a much larger lattice 
parameter (8.1 Å) than the rocksalt phase (4.23 Å), indicating 

(9)r∗ =
3

2fe�X

(

k

κ

)
1
3

.

that coherency strains and a large interfacial energy are still 
expected between the two phases. Our precursor phase likely 
adopts a crystal structure that is intermediate between the rock-
salt and secondary phases. Having a crystal structure similar to 
the rocksalt phase will reduce the coherency strains and inter-
face energy for the precursor phase, thus reducing the barrier 
for nucleating the secondary phases.

Our calculated r* values for the rocksalt→tenorite/spinel 
transformations indicate that the nanoparticles observed in 
APT are not tenorite or spinel, leading to the hypothesis that 
they are instead precursor phases. Complete validation for this 
hypothesis would require the calculation of r* values for the 
precursor phases, for which the necessary information currently 
does not exist. Accurate values for r* cannot be predicted using 
Thermo-Calc as there is not sufficient thermodynamic data for 
the precursor phases. Acquiring the necessary experimental 
information to calculate r* will also be very challenging for three 
reasons, but could be explored in future work. First, the second-
ary phases in TM-ESO grow rapidly with heat treatment, neces-
sitating very careful control of the heat treatment conditions to 
avoid transforming the precursor phases into tenorite or spinel. 
Second, the precursor phases are very small and will require 
detailed APT observations for each heat treatment condition. 
Third, the secondary phases in TM-ESO continuously nucle-
ate. New precursor phases will emerge simultaneously with the 
coarsening of existing phases, making it difficult to determine 
the evolution in precursor phase size. Despite being unable to 
calculate r* for the precursor phases, our APT observations, 
thermodynamic modeling, kinetic calculations, as well as prec-
edence from the literature, give us confidence in our hypothesis 
that the observed nanoparticles are precursor phases.

Precursor‑phase evolution

From our kinetics analysis, we have determined that the effec-
tive diffusivity is very similar to the self-diffusion behavior 
of other rocksalt oxides. The growth of the tenorite and spi-
nel particles is dictated by the diffusion of cations in the pri-
mary rocksalt phase. However, at very small particle sizes the 
growth of secondary phases will be influenced by the diffusion 
behavior in three regions: the primary phase, the secondary 
phase, and the compositional transition region between the 
two phases [51]. Our APT analysis can shed light on the diffu-
sion in the precursor phases. During the growth of the precur-
sor phase, the primary cations move from the primary rock-
salt phase into the precursor phase, while the non-primary 
cations move in the opposite direction. At small nanoparticle 
sizes, δ for the individual cations will be highly dependent on 
the diffusion behavior of the cations as they migrate to their 
destination. Cations with smaller δ values can be assumed to 
diffuse more quickly than those with larger δ values. Here, we 
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use our calculated cation δ values as a proxy for the diffusion 
behavior.

Self-diffusion of cations in rocksalt oxides has been well 
studied, with the diffusion of cations being closely related 
to their ionic radii and polarizability, as well as the defect 
chemistry of the oxide [32]. The diffusion behavior of the 
five cations in TM-ESO has been previously measured in 
single-crystal MgO at temperatures > 1000 °C [52, 52]. The 
calculated diffusivity values of the cations in MgO at 700 °C 
and 550 °C follow the order Zn > Co > Cu > Ni > Mg. There-
fore, the expected values for the interface width, δ, in pre-
cursor-phase nanoparticles whose diffusion behavior is like a 
rocksalt oxide would follow the trend Mg > Ni > Cu > Co > Zn. 
We note that the diffusivities of Co, Cu, and Ni in MgO are 
similar (within the same order of magnitude), so a trend in δ 
of Mg > Co ~ Cu ~ Ni > Zn is reasonable. Of the five constitu-
ent oxides in TM-ESO, MgO has been the most well studied. 
However, the diffusion of the cations in TM-ESO has also 
been studied in some of the other constituent oxides, such 
as NiO, and found to follow similar behavior to cations in 
MgO [54].

In the coarse-grain sample (heat treated at 700 °C), the 
average values of δ for the Cu-rich and Co-rich nanoparticles 
follow a trend of Mg > Co > Cu > Ni > Zn [Fig. 5(b)]. Mg has 
the highest average δ value, Zn the lowest, while Co, Cu, and 
Zn are similar. The trend in δ values is similar to what would 
be expected for cation diffusion in rocksalt oxides, indicating 
that both precursor phases have a rocksalt-like crystal struc-
ture. In the nanocrystalline sample (heat treated at 550 °C), 
the average values of δ for the Cu-rich nanoparticles follow 
a trend of Co > Mg > Cu > Ni > Zn, indicating that Co is the 
slowest moving cation in this situation instead of Mg. We pro-
pose that the deviation from the behavior in the coarse-grain 
sample is related to the low heat treatment temperature used 
for the nanocrystalline sample. Self-diffusion experiments in 
rocksalt oxides are rarely performed below 1000 °C due to 
the time required to generate meaningful self-diffusion. How-
ever, diffusion mechanisms for cations in rocksalt oxides are 
often different at different temperatures, leading to significant 
deviations in diffusivity from values extrapolated from high 
temperatures. Cations in rocksalt oxides diffuse through a 
cation vacancy mechanism, with the concentration and types 
of vacancies being sensitive to temperature [55]. For exam-
ple, the activation energy for diffusion of Co and Cr in MgO 
changes at temperatures < 1000 °C due to a change in vacancy 
bonding energy [56]. However, TM-ESO is known to have a 
complex defect structure [31], with more work needing to be 
done to understand how this defect structure changes with 
temperature.

Our analysis indicates that the diffusion behavior of the 
cations into and out of the precursor phases resembles the 

behavior of cations in a rocksalt phase. We therefore propose 
that the precursor phases have a rocksalt-like structure and 
corresponding diffusion behavior. However, the interface itself 
can influence the diffusion behavior. In their foundational 
study, Ardell and Ozolins found that the growth of small 
secondary-phase particles is significantly influenced by the 
interface between the particle and primary phase due to the 
interface operating as a diffusion bottleneck [51]. The inter-
face possesses its own distinct diffusion coefficient, DI, which 
can be calculated using DI = 2(DDp)/(D + Dp), where Dp is the 
diffusion coefficient of the secondary phase. However, given 
that the diffusion behavior of our precursor phases resem-
bles a rocksalt-like phase, DI ≈ D ≈ Dp. The interface only 
meaningfully influences the growth of small particles when 
r <  < δD/DI, which does not hold for the precursor-phase 
nanoparticles in TM-ESO. We conclude that the growth of 
the precursor phases can be described primarily by the cation 
diffusion behavior in rocksalt oxides.

Transformation sequence

At a certain particle size, the activation barrier for transforma-
tion will be low enough that the precursor phase will trans-
form into tenorite or spinel. There are several mechanisms 
that can lead to the formation of secondary phases from pre-
cursor phases. For example, in TiAl alloys and Al–Cu–Mg 
alloys, the formation of multiple consecutive precursor phases 
gradually reduces the activation barrier for transformation 
due to changes in local concentration and local distortions in 
the lattice [44, 45]. Alternatively, in some Al–Cu and Al–Ag 
alloys, the secondary phases form because of a separate dis-
tinct nucleation event, which is stimulated by defects (such 
as dislocations or vacancies) and the primary/precursor 
interfaces that form as a result of the precursor phases [36]. 
However, our Thermo-Calc results indicate that the activation 
barrier for transformation is dependent on composition, with 
the conditions for the formation of tenorite and spinel becom-
ing more favorable as the concentration of the primary cation 
increases. We hypothesize that the increasing primary cation 
concentration in the precursor phases will partially contribute 
to the eventual transformation into Cu-rich tenorite and Co-
rich spinel secondary phases.

We cannot unambiguously determine the mechanism 
that causes the precursor→tenorite/spinel transformation. 
However, our observations and calculations indicate that the 
behavior of TM-ESO is similar to conventional oxides, indi-
cating that insights into the nature of these transformation 
can be acquired from literature on more established oxides. 
Previous work has shown that ultrathin films of CuO can form 
in a rocksalt structure under specific processing conditions 
[57]. This rocksalt structure has a tetragonal symmetry due to 
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the existence of a Jahn–Teller structural distortion [58]. How-
ever, in the absence of an additional stabilization mechanism 
(such as other cations on the sublattice [59]), CuO is unsta-
ble against this Jahn–Teller distortion, leading to a structural 
transformation to the equilibrium tenorite structure [60]. We 
hypothesize that the transformation from Cu-rich rocksalt-
like precursor phase to Cu-rich tenorite secondary phase in 
TM-ESO occurs through a similar structural distortion-based 
phase transformation. Once transformed, the Cu-rich tenorite 
particles continue to coarsen with increasing heat treatment 
time. In the coarse-grained samples, the tenorite particles 
transform from a sphere-like morphology to a needle-like 
morphology [Fig. 2(a)] and finally to a plate-like morphol-
ogy as the particle grows due to misfit strain effects [13]. 
Conversely, confinement from the grain boundaries causes 
the tenorite particles to encompass an entire grain in the 
nanocrystalline samples [Fig. 2(b)] [11].

Spinel phases possess two dedicated cation sublat-
tices, making the precursor→spinel transformation more 
complicated than the precursor→tenorite transformation. 
Rocksalt→spinel transformations have been observed before 
in other materials, such as Sn–CoO and Ti–MgO [39, 61]. The 
transformation occurs when a critical concentration of cation 
interstitials and vacancies is reached, leading to a collapse of 
the rocksalt structure and the rearrangement of the atoms 
[62]. Spinel phases often nucleate on dislocations as well as 
vacancy and defect clusters in rocksalt oxides [61]. However, 
many spinel nucleation events are preceded by the formation 
of a precursor phase that nucleates on cation vacancies, such 
as in Ti–MgO and Zr–TiO2 [39, 63]. Continued diffusion and 
cation vacancy/interstitial formation in the precursor phase 
will lead to the defect arrangements necessary to complete 
the spinel transformation. We therefore hypothesize that the 
transformation from Co-rich rocksalt-like precursor to Co-
rich spinel secondary phase in TM-ESO proceeds through a 
similar defect-mediated transformation. In contrast to the Cu-
rich tenorite phase, after transformation, the Co-rich spinel 
phase exhibits minimal misfit strain with the primary rocksalt 
phase and maintains its sphere-like morphology as it coarsens 
[13].

Using APT, Thermo-Calc modeling, and kinetic analysis, 
we provide insight into the nucleation and growth behavior 
of the secondary phases in TM-ESO. A schematic summary 
of the secondary-phase nucleation sequence is seen in Fig. 8. 
Direct nucleation of the secondary phases is not thermodynami-
cally favorable in equimolar TM-ESO. Instead, local regions of 
enrichment in Cu or cation vacancies stimulate the nucleation 
of the Cu-rich and Co-rich phases, respectively. However, there 
is a significant barrier to nucleation of the Cu-rich tenorite 
and Co-rich spinel secondary phases directly. We propose that 

TM-ESO nucleates Cu-rich and Co-rich precursor phases with 
a rocksalt-like structure. These precursor phases then transform 
to the tenorite or spinel secondary phases through distinct trans-
formation mechanisms.

Conclusions
APT, Thermo-Calc modeling, and kinetic analysis were 
used to investigate the nucleation and growth behavior of 
the Cu-rich tenorite and Co-rich spinel secondary phases in 
TM-ESO. Bulk coarse-grained and nanocrystalline TM-ESO 
samples were heat treated to induce the formation of second-
ary phases. XRD and SEM/EDS verify that both samples pos-
sess a micro-scale multi-phase state, with the coarse-grained 
sample containing both a tenorite and a spinel secondary 
phase, and the nanocrystalline sample containing the ten-
orite secondary phase. APT of the two samples reveals the 
presence of Cu-rich and Co-rich multicomponent nanopar-
ticles that are ~ 2 nm in size. Thermo-Calc predicts that the 
formation of the secondary phases is highly composition 
dependent, while kinetic analysis reveals that the r* for the 

Figure 8:   Nucleation and growth of the tenorite and spinel phases 
in TM-ESO. Schematic illustrating the nucleation, growth, and 
transformation sequence for the Cu-rich tenorite and Co-rich spinel 
phases, respectively, in TM-ESO. Straight arrows mark labeled regions; 
wavy arrows denote cation diffusion.
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secondary-phase formation is larger than the nanoparticles 
observed in APT. From the experimental results and cal-
culations, we can make the following statements about the 
nucleation and growth behavior.

1.	 The Cu-rich phase nucleates in regions with Cu enrichment, 
while the Co-rich phase nucleates in regions with cation 
vacancies.

2.	 The tenorite and spinel phases do not nucleate directly. 
Instead, Cu-rich and Co-rich precursor phases nucleate 
first.

3.	 The diffusion behavior in the precursor phases implies that 
they possess a rocksalt-like structure and behavior.

4.	 The precursor→tenorite transformation occurs through 
a structural distortion-based transformation, while the 
precursor→spinel transformation occurs through a defect-
mediated transformation

5.	 The growth of the tenorite and spinel secondary phases is 
dictated by cation diffusion in the primary rocksalt phase. 
Simultaneously, there is a continuous nucleation of new 
precursor-phase nanoparticles.

Our work provides fundamental insights into the nuclea-
tion and growth behavior of secondary phases in TM-ESO. 
We find that TM-ESO has similar diffusion behavior to other 
rocksalt oxides, and it follows established kinetic and phase 
nucleation models. Although ESOs have many unique features, 
their secondary-phase formation behavior is similar to many 
conventional oxides. These insights will be instrumental when 
engineering the microstructure of ESO materials in the pursuit 
of specific applications and functionalities.

Methods
TM-ESO powders were prepared from constituent oxide nano-
powders using solid-state methods. CoO (50 nm reported par-
ticle size, 99.7 wt% purity), CuO (25–55 nm), MgO (50 nm, 
99.95%), 99.95%), NiO (18 nm, 99.98%), and ZnO (18 nm, 
99.95%) nanopowders were sourced from US Research Nano-
materials. The oxide nanopowders were blended using a Fritsch 
Premium 7 planetary ball mill (PBM) at 300 rpm for 3 h using 
silicon nitride jars and milling media. These powders were heat 
treated at 900 °C for 20 min to complete the solid-state reaction 
and form single-phase TM-ESO powder [11]. These fully reacted 
powders were reground at 300 rpm for 12 h in the PBM. Coarse-
grained samples were consolidated using conventional sintering 
with a CM Furnaces 1210BL elevator furnace at 1100 °C for 12 h. 
Nanocrystalline samples were consolidated using a Fuji model 
825S SPS instrument. Consolidation was performed by heat-
ing to 700 °C at 200 °C/min and holding for 5 min. Additional 

information about powder synthesis and consolidation can be 
found in our previous work [11].

Heat treatment was performed using the above-mentioned 
elevator furnace. Coarse-grained samples were heat treated 
at 700 °C for 12 h; nanocrystalline SPS-consolidated samples 
were heat treated at 550 °C for 2 h. The heat-treated samples 
were polished using diamond slurry down to 1 µm. Archimedes 
method was used to measure the density of the coarse-grained 
and nanocrystalline TM-ESO samples. All samples exhibited a 
relative density of ≥ 98% before heat treatment.

The macroscopic phase state of the samples was measured 
using a Rigaku Ultima III XRD instrument. The microstructure 
of the bulk samples was examined on fracture surface specimens 
using a Hitachi Regulus 8230 SEM. EDS maps were collected 
on polished samples using a Bruker Flatquad EDS instrument. 
An accelerating voltage of 3 kV was used during EDS meas-
urements, which we have shown to yield the spatial resolution 
necessary to visualize the small (< 100 nm) secondary-phase fea-
tures in TM-ESO [11]. Fracture surface specimens were used to 
measure the average grain size.

A Zeiss Auriga 60 focused ion beam (FIB) system was 
used to prepare needle-shaped APT specimens from both the 
consolidated coarse-grained and nanocrystalline heat-treated 
samples. The region of interest was protected from Ga ion 
damage using a 150-nm-thick platinum capping layer. Annu-
lar milling was used to create the needle-shaped specimens 
with a tip diameter of < 100 nm. APT measurements were 
carried out at 50 K using a Cameca LEAP 4000X HR. Sample 
ablation was performed using a pulsed laser with a wavelength 
of 355 nm, a pulse energy of 60 pJ, and a pulse frequency of 
100 kHz. Analysis was performed using Cameca’s integrated 
visualization and analysis software (IVAS).

Thermo-Calc 2021b was used to investigate the equilib-
rium phase behavior of TM-ESO as a function of temperature 
and composition [64]. The “Property Model Calculator” func-
tion was used to estimate the driving force for segregation 
(ΔG) and the gradient energy (σ) for the various segregation 
scenarios. The TCXO v11 oxide database was used as the 
source of the thermodynamic data for the calculations. We 
note that the TCXO database currently does not support Zn 
or ZnO. Therefore, the quaternary (Co,Cu,Mg,Ni)O system 
was investigated instead.
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