
1 
 

On the inherent strength of Cr23C6 with the complex face-centered cubic D84 structure 
 
Kyosuke Kishida1,2,*, Mitsuhiro Ito1, Haruyuki Inui1,2, Martin Heilmaier3, and Gunther 
Eggeler4 
 
1 Department of Materials Science and Engineering, Kyoto University 
Sakyo-ku, Kyoto 606-8501, JAPAN 
2 Center for Elements Strategy Initiative for Structural Materials (ESISM), Kyoto University 
Sakyo-ku, Kyoto 606-8501, JAPAN 
3Institute for Applied Materials (IAM-WK), Karlsruhe Institute of Technology (KIT), 
Engelbert-Arnold-Strasse 4, 76131 Karlsruhe, Germany 
4Lehrstuhl Werkstoffwissenschaft (WW), Institut für Werkstoffe, Ruhr-Universität Bochum, 
Universitätsstrasse 150, D-44780 Bochum, Germany 
 
Abstract 

The deformation behavior of single crystals of Cr23C6 with the complex D84 crystal 
structure based on the face-centered cubic lattice has been investigated by micropillar 
compression as a function of crystal orientation and specimen size at room temperature. For the 
first time, the {111}<101> slip system is identified to be the only operative slip system. The 
1/2<101> dislocation dissociates into two partial dislocations with identical collinear Burgers 
vectors (b) as confirmed by transmission electron microscopy (TEM) and atomic-resolution 
scanning transmission electron microscopy (STEM). The energy of the stacking fault bounded 
by two coupled partial dislocations with the b=1/4<101> is evaluated from their separation 
distances to be 840 mJ/m2. The critical resolved shear stress (CRSS) for {111}<1 01> slip 
increases with the decrease in the specimen size, following the inverse power-law relationship 
with a relatively low exponent of ~ -0.19. The room-temperature bulk CRSS value evaluated 
by extrapolating this inverse relationship to the specimen size of 20~30 µm is 0.79 ± 0.15 GPa. 
The exact position of the slip plane among many different parallel {111} atomic planes and 
possible dislocation dissociations on the relevant slip planes are discussed based on the 
calculated generalized stacking fault energy (GSFE) curves. The inter-block layer slip is 
deduced to occur for {111}<101> slip based on the TEM/STEM observations and the result of 
GSFE calculations. Finally, plausible atomic structures for stacking faults on (111) and coherent 
twin boundaries are discussed. 

 
 

Keywords: Transition metal carbide; Deformation structure; Dislocations; Mechanical 
properties; Micropillar compression 
 
*Corresponding author: Kyosuke KISHIDA 

Department of Materials Science and Engineering, Kyoto University 
Sakyo-ku, Kyoto 606-8501, JAPAN 
E-mail address: kishida.kyosuke.6w@kyoto-u.ac.jp 
Tel.: +81-75-753-5461; fax: +81-75-753-5461 

mailto:kishida.kyosuke.6w@kyoto-u.ac.jp


2 
 

1. Introduction 
 Carbides of type M23C6 (M denoting a metallic element) are key phases of 
microstructures of important structural materials like steels and Ni-base superalloys [1-5]. In 
bainitic low Cr tool steels and tempered martensitic 9-12% Cr high-temperature steels, their 
formation during heat treatments delays the formation of pearlite and provides more time for 
well controlled heat treatments [6,7]. In these steels, M23C6 carbides precipitate on various 
internal interfaces (prior austenite grain boundaries, block boundaries, lath boundaries and on 
subgrain boundaries to mention the most relevant). As such elements they provide what has 
been referred to as carbide stabilized substructure hardening in low and high Cr-steels [6,7]. 
Their role in the creep resistance of low and high Cr steels has been thoroughly investigated in 
the last decades [6-11]. They have also been reported beneficial for high Mn austenitic steel 
[12] as M23C6-type carbide particles precipitated during low-temperature ageing treatments 
increase the hardness and strength in these steels [13]. While austenitic stainless steels such as 
type 304 are also strengthened by M23C6-type carbide particles, those precipitated at grain 
boundaries are known to reduce the grain boundary Cr content, reducing the corrosion 
resistance along the grain boundary thereby increasing the susceptibility to stress corrosion 
cracking [14,15]. M23C6-type carbide particles are also commonly observed precipitates in Ni-
based alloys after high temperature service [16,17]. While fine M23C6-type carbide particles are 
known to generally increase the creep strength [18-21], coarse M23C6-type carbide particles are 
reported to degrade the fatigue properties of Ni-based superalloys by offering crack initiation 
sites due to local stress concentration accumulated at the carbide/austenite interface [22-26]. A 
similar detrimental effect of M23C6-type carbide particles is reported also for high Cr ferritic 
steels [27]. Thus, the presence of M23C6 particles can have significant positive and negative 
effects on the strength of important structural materials. This is why effort has been devoted to 
study their thermal stability [28]. In contrast, only limited information is available regarding 
their intrinsic strength. Most researchers focusing on structural materials consider them as inert 
particles with a high strength, which act as obstacles for dislocation motion, boundary migration 
and grain boundary sliding or as stress raisers. Only Cr and Mn are known to form the binary 
M23C6-type carbide with carbon [29]. Cr is a key alloy element in bainitic and martensitic steels 
as well as in superalloys. Therefore, even though Mn can also form a binary carbide of type 
M23C6, Cr23C6 is the most relevant binary reference system for M23C6-type carbides.  
 Cr23C6 has a crystal structure of the Cr23C6-type with its own prototype name (the D84 
structure in the Strukturbericht symbolism) based on the face-centered cubic (FCC) lattice. The 
space group is Fm 3m and the Pearson’s symbol is cF116. The lattice parameter reported is a = 
1.0650 nm and the unit cell contains 92 Cr and 24 C atoms [29,30]. As shown in Fig. 1, the 
crystal structure is often described as made up with the packing of some coordination polyhedra, 
cubo-octahedra and cubes [29,30]. The cubo-octahedron is formed by 12 Cr atoms in 48h sites 
(Cr(III)) centered by a Cr atom in the 4a site (Cr(I)), while the cube is formed by 8 Cr atoms in 
32f sites (Cr(IV)). Cubo-octahedra are allocated to the face-centered cubic lattice points (i.e., 
4e sites) while cubes are allocated to the centers of octahedral gaps formed by six cubo-
octahedra (i.e., to mid-points of the cube edge and the body center of the lattice). In addition, 
Cr atoms are allocated to the body centers of one-eights sublattices in 8c sites and C atoms are 
allocated to 24e sites on the cube edge between the cubo-octahedron and the cube. Each C atom 
is coordinated by 8 Cr atoms that form a distorted 8-fold square anti-prism. The crystallographic 
sites (either 48h, 32f or 8c) for metallic elements (such as Fe and some alloying elements like 
W, Mo and Mn for steel) have been investigated for decades to improve the thermal stability of 
M23C6 type carbides [31-36]. While the crystallography of M23C6-type carbides has been 
investigated by several researchers, there exists insufficient information about the mechanical 
properties of M23C6-systems. This is partly related to the difficulty to synthesize bulk 
monolithic M23C6, which in case of Cr23C6 forms via a peritectic reaction in a high carbon vapor 
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pressure. Moreover, Cr23C6 was also expected to exhibit brittleness, another reason for not 
trying to assess its resistance against plastic deformation. Relatively high values of Vickers 
hardness (~1.1 GPa for (Cr,Fe)23C6 [37] and 13~15 GPa for Cr23C6 [38]) have been reported so 
far, together with relatively low values of fracture toughness (4.4~5.8 MPam1/2 for Cr23C6 [38]). 
Recent density functional theory (DFT) calculation results [39-41] have predicted a high elastic 
modulus and low Poisson’s ratio, indicative of the brittleness of Cr23C6, and a low fracture 
toughness [38]. Microstructure observations by transmission electron microscopy (TEM) have 
revealed stacking faults on {111} and {001} planes in well-annealed Cr23C6 doped with Fe, W, 
Mo and Mn [37], stacking faults on {111} and microtwins within M23C6 type carbides in 
deformed Ni-based superalloys [42] and in deformed high-Mn austenitic steel [13]. The 
presence of these planar faults may suggest that densely packed {111} planes can represent slip 
planes, consistent with what is expected from a face-centered cubic lattice, which the crystal 
structure of Cr23C6 is related to, see green atoms in Figure 1. Xia et al. [43] recently made first-
principles DFT calculation of generalized stacking fault energy (GSFE) surface for {111} slip 
plane of Cr23C6 and concluded that slip should occur by the motion of 1/2<101> dislocations 
dissociated into two 1/6<112> Shockley-type partial dislocations as in the case of FCC metals. 
Unfortunately, at present no experimental evidence is available describing the mechanisms 
which govern the plastic deformation of C23C6. Thus, there is a need to identify the operative 
slip systems and their critical resolved shear stresses (CRSSs). Recently, we have shown that 
plastic flow can successfully be observed for some hard and brittle materials even at room 
temperature if the specimen size is reduced from bulk to micrometer size [44-50]. Micropillar 
compression testing in combination with post mortem analysis of defect structures in the 
scanning and transmission electron microscope has proven to be a powerful technique to 
elucidate the deformation mechanisms of hard and brittle materials [44-54].  
 Scientific objective of the present work is to combine micropillar compression testing 
with post mortem SEM and TEM analysis to reveal the elementary mechanisms which govern 
plasticity of Cr23C6. We aim at identifying slip systems and their respective CRSSs studying the 
plastic deformation of single crystals of Cr23C6 in compression as a function of crystal 
orientation and specimen size at room temperature. The results are expected to close a gap in 
the understanding of the mechanical behavior of one of the most important microstructural 
elements of advanced Fe- and Ni-based structural materials. 
 
2. Experimental Procedure 
 Button ingots were prepared by Ar arc-melting of high-purity Cr and C in the 
stoichiometric composition (Cr-17 at.% C), yielding a two-phase microstructure consisting of 
Cr23C6 and body-centered cubic (BCC) Cr (8:2 by volume). The ingots were annealed at 1200°C 
for 168 hours. The grain size of the Cr23C6 crystallites was relatively large with about 200 µm. 
Orientations of Cr23C6 crystallites were determined by electron back scatter diffraction (EBSD) 
in the scanning electron microscope (JEOL JSM-7001FA electron microscope). Three different 
loading axis orientations, [ 2 67], [5 89] and [1  2 14], were selected (See, the inset of Fig. 2). 
The highest Schmid factors for some possible deformation modes (slip on {111}, {110} and 
{100} along <110>) are listed in Table 1 for each orientation. After mechanical polishing with 
diamond paste and mechano-chemical polishing with colloidal silica to mirror finish, 
micropillar single-crystal specimens with a square cross-section having an edge length L 
ranging from 1.5 to 11.3 μm and a height-to-L ratio approximately equal to 2.3~4 : 1 were 
machined from the crystallites with a JEOL JIB-4000 focused ion beam (FIB) system. A 
rectangular parallelepiped shape was selected to facilitate the identification of slip planes and 
slip directions. 
 Compression tests were conducted for micropillar specimens with a flat punch indenter 
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tip on an Agilent Technologies Nano Indenter G200 nanomechanical tester at room temperature 
in displacement-rate-controlled mode at a nominal strain rate of 1×10-4 s-1. Slip planes were 
determined by slip trace analysis made on two orthogonal surfaces of the deformed micropillar 
specimen by SEM. Deformation microstructures developed in the deformed micropillars were 
investigated by TEM with a JEOL JEM-2100F electron microscope and scanning transmission 
electron microscopy (STEM) with a JEOL JEM-ARM200F electron microscope. Specimens 
for TEM/STEM observations were prepared by FIB-SEM in-situ lift-out technique using a FEI 
Quanta 3D 200i Dual-Beam system equipped with an Omniprobe nanomanipulator. 
 GSFE surfaces for the (111) glide planes were calculated by first-principles DFT using 
the Vienna ab-initio simulation package (VASP) code [55-57]. The generalized gradient 
approximation of Perdew-Burke-Ernzerhof (GGA-PBE) was used to treat the exchange-
correlation functional [58]. The optimized lattice constants for the standard unit cell calculated 
with an energy cutoff of 550 eV and Monkhorst-Pack k-point mesh of 8×8×8 were a = 1.0559 
nm, which is in good agreement with the experimental value of 1.0650 nm [30,59]. For the 
GSFE calculations for the (111) glide planes, supercells containing 116 atoms with the in-plane 
unit defined by 1/2[011] and 1/2[101] were used. The height of the supercells was fixed to 
4.1577 nm including a vacuum layer of about 1.5 nm in thickness. An energy cutoff was set to 
be 550 eV and gamma-centered k-point mesh of 10 × 10 × 1 was used. All atoms were relaxed 
along the direction perpendicular to the glide plane so as to minimize the energy of the supercell 
with a given in-plane displacement. 
 
3. Results 
3.1. Stress-strain behavior and slip trace observation 
 Figs. 2(a)~(c) show selected stress-strain curves obtained for micropillar specimens 
with the [ 2 67], [589] and [1  2 14] orientations, respectively. The edge length L of specimens 
are indicated in the figures. Compression tests were stopped before failure occurs for the ease 
of slip line observations. For most specimens regardless of crystal orientation, yielding occurs 
rather smoothly followed by work-hardening with a serrated flow, which indicates the repetitive 
occurrence of minor strain burst events [60]. The occurrence of repetitive strain bursts suggests 
that the multiplication of dislocations in Cr23C6 may not be so difficult even at room temperature 
once their sources are activated, because strain bursts are usually interpreted to occur as a result 
of an avalanche-like collective motion of dislocations in micropillar compression tests [61,62]. 
The yield stresses determined as the elastic limit (indicated by arrows in Fig. 2) are generally 
high, exceeding about 2 GPa and tend to increase with the decrease in the specimen size, 
regardless of crystal orientation.  
 Figs. 3(a)-(c) show SEM secondary electron images of deformation structures of the 
micropillars with the [ 2 67], [ 589] and [1  2 14] orientations, respectively. The observations 
were made along the direction inclined by 30° from the loading axis. For the [ 2 67] orientation 
(Fig. 3(a)), straight slip lines are clearly observed on the ( 71 54 26) surface, while slip lines 
observed on the ( 6  5 6  ) surface are fairly faint. Slip trace analysis on the two orthogonal 
surfaces indicates the occurrence of slip on (111). The faint slip lines on the ( 6 5 6 ) surface 
indicates that the slip vector is contained in the ( 6 5 6 ) plane. Stereographic analysis reveals 
that the slip direction is parallel to [101]. The occurrence of the slip along [101] parallel to the 
( 6 5 6 ) surface is further confirmed by the resultant shape change of the micropillar specimen 
(Supplementary Fig. S1), i.e., an apparent shape change caused by the slip is observed on the 
( 6 5 6 ) surface (Fig. S1(b)), while the rectangular shape is virtually maintained on the ( 71 54
26) surface (Fig. S1(a)). The slip system thus identified to operate in the micropillar with the 
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[ 2 67] orientation is (111)[101].  
 For the [5 89] orientation (Fig. 3(b)), straight slip traces are clearly observed on the ( 25
2811) surface (see also Fig. S1(c)), while very faint slip traces are observed on the ( 2 1 2 ) 
surface (Fig. S1(d)). Slip trace analysis confirms the occurrence of slip deformation on (111) 
along [1  01]. For the [1   2 14] orientation (Fig. 3(c)), many straight slip traces are clearly 
observed on the ( 62 10 3) surface (Fig. S1(e)), while rather faint slip traces are observed on 
the ( 2 13 2 ) surface (Fig. S1(f)). Slip trace analysis also confirms that slip deformation occurs 
on (111) along [101]. The slip system thus identified to operate in a wide range of crystal 
orientation is (111)[101], and this slip system is the only operative slip system in Cr23C6 single 
crystal micropillars deformed in compression at room temperature.  
 
3.2. Dislocation structure and dissociation  
 Fig. 4(a) shows a bright-field STEM image of the dislocation structure observed in a 
thin foil cut parallel to the (111) slip plane obtained from a [ 2 67]-oriented micropillar specimen 
deformed to 3~4 % plastic strain. Most dislocations imaged in Fig. 4(a) are confirmed to have 
a Burgers vector (b) of 1/2[101], being consistent with the results of slip trace analysis of Fig. 
3(a). Although at a first glance, these 1/2[101] dislocations seem to align along a direction 
about 30° inclined from the screw orientation, close inspection clearly indicates that they 
consist of (i) small straight segments parallel to their screw orientation and (ii) kinks that 
connect segmented screw dislocations. This indicates that the dislocation motion of 1/2[101] 
dislocations is controlled by the Peierls mechanism with the Peierls valleys lying along the 
screw orientation.  
 Figs. 4(b) and (c) show weak-beam dark-field TEM images of a dislocation with 
b=1/2[101] in the same area taken with two different diffraction vectors (g). The dislocation 
with b=1/2[101] is observed to dissociate into two partial dislocations along the entire length 
when imaged with g= 4 04 (Fig. 4(b)) so that two screw segments are connected by a kink with 
edge components. By contrast, when imaged with g=2 4 2 (Fig. 4(c)), both partial dislocations 
are simultaneously invisible. This indicates that the dislocation with b=1/2[101] gliding on 
(111) dissociates into two partial dislocations with collinear Burgers vectors, as described 
below: 
 1/2[101] → 1/4[101] + 1/4[101].   (1) 
This is different from the dissociation scheme usually observed for FCC metals and alloys 
involving two Shockley partial dislocations with non-collinear Burgers vectors, described as 
 1/2[101] → 1/6[ 2 11] + 1/6[1 12].   (2) 
The two partial dislocations with b=1/4[101] mentioned in eq. (1) are analyzed to be separated 
by a stacking fault, as we will make a more detailed discussion on the dissociation schemes in 
the section 4.2. The stacking fault energy estimated from the observed dissociation width (~3.7 
nm) along the screw orientation with the theoretically calculated shear modulus of 137 GPa 
[39] is as high as ~840 mJ/m2.  
 The collinear dissociation of the 1/2[101] dislocation on (111) described with eq. (1) is 
further confirmed by atomic-resolution high-angle annular dark-field (HAADF) STEM 
imaging. Figs. 5(a) and (b) show the core structure for a 1/2[101] dislocation introduced in a 
[ 2 67]-oriented micropillar specimen deformed to ~4 % plastic strain viewed along the [110] 
direction that makes 60° with the Burgers vector. Burgers circuit construction around the 
dislocation (indicated with light blue circles) confirms the displacement corresponding to the 
perfect dislocation in 60°-character. Fig. 5(b) is a rotated and vertically compressed image of 
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Fig. 5(a) so that the relative displacement between the upper and lower halves of the crystal can 
be seen easily from the positions of the (111) atomic planes passing through the lattice points 
(indicated with blue lines). The approximate positions of two coupled partial dislocations are 
indicated with green arrows. However, the exact positions of the partial dislocations as well as 
the atomic arrangement in the fault region between the two partial dislocations are difficult to 
be unambiguously determined, because of slight inclination of the dislocation line from the [1
10] incident-beam direction. This causes the difficulty in identifying the exact location of the 
slip plane. However, Burgers circuit construction around each of the two partial dislocations 
confirms the identical displacement of half of that of the 1/2[101] perfect dislocation. This is 
consistent with the dissociation scheme (1) but cannot be explained with the dissociation 
schemes of (2) involving Shockley partial dislocations with b=1/6<112>. Although the exact 
location of the slip plane is difficult to identify only from the HAADF-STEM images of Figs. 
5(a) and (b), the location of stacking fault between the two coupled partial dislocation is 
considered to be between structural blocks B and C from the lower energy for stacking fault of 
the inter-block layer type (Fig. 5(d)) rather than of the inter-sublayer type (Fig. 5(g)). This will 
be discussed in more detail in the sections 4.1 and 4.2.  
 The dissociation scheme (1) was further confirmed by atomic-resolution STEM imaging 
of the core structure of a 1/2[101] screw dislocation (Fig. 6). If the dissociation scheme is 
assumed as eq. (2), the atom displacement corresponding to the edge component of the 
Shockley partial dislocation should be observed in the stacking fault region between the two 
coupled Shockley partial dislocations. However, no atomic displacement should be observed in 
the stacking fault region between two collinear partial dislocations if the dissociation scheme 
is of type (1), because partial dislocations are both pure screw in character. Fig. 6(a) shows a 
low-magnification bright-filed TEM image of screw dislocations viewed end on. They exhibit 
a robe contrast characteristic of end-on dislocations. Fig. 6(b) is an atomic resolution HAADF-
STEM image of the core structure for a 1/2[1  01] screw dislocation viewed end-on. In the 
HAADF-STEM image, no atom displacement is observed in the stacking fault region between 
the two coupled partial dislocations, strongly indicating that the dislocation dissociation scheme 
for the 1/2[101] dislocation is according to (1) but not according to (2).  
 The motion of 1/2[101] dislocations in Cr23C6 seems to be controlled by the Peierls 
mechanism with the movement of screw dislocations being rate-controlling. This is similar to 
1/2<111> dislocations in BCC metals and dislocations in semiconducting materials such as 
1/3<2 1 1  0> dislocations observed in micropillar specimens of 6H-SiC deformed at room 
temperature [45], although these move as perfect dislocations without dissociation. In that sense, 
the present situation is much more similar to the 1/2<101> dislocation in Si, although the 1/2<
101> dislocation in Si dissociate into two Shockley partial dislocations according to the scheme 
(2) rather than (1). 
 
3.3. Critical resolved shear stress 
 Values of critical resolved shear stress (CRSS) for (111)[101] slip calculated with the 
yield stress values (Fig. 2) and the corresponding Schmid factor (Table 1) are plotted in Fig. 7 
as a function of specimen size. The CRSS values for (111)[101] slip tend to decrease with the 
increase in specimen size but do not depend much on crystal orientation at a given specimen 
size. The data points from all the three orientations form a single inverse power law relation 
with specimen size. The power-law exponent is -0.19, which is smaller (in the absolute 
magnitude) than those commonly observed (-0.5~-1.0 and -0.3~-0.5, respectively) for FCC and 
BCC metals [61-63] and comparable to those (0~-0.2) for many hard and brittle materials 
including semiconductors, intermetallic compounds and ceramics [44-50]. The low power law 
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exponent of Cr23C6 is indicative of a high frictional (Peierls) stress.  
The CRSS value obtained for micropillar specimens of FCC and BCC metals usually 

approaches the corresponding bulk value as the specimen size increases and the CRSS value 
can be regarded as the bulk one when the specimen size reaches the range of 20~30 μm [61]. 
Assuming the same holds true for the CRSS values for (111)[1  01] slip in Cr23C6, we can 
estimate the bulk CRSS values at room temperature to be 0.79 ± 0.15 GPa based on the 95% 
confidence band of the power-law fitting and the specimen size L of 20~30 μm. 
 
4. Discussion 
4.1. Operative slip system  
 The slip system identified to operate is (111)[101] in a wide range of crystal orientations. 
This slip system is the primary and probably the only operative slip system at room temperature. 
The selection of this slip system is reasonable, because the crystal structure of Cr23C6 is based 
on the face-centered cubic lattice. The Burgers vector of 1/2<110> is naturally selected because 
it is the shortest translation vector of the face-centered cubic lattice. However, the selection of 
the slip plane of {111} in Cr23C6 is not as straightforward, as in the case of the FCC structure. 
In the FCC structure, which is a close-packed structure, {111} is a densely packed plane with 
the largest lattice plane spacing in the structure. In the complex crystal structure of Cr23C6, by 
contrast, there are many different parallel {111} planes (with different interplanar spacings), on 
which slip along <110> can occur. So, it may be useful and instructive to consider the atomic 
arrangements in {111} planes and their stacking to deepen our understanding as to which {111} 
is selected as the slip plane in Cr23C6. 
 The stacking of the ABC-type for {111} planes, as usually described for the FCC 
structure, is possible also for the lattice points of the face-centered cubic lattice of Cr23C6. A 
basis attached to each of the four FCC lattice points, however, consists of 29 atoms (23 Cr and 
6 carbon atoms), unlike a single atom attached to each lattice point in the FCC structure (Fig. 
8(a)). Then, we can examine the atomic arrangements on many different parallel (111) planes 
(Figs. 8(b) and (c)). One finds out that the stacking for (111) planes can also be described as 
ABC-type by defining the structure-building block layers A, B and C, having the identical 
atomic arrangement but different stacking positions, as in the FCC structure. The block layer A, 
for example, is made up with sublayers α’, a and α. The sublayer a consists of Cr atoms (Cr(IV) 
at the position 48h) forming a hexagonal net with one-third of the hexagonal holes occupied by 
a Cr atom (Cr(I) at the position 4a) in a regular manner (Fig. 8 (c)). The sublayers α and α’, 
which are related with each other by 180°-rotation about the 2-fold symmetry axis parallel to 
[110] (the projection direction of Fig. 8(a)) passing through the lattice point, are further sub-
divided into a few different atomic layers (Figs. 8(b) and (c)). This relation holds true also for 
the sublayers β and β’, and for the sublayers γ and γ’. The atomic layer 1 (of the sublayer α, for 
example) consists of Cr atoms (Cr(III) at the position 32f) forming a hexagonal net and it stacks 
on top of the sublayer a to fit into one of the two hexagonal hole positions of the sublayer a. 
The atomic layer 2 consists of C atoms arranged in a Kagome net and Cr atoms (Cr(II) at the 
position 8c) allocated to all the hexagonal holes of the Kagome net. On stacking on top of the 
atomic layer 1, the Cr atom in the atomic layer 2 is allocated to fit into the hexagonal hole of 
Cr atoms in the atomic layer 1, while a set of three C atoms is allocated to coordinate with a Cr 
atom in the atomic layer 1. The atomic layer 3 consists of Cr atoms (Cr(IV) at the position 48h) 
arranged in a hexagonal net with a set of three coordinated Cr atoms so that the center of these 
three coordinated Cr atoms fits into the triangular hole of C atoms in a Kagome net of the atomic 
layer 2. The atomic layer 4 consists of Cr (Cr(III) at the position 32f) in a Kagome net, the 
hexagonal holes of which are allocated on top of the sets of three coordinated Cr atoms in the 
atomic layer 3. Thus, the sublayer α consists of the above four atomic layers (1~4). However, 
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we believe the possibility of slip occurring within the sublayer is low because the interplanar 
distance between any two of these four atomic layers is too small Fig. 8(b)). The atomic 
arrangement in each of other sublayers can be obtained through displacing the origin of the 
figures of Fig. 8(c) by 1/6[11 2 ] (for b, β and β’) and further by 1/6[11 2 ] (for c, γ and γ’) as in 
the FCC structure (Fig. 8(c)). Then, the stacking of (111) of the ABC-type can be described 
(from the bottom of Fig. 8(a)) as, 
 



B CA
' ' 'a b cα α β β γ γ , 

where α’, a, α are sublayers of the structure-building block layer A, while β’, b, β are those of 
the layer B and γ’, c, γ are those of the layer C. 
 Then, we can consider two possible (111) slip planes. They are inter-block layer slip and 
inter-sublayer slip. The inter-block layer slip occurs between block layers A, B and C (or 
between α and β’, β and γ’, and γ and α’ sublayers), while the inter-sublayer slip occurs between 
sublayers within each of the block layers A, B and C (such as between a and α, b and β, and c 
and γ sublayers). We calculate GSFEs on the two different (111) slip planes to get insight into 
the relative ease of their occurrence, as shown Fig. 9. The GSFE maps of Figs. 9(a) and (b) 
correspond to those for the inter-block layer slip (between α and β’, β and γ’, and γ and α’) and 
inter-sublayer slip (between a and α, b and β, and c and γ), respectively.  
 For the inter-block layer slip, we can think of two different dissociation schemes of the 
dislocation with b=1/2[ 1  01]; the collinear-type described with (1) and the Shockley-type 
described with (2). However, since the crystal structure of Cr23C6 is complicated in comparison 
to the close-packed FCC structure, we can additionally consider another Shockley-type 
dissociation, in which the leading and trailing Shockley partial dislocations in (2) are reversed. 
This is described as, 
 1/2[101] → 1/6[1 12] + 1/6[ 2 11].   (3) 
With the movement of the leading Shockley partial dislocation in (3), atoms in the C stacking 
position are displaced to the B position (instead of the A position) so that BB stacking is formed 
across the slip plane (Figs. 5(f)) if slip is assumed to occur above the C atomic layer on top of 
the B atomic layer in the ABC-type stacking of the FCC structure. The energy landscape along 
the displacement of possible partial dislocations with the three different dissociation schemes 
((1)~(3)) are displayed in Figs. 10(a) and (b) for the inter-block layer slip and inter-sublayer 
slip respectively. While the maximum gradient of GSFE-displacement curves and unstable 
stacking fault energy do not differ so much from each other for all the three dissociation 
schemes, the energy of stacking fault is by far smaller for the collinear dissociation of (1) than 
for the two different Shockley-types (2) and (3) (Fig. 10(a)). The stacking fault energy formed 
by the leading collinear partial dislocation with b=1/4[101] is calculated to be 1247 mJ/m2, 
which is somewhat higher than the experimentally determined value of ~840 mJ/m2 (Fig. 4(b)). 
The stacking fault energies formed by dissociation of the Shockley-types (2) and (3), 
respectively, are as high as 3264 and 2772 mJ/m2, indicating that dissociation of the Shockley-
types (2) and (3) does not actually occur for the dislocation with b=1/2[101]. Thus, slip in 
Cr23C6 is considered to occur as the inter-block layer slip by the motion of 1/2[101] dislocations 
dissociated into two collinear partial dislocations according to (1). 
 For the inter-sublayer slip, by contrast, collinear dissociation of the 1/2[101] dislocation 
is not expected as the stacking fault energy is as high as 2400 mJ/m2. Instead, the stacking fault 
energy is calculated to be rather low (952 mJ/m2) when dissociation of the Shockley-type of (2) 
occurs (Fig. 9(b) and Fig. 10 (b)). Souissi et. al. [64] recently found out the formation of low-
energy stacking fault of the same type by DFT calculations as well as by atomic-resolution 
HAADF-STEM imaging. Xia et al. [43], who recently made GSFE calculations on (111) of 



9 
 

Cr23C6, concluded that slip should occur by the motion of 1/2<101> dislocations dissociated 
according to (2) of the Shockley-type in Cr23C6 through comparing the maximum gradients of 
GSFE-displacement curves and stable and unstable stacking fault energies. To note here is that 
Xia et al. [43] made GSFE calculations on (111) only for the inter-sublayer slip. According to 
our calculation, however, there is no significant difference in the maximum gradient of GSFE-
displacement curves for the three different dissociation schemes (1)~(3) and the unstable 
stacking fault energy is the highest for the Shockley-type dissociation of (2) (Fig. 10 (b)). Indeed, 
we also did not experimentally observe such characteristics of the inter-sublayer slip as 
dissociation of the Shockley-type (Figs. 4(b) and 6).  
 The reason, why slip occurs as the inter-block layer slip by the motion of 1/2[101] 
dislocations dissociated into two collinear partial dislocations according to (1) can, thus, be 
found in the existence of low-energy stacking fault that ensures the shortest partial dislocation 
Burgers vector (b=1/4[101] versus b=1/6[ 2 11]). Hence, the Peierls stress is lowest for this 
type of motion.   
 
4.2. Possible atomic structures for stacking faults and twins  
4.2.1. Regulations for the stacking of sublayers 
 Stacking faults on {111} and twins were observed in the past studies in well-annealed 
Cr23C6 doped with Fe, W, Mo and Mn [37], in deformed Ni-based superalloys [42] and in 
deformed high-Mn austenitic steel [12]. It may be useful to deduce some possible atomic 
structures of stacking faults on {111} and twins to understand how they can be formed, based 
on the above-discussed possible stackings of atomic layers (block layers and sublayers). We 
first define some rules for the stacking of sublayers. We use the Greek sublayer (α, β and γ), 
Greek sublayer with a prime symbol (α’, β’ and γ’) and roman sublayer (a, b and c) with G, G’ 
and R, respectively.  

(a) On top of G (α, for example), any Gs (α, β and γ) and G’ with the same Greek letter 
with the G (α’) cannot stack, but other G’s (β’ and γ’) can do so.  

(b) Below and above R (a, for example), only G and G’ with the same Greek letters with 
the R (α and α’) are allowed to stack, and those with Greek letters different from the R 
(β, β’, γ and γ’) are not allowed to stack.  

Rule (a), on the one hand, expresses how the stacking of block layers A, B and C are actually 
made. This is related to the process of the partial dislocation displacement during the inter-
block layer slip. Rule (b), on the other hand, is related to the process of the partial dislocation 
displacement during the inter-sublayer slip, as the regulation states how the stacking of 
sublayers is made in each of the bock layers in the crystal structure of Cr23C6. 
 
4.2.2. Stacking faults 
 The inter-block layer stacking fault that occurs, for example, between the layers B and 
C, can be described as,  
 






' ' / ' ' '
A B B C/ A
a b a b cα α β β α α β β γ γ  (with the displacement vector of 1/6[ 2 11]) (4a) 

or 
 


 



' ' / ' ' '
A B B C/ A
a b b c aα α β β β β γ γ α α  (with the displacement vector of 1/6[1 12]) (4b) 

where / denotes the stacking fault (Figs. 5(e) and (f)). However, as the corresponding stacking 
fault energies are calculated to be very high (Fig. 9(a)), the stacking fault of the inter-block 
layer-type is considered very difficult to form both as shear fault and as growth fault.  
 The inter-sublayer stacking fault that occurs, for example, between the sublayers b and 
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β in the layer B, can be described as,  
 

 


' ' / ' '
BA ABF

a b a bα α β γ α α β β


 (with the displacement vector of 1/6[ 2 11]) (5a) 

or 
 





' ' / ' '
BA CBF

a b b cα α β αβ β γ γ


 (with the displacement vector of 1/6[1 12]) (5b) 

where the superscript F indicates a block layer with a stacking fault (Figs. 5(h) and (i)). Since 
the corresponding stacking fault energies are relatively low, especially for the stacking fault 
described with (5a) (Fig. 9(b)), the stacking fault may be formed as a growth fault. Indeed, 
Souissi et. al. [64] recently confirmed the existence of the stacking fault of type (5a) by atomic-
resolution HAADF-STEM imaging. 
 The present study has clarified that the inter-block layers slip occurs by the motion of 
1/2<101> dislocations dissociated into two identical collinear partial dislocations (b=1/4<1
01>). If the inter-block layer stacking fault is formed with the displacement vector 1/4<101>, 
the stacking conversion among A, B and C does not occur. If the resultant stacking is expressed 
with the asterisk symbol (*) with the same letters, the inter-layer stacking fault formed with this 
displacement vector, for example, between the layers B and C, is described as (Fig. 5(d)),  
 




' ' / '* * * '* * *
A / C*B A*
a b c aα α β β γ γ α α




  (6) 

The stacking fault of this type is considered to form both as shear fault (as observed in the 
present study (Figs. 4 and 5)) and as growth fault, as the corresponding stacking fault energy 
and the Peierls stress for the dislocation motion are both not so high. 
 
4.2.3. Other {111} planar faults 
 If the Shockley partial displacement of b=1/6<11 2  > occurs synchronously on 
successive (111) planes, for example, between γ’ and c and between c and γ within a block layer 
C, we can think of synchroshear for slip on (111) in Cr23C6, as observed in Laves-phase 
intermetallic compounds [65-67]. A stacking fault different from those described above is 
formed after the passage of the leading synchro-partial dislocation. When slip along [101] is 
considered, eight different combinations of partial Burgers vectors b1~b3 can be considered, see 
Fig. 11. For all cases of Fig. 11, the Burgers vectors of two-coupled partials dislocations are -
b1 and b3, similarly to those in the synchroshear in Laves phase compounds [65-67]. Two 
different types of double-layer stacking faults can be formed as described below, 
 


 



' ' '/ / ' ' '
B B CA ACF

a b b b c aα α β β γ αβ β γ γ α α


 (for Figs. 11(a) - (d)) (7a) 

and  
 


 




' ' '/ / ' ' '
B C BA ACF

a b a c a bα α β β γ β γ γ α α β β


 (for Figs. 11(e) - (h)) (7b) 

However, this complicated deformation mechanism may not occur in Cr23C6, since the Peierls 
stress for the motion of the Shockley partial dislocations with b=1/6<11 2  > as well as the 
corresponding stacking fault energies are considered both (too) high.  
 Since Cr23C6 is believed to be a line compound formed via a peritectic reaction, we do 
not have to think of any stacking faults that cause changes in alloy chemistry. We have noticed 
that one way to achieve this is to remove the central pure Cr sublayers (a, b and c) maintaining 
the stacking of the upper and lower sublayers with the Greek letters. If this occurs for the b 
sublayer in the B layer, the stacking sequence will be described as follows. 
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



' '/ ' '
BA C AF

a c aα α β β γ γ α α   (8) 

This breaks the rule (a). As a result, the chemistry of the block layer B changes from Cr23C6 to 
Cr18C6. Although we have not observed any extended stacking faults in our specimens yet, 
atomic-resolution STEM imaging of extended stacking faults, if successfully found, will be the 
subject of our future study to identify the actual atomic arrangement of stacking fault in Cr23C6. 
 
4.2.4. Twins 
 If the stacking fault of the type described in (4a) is introduced every inter-block layer 
(for example, from the layer between the block layers C and A), the stacking sequence of the 
block layers can be transformed into those of twin as in the case of FCC structure, as described 
by 
 

 



' ' ' / ' / '
A B C B/ / A
a b c b aα α β β γ γ β β α α  (9) 

However, a “true” twin cannot be formed simply by the passage of Shockley partial dislocations 
on successive inter-block layer slip planes. This is because the Greek sublayers (α, β and γ) and 
Greek sublayers with a prime symbol (α’, β’ and γ’) in each block layer are not correlated with 
mirror symmetry with respect to neither the slip plane nor to the plane perpendicular to the 
shear direction of the Shockley partial dislocation (Fig. 12). Thus, very complicated additional 
atomic shuffling to recover the crystal structure within the region sheared by the successive 
passage of Shockley partial dislocations would become necessary. Thus, the deformation 
twinning is considered to be very difficult to occur at low temperatures including room 
temperature. 
 We have found that a twin cannot be formed by introducing the 1/6<11 2 > Shockley 
partial dislocation on successive inter-sublayer slip planes (5(a) and 5(b)) as well as by 
introducing the 1/6<11 2 > synchro- partial dislocation on successive inter-sublayer slip planes 
(7(a) and 7(b)). A twin cannot be formed also by introducing 1/4<101> partial dislocations on 
successive inter-block layers ((6)). We thus believe that twins are very difficult to form by both, 
shear and growth, although micro-twins are reported to form within M23C6 type carbides in Ni-
based superalloys [42] and in high-Mn austenitic steel [12]. If true twins are indeed introduced 
by high-temperature deformation, diffusion at this high temperature may possibly promote the 
complicated atomic shuffling occurring after or simultaneously with the successive passage of 
Shockley partial dislocations. Alternatively, the deformation mechanism (dislocation 
dissociation scheme) at high temperature may differ from that at room temperature deduced in 
the present study.  
 
5. Conclusions 

The micropillar compression behavior of single crystals of Cr23C6 with the complex D84 
crystal structure, derived from a face-centered cubic superlattice has been investigated as a 
function of crystal orientation and pillar size at room temperature. The results obtained in the 
present work can be summarized as follows: 
(1) The {111}<101> slip system is identified to be the only operative slip system. 1/2<101> 
dislocations glide on {111} planes, which promote the alignment of dislocation segments along 
screw orientation This implies the presence of a high Peierls stress to be overcome. The 1/2<1
01> dislocations dissociate into two fault-coupled partial dislocations with identical collinear 
Burgers vectors of type b=1/4<11̄0>. The energy of the stacking fault bounded by two coupled 
partial dislocations is evaluated from their separation distances to be about 840 mJ/m2, which 
is reasonably close to the results of first-principle calculations of generalized stacking fault 
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energies (GSFE) in this study.  
(2) The critical resolved shear stress (CRSS) for {111}<101> slip increases with the decrease 
in specimen size, following the inverse power law relationship with a relatively low exponent 
of ~ -0.19, which is much smaller than the value of ~ -0.5 often reported for conventional metals 
and alloys with FCC and BCC structures and comparable to those for the other hard and brittle 
materials. The bulk CRSS value at room temperature evaluated by extrapolating the inverse 
power law relationship to the specimen size of 20~30 µm is 0.79 ± 0.15 GPa.  
(3) The exact position of the slip plane among many different parallel {111} atomic planes and 
possible dislocation dissociations on the relevant slip plane are discussed based on the 
calculated GSFE curves. The selection of the inter-block layer slip for {111}<1 01> slip is 
highly probable based on the results obtained by atomic resolution HAADF-STEM imaging 
and GSFE calculations. Then, plausible atomic structures for stacking faults on (111) and 
coherent twin boundaries are discussed based on the expected dislocation motion on the 
deduced slip plane. 
(4) Further work is recommended to study (i) the effect of temperature and (ii) chemical 
composition on the resistance against plastic deformation.  
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Figure captions 
 
Fig. 1. Crystal structure of Cr23C6. (a) atomic arrangement in the unit cell (b) packing of cubo-

octahedra, 8-fold square anti-prisms and cubes. 
Fig. 2. Typical stress-strain curves obtained by micropillar compression tests for Cr23C6 single 

crystals with (a) [ 2 67], (b) [589] and (c) [1  2 14] orientations. Arrows indicate the 
yield points deduced as the elastic limit. 

Fig. 3. SEM secondary electron images of deformed micropillar specimens taken diagonally 
from the above (inclined by 30° from the loading axis) for (a) [ 2 67], (b) [589] and (c) 
[1  2 14] orientations. 

Fig. 4. (a) Bright-field STEM image of dislocation structure observed in a thin foil cut parallel 
to the (111) slip plane from a [ 2 67]-oriented micropillar specimen deformed to 3~4% 
plastic strain. (b) and (c) are weak-beam dark-field TEM images of the same area for 
dislocations with b=1/2[101] taken with (b) g= 4 04 and (c) g=2 4 2, respectively. 

Fig. 5. (a) HAADF-STEM image of the core structure for a 60°-dislocation with b=1/2[101] 
introduced in a [ 2 67]-oriented micropillar specimen deformed to 3~4 % plastic strain. 
(b) rotated and vertically compressed image of (a) containing the stacking fault 
between the two partial dislocations with b=1/4[101]. Schematic illustrations of (c) 
stacking positions and possible dissociation schemes and (d-i) possible atomic 
structure of between the two partial dislocations.  

Fig. 6. (a) Bright-field TEM image of screw dislocations in a TEM foil cut perpendicular to 
the screw orientation [101] from a [ 2 67]-oriented micropillar specimen deformed to 
3~4 % plastic strain. (b) Atomic resolution HAADF-STEM image of a screw 
dislocation in marked area in (a). 

Fig. 7. CRSS values for (111)[101] slip plotted as a function of specimen size. The CRSS 
values are collected from micropillar single crystals with the three different loading 
orientations of [ 2 67] (red circles), [589] (blue diamonds) and [1  2 14] (green squares). 
Light blue band corresponds to the 95% confidence band of the power-law fitting 

Fig. 8.  (a) The [110] projection of crystal structure of Cr23C6 with the ABC-type stacking of 
the (111) plane. The outline of the unit cell and a basis attached to a lattice point are 
indicated with thick black rectangle and blue dotted circle, respectively. (b) 
Enlargement of the block layer A in (a) with subdivision of a several different parallel 
(111) planes. (c) Atomic arrangement of each of (111) planes defined in (b).   

Fig. 9. Generalized stacking fault energy map calculated on (111) for (a) inter-block layer slip 
and (b) inter-sublayer slip. (c) Schematic illustration of the exact locations of the (111) 
slip plane for inter-block layer slip ((111)a) and inter-sublayer slip ((111)b). 

Fig. 10. The calculated GSFE-displacement curves along the possible slip directions for (a) 
inter-block layer slip and (b) inter-sublayer slip. 

Fig. 11. Possible double-layer stacking faults introduced by synchroshear with eight different 
combinations of partial Burgers vectors for (a)-(d) inter-block layer slip and (e)-(h) 
inter-sublayer slip.  

Fig. 12. Atomic structure change after the passage of three Shockley partial dislocations on 
three successive inter-block layer slip planes. 
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Table 1. The highest Schmid factor values for some possible slip systems in Cr23C6 single 
crystals with three different loading-axis orientations tested in this study. 
 Highest Schmid factor 
Loading axis {111}<101> {101}<101> {010}<101> 
[ 2 67] 0.454 0.253 0.445 
[589] 0.403 0.165 0.487 
[1  2 14] 0.457 0.485 0.148 
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Fig. 1. Crystal structure of Cr23C6. (a) atomic arrangement in the unit cell (b) packing of cubo-

octahedra, 8-fold square anti-prisms and cubes. 
 

 
Fig. 2. Typical stress-strain curves obtained by micropillar compression tests for Cr23C6 single 

crystals with (a) [ 2 67], (b) [589] and (c) [1  2 14] orientations. Arrows indicate the 
yield points deduced as the elastic limit. 
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Fig. 3. SEM secondary electron images of deformed micropillar specimens taken diagonally 

from the above (inclined by 30° from the loading axis) for (a) [ 2 67], (b) [589] and (c) 
[1  2 14] orientations. 

 

 
Fig. 4. (a) Bright-field STEM image of dislocation structure observed in a thin foil cut parallel 

to the (111) slip plane from a [ 2 67]-oriented micropillar specimen deformed to 3~4% 
plastic strain. (b) and (c) are weak-beam dark-field TEM images of the same area for 
dislocations with b=1/2[101] taken with (b) g= 4 04 and (c) g=2 4 2, respectively. 
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Fig. 5. (a) HAADF-STEM image of the core structure for a 60°-dislocation with b=1/2[101] 

introduced in a [ 2 67]-oriented micropillar specimen deformed to 3~4 % plastic strain. 
(b) rotated and vertically compressed image of (a) containing the stacking fault 
between the two partial dislocations with b=1/4[101]. Schematic illustrations of (c) 
stacking positions and possible dissociation schemes and (d-i) possible atomic 
structure of between the two partial dislocations.  
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Fig. 6. (a) Bright-field TEM image of screw dislocations in a TEM foil cut perpendicular to 
the screw orientation [101] from a [ 2 67]-oriented micropillar specimen deformed to 
3~4 % plastic strain. (b) Atomic resolution HAADF-STEM image of a screw 
dislocation in marked area in (a). 

 

 

Fig. 7. CRSS values for (111)[101] slip plotted as a function of specimen size. The CRSS 
values are collected from micropillar single crystals with the three different loading 
orientations of [ 2 67] (red circles), [ 589] (blue diamonds) and [1  2 14] (green squares). 
Light blue band corresponds to the 95% confidence band of the power-law fitting. 
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Fig. 8.  (a) The [110] projection of crystal structure of Cr23C6 with the ABC-type stacking of 

the (111) plane. The outline of the unit cell and a basis attached to a lattice point are 
indicated with thick black rectangle and blue dotted circle, respectively. (b) 
Enlargement of the block layer A in (a) with subdivision of a several different parallel 
(111) planes. (c) Atomic arrangement of each of (111) planes defined in (b).   
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Fig. 9. Generalized stacking fault energy map calculated on (111) for (a) inter-block layer slip 
and (b) inter-sublayer slip. (c) Schematic illustration of the exact locations of the (111) 
slip plane for inter-block layer slip ((111)a) and inter-sublayer slip ((111)b). 
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Fig. 10. The calculated GSFE-displacement curves along the possible slip directions for (a) 

inter-block layer slip and (b) inter-sublayer slip. 
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Fig. 11. Possible double-layer stacking faults introduced by synchroshear with eight different 

combinations of partial Burgers vectors for (a)-(d) inter-block layer slip and (e)-(h) 
inter-sublayer slip.  

 
 

 
Fig. 12. Atomic structure change after the passage of three Shockley partial dislocations on 

three successive inter-block layer slip planes. 
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Fig. S1. SEM secondary electron images of side surfaces of deformed micropillar specimens 

taken diagonally from the above (inclined by 30° from the loading axis) for (a,b) 

[ 2 67], (c,d) [589] and (e,f) [1  2 14] orientations.  

 


