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A B S T R A C T

Intermetallics with crystals derived from body-centered cubic structures are promising materials to enhance
the performance and high temperature capability of high-strength alloys both as matrix materials and as
strengthening precipitates. Given the ordered nature of these materials, the defect structures that ultimately
mediate plasticity can be complex and strongly dependent on processing vis-à-vis the extent of disorder
inherited from high temperature phases. Here, we elucidate the elementary characteristics of the defect
structures in the Heusler (L21) intermetallic MnCu2Al as investigated by the orientation-dependent strength
and compressive plasticity measured from in situ micro-compression experiments and post-mortem transmission
electron microscopy. Our experiments reveal single crystal compressive yield strengths as high as 1.2 GPa and a
capacity for stable plastic deformation, accompanied by slip characteristics reminiscent of bcc-derived crystals.
We study the equilibrium dissociation mechanisms and critical stresses of ⟨111⟩{110}-type dislocations in the
Heusler intermetallic using an ab initio informed phase field dislocation dynamics model. The calculations
suggest that the dislocation dissociates into multiple distinct partials, which depend on the character of the
dislocation, and are closely spaced to a degree that intervening faults are undetectable using conventional
transmission electron microscopy. Critical stresses to initiate glide of these defect structures quantitatively
agree with measured yield strengths. Our work details the interplay between the significant degree of elastic
anisotropy, stacking fault energies, and glissile defect structures governing mechanical properties and motivates
an increased awareness of the role that complex defect structures play for alloy design involving bcc-derived
intermetallics.
1. Introduction

Materials employed in load-bearing applications in extreme en-
vironments often contain a significant fraction of intermetallic com-
pounds, whose capacity for dislocation-mediated plasticity is integral
to the overall mechanical performance of the composite material. This
trend is partially due to the design of precipitate-strengthened materials
wherein the precipitate is an intermetallic phase that impedes the
glide of dislocations through a metallic matrix [1–7], as well as to
the rise of multi-principal element alloys and additive manufacturing,
which promote increasingly diverse microstructures that include, in
part, intermetallics [8–13]. Developing a strong understanding of the
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underlying deformation mechanisms at play within intermetallics is
therefore of utmost importance.

While deformation of the L12 and 𝐵2 phases have received consider-
able attention [14–21], large gaps remain in the literature surrounding
the characteristics of the defect structures, dislocation dynamics, and
overall mechanical performance of several families of intermetallics
that can potentially act as precipitate strengtheners. The Heusler in-
termetallic, which is most commonly applied in magnetic applications,
is an interesting example as it is employed as a precipitate strengthener
for high-strength alloys [7,12,13], yet the fundamental mechanisms
governing its deformation and mechanical properties remain poorly
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understood. Specifically, the extent of stable plasticity, strength, and
ductility supported in Heusler intermetallics remains unclear. The dis-
location type and core structures, which significantly influence their
resistance to glide through the crystal, have not yet been adequately
characterized or related to plastic behavior.

Heusler intermetallics crystallize with a stoichiometry of 𝑋𝑌2𝑍
in the L21 crystal structure with the Fm3m space group, and are

ost commonly employed in magnetic applications. They bear the
ame of Friedrich Heusler, the German mining engineer that dis-
overed MnCu2Al, the prototype of this material class [22]. Heusler
ntermetallics are generally well studied because of their multifunc-
ional properties, including, but not limited to, their enhancement
f the thermoelectric properties of half-Heusler species [23,24] and
heir noteworthy magneto-optical or magneto-caloric behavior, which
s often enabled by a martensitic phase transformation [25]. Thus,
nowledge of the mechanical properties of Heusler intermetallics is
imited to those few members that act as magnetic shape memory al-
oys [26–35]. Though these experiments are mechanical in nature, they
robe the martensitic phase transformation exhibited by these particu-
ar compositions, such that all reported strain values are representative
f transformation-induced plasticity, rather than dislocation-mediated
lasticity. There have, however, been several experimental reports of
he slip characteristics of the prototypical Heusler intermetallic, of
omposition MnCu2Al.

Initially MnCu2Al was described as being explosively brittle [36],
ut in 1977, Green et al. [37] were able to deform MnCu2Al single
rystals to more than 20% shear strain, using plane-strain compression
o control the applied stresses. Following deformation, Green et al. used
lip trace analysis to identify the active slip planes, and g⋅b analysis

by conventional transmission electron microscopy (TEM) to identify
the slip direction of dislocations in the deformed specimen. Regardless
of the initial crystalline orientation, Green et al. found that MnCu2Al
eforms plastically on the ⟨111⟩{110} slip family. In 1984, Umakoshi

et al. [38] performed experiments in uniaxial compression to identify
temperature dependence in the activation of slip modes through slip
trace analysis. At comparable temperatures to Green et al., Umakoshi
et al. found that MnCu2Al deformed on {110} slip planes when the max-
imum resolved shear stress plane was {110}, but exhibited {112} slip
in all other orientations [38]. The discrepancy between these results
may be explained through the material processing of the specimen. In
the thermal processing of their single crystalline MnCu2Al specimen,
Umakoshi et al. performed mechanical testing directly after quenching
from high temperatures, which differed from Green et al., who included
an additional tempering step before testing the specimen. Several other
studies have shown that tempering is highly impactful in reducing the
number of ⟨100⟩{010}-type antiphase boundaries (APB) formed while
quenching from high temperatures, which may change the observed
slip characteristics and mechanical properties [39–42]. Because of the
difference in thermal processing, the observations by Umakoshi et al.
and Green et al. may therefore not be comparable to one another,
as they sample the effect of different processing conditions. Although
there is no clear consensus as to the slip modes, all accounts agree that
MnCu2Al deforms plastically with relatively high yield stresses.

Intermetallic materials commonly possess a combination of strain
hardening and high yield stresses that is generally indicative of planar
dislocation cores, which inhibit the glide of dislocations while main-
taining plastic flow [43]. In their discussion, Green et al. predict that
the combination of high strength and ductility observed in MnCu2Al

ay originate from the dissociation of the observed ⟨111⟩ dislocations
nto four partial dislocations, each with the 1

4 ⟨111⟩ Burgers vector,
creating four antiphase boundaries via

[111] = 1
4
[111] + 1

4
[111] + 1

4
[111] + 1

4
[111] (1)

[37]. However, micrographs of antiphase boundaries caused by plastic
eformation in MnCu Al have so far been elusive [36,40].
2

2

In this article, we investigate the deformation mechanisms and
lanar defect structures that are generated through compressive plastic
eformation of micro-pillars of MnCu2Al. Our micro-compression ex-
eriments reveal mechanical anisotropy, compressive yield strengths
s high as 1.2 GPa, as well as stable compressive plasticity. We apply
ost-mortem slip trace analysis and TEM to characterize ⟨111⟩{110} slip
haracteristics that are reminiscent of bcc-derived 𝐵2 intermetallics.
e complement these experimental findings with modeling at multiple

ength scales to gain insight into potential planar defects present within
nCu2Al. An ab initio phase field dislocation dynamics (PFDD) model is

esigned to calculate the equilibrium structure of the dislocation cores
nd the minimum applied stress needed to initiate glide. Experimental
lastic constants [37] and density functional theory (DFT) calculations
f the lattice parameter, and full 𝛾-surface, are the only input into the
alculation.

. Materials and methods

.1. Material preparation

A polycrystalline ingot of MnCu2Al was prepared using a combi-
ation of arc melting and furnace annealing according to previous
nvestigations [39–41]. Elemental Mn (Sigma Aldrich, chips, 99%) was
leaned of its native oxides by annealing in an evacuated silica ampule
or 8 h at 1000 ◦C. Starting materials of cleaned Mn, Cu (Alfa Aesar,
ire, 99.99%), and Al (Alfa Aesar, wire, 99.9995%) were weighed
ith a 1:2:1 stoichiometry, totaling a mass of 3.0 g. An additional
xcess of Mn (10 mg) was added to compensate for volatilization during
elting. The materials were arc melted four times in an Ar atmosphere,

lipping the ingot between melts for homogeneity, with a total mass
oss of 1.3%. The resulting ingot was wrapped in Ta foil, sealed in
n evacuated silica ampule, and homogenized at 850 ◦C for 7 days
o create a large-grained microstructure, then quenched into water. To
nsure structural homogeneity, the ingot was divided and pieces were
ampled from opposing faces of the ingot, ground into a fine powder,
nd sieved through a 140 mesh (106 μm particle size) for a synchrotron
owder X-ray diffraction (XRD) sample. The powder sample was again
ealed within an evacuated fused silica ampule and tempered at 320 ◦C
or 1 h to resolve any pre-existing crystallographic defects [39,44].
icroscopy and mechanical testing were performed on pieces of the

ngot that were tempered under the same conditions.

.2. Characterization

Experimental techniques including XRD, scanning electron
icroscopy (SEM), electron backscatter diffraction (EBSD), and TEM
ere applied to characterize the samples in this investigation. Syn-

hrotron powder XRD data were collected on beam line 11-BM at the
dvanced Photon Source, Argonne National Laboratory (𝜆 = 0.458944
). The resulting patterns were refined using TOPAS Academic V7 [45]
nd plotted using the scientific color map, batlow [46]. Representations
f the Heusler structure were drawn using VESTA 3 [47]. SEM was
erformed using either an Thermo Fisher Scientific (TFS) Apreo C
EM, TFS Apreo S SEM, or an TFS Versa 3D FIB-SEM, operating at
n accelerating voltage of 10 kV and an electron beam current of 0.8
A using secondary and backscatter electron detectors. EBSD maps
ere collected at an accelerating voltage of 30 kV and electron beam

urrent of 32 nA using either an TFS Apreo C SEM or an TFS Versa
D FIB-SEM. Scan areas of size 400 μm × 400 μm were collected with
× 4 binning, a 6 μm step size, and were enhanced by a background

ubtraction. EBSD data are visualized on the fcc IPF triangle using the
TEX 5.8 toolbox [48]. Focused ion beam (FIB) milling was performed

sing an TFS Helios NanoLab 600, operating at a voltage of 30 kV at
arious currents, and finished with a final ion polishing step at 5 kV,
6 pA to minimize FIB-induced damage. Defects were imaged using
n TFS Osiris ChemiStem and TFS Titan3 80-300 S(TEM), operating
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Fig. 1. (a) Schematic of the experimental workflow for orientation-specific nanoindentation. (b) An electron backscatter diffraction (EBSD) map of the region mapped for
nanoindentation, corresponding to step a.ii. (c) A scanning electron microscope (SEM) image of the same region after indenting multiple grains. (d) Schematic of the experimental
workflow used to prepare micro-pillars from a bulk polycrystalline sample. (e) An EBSD map of the wedge edge, corresponding to step d.ii. (f) SEM micrographs of pedestals
machined from single-crystalline regions using a femtosecond laser with an approximate width of 50 μm, corresponding to step d.iii. (g) Micro-compression pillars milled from the
top of each pedestal using a focused ion beam (FIB), within single-crystalline regions. (h) The resulting pillar geometry with a 5 μm × 5 μm cross-sectional area and gauge length
of 10 μm. The total time necessary to complete this workflow totals approximately 85 h.
at 300 kV in bright field scanning transmission electron microscopy
(BF STEM) mode and in TEM mode. Diffraction patterns collected in
TEM mode were indexed using the JEMS diffraction pattern simulation
package [49].

2.3. Mechanical testing

Mechanical test specimens for nanoindentation and micro-
compression pillars were extracted from pieces of the bulk ingot of
MnCu2Al. Specifically, the nanoindentation test specimen was created
from a tempered piece of the arc melted ingot that was mounted to an
aluminum puck using crystal bond, ground using SiC paper, polished
using diamond suspensions down to 1 μm, and vibratory polished
using colloidal silica to a mirror finish (Fig. 1a.i.). While mounted to
the aluminum puck, the polished surface was imaged using SEM and
mapped using EBSD, to characterize the crystallographic orientation
of visible grains (Fig. 1a.ii, b). Nanoindentation experiments were
performed to test the mechanical properties of each grain orientation
using a Nanomechanics iMicro Nanoindenter equipped with a 1000
mN load cell and Berkovich tip diamond indenter (Fig. 1a.iii, c).
All nanoindentation data were collected using a continuous stiffness
method operating at a frequency of 100 Hz, to a total depth of 1000 nm,
and each data point reported in this investigation is representative
3

of at least 10–20 indents per crystallographic orientation, collected
between depths of 400 nm–1000 nm [50]. Data recorded during the
initial 400 nm of each indentation were excluded to account for surface
roughness and possible surface artifacts introduced by polishing.

To create an accessible base for micro-pillar experiments, the pol-
ished specimen was remounted to an angled polishing puck and pol-
ished into a wedge-shaped geometry (Fig. 1d.i). Using EBSD mapping
near the edge of the wedge-shaped specimen, several grains of interest
were identified (Fig. 1d.ii, e), and were femtosecond laser machined
in situ into single-crystalline pedestals using the TriBeam microscope, a
laser-equipped TFS Versa 3D FIB-SEM (Fig. 1d.iii, Fig. 1) [51]. Micro-
compression pillars were produced directly from the single-crystalline
pedestals using the FIB to mill the pillar tops and sides perpendicular
to the wedge surface with a slight taper, before removing all material
from the faces to create pillars with a 1:1:2 aspect ratio to mitigate
the potential impact of buckling (Fig. 1d.iv, g, h). A square pillar
cross-section was employed to aid in the identification of active slip
systems.

Micro-compression experiments were performed in situ in an TFS
Apreo S SEM equipped with a Femto-tools FT-NMT04 Nanomechani-
cal Testing System designed to optimize alignment during small-scale
mechanical testing. Each pillar was loaded in a series of load vs. dis-
placement tests until the point of yield using a displacement-controlled
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method. After testing, the actuator displacement data were found to be
linear with time for each loading step. Due to the additional compliance
of the thin sample substrate and mounting, the measured displacement
values are not only representative of the pillar, but also of the substrate
and mounting setup. To determine displacements within the pillar
alone, the length of the pillar was measured between the pillar’s base
and bottom of the Pt cap at the top of the pillar at stages throughout the
loading sequence. The first SEM image corresponding to each loading
sequence was taken as a reference for the displacement measurements
collected at higher stresses and compared with SEM images up to
the maximum displacement. The displacement vs. time data from the
pillar measurements were fit using a linear regression and used to
correct the raw displacement data. The compliance-corrected load vs.
displacement curves were converted to stress vs. strain curves using the
pillar dimensions.

A pillar with an [11 8 2] compression axis was selected to identify
the active slip systems in MnCu2Al. Slip trace analysis was performed
on the pillar using a coordinate system described in the Supplemental
Information to relate the EBSD orientation data with the slip traces
identified on post-mortem images of the pillar as well as with features in
the TEM images. The Schmid factors (𝑚) for all potential slip systems
for this pillar are presented in the Supplemental Information, along
with the expected angle of incidence of each plane’s slip trace with the
pillar face.

Following SEM imaging, a detailed microstructural investigation
was performed on an electron-transparent lamella micro-machined
from the [11 8 2]-oriented pillar, using STEM imaging and a g⋅b
analysis in the TEM. As the deformed material had high internal strains,
the foil was prepared with three electron-transparent windows, framed
by thicker regions for stabilization.

3. Modeling methods

To understand the structure and behavior of dislocations in this
material, an ab initio informed PFDD method was employed. Originally
developed for hcp, fcc and bcc metals [52–54], we describe how the
PFDD framework is advanced here to treat faults and dislocations in
the L21 crystal structure for the first time. The methods for these two
components are described below.

3.1. Density functional theory calculations

All DFT calculations were performed within the Vienna ab ini-
tio simulation package (VASP) [55] using projector-augmented-wave
(PAW) pseudo potentials [56,57] within the Perdew–Burke–Ernzerhof
(PBE) generalized gradient approximation (GGA) [58] with a plane-
wave energy cut-off of 500 eV. A Monkhorst–Pack scheme was used
to construct the Brillouin zone [59] and spin polarization was also
included. The magnetic moments of Mn, Cu and Al were initialized with
values of 4 μ𝐵 , 0.5 μ𝐵 , and 0.5 μ𝐵 , respectively.

𝛾-surface calculations were performed on supercells generated via
the software package MultiShifter [60]. Specifically, the {110} 𝛾-
surface was sampled by a 15 × 21 grid along the [110] and [001]
directions, respectively, with the total number of calculations then
being further reduced by the mirror symmetries present within the L21
crystal structure. Periodic images of the planar faults were separated by
greater than 16 Å and only structural relaxation normal to the plane of
the fault was allowed. The computed energies are then used to fit a
Fourier series with the form of

𝐸𝛾 (𝛥001, 𝛥110) = 𝛴𝑛𝛴𝑚𝐴𝑛𝑚𝑐𝑜𝑠(
2𝜋𝑛𝛥001
𝑎0

+
2𝜋𝑚𝛥110
√

2𝑎0
) (2)

where 𝑎0 is the lattice parameter of MnCu2Al determined from DFT,
𝛥001 is the shear displacement along the [001] direction and 𝛥110 is
the shear displacement along the [110] direction, both relative to the
unfaulted crystal.
4

Fig. 2. (a) The Heusler intermetallic with the {110} slip plane highlighted. The two
order parameters 𝜙1 and 𝜙2 lie along the two ⟨111⟩ directions within the {110} plane.
(b) A schematic displaying the crystallography of the {110} plane. The two order
parameters, which make an angle 𝛼 with one another, are linearly independent and
can therefore be used to describe any arbitrary displacement within the slip plane.
This is used to parameterize the 𝛾-surface in terms of the order parameters. (c) The
simulation cell setup used for all phase field calculations reported within this study.
The dislocation line is always oriented along the 𝑦-direction and the full Burgers vector
is always �⃗� = ⟨111⟩. In general, the Burgers vector can form an arbitrary angle 𝜃 with
respect to the dislocation line. When 𝜃 = 0◦, a screw dislocation dipole is modeled,
when 𝜃 = 90◦ an edge dislocation dipole is modeled.

3.2. Phase field dislocation dynamics simulations

In this section, we develop the PFDD formulation for the L21 Heusler
system, building upon the theory that has been developed previously
for the dynamics of dislocations across other crystal structures [53,54,
61–63].

Based on phase field theory, PFDD relies on order parameters, 𝜙𝑖,
that parameterize the extent of slip by dislocation(s) belonging to a
specific slip system. The total energy of the system being studied, 𝜓 , is
then partitioned into three terms (i) the elastic energy, 𝜓𝑒𝑙𝑎𝑠 generated
via the creation of a dislocation, (ii) the lattice energy, 𝜓𝑙𝑎𝑡𝑡, which
accounts for the nonlinear energy penalties associated with the large
atomic displacements that will occur within the core of a dislocation,
and (iii) the external energy, 𝜓𝑒𝑥𝑡, which accounts for the work done
via dislocation motion under an applied stress. Conventionally, the total
energy density, 𝜓 is then written as:

𝜓 = 𝜓𝑒𝑙𝑎𝑠 + 𝜓𝑙𝑎𝑡𝑡 − 𝜓𝑒𝑥𝑡 (3)

where the gradient term, which is known to capture the second-order
effects of the core structure of fcc metals [52,63,64], has been omitted.
A benefit of the phase field formalism is that it can be used to parame-
terize each of these energy terms into functions of the order parameter.
Specifically,

𝜓𝑒𝑙𝑎𝑠 =
1 [𝝐(𝒓) − 𝝐𝑝(𝒓)] ⋅ �̄� ⋅ [𝝐(𝒓) − 𝝐𝑝(𝒓)]𝑑3𝑟 (4)
∫ 2
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where 𝝐(𝒓) is the total strain within the system at point 𝒓 and 𝝐𝒑(𝒓)
is the plastic strain within the system at point 𝒓 and �̄� is the elastic
stiffness tensor. The plastic strain can be expressed in terms of the order
parameters:

𝝐𝑝(𝒓) = 1
2
𝛴𝑖
𝑏𝑖𝜙𝑖(𝒓)
𝑑𝑖

(𝒔𝑖 ⊗ 𝒏𝑖 + 𝒏𝑖 ⊗ 𝒔𝑖) (5)

where 𝒔𝑖 is the slip direction, 𝒏𝑖 is the slip plane unit normal, 𝑏𝑖 is
the total Burgers vector associated with order parameter 𝜙𝑖, and 𝑑𝑖
is the interplanar spacing between two adjacent slip planes of order
parameter 𝜙𝑖 within a given material system. ⊗ represents the dyadic
product between two vectors. Additionally, the external energy, 𝜓𝑒𝑥𝑡,
is, in general, calculated as the following:

𝜓𝑒𝑥𝑡 = ∫ 𝝈𝑎𝑝𝑝 ⋅ 𝝐𝑝(𝒓)𝑑3𝑟 (6)

In the case of the Heusler system, we focus on ⟨111⟩{110}-type
dislocations. Therefore, within this contribution, 𝒏𝑖 is a {110} unit
normal and slip is confined to the slip plane. As described above, and
shown in Fig. 2b, there are two ⟨111⟩ slip directions within a {110}
plane that make an angle of cos(𝛼) = 1

3 with one another. 𝑖 therefore
ranges over the values 𝑖 = 1 and 𝑖 = 2. For a more detailed discussion
on how the phase field model calculates the elastic energy based on
anisotropic elasticity and the above expression for the plastic strain,
please refer to [61].

Finally, the lattice energy is a material specific function that, for
the Heusler intermetallic, has been formulated based on the 𝛾-surface
computed via DFT. Specifically, Eq. (2) is used to develop an expression
for the 𝛾-surface of the Heusler intermetallic:

𝛾𝑔𝑠𝑓𝑒(𝜙1, 𝜙2) =
1

2
√

2𝑎20
[𝐸𝛾 (𝜙1, 𝜙2) − 𝐸𝛾 (0, 0)] (7)

where the variables 𝛥001, and 𝛥110 within Eq. (2) can be expressed in
terms of the order parameters 𝜙1 and 𝜙2. Upon inspection of Fig. 2(b):

𝛥001 = 𝑎0(𝜙1 − 𝜙2) (8)

𝛥110 =
√

2𝑎0(𝜙1 + 𝜙2) (9)

The expression for the lattice energy of the MnCu2Al Heusler inter-
metallic, 𝜓𝑙𝑎𝑡𝑡, then becomes:

𝜓𝑙𝑎𝑡𝑡 = ∫
𝛾𝑔𝑠𝑓𝑒(𝜙1(𝒓), 𝜙2(𝒓))

𝑑
𝑑3𝑟 (10)

The total energy of the simulation cell is therefore a functional of the
order parameters 𝜙1 and 𝜙2, and the system evolves by minimizing the
total energy based on the time-dependent Ginzburg–Landau equation:
𝜕𝜙𝑖(𝒓)
𝜕𝑡

= −𝑚0
𝛿𝜓
𝛿𝜙𝑖(𝒓)

(11)

𝑚0 is the relaxation coefficient and the time step is chosen to be smaller
than the relaxation time, which is given by 1/𝜓 ’’𝑚0, where 𝜓 ’’ is the
curvature in the free energy density. We find numerically that a time
increment of 0.2/μ – where μ is the effective isotropic elastic modulus
– is sufficiently small to capture the relaxation processes and motion of
interest here.

Simulations based on the theory described above are then carried
out within a simulation cell that is discretized using a 3-dimensional
grid containing 1024, 128, and 1024 grid points along the 𝑥, 𝑦, and 𝑧
directions, respectively. Periodic boundary conditions are applied on all
three directions. Initially, as shown in Fig. 2c, an undissociated perfect
dislocation dipole, under zero applied stress, is inserted by assigning
𝜙1 = 1, and 𝜙2 = 0 to selected grid points. The left dislocation is located
at 𝐿𝑥∕4 from the left periodic boundary, and the right dislocation is
located 𝐿𝑥∕4 from the right periodic boundary of the simulation cell.
The attraction between these two dislocations is cancelled out by the
5

Fig. 3. Rietveld refinement of the MnCu2Al synchrotron powder X-ray diffraction
pattern demonstrates a well-ordered, single-phase Heusler (L21) microstructure with
few crystallographic defects. MnCu2Al in the L21 crystal structure (inset) indicates its
relationship with the high-temperature 𝐵2 phase (dashed cell), upon disordering the
Mn and Al atoms on their sublattices.

attraction between one of the dislocations and its neighboring dislo-
cation within the adjacent periodic image, therefore ensuring that the
dislocation dipole is in equilibrium. For edge and screw dislocations,
respectively, in the Heusler system, the crystallographic orientations
are 𝑥[1̄11̄] − 𝑦[2̄1̄1] − 𝑧[011] and 𝑥[211̄] − 𝑦[1̄11̄] − 𝑧[011]. These initially
undissociated dislocations then become extended by evolving the sys-
tem via Eq. (11) until the Euclidean norm of the difference in global
vector of each order parameter between successive iterations is smaller
than 10−4. The grid spacing along the 𝑥, 𝑦, and 𝑧 directions is set to
𝑏∕4 where 𝑏 =

√

3𝑎0.
After studying the zero applied stress equilibrium configurations of

both the edge and screw type ⟨111⟩{110} dislocation dipoles, a pure
shear stress is applied along the slip direction of the dislocation dipole
and the response of the dipole is studied. Upon application of a critical
shear stress, 𝜎𝑝, the dipole begins to glide within the slip plane and the
simulation is terminated when periodic images of the dipole annihilate
with one another. This critical shear stress is then identified as the
Peierls stress for each dislocation type. A more detailed discussion
on the process employed to identify the Peierls stress is presented
within [65].

4. Results

4.1. Determination of bulk phase ordering via X-ray diffraction

Given how the processing conditions influence phase ordering in
MnCu2Al, which could ultimately influence mechanical properties, we
first assess the phases and crystalline quality of the measured samples.
The phase purity of the tempered sample prepared in this investigation
can be inferred from the synchrotron powder XRD data in Fig. 3. The
Rietveld fit of the data to the L21 crystal structure accounts for each
peak observed in the experimental data [66], and the lattice parameter
associated with this fit (𝑎 = 5.9533 Å) is in good agreement with
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Fig. 4. (a) Electron backscatter diffraction map overlaid with scanning electron microscope image of nanoindentation arrays with the inverse pole figure (IPF) triangle to the right.
(b) load vs. depth curves corresponding to indentation for selected orientations, colored using the IPF colors. (c–d) Modulus vs. depth and hardness vs. depth curves, indicating
the spread in modulus and hardness with orientation from the approximate [100] minimum to approximate [111] maximum. Data recorded during the initial 400 nm of each
indentation are excluded to eliminate the effects of surface roughness and artifacts formed during mechanical polishing to the intrinsic material properties. From all measured
orientations, the average hardness was found to be 3.06 ± 0.35 GPa and the average modulus was 121.3 ± 7.6 GPa. (For interpretation of the references to color in this figure
legend, the reader is referred to the web version of this article.)
previous reports of 𝑎 = 5.934 Å [67] and 𝑎 = 5.9615 Å [68], suggesting
a single phase microstructure that has fully ordered in the L21 structure.
Using the refinement to deconvolute the peak broadening effects of
lattice strains from those of crystallite size, the lattice strains in the
powder sample were found to decrease four-fold from 𝜖 = 0.0075
to 𝜖 = 0.0019 following the tempering step. This observation can be
attributed to a reduction in ⟨100⟩{010}-type APBs [69] due to their
annihilation during the tempering step [39–41], which mitigates the
potential effects of pre-existing defects on the measured mechanical
properties of samples.

4.2. Elucidation of strength and compressive plasticity in MnCu2Al using
micro-mechanical testing

We next focus our attention to measurements of single crystalline
mechanical behavior measured using small-scale testing. Nanoinden-
tation experiments using a continuous stiffness method were first per-
formed to provide a rapid assessment of the bulk hardness and modulus.
Fig. 4 highlights grains of several orientations, overlaid with an SEM
image of the indentation arrays. The load vs. depth, modulus vs. depth,
and hardness vs. depth curves corresponding to the [7 4 9], [8 1 8], and
[1 1 8] out-of-plane orientations are plotted in Fig. 4b–d. These orienta-
tions are near the [1 1 1], [1 0 1], and [0 0 1] orientations, respectively,
giving a representation of possible anisotropy in the modulus (𝐸ℎ𝑘𝑙)
and hardness (𝐻). In our measurements, and in general, the elastic
anisotropy ratios detected through Berkovich indentation are lower
6

than expected through uniaxial compression due to the multi-axial na-
ture of indentation relative to uniaxial compression [70]. Nevertheless,
the method has been shown to be sensitive to orientational trends
in elastic modulus that result from elastic anisotropies [70–72], as
observed in Fig. 4c.

Across all orientations, the average hardness was 3.06 ± 0.35 GPa,
with only slight orientation-dependent deviations. In contrast, the av-
erage modulus was 121.3 ± 7.6 GPa, but had a discernible orientation-
dependent trend in the modulus, with low modulus in the [0 0 1]
direction, and increasing modulus as the angle between the load and [0
0 1] is increased. Anisotropy in the measured modulus can be observed
in the modulus vs. depth data plotted in Fig. 4c, between the [7 4
9] and [8 1 8] orientations, which have a higher value than the [1
1 8] orientation, which is closest to the [0 0 1] axis. Anisotropy in the
modulus is further discussed in the Supplemental Information.

Using single crystalline micro-mechanical specimens, we next mea-
sure the MnCu2Al full mechanical response in uniaxial compression,
as a function of orientation. Stress vs. strain curves corresponding to
the micro-compression experiments are plotted in Fig. 5. Loading was
performed in increments to determine the onset of plastic deformation
and to enable detailed slip trace identification prior to failure. Signa-
tures of plastic deformation are evident in the stress–strain curves of
all pillars. In some cases, the onset of yielding is characterized by a
deviation from the linear elastic loading curve, followed by a quasi-
continuous strain hardening response (e.g. [11 8 2] compression axis
pillar). In other cases, measurable load drops can be detected near the
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Fig. 5. Stress vs. strain curves acquired during the compression of micro-pillars across a spread in orientations demonstrates a strong relationship between pillar orientation and
yield stress, indicated at the onset of plasticity with a star. The average yield stress was found to be 0.90 GPa ± 0.18 GPa. Note that the pillars were loaded and unloaded multiple
times and were not deformed to the point of failure.
Fig. 6. Orientations of pillars are displayed as the filled points on the inverse pole
figure map, with coloring by yield stress. Hollow points on the map correspond to nano-
hardness data (𝐻) converted to yield stresses using the standard Tabor relationship
(Eq. (12)) [73]. The results show that yield stress is correlated to orientation. (For
interpretation of the references to color in this figure legend, the reader is referred to
the web version of this article.)

point of yielding (e.g. [7 2 1] compression axis pillar). We assign a
yield stress as the point of clear deviation from linear fits to the loading
curves. Depending on compression axis orientation of the pillar, yield
stresses range between 𝜎𝑌 = 1.25 GPa and 𝜎𝑌 = 0.65 GPa, as marked
by stars in Fig. 5. Regardless of orientation, plastic flow was clearly
observed, though the apparent strain hardening rate appeared to be
inversely related to yield stress. In the case of the [7 2 1] pillar, a 2nd
stage of plasticity is evident as a regime with nearly constant flow stress
following an initial hardening regime. While such behavior was not
measured in other pillars, this is likely since the tests were interrupted
while still in the initial stages of strain hardening. In general, pillars
oriented close to [1 0 0] had high yield stresses, but reduced hardening,
while pillars closer to [1 1 0] or [1 1 1] had low yield stresses, yet
large capacities for hardening. No large scale shear bands or cracks
were detected in any of the pillars compressed in situ in the SEM. Taken
as a whole, MnCu2Al demonstrates measurable and stable plasticity
when undergoing micro-pillar compression in lieu of catastrophic shear
localization or fracture.

We next compare the orientation-dependence of yield stresses mea-
sured by micro-pillar compression and hardness measured by nanoin-
dentation, using the standard Tabor relationship,

𝜎 = 𝐻 (12)
7

𝑌 3
Table 1
Schmid factors (m) calculated for ⟨111⟩{110}, ⟨111⟩{112}, and ⟨111⟩{123} slip families
in a [11 8 2]-oriented pillar. The three highest Schmid factors are bolded.

Slip direction Slip plane Schmid factor Angle
[𝑢𝑣𝑤] (ℎ𝑘𝑙) 𝑚 𝜃

1 [111] (011) 0.367 18.9◦

2 [111] (101) 0.477 45.0◦

3 [111] (101) 0.408 3.8◦

4 [111] (112) 0.488 22.6◦

5 [111] (211) 0.339 61.5◦

6 [111] (112) 0.393 49.6◦

7 [111] (211) 0.314 127.2◦

8 [111] (123) 0.499 10.5◦

9 [111] (213) 0.458 32.1◦

10 [111] (132) 0.402 53.9◦

11 [111] (123) 0.411 58.8◦

12 [111] (132) 0.360 100.1◦

13 [111] (213) 0.360 37.2◦

[73], which are shown together as a function of crystal orientation
in Fig. 6. The estimated average yield stress from nanoindentation is
1.02 ± 0.35 GPa, while the average yield stress of the micro-pillar
experiments was 0.90 GPa ± 0.18 GPa, with the possible differences
arising from differences in the crystal orientations sampled or the
presence of substantial strain hardening beyond the onset of yield. In
both sets of data, there are notable trends of yield stress with orienta-
tion, though they are more prominent in the micro-pillar experiments.
This discrepancy may be due to the multi-axial nature of indentation
experiments, which inherently probes multiple slip modes due to the
stress states induced by the indenter tip, thereby self-averaging any
potential plastic anisotropies [70]. In general, it can be observed that
yield stress decreases progressively with changes in orientation from
the [100] axis, where it is at its maximum, as the angle between the
load and [100] is increased.

4.3. Characterization of {110}-type slip using slip trace analysis

The [11 8 2]-oriented pillar, which displayed a high rate of strain
hardening after yielding, was selected to further characterize the slip
modes and defect structures activated in the MnCu2Al structure. Schmid
factors, 𝑚, were calculated for each of the 12 {110}-type, 12 {112}-
type, and 24 {123}-type slip modes (see Supplemental Information), to
determine the planes experiencing the highest resolved stresses within
the [11 8 2]-oriented micro-pillar. Slip modes that had a Schmid factor
greater than m = 0.3 are tabulated in Table 1. The highest Schmid
factors within each slip family are bolded to indicate which systems
are expected to be active, and were 𝑚 = 0.499, 𝑚 = 0.487,
(123) (112)
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Fig. 7. Scanning electron microscope (SEM) micrographs of the [11 8 2]-oriented micro-pillar (a) before and (b) after compression. Plastic deformation is evidenced by barreling
and the appearance of (101) slip traces inclined from the image top right to the bottom image left at an angle of 𝜃 = 47◦. (c) Schematic depiction of the coordinate axes used to
index slip traces, marked with the expected slip traces of the (123), (112), and (101) slip planes.
Table 2
Expected contrast evaluation for the ⟨111⟩ slip direction family considering the g ⋅ b
effective invisibility criteria using the g022 and g202 diffraction conditions. Conditions
with g ⋅ b = 0 are expected to be invisible, while all other conditions are expected to
be visible.

Slip direction g022 g202
Observed Visible Invisible
[111] Invisible Invisible
[111] Invisible Visible
[111] Visible Invisible
[111] Visible Visible

and 𝑚(101) = 0.477, corresponding to the [111](123), [111](112), and
[111](101) slip modes, respectively. Based on this assessment, and the
assumption that all slip families are potentially active, we would expect
to see preferential activation of the (123) slip plane for this compression
axis.

To experimentally determine the active slip mode, the [11 8 2]-
oriented pillar was imaged following deformation, revealing the ap-
pearance of diffuse slip traces at 𝜃 = 47◦ from the pillar base (Fig. 7a–
b). Out of all the possible 12 {110}-type, 12 {112}-type, and 24 {123}-
type slip modes, the (101) plane was found to be the closest match
to the experimental trace, with a misorientation well below the 5◦

misorientation threshold that can be attributed to experimental error
(2◦) [74]. Slip traces for each of the highest Schmid factor slip planes
are superimposed on the faces of the schematic pillar in Fig. 7c for
comparison with the measured trace. Slip traces on the other pillars
are consistent with the activity of a single family of slip traces on the
{110} plane, even when the maximum resolved shear stress plane was
expected to be of composite slip. These observations suggest that the
{110} slip family governs deformation in MnCu2Al at ambient tempera-
tures, even in pillars oriented for net slip on a maximum resolved shear
stress plane.

4.4. Characterization of slip direction from post-mortem TEM g ⋅b analysis

Experimental determination of the slip direction was performed via
the effective invisibility criteria g⋅b = 0 using conventional TEM on
a lamella extracted from the [11 8 2]-oriented micro-pillar following
deformation to 4.2% total strain. Here, g is the reciprocal lattice
vector used within a two beam condition to form the TEM image, b
is the Burgers vector of the dislocation, and the g⋅b = 0 condition
is the invisibility criterion used to determine the displacement vector
of crystal dislocations. The micrographs in Fig. 8b–d were collected
from the region of the foil indicated by the black square in Fig. 8a,
which was located near a heavily deformed region and presumably
within one of the slip bands. For the g-vector of (022), all dislocations
remain visible (Fig. 8c), whereas all dislocations become invisible using
the (202) two-beam condition (Fig. 8d), suggesting a common Burgers
vector for the dislocations within the field of view. Generally, at least
two cases of invisibility are desirable to unequivocally define a Burgers
8

vector. Nevertheless, the data in Table 2 from the [11 8 2]-oriented
micro-pillar is consistent with dislocations with a Burgers vector of b
= [111]—the slip direction of the [111](101) slip mode, the highest
Schmid factor within the {110} slip family for this pillar orientation.

We also considered the presence or absence of partial dislocations
and the planar faults between them. In cases where fractional slip
leads to planar faults, the presence of partial dislocations in the slipped
region could be detected when there is evidence for pairs or multiples
of dislocations traveling together [37,42]. In the post-mortem images in
Fig. 8, the spacing between all defects appears to be roughly consistent,
with no clear spatial pairing of partial dislocations. A more direct
method is to directly image planar faults that could arise from slip by
partial dislocations. Depending on the particular partial Burgers vectors
involved in the dissociation mechanism, the resulting planar defect may
form an antiphase boundary, which produces what is often referred to
as ‘antiphase contrast’ under the proper TEM imaging conditions [18,
42]. If some of the dislocations in Fig. 8 are actually partial dislocations,
bounding an antiphase boundary, we may expect to observe antiphase
contrast when imaging using the g = (220), (200), or (111) superlattice
reflections [42]. The images in Fig. 8c–d are imaged using the g{220}-
type superlattice reflections, yet no antiphase contrast is discernible in
the images.

The absence of antiphase contrast, even in the possible presence of
antiphase boundaries, can be explained by the results of Venkateswaran
et al., who calculate the orientation-dependent extinction distances, 𝜉𝑔 ,
necessary for producing antiphase contrast in the MnCu2Al Heusler
[42]. They reported 𝜉𝑔 for the (220), (200), and (111) superlattice
reflections, to be 𝜉(220) = 38 nm, 𝜉(200) = 1107 nm, and 𝜉(111) = 332 nm.
Considering the criterion of 𝜉𝑔 ≤ 2𝑡, where 𝑡 is the foil thickness,
for distinct antiphase contrast and our average TEM foil thickness of
approximately 100 nm, antiphase contrast may be only partially visible
in the g = (220) imaging condition. This implies that even if there
are antiphase boundaries present in MnCu2Al following plastic defor-
mation, the absence of antiphase contrast does not definitively negate
their presence, even in our micrographs using the (220)-type imaging
conditions in Fig. 8c–d. We note that to best understand and char-
acterize complex core dissociations – which have also been observed
in hexagonal close-packed materials, intermetallic compounds, and
oxides [20,75] – a combination of high-resolution TEM experiments
and simulated TEM micrographs are more suitable than conventional
imaging with diffraction contrast. However, three possible scenarios
(or some combination thereof) are consistent with the imaging we
have performed: the defects in the image are either 1. non-dissociated
dislocations with the ⟨111⟩ slip direction, 2. all partial dislocations of
the slip direction ⟨111⟩ without the characteristic antiphase contrast
(due to the large extinction distances), or 3. ⟨111⟩ dislocations that
involve dissociation events that lead to splitting widths below the
resolution of our micrographs.
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Fig. 8. (a) A bright field scanning transmission electron microscope (BF STEM) micrograph of a lamella pulled from the deformed [11 8 2]-oriented micro-pillar, with three
electron-transparent windows to provide support to the strained microstructure. (b) A BF STEM micrograph collected from the region indicated in (a) reveals dislocations with
a major texture inclined in the same direction as the slip traces in Fig. 7b. (c–d) Transmission electron micrographs in the g022 and g202 diffraction conditions demonstrate the
visibility and invisibility criteria, respectively. Table 2 gives the evaluation of the possible ⟨111⟩-type defects in comparison with the observed visibility and invisibility criteria.
5. Discussion

Our experimental investigation of the Heusler intermetallic in single
crystalline form at room temperature reveals clear evidence of stable
and consistent plastic deformation, with no evidence for significant
shear localization or cracking, despite prior reports of brittle behavior
at low temperatures [36,38]. It is worth noting that our loading ex-
periments were terminated before failure, so the complete ductility of
MnCu2Al was not fully explored in this study. Nevertheless, previous
observations have shown that MnCu2Al can deform to more than
20% shear stress [36]. The extent of plasticity, strength, and ductility
in bcc-based materials is generally influenced by the characteristics
of the defect structures that mediate plasticity [20,76]. In our post-
mortem electron microscopy examination, we considered the presence
of partial dislocations and planar faults, but were unable to conclusively
determine whether the defect structures present could be characterized
as either undissociated dislocations, antiphase boundaries, or stacking
faults. The lack of a clear understanding of the elementary character-
istics of the defects in MnCu2Al hinders our ability to ascertain the
mechanisms responsible for the degree of unexpected strength and plas-
ticity observed in our compression experiments, and their relationship
to properties observed in other bcc-derived intermetallics. To address
this challenge, we assess the intrinsic capacity for plastic deformation in
MnCu2Al using published elastic constants and their anisotropies. Fur-
thermore, we combine DFT and phase field simulations to investigate
the core structure of MnCu2Al ⟨111⟩{110} dislocations and their critical
stresses and then compare the result to our measurements.
9

Table 3
MnCu2Al elastic constants, 𝐶𝑖𝑗 , Zener anisotropy ratio, 𝐴∗, sourced from the
literature.

C11 (GPa) C12 (GPa) C44 (GPa) A* Source

Experimental

137.0 80.5 99.6 3.53 [37]
135.3 97.3 94 4.95 [68]

DFT

138.8 113.9 102.9 8.27 [77–79]
143.7 116.1 117.6 8.52 [67]
138.0 117.0 103.0 9.81 [80]
137.0 115.0 112.0 10.18 [81]
170.13 145.17 129.76 10.40 [82]
137.2 117.8 105.3 10.83 [82]

5.1. Capacity for plastic deformation in Heuslers

We construct Blackman [83] and Every [84] diagrams to visualize
the relationship between the MnCu2Al elastic constants and intrinsic
ductility and crystal structure stability, respectively. These tools have
been employed to investigate the elastic properties of cubic crystals [85,
86] and have previously been applied to the Heusler material system by
Wu et al. [67]. In the Blackman diagram in Fig. 9a, values falling along
the zero Cauchy pressure line, 𝑝𝐶 = 𝐶12 − 𝐶44 = 0 are considered ideal
Cauchy solids. The Zener anisotropy ratio that quantifies anisotropy in
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Fig. 9. (a) Blackman and (b) Every diagrams. In both diagrams, the black line indicates isotropy (𝐴∗ = 1) and the black dashed line indicates the ideal Cauchy pressure (p𝐶
= 0). In the Every diagram, the Born criteria define a phase stability triangle marked by the brown dash-dotted lines. Cubic isomorphic phase transitions (cipt) and symmetry
breaking phase transitions (sbpt) occur upon transgressing the dash-dotted lines into an elastically unstable regime.
cubic materials,

𝐴∗ =
2𝐶44

𝐶11 − 𝐶12
(13)

(𝐴∗ = 1 is the isotropic case) can also have implications for elas-
tic instability [67], defect stacking fault width [61,87,88], and the
dominance of edge vs. screw dislocations [75]. All A∗ calculated for
MnCu2Al (Table 3) are large, positive values—positioning them in
the top right corner of the diagram, with the computational results
clustered toward the extreme. According to Pettifor’s criteria for duc-
tility in intermetallics, materials with 𝑝𝐶 > 0 are considered ductile,
while materials with 𝑝𝐶 < 0 are considered brittle [89]. As all points
for MnCu2Al are grouped around the Cauchy line, this suggests that
MnCu2Al is on the cusp of the brittle/ductile distinction—with some
capacity for plastic deformation, yet maintaining a covalent bonding
scheme.

In the Every diagram, visualization of elastic anisotropy and Cauchy
pressure is combined with a metric for crystal stability (Fig. 9b).
Parameters based on the cubic elastic constants, 𝑠3 = (𝐶11 − 𝐶12 −
2𝐶44)∕(𝐶11 + 2𝐶44) and 𝑠2 = (𝐶11 − 𝐶44)∕(𝐶11 + 2𝐶44), are compared
in order to distinguish the severity, and nature, of the elastic in-
stabilities of the material (cubic isomorphous vs. symmetry breaking
phase transitions) [67,85]. According to Born’s shear criterion, values
falling outside the stability triangle denominated by the dash-dotted
cubic isomorphic phase transition (cipt), symmetry breaking phase
transition (sbpt), and solid isotropic case represent unstable crystal
systems [67,84]. As in the Blackman diagram, all values reported in
Table 3 are grouped about the dashed Cauchy line. It is apparent that
the high-anisotropy computational reports predict a material on the
verge of a symmetry-breaking phase transition, which is not consistent
with the experimental reports of the Heusler phase stability or of the
experimental elastic constants. Clearly further studies are required to
determine the reason for this discrepancy between the computational
and experimental elastic constants. Based on this analysis, it appears
that the experimental elastic constants presented either by Michelutti
et al. or Green et al. [36,68] correctly capture the phase stability and
ductility of MnCu2Al.

5.2. Linking defect structure and plasticity in bcc-derived materials

The observed ⟨111⟩{110} slip mode that we measure experimentally
is reminiscent of other bcc-based alloys and intermetallics. We elab-
orate on this commonality here since the Fm3̄m space group of the
10
L21 crystal structure may, at first, conceal the fact that the Heusler
intermetallic is in fact bcc-derived (with the resemblance depicted in
the Heusler unit cell in Fig. 3) [25,37,38,40]. The diffraction peaks in
the structure’s XRD spectrum reflect the presence of an underlying bcc
lattice, as the (111) peak that is uniquely attributed to the L21 structure,
is succeeded first by the (200) peak, then by the (220) peak—signatures
of the 𝐵2 and 𝐴2 (bcc) motifs within the L21 structure. While the
collective results suggest that the L21 structure behaves mechanically as
a bcc-derived structure, rather than an fcc-derived structure, the nature
of potential dislocation dissociation reactions, and the resulting planar
faults caused by plastic deformation, are not clear.

Investigations of bcc-derived materials have demonstrated that their
deformation is often characterized by non-planar screw dislocation
cores, which severely restrict dislocation glide and often leads to brit-
tle mechanical behavior at temperatures below the ductile to brittle
transition [76]. The best known example of this is in bcc metals,
wherein the cores of 1

2 ⟨111⟩ screw, spread onto three intersecting {110}
planes, whereas edge dislocations are planar. Consequently, screw dis-
locations must overcome a high Peierls barrier to glide, whereas edge
dislocations glide with much greater ease [43,76,90].

In our micro-pillar loading experiments, the sample is expected
to begin with a low density of dislocations. Thus, the onset of yield
is likely associated with the Peierls stress required to move existing
dislocations in the single crystal that are not blocked by any pre-
existing obstacles. The presence of non-planar dislocation cores in
MnCu2Al would then likely lead to a high yield stress (Fig. 5), a limited
capacity for plasticity, and the presence of long straight screw dislo-
cations following deformation [43]. In contrast, dislocations that can
dissociate into partials to form stacking faults or antiphase boundaries,
generally remain planar and are more glissile than their non-planar
counterparts [20]. This explanation is more consistent with the be-
havior observed in the loading curves, which demonstrated high yield
stresses, followed by a high capacity for stable plastic flow and strain
hardening. We explore this hypothesis with additional computational
techniques, which include predicting the defect structure of ⟨111⟩{110}
dislocations within MnCu2Al, to rationalize the observed mechanical
properties.

5.3. 𝛾-surface calculations of the {110} slip plane in MnCu2Al

We calculate the {110} 𝛾-surface to aid in the prediction of planar
defect structures. In Fig. 10a, the MnCu Al {110} slip plane is indicated
2
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Fig. 10. (a) Heusler structure, indicating its relationship to the (110) slip plane. (b) Interfacial stacking energies for (110)-type planar faults in MnCu2Al, as a function of the
displacement vector. The [111] slip vector is overlaid in white, while a modified slip path suggested by the position of stacking energy minima is overlaid dashed in cyan. Stacking
energy (J/m2) vs. net slip in the [111] direction (Å) for (c) the [111] slip pathway marked by the solid line in (b) and (d) the modified [111] slip pathway, plotted in the dashed
line in (b). (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
in relation to the unit cell, while the corresponding calculated 𝛾-surface
along slip coordinates normalized by the MnCu2Al lattice parameter, 𝑎,
is displayed in Fig. 10b. 𝛾-surfaces are commonly used for qualitatively
predicting potential slip directions and dissociation mechanisms, as
well as for identifying materials that are likely to host planar dislo-
cation cores. It is often the case that a material system with a 𝛾-surface
that contains local minima will dissociate into planar partials, forming
stacking faults, rather than into non-planar core configurations that
tend to be less glissile [20,76,91]. Since the {110} 𝛾-surface of MnCu2Al
has a number of local minima, the dissociation of dislocations within
MnCu2Al into planar partials is to be expected.

Inspection of the 𝛾-surface demonstrates the ⟨111⟩ slip pathway
as a potential low-energy slip pathway, with four local minima in
the stacking energy, positioned at the 1

4 [111] sites (Fig. 10b–c). A
dislocation dissociation mechanism based on this pathway is consistent
with the dissociation mechanism in Eq. (1). However, further analysis
of the relative minima positioned near the [111] slip direction suggest
an alternative slip path (dashed cyan line in 10b and profile in 10d).
The plot of stacking energy along this pathway shows that there are six
local minima in the stacking energy and a net reduction in the stacking
energy. The modified slip pathway is described by the dissociation
mechanism in

[111] = 𝑏1 + 𝑏2 + 𝑏1 + 𝑏1 + 𝑏2 + 𝑏1, (14)

where 𝑏1 = 1
4 [𝛼, 𝛼, 1] and 𝑏2 = 1

2 (1 − 𝛼)[1, 1, 0]. In MnCu2Al, 𝛼 ≈ 3
4 .

The approximate products of this mechanism have been previously
observed in the context of the related 𝐵2 intermetallics [20] with a
reaction following the general form of

[111] = 𝑏1 + 𝑏2 + 𝑏1, (15)

where the slip vectors, 𝑏1 = 1
4 [𝛼, 𝛼, 1] and 𝑏2 = 1

2 (1 − 𝛼)[1, 1, 0]. Lin
et al. found that the value of 𝛼 depended strongly on the chemistry of
the bcc-derived 𝐵2 intermetallic [20]. While the modified slip pathway
in MnCu2Al has a net increase in length, the peak energy barrier
that needs to be overcome to reach the second minima via 𝑏2 is
significantly smaller than that of the peak energy barrier necessary
to reach the 1

2 ⟨111⟩ position, which may influence the preferred slip
pathway to be more similar to that of 𝐵2 intermetallics. Both disso-
ciation reactions vectorially sum along ⟨111⟩, in alignment with the
experimentally-observed net Burgers vector, �⃗� = ⟨111⟩.

While predictive, the 𝛾-surface alone, only provides stacking fault
energies and cannot quantitatively predict the stacking fault width that
would separate partials that participate in a hypothesized dissociation
reaction, let alone the resolved shear stress required to move the
11
equilibrated dislocation core. One potential approach to ascertain the
stacking fault width is to treat each partial dislocation as a singular
Volterra dislocation [20]. However, this method requires fixing the
partial dissociation reaction, which limits its ability to differentiate
between different dissociation reactions and allow partial dislocation
cores to spread. The PFDD model was, therefore, developed for the
Heusler intermetallic in order to predict the energetically favorable
dissociation reaction, the core structure, and fault width. It is also
employed to estimate the critical stress to move the resulting defects,
which can be directly compared to our experimental measurements.

5.4. Modeling Heusler defect structures with phase field dislocation dynam-
ics simulations

Using PFDD, we first allow an initially compact, ⟨111⟩{110} dislo-
cation, under zero applied stress, to relax to its energetic minimum
via the minimization of the system’s competing elastic and lattice
energies. The energy minimum realized by the edge type dislocation,
under zero applied stress, is shown in Fig. 11a. The final configuration
realized by this dislocation involves significant spreading within its
{110} slip plane. The values of the in-plane disregistry along the ⟨211⟩
crystallographic direction are reflected in the coloring of Fig. 11a to
best highlight the complex dissociation reaction that is expected for
MnCu2Al. For an edge dislocation, the disregistry in the ⟨211⟩ direction
represents the slip normal to the ⟨111⟩ direction. For reference, an edge
dislocation that has not undergone a dissociation event would present
itself as a thin white strip with a single dashed fault line, separating the
unslipped (left) and slipped (right) region of the material. Instead, we
observe spreading on the {110} slip plane with significant disregistry or-
thogonal to the initial ⟨111⟩ slip direction. Each large jump in the ⟨111⟩
and ⟨211⟩ disregistry is interpreted as a partial dislocation, leading to
the identification of six partials upon dissociation. The total splitting
width of the fault is 24 nm, or 23.5𝑏, in units of the ⟨111⟩ Burgers
vector. Since the splitting is greater than 𝑏, the defect is regarded as
dissociated [20].

The disregistry within the faulted region of Fig. 11a, projected along
the ⟨111⟩ and ⟨211⟩ crystallographic directions, are plotted in Fig. 11b.
Plateaus in the ⟨111⟩ trace indicate regions that are reminiscent of a
stacking fault, and/or antiphase boundary. For the edge dislocation,
the significant disregistry along the ⟨211⟩ direction is consistent with
the dissociation mechanism suggested by the dashed slip pathway in
Fig. 10b and in Eq. (14). When a stress is applied along the ⟨111⟩
direction, the dislocation begins to glide across the simulation cell at a
critical (Peierls) stress of 0.092 GPa ± 0.007 GPa.
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Fig. 11. Visualization of the equilibrium configuration of the [111] (a) edge dislocation core, which is dissociated into 6 partial dislocations indicated by dashed lines (see Eq. (14))
and (c) screw dislocation core, which is dissociated into 4 partial dislocations as indicated by dashed lines (see Eq. (1)). The color coding indicates positive and negative deviation
from the [111] slip direction, according to the corresponding color bar. (b,d) Decomposition of the dislocation disregistry into the [111] and [211] directions, across the length of
the stacking fault for the edge and screw dislocations, respectively. (For interpretation of the references to color in this figure legend, the reader is referred to the web version
of this article.)
A similar investigation applied to the MnCu2Al screw dislocation in
Fig. 11c–d reveals a significant decrease in fault width and a notable
change in the dissociation mechanism. Like the equilibrium edge dis-
location, the equilibrium screw defect structure predicted by the phase
field model has spread into the {110} slip plane, but its total stacking
fault width of 9.5 nm (9.5𝑏) is much more compact, yet still regarded as
dissociated. In fact, as indicated by Fig. 11c, almost all of the disregistry
remains along the ⟨111⟩ slip direction, and the dissociation of the core
appears to be in accordance with the mechanism described by Eq. (1).
Schematically, the dissociation of the ⟨111⟩ screw dislocation follows
the pathway suggested by the solid, white line of Fig. 10c. Interestingly,
due to the fairly compact nature of this dislocation core, the large jumps
in the ⟨111⟩ disregistry that can be interpreted as partial dislocations
bound plateaus in the ⟨111⟩ disregistry that are short in length. The
notion of an extended antiphase boundary bounded by 1

4 ⟨111⟩ partials
is therefore not truly an accurate description of the dissociated ⟨111⟩
dislocation core. For the screw dislocation, the Peierls stress is 0.220
GPa ± 0.007 GPa.

Under the assumption that there is a small population of defects
in the micro-pillar specimen before deformation, the critical resolved
shear stress,

𝜏𝐶𝑅𝑆𝑆 = 𝑚𝑚𝑎𝑥𝜎𝑌 𝑆 , (16)

necessary to activate the defects in the micro-pillar experiments is
theoretically comparable with the calculated Peierls stresses of the
edge and screw defects. Here, 𝜎𝑌 𝑆 is the yield stress and 𝑚𝑚𝑎𝑥 is the
maximum Schmid factor within the {110} family of planes for each
pillar orientation. In the micro-pillar experiments, 𝜏𝐶𝑅𝑆𝑆 ranged from
0.33 GPa to 0.56 GPa. In comparison, the 𝜏𝐶𝑅𝑆𝑆 previously measured
from bulk single crystals by Umakoshi et al. were 0.40–0.45 GPa [38].
Additionally, nanoindentation at 1 μm depth probes a larger plastic
zone of 10 μm [92], and yielded a mean yield stress of 1.02 ± 0.35
GPa (via the Tabor relation), which is within one standard deviation
of the mean micro-pillar yield stress from the 5 μm micro-pillars (0.90
GPa ± 0.18 GPa). The potential for micro-pillar size effects on the mea-
sured strengths is further evaluated in the Supplemental Information.
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The collective evidence suggests that our experiments probed a size
regime the reflects a bulk response.

From the phase field model, 𝜏𝑒𝑑𝑔𝑒 and 𝜏𝑠𝑐𝑟𝑒𝑤 were found to be
0.092 GPa and 0.220 GPa, respectively. The measured 𝜏𝐶𝑅𝑆𝑆 in our
investigation are close to the calculated stresses necessary to activate
the screw dislocations, assuming that there are additional experimental
sources of strengthening that are not accounted for in the simulations,
such as mechanisms involving cross slip and dislocation interactions.
The closer agreement with the screw stress may indicate that screw
dislocation motion controls strength, but further work is needed to test
this hypothesis. The defect structures predicted by PFDD, which were
⟨111⟩-type dislocations that involve dissociation events with splitting
widths below the resolution of imaging on an inclined slip plane, are
consistent with the TEM and STEM imaging performed on the deformed
MnCu2Al specimen.

5.5. Structure of the planar defects in MnCu2Al

The atomic stacking sequences within the dissociated core of an
edge and screw dislocation are represented schematically in Fig. 12.
The results of our phase field model predict that the MnCu2Al screw
dislocation remains fairly compact, but four discrete jumps in the ⟨111⟩
disregistry do in fact exist—akin to the expected 1

4 ⟨111⟩-type partials
that have been discussed previously in the literature [37]. However,
these multiple partials, each of which are often associated with the
formation of extended antiphase boundaries, remain fairly close to one
another, prompting the question of whether it is appropriate to des-
ignate the region bounded by these partials as an extended antiphase
boundary.

The edge dislocation, however, dissociates into six partials that
either correspond to �⃗�1 or �⃗�2 of Fig. 12. Neither the �⃗�1 or �⃗�2 partials
shown within Fig. 12c preserve the original stacking sequence, and
instead lead to a complex fault, including: complex intrinsic stacking
fault (CISF), antiphase boundary (APB), and complex extrinsic stacking
fault (CESF) components. The edge dissociation mechanism predicted
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Fig. 12. (a) MnCu2Al Heusler unit cell highlighting the (110) slip plane. (b) The (110) plane indicating partials predicted using the phase field simulations, and c–d the approximate
defect structures resulting of the dissociation of the (c) edge and (d) screw defects.
via the phase field model clearly demonstrates that ⟨111⟩ dislocations
within the Heusler intermetallic involve an extended, complex disloca-
tion core. As expected, the increased planarity of this dissociated edge
dislocation leads to a slightly lower Peierls stress than that of the screw
dislocation, implying that they are much more mobile than their screw
counterparts. As in other bcc-derived materials [20,75], it is most likely
that plastic deformation in MnCu2Al is rate-limited by the less mobile
screw defects. However, additional modeling of MnCu2Al defects with
mixed character angles and additional characterization of the character
angles of the defects present in the deformed specimen is needed to
substantiate this observation.

This analysis highlights that the observed complex defect structures
in the MnCu2Al Heusler intermetallic mainly arise from the interplay
between the electronic structure and elastic anisotropy of MnCu2Al,
rather than being solely influenced by crystallographic factors. By
analogy to similar analyses conducted on 𝐵2 intermetallics [20], it
is probable that changes in the composition of the Heusler material
family will affect the characteristics of defect structures, such as slip
direction, dissociation mechanism, fault widths, and Peierls stresses.
Our work demonstrates the importance of a robust evaluation of these
defect characteristics within material families that exhibit complex core
dissociations – including hexagonal close-packed materials, intermetal-
lic compounds, and oxides [20,75] – rather than relying on predictions
based solely on the pristine crystal structure.

6. Conclusions

In this study, we explored the deformation and defect structures in
the bcc-based Heusler intermetallic through a combination of in situ
micro-mechanical testing and computational techniques. An ab initio
informed phase field dislocation dynamics model is developed and used
for predicting both defect structures in MnCu2Al, and the minimum
stress to move them, at a resolution beyond the current experimental
capabilities. Based on our collective findings, the following conclusions
can be drawn:
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• MnCu2Al exhibits stable plasticity via the ⟨111⟩{110} slip family
and displays a high degree of elastic anisotropy. No extended
antiphase boundaries were observed.

• The number and location of local minima in the {110} 𝛾-surface
of MnCu2Al indicate that {110}⟨111⟩ edge dislocations would dis-
sociate into multiple non-collinear partial dislocations rather than
the conventionally presumed dissociation into collinear 1

4 ⟨111⟩
partial dislocations. In contrast, screw dislocations exhibited the
conventional 1

4 ⟨111⟩ partial dissociation, though the resulting
APB was much more compact than the extended antiphase bound-
aries that are generally believed to exist in Heusler intermetallics.

• With phase field simulations, we investigate the relaxed core
structures of screw and edge dislocations in MnCu2Al by consid-
ering the interplay between the 𝛾-surface energies and the elastic
interaction between the partials. The results demonstrate that
the relaxed cores of the dislocations in MnCu2Al are composed
of multiple, closely spaced partials. The fault widths between
adjacent partials are narrow, leaving the core much more compact
than may be expected of a simpler dissociation producing widely
extended antiphase boundaries.

• The predicted planar dislocation core structures and the critical
stress to move the screw and edge dislocations can explain the
measurable and stable plasticity observed during single crys-
talline in situ micro-compression experiments, and the relatively
high yield stresses.

These findings serve to characterize not only the fundamental mechan-
ical properties and elementary characteristics of the complex defect
structures within the MnCu2Al Heusler intermetallic, but also highlight
the necessity to challenge the prevailing assumption that all defects
in bcc-based intermetallics are extended antiphase boundaries. This
is of utmost importance, as the dissociation and fault widths of de-
fects in intermetallics have a profound impact on their mechanical
– and functional – performance. Ultimately, this understanding paves
the way for designing intermetallic precipitate-strengthened materials
with enhanced resistance to mechanical duress, particularly in extreme
environments.
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