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ARTICLE INFO ABSTRACT

Keywords: In this study the effect of high-pressure torsion extrusion (HPTE) and artificial aging (AA) on the strength and
Al-Mg-Si alloy electrical conductivity of an Al-Mg-Si alloy was investigated. The resulting material shows remarkable
HPTE . . improvement in ultimate strength reaching 380 MPa and in electrical conductivity with 53 % IACS (International
s::g;;:ifmg Annealed Copper Standard), after post-processing aging at 160 °C for 10 h. X-ray diffraction analysis and electron

backscatter diffraction were employed to analyze the structure of the alloy caused HPTE followed by AA.
Transmission electron microscopy (TEM) and energy-dispersive X-ray (EDX) spectroscopy were used to study the
morphology, elemental composition, and crystal structure of the secondary phases. The study confirms that
Guinier-Preston (GP) zones and nano-scale precipitates created during the deformation and subsequent heat
treatment are evenly distributed inside the grains. Chemical composition analysis of the precipitates indicated
the presence of one main phase based on the Mg/Si ratio coexisting with a low volume fraction of other phases in
this Al grade. High-resolution TEM revealed precipitates either with a partially ordered structure or a fully
crystalline structure. Strength and electrical conductivity modeling were carried out based on the microstructural
characterization results. The findings of this study indicate that HPTE together with thermal treatment has the

potential as new approach for processing of commercially significant aluminum alloys.

1. Introduction

The simultaneous achievement of enhanced mechanical strength and
electrical conductivity (EC) in materials is of the crucial importance for
optimizing electricity transmission efficiency and minimizing service
costs for overhead power lines. The usual way to enhance the strength in
metals and alloys is strain and solid solution hardening [1]. However, EC
is very sensitive to the presence of solute atoms and other structural
defects and decreases by any crystal lattice disturbance. This competing
nature of EC and mechanical strength attracts high attention in research
to establish a way for strength and EC optimization [2,3]. Al-Mg-Si
alloys are currently investigated and optimized as conducting materials
for overhead power lines due to their high strength-to-density ratio, high
EC, satisfactory formability, and low cost [4-6]. For example, Yuan et al.
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investigated addition of 0.2 % La to an Al-Mg-Si alloy system and found
that La can improve the EC and thermal-resistance properties [7].
However, the mechanical strength slightly decreased by the La addition.
Lin et al. [2] enhanced the EC and strength by modifying the
thermo-mechanical treatment of an Al-Mg-Si alloy. They showed that
pre-aging of samples at 180 °C for 2 h followed by 70 % cold rolling and
re-aging at 180 °C for 6 h led to an ultimate strength of 301 MPa and
58.2 % IACS. They pointed out that the simultaneously improved
strength and conductivity are mainly attributed to the interaction of
strain hardening and precipitation strengthening. Hou et al. [8] pro-
posed high strength - high conductivity Al-Fe wires obtained by cold
drawing with a diameter reduction of more than 61.9 %. They believe
that the elongated grains, the (111) texture, the low solubility of Fe in
Al, as well as the nano-scale precipitates are the four main mechanisms
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responsible for achieving high strength and high conductivity of the
aluminum wire. The influence of natural aging and pre-aging on the
strength and EC in drawn a 6201 Al alloy has been investigated by
Khangholi et al. [9] They revealed that the combination of natural aging
and pre-aging followed by wire drawing and post-aging provided an
ultimate strength of 369 MPa with 53 % IACS of electrical conductivity.
However, complicated heat treatment along with conventional metal
working processes needs vast efforts and time and cannot satisfy the
requirements for industrial processing.

Several severe plastic deformation (SPD) techniques have been
developed over the last three decades to improve the mechanical
strength of materials by producing ultrafine-grained or nanocrystalline
materials. Among them, equal channel angular pressing (ECAP) [10],
accumulative roll bonding (ARB) [11] and high pressure torsion (HPT)
[12] are the most well-known methods, which lead to grain refinement
and increased mechanical strength. Valiev et al. [13] introduced HPT to
create ultrafine-grained (UFG) structures in Al alloys with enhanced
strength and improved EC due to presence of small precipitates. A
comprehensive study of HPT-processed 6101 and 6102 Al alloys was
performed by Sauvage et al. [14] by means of transmission electron
microscopy (TEM) and atom probe tomography. The authors reported
that formation of an UFG structure with intra-granular nano-scale pre-
cipitates is an effective approach to optimize the combination of
strength and electrical conductivity in Al alloys. HPT is one of the most
effective methods to synthesize UFG materials by the application of
extremely high shear strain. However, the main drawbacks of HPT are
the limited size of samples (typically a disk of 10 mm diameter and less
than 1 mm thickness), while scaling up requires more powerful equip-
ment, which may be challenging and costly and, hinders its development
of industrial applications.

High pressure torsion extrusion (HPTE) [15] has been introduced as
a modified version of HPT to provide access to large scale severely
deformed materials through a combination of conventional extrusion
and high pressure torsion deformation. In HPTE, high shear strain and
high hydrostatic pressure are applied to a rod-shaped sample in a single
pass. The capability of this method to process rod shape specimens
overcomes the main bottleneck of HPT and opens a new window for
potential application in industry. Although several studies on sample
processing with this method have been done [16-18], none of them
investigated its benefits for fabricating of Al conductors for power
transmission.

This motivated the study to examine the effect of thermomechanical
treatment on structural changes in the 6101 Al-Mg-Si alloy and on its
physical properties. The study aims to provide additional insights into
the relationship between structural changes (grain refinement, decom-
position of a supersaturated solid solution, formation of secondary
phases particles) and physical properties (microhardness, yield strength,
electrical conductivity), including the influence of individual mecha-
nisms on the physical characteristics of the material. Such a compre-
hensive study can be a starting point for creating large-size pieces of
aluminum alloy that combine both high strength and low electrical
resistance, making them appropriate for usage in industry as advanced
conductors. In this work, the microstructural evolution under various
conditions was investigated using electron backscatter diffraction
(EBSD), X-ray diffraction (XRD) and TEM and technique. Subsequently,
the influence of individual mechanisms contributing to enhancing
electrical conductivity and mechanical strength was studied.

2. Methodology
2.1. Alloy composition and its processing

A 6101 grade Al alloy with a chemical composition Al — 0.94 Mg and
1 Si (at. %) measured by inductive coupled plasma optical emission

spectroscopy was investigated in this study. The as-received material for
the study was a commercial Al-Mg-Si alloy in a form of rods with a
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diameter of 12.5 mm, produced by continuous casting and rolling (CSR).
Samples for HPTE deformation had a cylindrical shape, 11.8 mm in
diameter and 35 mm in length. All samples underwent a solid solution
treatment in an air furnace at 500 °C for 1 h and were quenched in water
at RT afterwards. The quenched samples were placed in a HPTE die
immediately and deformed at 100 °C. The details of HPTE processing are
explained in Ref. [15]. The processing was performed with an extrusion
velocity (V) of 3 mm/min and a rotational velocity (W) of 1 rpm at a
maximum pressure of ~1 GPa. These processing parameters will be
denoted as V3W1 thereafter. Molybdenum disulfide (MoS;) was used as
a lubricant to reduce the friction between the die and the sample [19].
Artificial aging (AA) was performed at 130 °C for 48 h and 160 °C for 10
h on HPTE-processed samples.

2.2. Mechanical and electrical properties measurement

Tensile tests were carried out in the extrusion direction of the rod
using dog-bone shaped specimens with 10 mm gauge length and 6.85
mm diameter at a constant strain rate of 10”2 s, The edge part of rod
was removed during the sample preparation, so structural investigations
were not carried out in it. Three samples were prepared for each treat-
ment condition in order to confirm the reproducibility of the results.
Vickers microhardness profiles along the sample diameter in the plane
normal to the extrusion direction were measured on a Buehler hardness
tester with the load of 50 g and 10 s dwell time. The microhardness value
for each point along the measurement line was averaged over at least
five measurements. Electrical conductivity was measured on the spec-
imen surface by the eddy current method using a Sigmascope device
(Helmut Fischer GmbH) with a frequency of 480 kHz according to DIN
EN 2004-1 and ASTM E 1004. Each value was determined as the average
of four measurements. Calibration of the device was performed before
each measurement with appropriate reference samples.

2.3. Orientation maps

To investigate the microstructural evolution of the specimens pro-
cessed by HPTE, EBSD mapping was performed using an EDAX Digiview
camera mounted on a Zeiss Auriga 60 scanning electron microscope
operated at 20 kV. For this, the samples were cut, ground and polished
mechanically down to 1 pm using SiC grinding paper. The mechanical
preparation was followed by electro-polishing in a QATM - QETCH 1000
setup operated at 10 V and —20 °C with A2 electrolyte from Struers.
EBSD patterns were recorded using the EDAX Apex 2.0 software pack-
age. The step size for scanning was 0.3 pm. The recorded data sets were
indexed using the EDAX orientation imaging microscopy (OIM 8.6)
software. The EBSD study was carried out at two different locations
(center and middle radius) on both normal and longitudinal sections of
the HPTE-processed specimens. The schematic view of the HPTE setup
and main external directions related to the sample are shown in Fig. S8.
In this work, we consider the misorientation angle range for low angle
grain boundaries (LAGBs) to be between 3° and 15°. The lower limit of
3° is chosen to take into account a certain inaccuracy of the measure-
ment, which lies in the range of 1-2° [20].

2.4. XRD measurements

Mechanical polishing and final electropolishing were used to prepare
the specimens for XRD analysis. X-ray diffraction measurements were
performed using the Empyrean series 3 diffractometer (Malvern Pan-
alytical) with a Cu-Ka anode. XRD measurements were conducted at the
center and the middle radius of the samples with a beam diameter of
about 1 mm with the step size 0.0167° and in 20 range 30-120°. The
diffraction patterns were evaluated for dislocation density and crystal-
lite size by the Convolutional Multiple Whole Profile (CMWP) procedure
[21]. The CMWP method uses experimental XRD profiles to determine
the size of coherent scattering domains and dislocation density based on
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Fig. 1. Averaged HV hardness and EC depending on aging time at (a) 130 °C and (b) 160 °C and depending on (c) aging temperature with 10 h holding time. (d)
Comparison of the measured UTS and EC for the alloy studied to the values reported in EN 50183 standard (Al2-Al7) and in Ref. [9].

the physical properties of lattice defects. The calculated profiles are
convolved with the instrumental broadening function and compared
with the measured patterns using a combination of the statistical Monte
Carlo and the analytical Levenberg-Marquardt methods. The instru-
mental effect was determined by measuring a LaBg standard specimen
under the same diffraction conditions as the investigated samples. The
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lattice parameters were calculated by using the Fityk software [22]. The
uncertainties of the dislocation density were determined based on 3 %
confidence interval in Monte Carlo statistical procedure. This number
was determined to be 30 %. More details on the procedure can be found
in Ref. [21].

V3w1 V3W1 + 130 °C 48h V3W1 + 160 °C 10h

Fig. 2. (a) HV hardness profile along the sample diameter, and (b) EC values for different processing parameters.
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Fig. 3. True stress-true strain curves of the samples in the as-deformed state
and after AA at 130 and 160 °C.

2.5. Transmission electron microscopy

Samples for TEM analysis were prepared by a thinning procedure
using grinding paper with a roughness down to 150 pm. Afterwards, 3
mm disks were punched out and used for electro-polishing in a Tenupol-
5 device (Struers) with Struers A2 electrolyte at 20 V and —20 °C.
Conventional and high resolution TEM studies were performed on a
double aberration corrected transmission electron microscope Themis Z
(Thermofischer Scientific) operated at 300 kV. The foil thickness was
measured by electron energy loss spectroscopy (EELS) using a Contin-
uum 963 (Gatan Inc.) spectrometer (Fig. S5). Elemental analysis was
performed by energy dispersive X-ray (EDX) spectroscopy using a Super-
X detector. JEMS software was used to index the Fast Fourier Transform
(FFT).

3. Results
3.1. EC and mechanical properties characterization

We investigated the influence of duration and temperature of AA on
microhardness and EC of the HPTE processed samples as shown in Fig. 1.
The hardness and EC values reported here are the averaged values
measured between the sample center and edge. HPTE deformation and
subsequent heat treatment at 130 °C (Fig. la) indicates a slight
improvement of both hardness and EC after 48 h of aging compared to
10 h aging time. For aging at 160 °C after HPTE deformation, the
maximal hardness was reached after 10 h aging (Fig. 1b). The hardness
reached a peak value of ~120 HV with EC ~53 IACS%. Fig. 1c compares
the HV and EC measured for the samples after the aging for 10 h at 130,
160, and 190 °C. The peak hardness for the sample was found after aging
at 160 °C, while EC increased gradually with aging temperature. Fig. 1d
shows a comparison of our measured data to values from the EN 50183
Standard for overhead conductor lines [23] and data given in Ref. [9]. It
is obvious that the sample prepared by V3W1-AA 160 °C-10 h is beyond
the trade-off line between HV and EC. Based on the data obtained, we
have chosen the samples aged at 130 °C for 48 h and 160 °C for 10 h for
further investigations as they possess an optimal combination of
strength and EC.

Fig. 2a shows Vickers hardness profiles along the sample diameter
after different treatments. Profile curves are plotted as a result of a
nonlinear least squares fit based on the measurement value at each
point. The hardness after HPTE deformation is not uniform across the
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Table 1
Mechanical properties measured for 6101 grade.

Processing Yield Stress ~ UTS Uniform Elongation to
conditions (MPa) (MPa) Strain (%) failure (%)
V3W1 280 283 2 13.2
V3W1 + AA 335 344 2.7 3.3
130 °C 48h
V3W1 + AA 375 381 4.95 5.2
160 °C 10h
Table 2

Comparison of properties for the 6101 grade (HPTE + AA 160 °C) and for T 81
commercial alloy.

Sample HV UTS (MPa) EC (IACS %)
HPTE + AA 160 °C 125 381 ~53
T 81 [14] 90 300 ~54

sample. It shows a lower value (~90 HV) in the center compared to edge
of sample (~125 HV). This is a well-known phenomenon and comes
from the radial dependence of the effective strain distribution and ma-
terial flow during the deformation as shown in Ref. [24] by finite
element method (FEM) simulation. However, surprisingly, for the
sample aged at 160 °C for 10 h, the hardness in the center remarkably
increased and leveled off. The hardness behavior of this sample is
notably different from the others. We suggest that this behavior is due to
the difference in phase transformations occurring during aging as all
other processing parameters were the same.

Fig. 2b represents the dependence of the electrical conductivity on
the processing parameters. It can clearly be seen that electrical con-
ductivity is highly sensitive to the AA temperature. It steadily increases
with increasing aging time and temperature and reaches 53 IACS % after
the aging at 160 °C for 10 h. Error bars represent the 1o interval of the
statistical distribution of the measurements. The important conclusion
from this data is that both the electrical conductivity and mechanical
properties improved simultaneously contrary to the typically mutually
exclusive trend [2].

The mechanical properties of the as-processed and artificially aged
HPTE samples were further characterized by RT tensile test. Fig. 3 dis-
plays the true stress-strain curves of the samples. The test results are
summarized in Table 1.

The measurements performed show that AA leads to a significant
improvement in the strength characteristics of the alloy; the yield stress
increases from 260 to 380 MPa. At the same time, the ductility of the
alloy demonstrates non-monotonous behavior. The elongation to failure
of the sample after AA at 130 °C drops to 3.3 % from 13.2 % in the as-
HPTE state, and then improves up to 5.2 % after the aging at 160 °C.
However, the uniform elongation was notably improved after AA
(Table 1). The uniform elongation of ~5 % observed for the deformed
sample after 160 °C heat treatment is higher compared to other two
states. The increase in strength is in a good agreement with Vickers
hardness behavior and the improved value of the uniform elongation
indicates a higher strain hardening capacity. The mechanical properties
are compared to the commercially relevant Al alloy temper T81 in
Table 2. The substantial improvement in mechanical properties while
keeping the EC unchanged, addresses the longstanding challenge of
reconciling the mutually exclusive nature of good mechanical and
electrical properties. This suggests a possibility to manufacture
improved conductors for overhead power lines.

3.2. Microstructural characterization

In order to understand the mechanism behind the remarkable com-
bination of EC and mechanical properties, it is necessary to study the
microstructure of the alloy in different states.
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Fig. 4. Orientation map of the sample after the treatment for solid solution. The
inset shows the color code for the inverse pole figure map. (For interpretation of
the references to color in this figure legend, the reader is referred to the Web
version of this article.)

Number Fraction

Number Fraction
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3.2.1. As-deformed state

Crystal orientation maps of the alloy in the initial non-deformed state
and after the HPTE deformation acquired in the central part of the
sample and the middle radius are shown in Figs. 4 and 5 along with a
schematic representation of the studied area location at the processed
rod. High angle grain boundaries, HAGB (>15°) are traced in the maps
in black. The microstructure of the alloy in the initial state mainly
consists of the large equiaxed grains with an average grain size of ~100
pm (Fig. 4). The deformation did not lead to a significant grain refine-
ment in the central region of the sample. Fig. 5 shows large grains at the
center both in normal and longitudinal direction. It follows from the
corresponding misorientation distribution plot, that the microstructure
of the sample after HPTE contains a high fraction of LAGBs. In the
central part, the fraction of HAGBs is lower in normal view (0.03) than
that in longitudinal direction (0.13). The variation in volume fraction
can be attributed to the grain morphology, i.e., the coarse grains, con-
taining numerous LAGBs, are elongated in the normal view. The same
feature has been reported for HPTE processed copper [18]. However,
grain refinement occurred at the middle of the sample radius, which can
be seen in both sections (Fig. 6 d, e). The mean grain size was reduced
down to ~4 pm in normal view. The fraction of HAGBs increases from
the center to the middle radius, which is consistent with the higher
strain at HPTE in this sample area. According to FEM, the accumulated
strain at HPTE continuously increases from the center of the billet to its
edge [24]. The grain structure at mid-radius in normal view appears

ROI
06
HAGB: 0.03
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0.4
03
0.2
0.1
0.0 - T 4 T
10 20 30 40 50 60
Misorientation angle (°)
0.40 HAGB: 0.13

10

20 30 40
Misorientation angle (°)

Fig. 5. (left column) Orientation map for (a) normal and (b) longitudinal section at the center of the deformed sample. (right column) Corresponding misorientation
distribution plot; the number in the plot shows the HAGB fraction. Inset shows the position of the studied sample in relation to the whole rod.



V. Tavakkoli et al.

Number Fraction

Number Fraction

Materials Science & Engineering A 906 (2024) 146556
ROI

0.30

HAGB: 0.26

10 20 30 40

Misorientation angle (°)

50 60

0.25

HAGB: 0.27

20 30

40

Misorientation angle (°)

Fig. 6. (left) Orientation map for (a) normal and (b) longitudinal section at the middle radius of the deformed sample. (right column) Corresponding misorientation
distribution plot; the number in the plot shows the HAGB fraction. Inset shows the position of the studied sample in relation to the whole rod.

equiaxed, while the severe elongation of the grains with an aspect ratio
of ~5 is visible in the longitudinal direction. The fraction of HAGBs in
both sections is the same with ~0.26. Such a behavior of the HAGB
fraction was also reported in previous studies for copper and pure
aluminum after HPTE processing at similar conditions [16,18].

In order to study the microstructure of the alloy in more detail, TEM
investigations were performed. A HRTEM micrograph of the HPTE-
processed sample at mid-radius is shown in Fig. 7. The location and
orientation of the TEM sample in relation to the entire sample rod is
depicted schematically as inset in the figure. The image in Fig. 7 was
acquired in <001> Al zone axis orientation, which is necessary for
HRTEM imaging of typical precipitates in this alloy [25]. In this orien-
tation, precipitates can be observed in cross section and perpendicular to
their long axis in the images. The precipitates, which lie in the TEM
sample plane exhibit a needle-like shape and are visible due to the strain
contrast around them. Dynamic precipitation processes have been
observed during the application of different SPD methods in previous
studies [26,27], but in the present investigation, the as-deformed sample
did not reveal any indication for secondary phase particles. Instead, we
only noted the presence of GP zones, which are distinctly visible in the
image as denoted by red circle; a higher magnification view of one GP is
shown as inset. The corresponding FFT does not show any extra re-
flections due to the coherency of GP zones with the matrix. The chemical
composition of GP zones has not been determined through EDX analysis

in the current study due to their small size.

3.2.2. HPTE deformed + AA at 130 °C for 48 h

Fig. 8 represents the microstructure of the alloy after heat treatment
at 130 °C for 48 h. The EBSD orientation map (Fig. 8a) shows that the
grain shape and size are similar to those in the deformed sample in
agreement with the data reported by Horita et al. for 6101 Al grade, who
found that this alloy was thermally stable up to 200 °C [28]. Bright field
TEM and HRTEM were employed to reveal the precipitates formed at
this temperature, their size and morphology. TEM images clearly show
that there are mainly two types of precipitates, which are distributed
uniformly in the Al grains (Fig. 8b). HRTEM images presented in Fig. 8c
and d illustrate the platelet- and needle-shaped precipitates (shown by
red arrows in Fig. 8b). Besides, the presence of GP zones can be inferred
based on the pronounced strain contrast observed in Fig. 8b. The ma-
jority of the precipitates are arbitrarily oriented in the matrix and their
structure cannot be resolved in HRTEM. However, a few of the pre-
cipitates reveal several additional reflections in the FFT apart from those
of the Al matrix as shown in Fig. 8c (see the inset). However, the cor-
responding interplanar distances (d-values) do not allow unique
assignment to one of the phases known for this alloy, like p**, #°, U1, U2
or p. Some of the observed phases exhibit rather complex crystal struc-
ture with large unit cell sizes. Moreover, the FFT in Fig. 8c contains
multiple sets of reflections, which shows that the particle consists of
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Fig. 7. HRTEM micrograph of the alloy after HPTE deformation; the insets are
the schematic location of the TEM sample (top left) and the enlarged view of a
GP zone (bottom right).

more than one grain/phase with different orientations. There is no
noticeably coherence between precipitates and matrix since none of
precipitate reflections in FFT overlap with those of Al

Nonetheless, another type of well-defined precipitate is also

Number Fraction

20 nm
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observed (see Fig. 8d). These are coherent needle-shaped precipitates
oriented parallel to the <100> crystallographic directions of the Al
matrix. Despite the challenges in precise identifying the phases formed
in the sample due to their poorly defined structure, it can be argued that
these phases are the primary contributors to the hardening of the
material.

STEM-EDX elemental maps from a <001> oriented Al grain were
collected to obtain data on composition, size, shape and spatial distri-
bution of precipitates. Numerous nano-scale precipitates that nucleated
inside the Al matrix are visible in Fig. 9. The precipitated platelets are
observed both side-on and edge-on view. Potentially, the phases present
in the structure can be identified based on the Mg/Si ratio. However, this
value was not evaluated, since the precipitates are very small, and it can
lead to a high error in determining their composition.

3.2.3. HPTE deformed + AA at 160 °C

An IPF orientation map is presented in Fig. 10 to show the structural
changes that occurred during aging at 160 °C. As mentioned above, the
structure of the alloy remains stable up to 200 °C [28], therefore no
notable alterations in grain size and shape have been observed for this
sample. Nonetheless, the precipitates become larger after the aging at
160 °C (indicated by red arrows in Fig. 10b). A HRTEM image of a
selected precipitate is shown in Fig. 10c together with the corresponding
FFT. The image does not show a well-defined atomic order, but the FFT
reveals the presence of plenty of the crystallographic reflections. Similar
to the image in Fig. 8c, they cannot be explained by the typical phases
known for this alloy system; rather it is a complex partially disordered
structure and may contain different kind of defects. One possible reason
for this can be the stored strain associated with defects induced by
deformation [29]. Nevertheless, well-ordered precipitates are also pre-
sent, see e.g., the image in Fig. 10d. The precipitate shows long-range
order in the HRTEM image. Analysis of the FFT suggests a structure
closely related to the ° phase with space group P63/m, a = 0.715, ¢ =

ROI

| HAGB:0.37

>

10 20 30 40 50 60
Misorientation angle (°)

Fig. 8. (a) IPF map of deformed sample + AA 130 °C, and corresponding misorientation distribution plot. Inset shows the schematic illustration of the sample
location. (b) bright field TEM and (c, d) HRTEM micrographs at middle radius, normal direction. BF images were collected with the objective aperture inserted to
increase the contrast and to reveal the precipitation distribution after aging. The insets in the micrographs are the FFTs showing the <100> orientation of the

Al grain.
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Fig. 9. HAADF-STEM image and EDS elemental maps of Al, Mg, and Si in the deformed sample after aging at 130 °C. The maps were collected for an Al grain in [001]

zone axis. The scale bar is 20 nm.

0.405 nm with a small deviation in lattice parameter. For simplicity, it is
denoted as p” phase. However, there is a number of reflections in the FFT
which does not belong to the Al or p° phase. Fourier-filtering of the
particle image using these additional reflections reveals that they orig-
inate from the peripheral area of the precipitate, as depicted in Fig. S4.
Hence, we can describe the structure of the precipitate having a
core-shell nature. It also exhibits a well-defined orientation relation
(OR) to the matrix [001],; || [001]4- and [4 T 0] || [100]p-. The coherent
rod shaped precipitates oriented along the <001> Al directions are also
observed in the alloy after AA at 160 °C (Fig. 10e).

Since it was impossible to unambiguously identify the crystal struc-
ture of the precipitates using HRTEM, we used the Mg/Si atomic ratio to
establish the possible phase composition of the alloy, which we
compared with known phases in the Al-Mg-Si system. Although the
intermetallic compounds in this system may also contain Al, we could
not include the Al ratio in our analysis due to the strong signal from the
matrix at the particles, which are much smaller than the thickness of the
TEM sample. In order to make a statistically valid conclusion about the
composition of the particles, we plotted a histogram of the Mg/Si ratio.
This ratio has been determined for a number of particles from multiple
EDS elemental maps collected from several TEM samples. In total, we
included about 60 particles in our statistics. Fig. 11 shows one of the
corresponding EDS elemental maps of a [001]a; grain with precipitates
and the corresponding Mg/Si ratio distribution. The graph shows a
distribution close to Gaussian and has a significant width, which sug-
gests the coexistence of different phases with a Mg/Si ratio of ~1.2 at its
maximum, along with particles demonstrating considerable deviations
from this value. This result, along with the TEM data, is additional ev-
idence that the state of the alloy is not at equilibrium.

A visual comparison of the two AA states shows that the size of the
precipitates and the average inter-particle distances are different. To
assess quantitative characteristics of the alloy after AA at these two
different temperatures, we collected the statistics on the size of the
precipitates and calculated their number per unit volume (see Table 3).
N is the precipitate number density calculated as N = 3n/ A(t+1) [301,
where n, A, t and [ stand for the number of precipitates in the field of
view, the area of the field of view, t the TEM sample thickness, and the 1
is corrected average precipitate length, respectively. The factor 3 is due

to counting only along one of the three <001> Al directions. The
thickness was considered to be 30 nm as shown with EELS map in
Fig. S6. nis obtained from 4D-STEM dataset (Fig. S5) for the sample aged
at 160 °C and dark-field TEM images (Fig. S6) for the sample aged at
130 °C. The precipitate number density increased from (1.5 £ 0.3) x
102 m~3 at 130 °C to (2.2 £ 0.5) x 10*> m~> at 160 °C.

The precipitate diameter distributions were plotted for approxi-
mately 200 particles based on several dark-field TEM images (Fig. S6).
The plot for the sample after AA at 130 °C (Fig. 12a) shows a particle size
distribution with an average diameter of ~1.4 nm, whereas the sample
aged at 160 °C exhibits a bimodal distribution (Fig. 12b). The majority
of particles with a smaller size contribute to a Gaussian distribution with
a maximum at ~2.2 nm. Larger particles have an average size of ~5 nm.
Thus, the increase in annealing temperature leads to a growth of the
precipitates. However, the fraction of the bigger particles is small (~7
%).

3.2.4. Precipitate free zone and grain boundary precipitates

Precipitate free zones (PFZ) were observed near grain boundaries
after AA as shown in Fig. 13. Generally, PFZs are a typical phenomenon
in dispersion hardened alloys after AA [31-33]. The mechanism of the
PFZs formation is diffusion of solute atoms towards grain boundaries.
This creates a zone depleted of vacancies and solute elements, which
hinders the formation of precipitates. The width of this zone depends on
the activation energy for diffusion and the nature of GBs as was studied
in details in Ref. [34]. Our measurements showed the formation of
particles at the GBs with a size of approx. 20 nm and a PFZ width of ~30
nm after aging at 130 °C. Aging at a higher temperature (160 °C) leads to
an increased size of the GB precipitates up to 50 nm and a corresponding
PFZ width of about 80 nm. We also plotted the Mg/Si distribution for the
particles that precipitated along the grain boundaries (Fig. 13b). This
distribution is much narrower than that for precipitates formed inside
the grains. The composition maximum is at a higher value of Mg/Si ~1.6
compared to the intra-granular precipitates. Thus, the phase observed at
the grain boundaries after AA at 160 °C differs from the dominant phase
inside the grains.



V. Tavakkoli et al.

[001], || [001] ¢
[410]a || [100]

Materials Science & Engineering A 906 (2024) 146556

ROI

HAGB: 0.42

5 nm

Fig. 10. (a) IPF orientation map of the deformed sample + AA 160 °C, and corresponding grain boundaries misorientation distribution plot. The inset shows the
schematic illustration of the sample location. (b) Bright field TEM and (c—e) HRTEM micrographs. BF images were collected with the objective aperture inserted to
increase the contrast and to reveal the precipitation distribution after aging. The insets in the micrographs are the FFTs showing the <100> orientation of the Al grain
together with the reflections of the precipitates. In (d) the reflections are denoted by red circles for Al and by green circles for the p’ phase. The inset is OR of the
precipitate to the matrix. (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.)

3.3. X-ray diffraction analysis

As mentioned above, the EBSD study revealed a gradient in grain size
along the sample radius which is explained by the inhomogeneous strain
distribution at HPTE [15]. Analysis of the XRD profiles has been used to
determine the lattice parameter of the Al-based solid solution (a) and to
estimate the dislocation density (A) in different parts of the sample [21].
Fig. 14 presents the XRD patterns of the deformed and aged samples
collected at the center and the middle radius. Note that only Al re-
flections are present and no peaks for the precipitates are detected due to
their low volume fraction and small size. The results of the XRD profiles
analysis are summarized in Table 4. Taking into account the step size
value, pattern range and the signal to-noise-ratio, the relative mea-
surement uncertainty of the lattice parameter is estimated to be ~4 x
1074 A [35]. The details of the error estimation can be found in the SI.

The results of the XRD patterns evaluation by means of CMWP are

shown in Fig. S2. According to the data obtained, no noticeable de-
pendency of dislocation density on the distance from the sample center
is revealed. The value is about 6 x 10'* m~2 at the mid-radius and 8 x
10 m~2 in the center of the sample. The dislocation density decreased
slightly to (3 + 5) x 10** m~2 after AA due to thermal recovery, but its
magnitude remains at a rather high level (see Table 4). We also
measured the dislocation density by means of the interception method
using the HAADF STEM images of the deformed sample + AA 130 °C.
This gave us a similar value of around 6.6 x 10'* m~2 for the mid-radius
region (Fig. S3).

The measured lattice parameter of the quenched sample is ~4.0574
A. The a value after HPTE deformation is marginally decreased (see
Table 4). A significant decrease in the Al lattice parameter was found for
the samples after AA. The lattice parameter after deformation in the
center of the sample is ~4.0571 A and after aging at 130 and 160 °C, it
decreases to ~4.0561 A and 4.0541 A. The decrease of the lattice
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fraction

Fig. 11. HAADF-STEM image and EDS elemental maps for Al, Mg, and Si of the deformed sample after aging at 160 °C. The maps were collected for Al grains in
[001] zone axis orientation. The scale bar is 50 nm. Distribution of the Mg/Si ratio of the intra-granular precipitates.

Table 3
Parameters of the alloy structure based on TEM-DF and 4D-STEM
measurements.

Precipitate density,
-3

Processing conditions Averaged particle diameter,

nm m
V3W1 + AA 130 °C 1.4 1.5 x 10%
48h
V3W1 + AA 160 °C 2.2 2.2 x 10%
10h

parameter is associated with the segregation from the solid solution.
4. Discussion

The strength and electrical conductivity of an alloy is closely related
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to the microstructural characteristics. Below we discuss in detail the
mechanical properties, evolution of the microstructure of the A6101
alloy and the individual contributions responsible for changes in
strength and electrical conductivity considering their relationship with
the observed structural differences.

4.1. Mechanical properties

As can be seen from our measurements (see Fig. 2a), the hardness
profile along the diameter for samples in the as-deformed state and after
AA at 130°C shows a V-shape, typical for materials after treatment by
means of HPT. From this point of view, the hardness behavior of the
AA160-10h sample is not quite usual; the sample demonstrates an
almost constant hardness value along the radius from the center to its
edge. In general, hardness is predominantly influenced by two key pa-
rameters: 1) the density of defects, such as grain boundaries and

EI av=2.2 nm

Number fraction

1 2 3 4 5 6
Precipitation diameter (nm)

Fig. 12. Precipitates diameter distribution for the samples after AA at (a) 130 °C and (b) 160 °C.
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Fig. 13. EDS elemental maps for Al, Mg, and Si of deformed sample after AA at (a) 130 °C and (b) 160 °C demonstrating the formation of PFZ and Mg/Si distribution

plot for the particles precipitated at grain boundaries.
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Fig. 14. XRD diffraction patterns of the HPTE-processed sample followed by AA collected at its (a) central and (b) mid radius part. The inset shows enlarged

(311) peak.

Table 4
Dislocation density and lattice parameters evaluated from the XRD profiles using
the CMWP method.

Sample Dislocation density (m~2) Lattice parameter A)
Center Mid-radius Center Mid-radius

Quenched ~10°-10"! [30] 4.0574

V3W1 8 x 10 6 x 10 4.0571 4.0569

V3W1- AA 130 °C 4 x 10" 3 x 10" 4.0561 4.0561

V3W1- AA 160 °C 5 x 1014 4 x 10 4.0541 4.0518

Accuracy: +30 % Accuracy: +0.0004 A
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dislocations, generated during deformation, and 2) the size and volume
fraction of precipitates formed during AA. Since the grain size (see EBSD
maps in Figs. 6, 8 and 10) and dislocation density (see Table 4) for the
samples in as-deformed state and in the state after AA at 160 °C are
close, precipitates play the main role in the hardness leveling-off
behavior. We did not conduct detailed studies of the precipitates char-
acteristics in the central part of the samples. A meaningful statistically
reliable analysis is limited by the fact that the aluminum grains in the
central region of the samples are very large. Therefore, further extensive
research beyond the scope of this article is necessary to comprehensively
consider this aspect.

Additionally, the formation of precipitates at grain boundaries can
create PFZs along the boundary line, leading to some degree of softening
in the sample. Typically, the grain boundary precipitates have less effect
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Fig. 15. Schematic illustration of microstructure evolution of 6101 Al grade after quenching and during the HPTE followed by AA in the mid-radius region of the
sample. HPTE induces a high dislocation density resulting in grain refinement and the formation of dislocation walls; GP zones are observed in Al grains. Annealing at
130 °C leads to the precipitation of particles and development of PFZs. Raising the annealing temperature to 160 °C causes an increase in size of both the precipitates
and the PFZs. The background color indicates the concentration of solutes in the matrix. (For interpretation of the references to color in this figure legend, the reader

is referred to the Web version of this article.)

on the hardening behavior compared to intra-granular particles due to
less coherence. With larger grain size in the sample center, a larger
fraction of precipitates forms inside the grains, thereby contributing
more significantly to hardening. The influence of these precipitates can
be seen also in tensile test. From the data in Tables 1 and it is clear that
the samples after AA demonstrate higher strength characteristics and
lower uniform elongation compared to the deformed sample. The
presence of intermetallic phase particles in the structure leads to an
increase in the strength of the material while simultaneously reducing
ductility [36,37]. The effect of precipitates on plasticity may depend on
a number of factors, such as their size, lattice alignment to the matrix
material, the number density of these precipitates, and the uniformity of
their distribution in the volume of the sample. The studies we carried out
confirmed the strengthening effect of the secondary phase formed after
AA. From the data in Tables 1 and 3, the strength of the
V3W1-AA130°C48h sample is lower than that of V3W1-AA160°C10h
due to the lower precipitates number density and their smaller size. An
additional decrease in ductility in aged samples is also associated with
the formation of a PFZ along the grain boundaries. This leads to the
appearance of structural inhomogeneity and contributes to premature
fracture [38].

A potential explanation for the increased ductility observed in
V3W1-AA160°C10h compared to V3W1-AA130°C48h may lie in the size
of the precipitates and their coherence with the aluminum lattice. Peng
et al. reported through large-scale molecular dynamic simulations that
densely dispersed nano precipitates can simultaneously act as disloca-
tion sources and obstacles, providing a balance between deformability
and local hardenability to achieve enhanced ductility [39]. Therefore, it
is plausible to suggest that the size and spacing of precipitates in sample
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V3W1-AA160°C10h may interact more favorably to achieve an optimal
balance between strength and ductility.

4.2. Microstructure and precipitate evolution

Based on the TEM and EBSD results, we can summarize the micro-
structural evolution of A6101 Al at the mid-radius of the sample during
the HPTE deformation followed by AA at different temperatures as
shown schematically in Fig. 15.

Severe plastic deformation of the aluminum alloy leads to a signifi-
cant increase in the dislocation density in the material, however the
structure is not uniform across the deformed rod as can be (see results of
EBSD and XRD measurements). Dislocations are organized in subgrain
boundaries (dislocation walls); the share of LAGB is high and comprises
~ 75-90 % depending on the location in the sample. In the as-deformed
state, no presence of secondary phase particles was detected, but the
formation of GP zones was observed (see Fig. 7b). It is practically
impossible to quantify the volume fraction of GP zones from TEM im-
ages, since they are very small and coherent with the matrix.

The aging of the as-deformed sample did not lead to a noticeable
grain growth or a significant decrease in the dislocation density. It was
expected that the dislocation density would decrease rapidly during
aging due to the high stacking fault energy of Al. However, the presence
of precipitates significantly impedes the motion of dislocations due to
the localized stress fields around the particle. As a result, the motion of
dislocations is blocked, which prevents their effective annihilation
during annealing and a significant dislocation density is retained in the
structure.

The aging process leads to a transformation of GP zones into
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secondary phase particles. During aging at 130 °C, intra-granular pre-
cipitates with an average diameter of ~1.4 nm formed. Observing the
enhanced mechanical strength as depicted in Fig. 5, we can infer that
this improvement is attributed to the semi-coherent characteristics of
the precipitates. They can block dislocation glide effectively, and dis-
locations are the dominant plasticity carriers in crystalline solids [40].
Subsequent aging at a higher temperature (160 °C) led to an increased
size of intra-granular precipitates with a distribution of the Mg/Si ratio
implying the presence of one main phase and other phases of different
composition coexisting (Fig. 11). The increased precipitate size and
density in this state plays a decisive role in a more effective pinning of
dislocations, as evidenced by the high strain hardening capacity of the
material, demonstrated in tensile tests (Fig. 4).

For Al-Mg-Si alloys after solid solution treatment, the common
sequence of phase formation with increasing temperature and aging
time has already been established [41]. First, the solute atoms cluster,
which leads to the formation of GP zones. Then a metastable p"-phase is
formed. This is followed by the formation of p°, U1, U2 and p phases. The
f"-phase is reported to be the most important hardening phase in the
Al-Mg-Si system, but its formation can be suppressed by accumulated
strain [42,43]. In this case, p* dominates dispersion strengthening. The
B-phase, as the last one in this series, is not coherent with the Al matrix
and does not contribute significantly to the strengthening of the material
[44,45]. Recent HRSTEM and ab-initio studies have shown that the most
likely chemical composition of the p"-phase is either Mg4Al3Sis or
MgsAl,Siy, which is energetically more favorable [46]. The results of our
EDX measurements do not allow us to conclude if aluminum is present in
the precipitates, but the measured Mg/Si ratio (Fig. 11) is approximately
1.2, which remarkably fits the latter of the two compounds. We deter-
mined the crystal structure for one of the particles using HRTEM, which
corresponds to the p'phase with the composition MgeSis 3 and Mg/Si ~
1.8 (Fig. 10d). However, it should be noted that a single HRTEM image
may not be representative and the crystal structure of most of the par-
ticles was not determined due to the lack of the well-defined atomic
order.

Nucleation and growth of particles can occur either due to acceler-
ated bulk diffusion of solute atoms or due to their enhanced diffusion
along dislocations. The dislocations present in the structure provide
energetically favorable sites for the nucleation and growth of the pre-
cipitates [47]. It is known that the presence of dislocations increases the
diffusion rate by almost three orders of magnitude compared to that in
the bulk of the material [48].

During aging of the deformed alloy, there is no sequential process for
precipitation of hardening phases, but they coexist at the heat treatment
conditions. The highly defective, non-equilibrium structure of the
formed precipitates is apparently due to the deformation applied during
HPTE [42] and results in the accelerated growth of the particles due to
enhanced diffusivity of the solutes. At the same time, some particles
after aging at 160 °C exhibit a well-defined structure (see, for example,
Fig. 10d).

The precipitation of the secondary phase particles is associated with
the decomposition of the supersaturated Al-based solid solution. This
process can be monitored by changes of the Al lattice parameter. In the
deformed sample, as well as in the sample after subsequent AA, the
lattice parameter is smaller in the mid-radius region compared to the
center. As the AA temperature increases, the lattice parameter continues
to decrease. Thus, based on the XRD analysis, we can conclude that the
content of solute atoms in the solid solution decreases and this effect is
more pronounced at the mid-radius compared to the center of the
sample. This is explained by the higher applied strain, and, conse-
quently, an increased concentration of defects, which contribute to an
increase in the diffusion mobility of solutes.

Accelerated grain boundary diffusion gives rise to the formation of
phases with higher Mg/Si ratio and PFZs along the grain boundaries (see
Fig. 13). The width of PFZs increases with increasing aging temperature.
A comprehensive investigation of the PFZs was not the aim of the
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present study, but PFZs were found for both states of the alloy after AA.
The presence of PFZs in the aged alloys can be essential for the me-
chanical characteristics of the material, since they are a limiting factor
for the ductility. Previous studies have shown that PFZs are softer close
to grain boundaries and upon deformation tend to localize stress and
cause premature failure [49]. The study in Ref. [50] showed that the
width of the PFZ is an important parameter; a narrow PFZ can promote
strain localization, which leads to faster nucleation of voids and growth
of particles at grain boundaries.

In addition, the presence of nano-sized precipitates within the grain
can have a detrimental effect on ductility by promoting the development
of dislocation pile-ups in their vicinity. Consequently, this phenomenon
leads to stress concentration and microcracks [39]. However, the same
precipitates play a crucial role in enhancing the accumulation of dislo-
cations within the material. As a result, they significantly improve the
strain hardening capacity of the material. This effect is evidenced by the
enhanced uniform elongation in the HPTE processed sample after aging
at 160 °C, which reveals a remarkable capacity for dislocation storage in
this particular state.

It is worth noting that, given the grain size, grain boundary pre-
cipitates only slightly affect hardness and electrical conductivity, while
intra-granular precipitates are the main strengthening factor [51]. In
general, it can be said that despite the presence of PFZ, the obtained
samples exhibit a high level of plasticity.

Thus, we can conclude that after AA at 160 °C, the material dem-
onstrates the highest EC value along with a reasonable ductility (Figs. 3
and 4). This result is achieved in total due to the formation of intra-
granular precipitates and the effect of solid solution purification. It
can be clearly stated that the ability of HPTE to subject specimens to
different strain makes it possible to tailor defect densities to tune me-
chanical strength and EC.

4.3. On the origin of strength and EC improvement after AA

The application of A1-Mg-Si alloys as overhead conductors requires a
combination of both high strength and high EC. Grain boundaries, dis-
locations, precipitates and solutes lead to strengthening of the material,
but impair EC. Therefore, the trade-off between electrical and me-
chanical properties is a bottleneck in the tailoring the alloy properties. In
this study, we demonstrated that these two characteristics can be
increased simultaneously within a certain range of AA temperatures, as
shown in Fig. 2. The measurements of the properties after HPTE and
subsequent aging at 130 and 160 °C showed improved mechanical and
electrical properties in both cases (Fig. 3). The best results were obtained
for the deformed sample after AA at 160 °C, which demonstrates a
noticeably increased EC while maintaining a high level of microhardness
and tensile strength. This behavior is associated with the formation of
secondary phase particles inside the Al matrix, as shown by TEM study
(see Figs. 9 and 10). After AA at 160 °C, the precipitates are larger in size
and more densely packed than after AA at 130 °C. Changing the particle
size has two mutually exclusive effects on the strength of the sample.
Larger particles, either coherent or semi-coherent, are more effective at
impeding dislocation glide because dislocations require more force to
overcome the obstacle; accordingly, the material has greater strength.
The mechanism by which dislocations overcome a particle, i.e., passing
through it or bending around it and form an Orowan dislocation loop,
depends on its and the degree of coherence with the matrix. On the
contrary, a sparser distribution of particles results in reduced number of
blocking points and, accordingly, a decrease in strength. Since the
overall strength of the material increases, we can conclude that the first
of these two processes predominates.

With regard to EC, it is well known that it is directly proportional to
mean free path of conducting electrons. All factors disturbing the free
electron path will increase the resistivity. The mechanism behind it is
scattering of free electrons by thermal lattice vibrations and by lattice
defects such as grain boundaries, dislocations and solute atoms.
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Fig. 16. Comparison of the measured strength and the modeled values for the as-deformed sample and after AA at 130 and 160 °C based on the measured structural
characteristics. Different colors show the contributions from different mechanisms. (For interpretation of the references to color in this figure legend, the reader is

referred to the Web version of this article.)

Formation of GP zones in the deformed samples reduces the EC, since
they scatter electrons strongly due to lattice distortions. The improved
EC after AA stems from purification of the matrix from dissolved atoms
and removing coherent clusters (GP zones) by transformation to semi- or
incoherent particles. TEM results indicate that the rapid increase in
conductivity correlates with the precipitation of hardening phases [52].
With increased aging temperature, the phases grow by consuming the
dissolved atoms from the matrix [48], which results in the increased EC.
Although the precipitates can hinder the movement of conducting
electrons and potentially degrade the EC, their impact is relatively minor
compared to solutes. The reduced concentration of solute atoms signif-
icantly enhances the likelihood of electrons passing through the matrix
without scattering. As discussed above, dislocations enhance the diffu-
sivity of solutes atoms and cause a more rapid depletion of Mg and Si
solute content in the matrix, ultimately resulting in increased EC. This
result is confirmed by XRD measurement (Fig. 14). The decrease in so-
lute concentration in the Al-based solid solution is associated with the
formation of secondary phases that consume alloying elements (Mg and
Si), which leads to a decrease in the lattice parameter. A similar corre-
lation between the change in the lattice parameter and the magnitude of
the electrical conductivity has already been reported in previous studies
[53,54].

4.4. Strength modeling based on microstructural parameters

Strength and EC can be modeled based on microstructural features.
The model for the deformed sample aged at 160 °C is presented here as it
shows the best tradeoff relationship between strength and EC. The
modeling parameters for other states can be found in SI and the
modeling results are shown in Fig. 16. Several strengthening mecha-
nisms are known for the metallic materials. These are precipitation or
age hardening, solid-solution strengthening, dislocation or work hard-
ening, and grain-boundary (Hall-Petch) hardening. By modeling the
mechanical strength with different hardening mechanisms, it is possible
to estimate the yield strength of an alloy in a given state, assuming that
the contribution of each mechanism is additive:

(€8]

SS
Siotal = Of Al + Odis +Oprec + OGB + Z C;

Here, o5 a1 is the friction strength of pure Al and ogis, Oprec, 0GB, a?s
represent dislocation hardening, precipitation hardening, Hall-Petch
effect, and solid-solution strengthening. The yield stress of the
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aluminum matrix is around 35 MPa according to the data for annealed
pure 1100-O aluminum [55].

The Bailey-Hirsch relationship can be applied to estimate the
contribution of dislocations to the strength [56]:

64is = OMGbA 7 )

where a = 0.3 is a dimensionless constant for Al, G = 26.9 GPa is the
shear modulus of Al, and b = 0.29 nm is the Burgers vector of 2<110>
full dislocations in the Al lattice [57]. M is the Taylor factor, which was
determined from EBSD datasets. The Taylor factors for different alloy
states are shown in Table S3. The dislocation density A for the deformed
sample after AA at 160 °C was estimated to be ~4 x 10'* m~2 by means
of X-ray line profile analysis (see Table 4) with an accuracy ~ 30 % [21].
Therefore, the contribution of dislocations to the yield strength is ca.
120 + 20 MPa.

The well-known Hall-Petch equation can be used to estimate
contribution from grain boundaries to the strength [58]:

3

where kyp is a Hall-Petch constant taken as 0.06 MPa-m'/? [59] and d is
the average grain size. The grain size at mid-radius differs in normal and
longitudinal section of the sample. However, average value of 6 pm was
considered, which led to Aogg = 24 + 6 MPa.

The strength contribution from the secondary phase precipitates cprec
is caused by either shearing or bypassing of the particles by dislocations,
depending on their size. According to the methodology described in
Refs. [9,14,30], the increase in yield strength is related to the average
strength of an obstacle F. They considered all precipitates to be
non-shearable, however there was not enough justification provided for
this assumption.

In our study, the particle size distribution exhibits a bimodal char-
acter (Fig. 12b). First, we considered the part with a smaller size as
shearable, and that with a larger size as non-shearable. To calculate their
contributions to the strength the corresponding formulas were used:

For shearable particles [30].

VN-r-F¥2,

—12
66 = kypd ",

thear _ M
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with G and b being defined as above, f is a constant (f = 0.28), r is the
precipitate radius. N is the number of particles and the obstacle strength
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for shearable precipitates is determined to be F = 23Gb?(r /r.) with r,
being the transition radius between particle shearing and bypassing.
This term is usually considered to be 2.5 nm [30].

For non-shearable particle the Orowan mechanism is active and the

_ 2MpGb
=L

corresponding strength can be calculated using o9rowen , where

prec
M, B, G and b were defined above. L is inter-particle spacing, which was
calculated as L = N~ 173 [9].

It is important to mention that the contribution of the precipitate
hardening to the yield stress is decisive. It directly depends on the par-
ticle number density; therefore, counting accuracy is critical. Accurate
determination of the particle density is challenging due to factors like
sample thickness variation, non-uniform distribution, and low pre-
cipitates image contrast, leading to notable counting errors. Only a
fraction of the precipitates is visible in dark-field images, viz. those
whose diffraction beams pass through the objective aperture. We
calculated the particles number density using the 4D-STEM dataset,
allowing us to create virtual apertures to take into account the signal
from all particles in the field of view.

Shearable particles make up ~93 % of N and give ~81 + 53 MPa
gain in strength; the remaining 7 % are considered as non-shearable,
providing a contribution of ~318 + 36 MPa to the yield strength. It is
evident that this contribution to the strength is significantly over-
estimated. One plausible explanation for the overestimation lies in the
uncertain nature of particles in the deformed state after AA at 160 °C.
Based on our observations, it has been determined that a vast majority of
precipitates, ~90 %, exhibit partially disordered or defective structures.
This structural characteristic can potentially facilitate dislocation cut-
ting through the particles, even if their size exceeds a critical threshold.
In addition, the threshold for the particle size for the transition from
shearable to non-shearable was made for a very specific alloy, and for
the material studied in this work it may be different. Therefore, we as-
sume these larger particles also to be shearable, which gives ~112 + 45
MPa. In total, this yields 193 + 70 MPa contribution to the strength.

Solid solutions strengthening arises from variations in atom size
between the Al matrix and solutes. This variation results in the creation
of a long-range stress field that influences dislocation glide. The
contribution from solid solution strengthening to the yield stress can be
written according to Myhr et al. as [14].

o =kiC;", 6)
here o; is the strengthening contribution of solute i, k; is a scaling factor
for solute i (kyg ~ 29 and kg; ~ 66.3 MPa (wt. %)’2/3), and C; is the
concentration of solute i in wt. %. The EDX analysis may not be a reliable
method to determine the remaining amount of Mg and Si in the Al-based
solid solution; due to their low concentration, this method leads to a
high measurements inaccuracy. The most dependable approach instead
would be to use Vegard’s law. However, the available data for ternary
alloys only provide lattice parameter vs. solute concentration relations
for some specific Mg/Si ratios in Al-Mg-Si alloys. Furthermore, based on
the data available the mutual influence of Si and Mg content is not a
linear function of their total amount [60]. We estimated the residual
concentration of solutes based on the volume fraction of secondary
phase particles, and on the amount of substance needed for their for-
mation. This procedure is described in more detail in the SI. With the
determined residual Si and Mg solid solution concentration of 0.73 +
0.01 and 0.2 + 0.01 %, their contribution of the solid solution to the
total strength of the alloy is 63 + 30 MPa.

The calculated yield strength of the deformed 6101 Al alloy after AA
at 160 °C according to Eq. (1) is 435 £ 77 MPa. The predicted value of
Orotql turned out to be overestimated compared to the measured value
(375 MPa). Several factors contribute to the discrepancy between the
calculated and experimental values of the yield strength. Firstly, an
inaccurate estimate of the contribution from solid solution strength-
ening is notable. This inaccuracy is linked to errors in determining the
residual concentration of solutes, which does not take into account the
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precipitates at grain boundaries. Additionally, another source of error
here relates to the estimation of average particle composition performed
using APT (data are not included in this study). Significant local
magnification artifacts in the APT measurements lead to inaccurate
determination of aluminum content in nano-size precipitates, and ulti-
mately to quite high error in determination of solutes concentration.
Secondly, it should be noted that the contribution to yield strength from
precipitation hardening is directly proportional to the square of the
particle size. As demonstrated, the secondary phase particles in the alloy
exhibit a core-shell structure (Fig. 10d). In this context, the shell can be
considered a transitional layer between the central part of the particle
and the Al-based solid solution, possessing properties distinct from the
core concerning resistance to dislocation glide. Consequently, including
the particle shell in the calculation of dispersion strengthening can lead
to a significant overestimation of the contribution of this mechanism.
Thirdly, the modeling was conducted using microstructure data ob-
tained at the middle of radius of the sample. However, the central part of
the sample also influences the overall tensile strength. Therefore, the
microstructure gradient across the sample from the center to the mid
radius, introduces some inaccuracy in the strength modeling.

The summary of the contribution of microstructural features to
strengthening in this model is presented in Fig. 16 for all three states.
The structural characteristics for the deformed sample and after artifi-
cial aging at 130 °C are mentioned in Table S1.

4.5. EC modeling based on microstructural parameters

All strengthening mechanisms discussed above cause lattice distor-
tions that affect the electrical resistivity of metals and alloys. The Mat-
thiessen’s rule [61] is used to take into account the influence of
microstructural characteristics on the electrical resistivity. The total
electrical resistivity piorq1 can be described as a sum of the contributions
from each individual mechanism:

Pprec sol 50
Prowas =Par + DPyis + ScePos + m + Z 'y, @)

where py; is the resistivity of the ideal Al lattice; ps; was assumed to be
2.79 x 107 Q-cm, measured for AA1350-O at room temperature
(equivalent to 61.8 %IACS) [9]. The other terms in Eq. (2) stand for the
contribution from dislocations, grain boundaries, solute atoms and
precipitates. pg;; and pgg were determined to be 2.7 x 1072 Q-m® and
2.6 x 10716 O.m? in Ref. [62]; A is the dislocation density, which was
obtained by X-ray diffraction data (Table 3), and Sgp is the fraction of
the grain boundary area. In this study, a Kelvin tetrakaidecahedron
model has been used as the best one to fill the space with full density
[63]. Based on this model, for a material with an average grain size d,
Sp can be calculated as 3.3/d. With this, the contribution of dislocations
and grain boundaries to the electrical resistivity are 9 x 10~ Q-cm and
2 x 10”8 Q-cm. These values are several orders of magnitude lower than
the resistivity of pure aluminum. Therefore, the contribution of these
two mechanisms can be ignored.

The contribution from the precipitates ( :;’(L)) was calculated based on

the method described in Ref. [62]. In this approach, ppre. Was deter-
mined to be 12 Q-nm*? and L represents the inter-particle spacing in
nanometers. which is calculated as L = N~1/3 as described in the pre-
ceding section, yields values of 17 + 1 nm for small precipitates and 41
nm for larger precipitates, in agreement well with (HR)TEM micro-
graphs. Since the number of large particles is low, it is difficult to sta-
tistically estimate the error associated with the inter-particle spacing.
Therefore, the precipitates’ contribution to resistivity was quantified as
0.47 x 1078+ 1.1 x 107 Q-cm.

The corresponding factors in Eq. (2) for the Mg and Si solutes were

taken from Ref. [14]: p¥ = 0.445 x 1075, and pS, = 0.496 x 10°°

sol
Q-cm/at. %. The addition to the total resistivity from the solute atoms
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. B Measured resistivity
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Fig. 17. Comparison of the measured and the modeled resistivity values based on the structural characteristics for the samples in as-deformed state and after AA at
130 and 160 °C. Different colors show the contributions from different mechanisms. (For interpretation of the references to color in this figure legend, the reader is

referred to the Web version of this article.)

was estimated around 0.45 x 107 + 0.3 x 107% Q.cm.

Thus, the total electrical resistivity was determined to be 3.71
pQ-cm. The corresponding EC value can be calculated as EC (%IACS) =
172.4/p,o(ucm) = 46 + 3.7 % IACS [64].

The source of discrepancy between measured and modeled values
mentioned in strength modeling also affects resistivity modeling.
Furthermore, for modeling the resistivity, we used the values measured
for the mid-radius of the sample, whereas the experimental resistivity
represents the average value for the entire sample. The comparison of
the measured and calculated values of resistivity in three structural
states is plotted in Fig. 17. The presence of impurities in the solid so-
lution has a greater influence on the resistivity compared to the influ-
ence of precipitates.

5. Conclusions

Fine grained Al alloys were fabricated from a commercial Al 6101
alloy using HPTE. The microstructure, mechanical properties and elec-
trical conductivity after processing and subsequent AA were compre-
hensively investigated. The following conclusions can be drawn:

e Samples processed by HPTE followed by AA at 160 °C for 10 h
showed the best combination of yield strength (375 MPa), hardness
(125 HV), uniform elongation to failure (~5 %), and EC (53 % IACS
%), significantly improved compared to the standard T81 Al alloys
used for electrical conductors with HV ~ 90 and EC ~ 54 %. Thus, a
high strength — high conductivity state of the Al-Mg-Si alloy was
successfully produced.

During AA, the formation of nano-scale precipitates occurs with the
particle size increasing with aging temperature. This precipitation
process is accompanied by purification of the Al-based solid solution.
The mechanism behind the formation of a high strength — high
conductivity structural state involves the mutual action of nano-
scaled secondary phase particles and purification of the solid solu-
tion. The processing conditions were optimized to adjust the size and
particle density of the hardening phases and the degree of purifica-
tion of the Al-based solid solution.

The measured EC and yield strength values are in good agreement
with the quantitative estimate of the respective values determined
based on the contribution of different structural defects.
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