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A B S T R A C T

Dislocations in ceramics at room temperature are attracting increasing research interest. Dislocations may bring 
a new perspective for tuning physical and mechanical properties in advanced ceramics. Here, we investigate the 
dislocation density dependent micromechanical properties of single-crystal SrTiO3 by tuning the dislocation 
densities (from ~1010 m-2 up to ~1014 m-2). Using micropillar compression tests, we find the samples exhibit a 
transition from brittle fracture (if no dislocation is present in the pillars) to plastic yield (with pre-engineered 
dislocations in the pillars). Within the regime of plastic deformation, the yield strength and plastic flow 
behavior exhibit a strong dependence on the dislocation density. The yield strength first decreases and then 
increases with the increase of dislocation densities. Detailed examination via post-mortem transmission electron 
microscopy reveals a complex evolution of the dislocation structure, highlighting the critical role played by 
dislocations in regulating the brittle/ductile behavior in SrTiO3 at room temperature. Our findings shed new light 
on dislocation-mediated mechanical properties in ceramics and may provide designing guidelines for the pro
spective dislocation-based devices.

1. Introduction

Functional ceramics are widely used for energy storage, electronic 
devices, and catalysis [1–3]. However, their applications are often 
limited by the intrinsic brittleness of ceramics due to the strong ionic 
and/or covalent bonding. Continuous efforts have been made over de
cades to achieve plastically deformable ceramics but yielded little suc
cess except at small scales. Recent studies demonstrated that bond 
switching at coherent interfaces facilitates stress-induced phase trans
formation in Si3N4 ceramic and enables 20 % plastic deformation at 
room temperature but is limited to the nano-/microscale [4]. Addi
tionally, by constructing a metal-ceramic interface structure between 
Mo and La2O3, the dislocation transfer (borrowed-dislocations) is real
ized in the La2O3, achieving ~40 % tensile plastic deformation during in 
situ small scale testing [5]. Another material system that exhibits 
room-temperature plasticity is ZrO2-based ceramics, owing to the phase 
transformation upon stress activation [6]. Nevertheless, 
dislocation-mediated plastically deformable ceramics, particularly at 
room temperature and at macroscale, remain largely unattainable 
except for alkali halides e.g. LiF [7], MgO [8] with rock-salt structure, 
and perovskite oxides SrTiO3 [9], KNbO3 [10], and KTaO3 [11], all 

experimentally verified by bulk compression.
To achieve dislocation plasticity in ceramics at room temperature, 

crack formation must be avoided by circumventing dislocation nucle
ation, which requires much higher shear stress. Mechanical deformation 
is one of the most common methods for engineering dislocations [12]. 
This is often not achieved, particularly for bulk ceramic samples, before 
the load exceeds the fracture strength of the samples [12]. To avoid 
cracking while promoting dislocation plasticity, it is common to adopt 
high-temperature deformation, where thermal activation facilitates 
dislocation generation and motion. For instance, single-crystal TiO2 and 
Al2O3 exhibit a room-temperature compressive strain of approximately 
10 % and 7.5 %, respectively, after preloading and deformation at 
elevated temperatures, correlated with the enriched dislocation density 
induced during pre-deformation at high temperature [13].

Alternative to high-temperature deformation and conventional bulk 
deformation for dislocation imprinting [14,15], room-temperature 
near-surface processing techniques such as surface grinding [16], 
nanoindentation [17], and cyclic Brinell indentation [18] have proven 
feasible for introducing dislocations. First of all, surface grinding creates 
dislocations with a gradient in the near-surface region of 1~5 μm in 
depth, producing a dislocation density ranging from ~1013 m-2 and 
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higher as in the case of SrTiO3 [16,19]. However, precise control of 
dislocations using this method remains unfeasible for surface grinding, 
and the depth of dislocation-rich regions is limited to the skin area of the 
sample. Second, nanoindentation offers a solution for applying localized 
high shear stress to nucleate dislocations within a small volume. Many 
studies have explored nanoindentation-induced dislocations in various 
ceramics at room temperature, such as BaTiO3 [20], ZnO [21], MgO 
[22], and SrTiO3 [23,24]. Often, spherical indenters are preferred to 
minimize stress concentration at the sharp edges as in Berkovich 
indenter. In this regard, understanding the competition between dislo
cation activation and crack formation has been a key focus, particularly 
concerning the critical indenter tip radius for various oxides [17]. 
However, the drawback of nanoindentation tests lies in their very 
localized plastic zone and dislocation distribution, typically spanning 
only several microns in depth and width. To overcome these limitations 
to further increase the plastic zone size as well as the dislocation density, 
Okafor et al. demonstrated a cyclic indentation method, using a milli
meter sized Brinell indenter, to generate a large and crack-free plastic 
zone in SrTiO3 [18]. By adjusting the cyclic loading number, tunable 
dislocation densities have been achieved ranging from ~1012 m-2 to 
~1014 m-2 in SrTiO3 and KNbO3, with plastic zone size of ~150 μm in 
depth and width [18,25].

The successful engineering of dislocations into ceramics has led to 
studies of the dislocation-tuned mechanical properties. For instance, 
Okafor et al. and Preuß et al. evaluated the Vickers hardness as a func
tion of the dislocation density, and observed an increase in the micro- 
hardness as the dislocation density increases [18,26]. As indentation 
tests are accompanied with a complicated stressed field, to avoid this 
complexity, Fang et al. [19] used the surface grinding technique 
described above and tested two extreme cases: pillars with no disloca
tions and with a mechanically seeded dislocation density of ~1014 m-2 in 
the skin area of single-crystal SrTiO3. It was demonstrated that micro
pillars (with a diameter of ~4 μm) without dislocations fractured in a 
brittle manner, while the pillars with mechanically seeded dislocations 
deformed beyond 20 % plastic strain.

However, the two extreme conditions probed by Fang et al. [19] 
leave an open, pertinent question: how would the dislocations with 
various densities affect the strength of ceramics, provided that the 
dislocation densities can be tuned? Considering the hardness and yield 
strength relation in metals [27], one might expect the yield strength to 
increase with increasing dislocation density in ceramics. To address this 
question, we use single-crystal SrTiO3 as a model material to evaluate 
the dislocation density dependent yield strength. SrTiO3 is the first 
perovskite oxide reported with room-temperature bulk plasticity [9], 
and tunable dislocation densities [18]. The choice of single crystals al
lows us to examine the impact of dislocations on the mechanical prop
erties without the complexity caused by grain boundaries.

Here, we adopt the Brinell cyclic scratching method [28] to generate 
large, crack-free plastic zones with tunable dislocation densities (from 
~1010 m-2 up to ~1014 m-2) in the single crystal SrTiO3. The length of 
the plastic zone (scratch track) extends to several mm depending on the 
sample size to allow for sufficient space for testing at a later stage. 
Micropillars were then prepared using focused ion beam (FIB) within the 
scratch tracks and tested during compression to directly correlate 
dislocation density with the micromechanical response. Post-mortem 
TEM (transmission electron microscopy) was used to reveal the dislo
cation structure inside the micropillars to shed light on the deformation 
behavior.

2. Materials and methods

2.1. Materials preparation

Undoped, single-side polished (001) SrTiO3 single crystals (Hefei 
Ruijing Optoelectronics Technology Co., Ltd., Anhui, China) with di
mensions of 5 × 5 × 1 mm3 were used. The reference crystals have a low 

initial dislocation density (~1010 m-2, with an average dislocation 
spacing of ~10 μm). Dislocations were introduced analogously to a 
previously established procedure [28], using a wear testing machine 
(Rtec, MFT2000, UK) equipped with a spherical indenter (Al2O3 ruby 
sphere, 3 mm in diameter) for surface scratching. The SrTiO3 sample was 
affixed to a stainless-steel plate using crystal bond and positioned on a 
mobile stage capable of precise movements along the x and y axes (ac
curacy of 0.01 mm). Lubricant (polydimethylsiloxane methyl silicone 
oil) was used to minimize wear-induced crack initiation. The scratching 
was performed under a normal load of 9.5 N, with a lateral scratching 
speed of 0.2 mm/s and a wear track length between 1 and 2 mm, along 
the 〈100〉 direction. Scratch cycles were conducted at intervals of 1 ×, 5 
×, 20 ×, and 50 × (with × representing the number of passes). Before 
the scratching started, the spherical indenter was gently brought into 
contact with the sample surface, with the load gradually increasing to 
9.5 N over 10 s. During the scratching process, the load was maintained 
at a constant 9.5 N.

2.2. Microstructure characterization

Before scratching, a scanning electron microscopy (SEM, Apreo2 S 
Lovac, USA) equipped with an electron backscatter diffraction (EBSD) 
detector was used to confirm the crystal surface orientation. The oper
ating voltage, current, and step size were 20 keV, 3.2 nA, and 100 nm, 
respectively. The surface morphology of the plastic zone created by 
cyclic scratching was characterized using an optical microscope (HVS- 
1000TM/LCD, Shanghai Optical Instrument Factory, China). Addition
ally, a three-dimensional optical profilometer (Countor GT K, Bruker, 
USA) was used to examine the changes in depth and width caused by 
different scratching passes.

After scratching, TEM specimens were prepared using a dual-beam 
focused ion beam (FIB) in an SEM (Helios Nanolab 600i, FEI, Hills
boro, USA). The TEM samples were lifted out both along and perpen
dicular to the scratching direction from the center of the wear track, 
allowing for better visualization of the dislocation structures from 
different observation perspectives. Scanning TEM (STEM) images were 
captured using a TEM instrument (FEI Talos F200X G2, Thermo Fisher 
Scientific, USA) operating at 200 kV. In the annual dark field (ADF)- 
STEM images, a probe semi-convergence angle of 10.5 mrad and inner 
and outer semi-collection angles of 23–55 mrad were used. For the 
annual bright field (ABF)-STEM images, inner and outer semi-collection 
angles of 12–20 mrad were used. 3D reconstruction of the spatial dis
tribution of the dislocations was conducted using the region after 20 ×
scratching, the lamella was lifted along the scratching direction using 
FIB and milling to ~200 nm in thickness. A tilt series of the ABF-STEM 
images of the dislocation structure were collected with a high-angle 
tomograph holder (Model 2020, Fischione, USA) in the TEM with tilt
ing angles ranging from − 60◦ to +60◦ and step of 2◦ along the [001] 
direction. The tilting series images were then aligned using Inspect3D™ 
software (Thermo Fisher Scientific Inc.) and reconstructed by the 
simultaneous iterative reconstruction technique (SIRT). Avizo 3D™ 
software was then applied to display the 3D dislocation structures.

For dislocation core characterization, TEM lamella (~50 nm in 
thickness) was lifted out from the 20 × scratching track along the 
scratching direction by FIB. High-angle annual dark field scanning TEM 
(HAADF-STEM) imaging was then performed in a double aberration- 
corrected transmission electron microscope (Titan Themis G2, FEI, 
Netherlands) operated at 300 kV. A probe semi-convergence angle of 17 
mrad and inner and outer semi-collection angles ranging from 38 to 200 
mrad were employed.

2.3. Mechanical properties measurement

By testing micropillars with different pre-engineered dislocation 
densities, we directly quantify how dislocations govern strength and 
plasticity at microscale. Micropillars, approximately 1 μm in diameter 
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and 3 μm in height, were prepared by FIB with an ion beam voltage of 30 
keV and milled sequentially with currents of 2.5 nA, 0.79 nA, 0.23 nA, 
and 80 pA. The final fine milling was adopted to minimize the possible 
damage to the micropillar surface. Compression tests were performed on 
micropillars from regions with scratching pass numbers of 0 × (refer
ence), 1 ×, 5 ×, 20 ×, and 50 ×, with each condition repeated 5 times for 
reproducibility. The pillar compression tests were performed on a 
nanoindentation instrument (Hysitron TI950, Bruker, USA) equipped 
with a diamond flat punch indenter (5 μm in diameter). The equipment 
operates with a displacement-controlled mode with a strain rate of 
~10–3 s-1. Note that these pillar compression tests performed outside the 
SEM are useful to rule out any electron beam effect on the deformation 
behavior. After deformation, TEM samples were prepared from selected 
deformed micropillars to investigate the dislocation structure inside the 
pillars.

3. Results & analyses

3.1. Dislocation generation and density tuning

Guided by the hypothesis that dislocation density dictates the me
chanical behavior of single-crystal SrTiO3, we first employ Brinell ball 
cyclic scratching to create large plastic zones with tunable dislocation 
densities (Fig. 1). Contrasting the smooth surface on the reference 
sample with (001) surface (0 ×, Fig. 1a-b), the surface slip traces 
(Fig. 1c-f) become denser and finer as the scratching number increases 
from 1 ×, 5 ×, 20 ×, up to 50 × (note 1 × means one pass). After 1 ×
scratching, the horizontal and vertical slip traces (Fig. 1c) correspond to 
dislocations generated on the {110} planes, inclined 45◦ to the (001) 
surface being scratched. This observation is consistent with the previous 
report on room-temperature indentation in SrTiO3 [18]. The 
cross-sectional profiles of the scratch tracks (Fig. 1 g) show a maximum 
depth of ~400 nm (after 50 × passes) over a wear track width of ~120 
μm, suggesting a normally flat surface. Note that the dislocation pene
tration depth is larger than ~100 μm thanks to the large Brinell indenter, 

Fig. 1. Room-temperature cyclic scratching for mechanically imprinting dislocations into SrTiO3. (a) Reference sample surface. (b) EBSD map confirming the (001) 
surface orientation. (c-f) Optical images of the sample surface after different scratching passes (1 ×, 5 ×, 20 ×, and 50 ×), revealing the surface slip traces. (g) Cross- 
section surface profile of the wear tracks.
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as revealed by the cross-section chemical etching (see Supplementary 
Material Fig. S1).

The slip trace density increase suggests a dislocation density in
crease, as visualized by TEM in Fig. 2c-j. To highlight the dislocation line 
contrast, all ADF-STEM images were collected along the [001] zone axis. 
TEM characterization along (Fig. 2c-f) and perpendicular (Fig. 2 g-j) to 
the scratch direction demonstrates different spatial distribution patterns 
of the dislocations beneath the wear tracks. The dislocation density was 
estimated using the line intercept method, which involves calculating 
the intersections in the TEM images [29]. After 1 ×, 5 ×, 20 ×, and 50 ×
scratching, the dislocation densities are ~1.2 × 1013 m-2, 7.5 × 1013 m-2, 
~1.6 × 1014 m-2, and ~3.3 × 1014 m-2, respectively. For comparison, the 
reference (0 ×) sample (Fig. 2a) is almost dislocation-free within the 
TEM sample. This is consistent with previous measurements made by the 
chemical etching method that revealed a dislocation density of about 
~1010 m-2 in reference samples [23]. The dislocation density as a 
function of the scratching pass number is summarized in Fig. 2b. This 
cyclic scratching method proves to be an effective approach to 

significantly enhance dislocation multiplication, resulting in up to four 
orders of magnitude increase in the dislocation density.

Besides the density change, the dislocation structures also vary with 
scratching passes. After 1 × scratching, dislocations are generated on 
{110} planes, inclined 45◦ to the scratched (001) surface. After 5 ×
cycles, interactions between the dislocations on (101) plane and those 
on (011) plane lead to the formation of 45◦ cross-hatched structures 
(Fig. 2d). With 20 × passes, further interactions between dislocations 
from the (0–11) plane result in 90◦ cross-hatched structures and tangled- 
up dislocations (Fig. 2e). Finally, after 50 × passes, the activation of 
multiple slip planes through dislocation multiplication significantly 
decreases the distance among dislocations, leading to more severe in
teractions and the formation of cross-hatched and cell-like structures 
(Fig. 2f), indicating dislocation cross-slip may have taken place [30]. 
Since screw-type dislocations are important for cross-slip to operate, 
detailed analyses were further performed to reveal the dislocation types 
(screw, edge, or mixed), as demonstrated in Fig. 3 and Supplementary 
Materials Table S1. In Fig. 3a, after 1 × scratching, dislocations 1–4 

Fig. 2. (a) ADF-STEM image of a nearly dislocation-free region in the reference sample. One short dislocation line was indicated by the white arrow. (b) Overview of 
the dislocation densities varying as a function of the number of scratching passes. (c-f) A series of ADF-STEM images showing the distribution of dislocations within 
the samples with 1 ×, 5 ×, 20 ×, and 50 × scratching pass numbers along the scratching direction (i.e., [010]). (g-j) Dislocation distribution inside the samples 
various pass numbers perpendicular to the scratching direction (i.e., [100]).
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(Fig. 3a) are identified as screw type. After 5 × scratching, dislocations 
1–2 (Fig. 3 g) parallel to the sample surface are identified as 35.26◦

mixed type, while the 45◦-inclined dislocation 3 (Fig. 3 g) is a screw 
type.

The previous analyses are all in 2D. For a better understanding of the 
spatial distribution of dislocations, Fig. 4 presents a 3D reconstruction of 
the dislocation networks after 20 × scratching using ABF-STEM 

tomography. Fig. 4a-d and 4f show a part of the tilt ABF-STEM images 
collected at 15◦, 0◦, − 15◦, 30◦ and − 30◦ The 3D reconstruction in Fig. 4e 
and tilt series of ±15◦ (Fig. 4g and 4i) reveal a majority of forest-like 
dislocations lying on the (011) planes and (0–11) planes.

As dislocation core structures are believed to play a critical role in 
dislocation mechanics [31], we used HAADF-STEM imaging, coupled 
with fast Fourier transform (FFT) and inverse FFT (IFFT), to investigate 

Fig. 3. Dislocation analysis after 1 × and 5 × scratching (with relatively lower density for easier analysis). Tilting series of the 1 × scratching induced dislocations: 
(a) along 〈001〉 zone axis, (b) with g=(020), (c) with g=(110), (d) with g=(200), (e) with g=(32–1), and (f) with g=(3–1–1). Tilting series of the 5 × scratching 
induced dislocations: (g) with g=(020), (h) with g=(200), (i) with g =(110), (j) along 〈013〉 zone axis, (k) with g =(23–1), and (l) with g=(13–1).
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the core structures of the dislocations (Fig. 5a-b, d-e, after 20 ×
scratching). Geometric phase analysis (GPA) maps (Fig. 5c, f), generated 
using the FFT pattern, allow for quantifying the strain field around edge 
dislocations. Screw dislocations were not detected here due to the 
common challenge, as end-on imaging exhibits limited sensitivity to 
displacements along atomic columns [32]. Two selected g vectors, g=
− 1–10 and g=− 200, marked with green circles in the FFT pattern, were 
used to compute the strain field in the x direction (εxx). The resulting 
strain maps in Fig. 5c, f revealed areas of tensile strain (red) and 
compressive strain (blue) around the edge dislocations. We identified a 
dislocation dipole consisting of two partial dislocations with opposite 
Burgers vectors (Fig. 5a-b). Such dipole had a separation of approxi
mately 1.6 nm, spanning about three-unit cells. This dipole configura
tion has not been observed before in SrTiO3, and was likely formed 
during the significant dislocation multiplication after 20 × scratching, 
consistent with the role of dislocation dipoles as sources of dislocation 
multiplication [33]. Additionally, climb-dissociated dislocations with 
identical Burgers vectors were observed at the tail of the 45◦-inclined 

dislocation line (Fig. 5d). The climb distance was about 2 nm, consistent 
with previous observation [31]. Both the dislocation dipoles and the 
climb-dissociated dislocations induced compressive and tensile stresses 
around the dislocation cores, as illustrated by the strain maps (Fig. 5c, f).

It is worth noting that, contrasting the grain refinement observed in 
metallic materials due to scratching [34], even the severely deformed 
regions here in single-crystal SrTiO3 remain in single-crystal form with 
such a high dislocation density after 50 × scratching (Fig. 2f, j). This is 
confirmed by a SAED pattern (see Supplementary Materials Fig. S2) in 
TEM analysis. The tunable dislocation densities without the complexity 
of (sub)grain boundaries and the sufficiently large plastic zone size 
allow us to investigate the dislocation density-dependent strength.

3.2. Dislocation density dependent strength in micropillar compression

Subsequent micropillar compression within these regions reveals 
two key regimes: (i) dislocation-starved plasticity at low densities and 
(ii) dislocation entanglement induced hardening at high densities. This 

Fig. 4. ABF-STEM tomography of the dislocations (20 × scratching) viewed at different tilting angles (indicated in each image). 3D reconstructed dislocations with 
the tilting angles: (e) 0◦, (g) 15◦, (h) 180◦, and (i) − 15◦.
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duality underscores the necessity of microscale testing to decouple 
dislocation effects from bulk-scale complexities. The compression tests 
on micropillars with different dislocation densities are presented in 
Fig. 6. In the reference sample (Fig. 6a-d), the micropillar undergoes 
pure elastic deformation up to ~5.3 GPa before a distinct displacement 
jump occurs, caused by brittle fracture. Although shear deformation 
occurs along the {110} plane under the fractured region, no noticeable 
slip bands were formed (Fig. 6d). With a dislocation density of ~7.5 ×
1013 m-2 (5 × scratching, Fig. 6e-h), the micropillar deforms by ~10 %. 
The stress-strain curve (Fig. 6e) shows a flow stress of about 0.9 GPa 
(σ0.2), with significant stress drops observed. The compressed pillar 
exhibits multiple coarse slip bands along the {110} planes (green arrows 
in Fig. 6h). These slip bands correspond to the large stress drops in the 
stress-strain curve (Fig. 6e), indicating dislocation avalanches during 
deformation. As the dislocation density continues to increase, repre
sentative stress-strain curves (Fig. 6i for 20 × and Fig. 6m for 50 ×) and 
post-mortem SEM images demonstrate ~20 % total strain without 
visible cracks. Interestingly, compared to the 5 × pillar with a yield 
strength of ~0.9 GPa, the 20 × and 50 × pillars have higher yield 
strength of ~1 GPa and ~1.5 GPa, respectively.

A noticeable feature in the stress-strain curves is the change in the 
magnitude of the stress drops with increasing scratching passes (hence 
increased dislocation densities, Fig. 2b). For the 5 × pillar, the serrated 
stress-strain curve suggests pronounced dislocation avalanches during 
compression. Similar phenomena for large stress drops have been 
observed in pure Cu and Cu-Al single crystals in micropillar compres
sion, with diameters ranging from 150 to 750 nm [35]. These abrupt 
stress drops are likely caused by the small pillar size and the low 
dislocation density, which facilitate the easier escape of the dislocations 
to the free surface of the pillars. In FCC metals, flow stress is influenced 
by pillar size, dislocation density, and dislocation distribution [36]. 

Generally, pillars with smaller diameters exhibit more pronounced stress 
drops (see further discussion and validation in Section 4), while higher 
dislocation densities result in denser and smaller stress drops [36], 
indicating weaker dislocation avalanche activities due to reduced dis
tance and stronger hindering interactions among adjacent dislocations 
[37]. This is the case for the 20 × and 50 × SrTiO3 pillars (Fig. 6i, m), 
where the serrations become weaker for the 20 × pillar, and almost 
disappeared for the 50 × pillar. This progression suggests a weakening 
of the dislocation avalanches in the micropillars with higher dislocation 
densities. For the 50 × pillar, the homogeneously distributed disloca
tions (see Fig. 2f, j) lead to a continuous and smooth deformation. 
Overall, compared to the reference sample that exhibits 
fracture-dominated behavior, the improved plasticity in the 5 ×, 20 ×, 
and 50 × scratched pillars can be attributed to easier dislocation motion 
and multiplication compared to dislocation nucleation which requires 
much higher shear stress [19].

Now we attend to the pillars in the 1 × scratch track. These pillars 
(Fig. 7) exhibited a stochastic deformation behavior, namely, some of 
them fractured while some yielded. By checking the dislocation density 
after 1 × scratching, this stochastic behavior can be understood: because 
the average dislocation spacing (~1 μm, see Fig. 2c, g) matches the 
diameter of the micropillars, those do not have pre-existing dislocations 
tend to fracture (as the reference sample Fig. 6a-d), whereas the ones 
with scratch-induced dislocations can deform plastically. These results 
emphasize the critical role played by the pre-engineered dislocations in 
controlling the brittle to ductile transition at room temperature. These 
pre-inserted dislocations act as sources for dislocations to further 
multiply and move to carry the plasticity [19].

To further investigate the deformation capabilities, compression 
tests were performed on the 20 × and 50 × pillars until the samples 
fractured. As depicted in Fig. 8, both pillars achieved ~22 % fracture 

Fig. 5. Dislocation core structure analysis. (a) HAADF-STEM image shows a dislocation dipole with opposite Burgers vectors of 1/2 < 110> and − 1/2 < 110>
(indicated by red arrows) on the {110} plane. (b) Corresponding IFFT image for the atomic planes. The inset shows the FFT pattern. (c) Strain field around the 
dislocation dipole in (a). The inset shows the FFT pattern, with two selected reflections (green circle) adopted for geometric phase analysis (GPA). (d) HAADF-STEM 
image depicts two edge-type dislocations with Burgers vectors of 1/2 < 110>{110}. (e) The corresponding IFFT image reveals the atomic planes, demonstrating 
climb-dissociated partial dislocations. (f) Corresponding strain map for (d) around the dislocations. The region of observation is after 20 × scratching.
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strain, with the 50 × pillar exhibiting more severe fracture damage. The 
20 × pillar sheared along the {110} planes, while the 50 × pillar not 
only sheared along the {110} planes but also fractured vertically, 
resulting in several fragments. These observations suggest that an 
excessively high dislocation density may not be favorable for large 
plastic strain, because the strong dislocation interaction (as in the case of 
MgO [8]) and the pile-up of dislocations [23] can cause cracks to form.

As an overview, we plot in Fig. 9 the yield strength of the plastically 
deformed micropillars as a function of the dislocation density. For all the 
reference pillars and some of the 1 × scratched pillars without disloca
tions, the samples fractured and the data is excluded in Fig. 9. The 
detailed mechanical data are summarized in Table S2. Note that the 
yield strength of the micropillars first decreased and then increased as 

the dislocation density increased. First of all, the drop in the yield 
strength in the blue background region in Fig. 9 is attributed to the 
easier dislocation multiplication and motion, once the dislocation 
nucleation barrier is overcome [19]. Second, as the dislocation densities 
are over ~7.5 × 1013 m-2, the yield strength increases (the light pink 
background region in Fig. 9). The increase of yield strength with higher 
dislocation densities is attributed to the dislocation forest hardening, as 
will be discussed in Section 4 using the Taylor model.

Note that such “V-shaped” yield strength change as a function of 
dislocation density has been extensively discussed in metals [38] and 
experimentally validated in single-crystal Cu by Hildebrand [39] 
(although with a much lower dislocation density, ranging from 106 m-2 

to 1010 m-2). However, there exists a large gap between the experimental 

Fig. 6. Representative micropillar compression tests with varying dislocation densities: (a) Engineering stress-strain curve of a reference micropillar. (b) SEM image 
of the micropillar prior to compression. (c) and (d) SEM images showing brittle fracture at the top of the reference micropillar. (e, i, m) Engineering stress-strain 
curves for pillars after 5 ×, 20 ×, and 50 × scratching. (f, j, n) SEM images for pillars after 5 ×, 20 ×, and 50 × scratching, before compression. (g, h) SEM im
ages revealing a crack formed at the pillar top and coarse slip traces for the 5 × pillar. (k, l) SEM images showing much finer and denser slip traces in the deformed 20 
× pillar. (o, p) SEM images depicting smooth slip traces in the 50 × scratching micropillar. The scale bar is 1 μm for all SEM images.
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data and computational simulations in metals with extremely high 
dislocation densities beyond 1016 m-2 [40]. In addition, because signif
icant increase in the dislocation density in metals often leads to grain 
refinement and formation of (sub)grain boundaries, it can complicate 
the analysis of work hardening by dislocations alone. Using oxides with 
varying dislocation densities can be an alternative for future DDD/MD 
(discrete dislocation dynamics/molecular dynamics) simulations.

3.3. Dislocation structure after compression

TEM analyses were performed on two representative micropillars to 
examine the dislocation structure: one subjected to 5 × scratching with 
10 % strain (Fig. 6h) and the other to 20 × scratching with 20 % strain 
(Fig. 6l). TEM lamellae were extracted from the pillar centers (see 
Fig. 10). For the 5 × pillar with 10 % strain, TEM images in Fig. 10a-c 
reveal 45◦ cross-hatched dislocations (dashed lines) with an increased 
density at the top of the pillar, reaching approximately 1014 m-2. The 
pillar’s side surface displayed a zig-zag morphology (highlighted by the 
white arrows in Fig. 10a), corresponding to the coarse slip traces after 
compression (Fig. 6h). The pillar subjected to 20 × scratching with 20 % 
strain exhibited distinct microstructural features. It has a smooth side 
surface (Fig. 10d), reflecting the finer and smoother slip bands observed 
in Fig. 6l. Two prominent high-density dislocation walls were visible, 
confirming the activation of slip on these planes. In the pillar’s top re
gion, dislocation walls were parallel to the sample surface (Fig. 10e), 
while in the middle region, the dislocations were more uniformly 

distributed (Fig. 10f). Viewed from the scratching direction (SD), the 
dislocation structures in the 20 % deformed sample appeared as shorter 
lines and discrete dotted features, in contrast to the longer, continuous 
dislocations seen in the as-scratched sample (Fig. 2).

To further clarify the fracture mechanism in micropillars with high 
dislocation densities (~1014 m-2), TEM analysis on the 20 × pillar with 
22 % strain (deformed in Fig. 8a-d) was performed. Along the scratching 
direction (Fig. 10 g-l), the micropillar predominantly fractured on the 
(0–11) plane (dashed line in Fig. 10 g). A secondary nano-crack ~80 nm 
in length was observed in the 〈110〉 direction (highlighted in Fig. 10h). 
At the top of the micropillar, nano-sized slip traces were observed, 
misoriented by ~10◦ misorientation relative to the primary crack. The 
dislocation density in this region was estimated to be greater than ~1015 

m-2. Due to the strong interactions between dislocations, some of the 
dislocation walls (see Fig. 10l) were bent, exhibiting local pinning/ 
locking with intersecting dislocations. These observations suggest sig
nificant dislocation forest hardening, which was evidenced by the stress- 
strain curves in Fig. 6. The interactions among dislocations contribute to 
pile up, which likely plays a major role in the micropillar’s fracture. This 
TEM analysis suggests that excessively high dislocation densities can 
indeed impair plasticity during pillar compression, consistent with the 
results shown in Fig. 8.

Fig. 7. Micropillars with unevenly distributed dislocations after 1 × scratching displaying stochastic deformation behavior (either fracture or plastic deformations). 
(a, e, i) Representative engineering stress-strain curves. (b, f, j) SEM images of the corresponding micropillars before compression. (c-d, g-h, k-l) Surface morphologies 
of the compressed micropillars observed from different angles. The scale bar is 1 μm for all SEM images.
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4. Discussions

4.1. Size effect in micropillar compression

Unlike metals, a key distinction in the size effect of ceramics is their 
susceptibility to fracture with low starting dislocation densities. In 
dislocation-free micropillars (Fig. 6a-d), dislocation nucleation is the 
limiting process and requires much higher shear stress (e.g., for homo
geneous dislocation nucleation, a shear stress of G/2π is required, with G 
being the shear modulus), rendering ceramic samples prone to fracture 
before plastic deformation can occur except for small pillars [19]. It was 
reported that dislocation-free SrTiO3 nanopillars with diameters less 
than ~180 nm can undergo plastic deformation rather than immediate 
fracture [41]. This phenomenon, coined as size-dependent brit
tle-to-ductile transition, has been observed in other ceramics [19,42] 
and in silicon [43].

Unlike the reported data in ceramic materials [42] focusing on pillars 
with very low dislocation densities, here in Fig. 11, we demonstrate the 

size effect for micropillars with dislocation density of ~1.6 × 1014 m-2 

(20 × scratching). For pillars with diameters of ~3 μm, the yield 
strength is about 0.6 GPa. The yield strength increases to around 1 GPa 
when the diameter is reduced to ~1 μm. An extreme case will be scaling 
up to bulk scale, where abundant data on single-crystal SrTiO3 has been 
collected in literature (briefly summarized in Ref. [44], with the same 
loading orientation [001] as in the current work for the sake of com
parison). The typically reported bulk compression tests have a yield 
strength of ~120 MPa [9,44,45]. This highlights a significant size effect, 
consistent with those reported in metals [46].

We also observe a transition from serrated (~1 μm pillars) to smooth 
(~3 μm pillars) plastic flow as reflected in the stress-strain curves in 
Fig. 11. This suggests that flow stress is influenced not only by dislo
cation density (as both pillars have the same dislocation density) but 
also by the micropillar size. Similar behavior has been reported in Cu 
[47], Ni [48], and LiF crystals [49], suggesting a common phenomenon 
across different materials. At microscopic scale, both the distribution of 
dislocation sources and the stress required to activate the weakest source 
change with the sample volume [49]. As shown in Fig. 11, stress drops 
almost diminish as the micropillar size increases to ~3 μm with the same 
dislocation density. This suggests a reduction in dislocation avalanche 
behavior due to the increased distance for dislocations to escape to the 
free surface and greater difficulty in dislocation emission or escape from 
pinned sources. Consequently, flow stress becomes smoother, and stress 
drops vanish [47,50]. In the ~1 μm micropillar, minor strain bursts are 
observed as the applied stress is sufficient to activate internal dislocation 
or surface sources. When the applied load reaches the critical stress for 
new source multiplication, larger stress drops occur. Such clear stress 
drops in the smaller-sized pillars are also consistent with the hypothesis 
that the dislocations escaped more easily to the free surface, which may 
also have caused such stress drops.

4.2. Work hardening in micropillar compression

Work hardening in ceramics has been much less discussed, primarily 
due to the reason that dislocations were not commonly considered 
relevant in most ceramics, particularly at room temperature. The current 
dislocation-rich samples offer the opportunity to address this point. To 

Fig. 8. Assessing the maximum fracture strain for micropillars with dislocation density exceeding 1014 m-2. (a, e) Engineering stress-strain curve of the 20 × and 50 ×
micropillars both showing ~22 % fracture strain. (b, f) SEM image of the two micropillars before compression. (c-d; g-h) SEM images revealing the fracture mor
phologies of the micropillars. The scale bar is 1 μm for all SEM images.

Fig. 9. Yield strength of SrTiO3 micropillars (~1 μm in diameter) as a function 
of the dislocation densities. The data for the reference pillars and some of the 1 
× scratched pillars that showed fracture behavior is excluded.
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Fig. 10. ADF-STEM micrographs of the deformed SrTiO3 micropillars after compression, with TEM lamellae oriented along the plane defined by the loading direction 
(LD) and scratching direction (SD): (a) Dislocation structures in the 5 × scratched micropillar after ~10 % compression strain (refer to Fig. 6h). (b) Zoomed-in view 
of (a) showing high-density dislocations. (c) Cross-hatched dislocations were observed in the pillar’s middle region. (d) Dislocation distribution in the 20 × scratching 
micropillar after ~20 % compression strain in (refer to Fig. 6l). (e) Magnified view of (d) highlighting two high-density dislocation walls. (f) Increased dislocation 
density in the pillar’s middle region. ADF-STEM images of the fractured pillar (20 ×) after ~22 % compression strain (refer to Fig. 8d). (g) Cross-section of the 
fractured micropillar. (h) Enlarged view showing a secondary nano-crack near the fracture interface. (i) Slip traces at the top of the micropillar, with a ~10◦

misorientation relative to the fracture interface. (j) High-density dislocations in the pillar’s top region. (k) Slip traces observed along the (011) plane. (l) Bent 
dislocation walls caused by the pinning effects.
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avoid the stochastic behavior in the 1 × scratching, we focus on the three 
conditions with scratching passes on 5 ×, 20 ×, and 50 × . To evaluate 
the yield strength as a function of dislocation density during micropillar 
compression, for simplicity, we applied the Taylor hardening relation
ship developed particularly for pillar compression. The Taylor hard
ening formula is given by [51,52]: 

τ = τ0 + αμb
̅̅̅ρ√
+

kμb
λ

(1) 

where τ is the yield strength, τ0 the intrinsic strength of the materials 
(related to the lattice friction stress and long-range internal stress), α a 
constant term factor, μ the shear modulus (~107 GPa for SrTiO3 at room 
temperature) [53], b the length of the Burgers vector (~0.55 nm for 
SrTiO3), ρ the dislocation density, k is a constant, and λ is the average 
source length. Here, we focus on the net increase in the yield strength 
caused by the increase in dislocation density, namely: 

Δτ = τ − τ0 −
kμb

λ
= αμb ̅̅̅ρ√ (2) 

As illustrated in Fig. 12, the Taylor model can capture the net in
crease in the yield strength (with fitted value α = 1.1, black dotted line) 
for the case of 5 ×, 20 ×, and 50 × (corresponding to dislocation density 
of ~7.5 × 1013 m-2, ~1.6 × 1014 m-2, and ~3.3 × 1014 m-2). The indi
vidual values of the net increase in the yield strengths are listed in 
Table S3. The fitted value of α = 1.1 in this study implies the yield 
strengths of the micropillars are proportionally to the square of the 
dislocation density.

5. Conclusion

Using room-temperature cyclic scratching on single-crystal SrTiO3, 
we generated plastic zones in the range of 100 μm in widths and depths, 
with dislocation densities ranging from ~1010 m-2 to ~1014 m-2. This 
approach facilitates the investigation of dislocation-dependent strength 
of oxides. We find that room-temperature brittle to ductile transition in 
micropillar compression of SrTiO3 is mitigated by the pre-engineered 
dislocations, which circumvent dislocation nucleation and promote 
plasticity. In the plastic deformation regime, the yield strength decreases 
first and then increases, analogous to metals. This corresponds to the 
dominating dislocation activities from multiplication to impeded 
mobility caused by work hardening, also reflected in the size effect in 
SrTiO3 pillar compression. Importantly, high dislocation densities 
(~1014 m-2 and beyond) can be counter-effective for dislocation plas
ticity, as fracture of the samples can be induced by stronger dislocation 
interactions and pile-up. These findings highlight the potential of 
dislocation engineering as a useful approach for understanding the 

mechanical properties of ceramics.
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