
Understanding the BCC refractory
multi-principal elements alloys using
thermodynamics and nanoindentation

Zur Erlangung des akademischen Grades eines

Doktors der Ingenieurwissenschaften
(Dr.-Ing.)

von der KIT-Fakultät für Maschinenbau des
Karlsruher Instituts für Technologie (KIT)

angenommene
Dissertation

von

M.tech Silva Basu
aus Kalkutta, Indien

Tag der mündlichen Prüfung: 25.04.2025
Hauptreferent: Prof. Martin Heilmaier
Korreferentin: Prof. Dr. Ruth Schwaiger





Abstract

Understanding the stability of multi-principal elements
alloys (MPEA) is intriguing as the chemistry and elemen-
tal interactions make the thermodynamic and mechanical
properties complex. In order to understand these novel
material systems, the study of the stability of such alloys
is critical. This represents the central topic of this work,
which focusses primarily on the body-centred cubic (BCC)
system. The topic is approached from two different di-
rections, namely thermodynamic stability and mechanical
stability, using simulations and experimental methods.
The thermodynamic stability of alloys is described by the
probability of an alloy existing as a single-phase or multi-
phase (if designed so) for a range of temperatures without
any phase or crystallographic changes. As the name sug-
gests, in MPEAs more elements in the system increase the
configurational entropy of the system, which in turn lowers
the free energy of the alloy and reduces the chance to form
a stable single-phase solid solution.
In this work, the focus is on understanding the order-
disorder transition in alloys with multiple elements, ini-
tiated by configurational entropy. The Potts model for
ferromagnetism is extended to multiple elements contain-
ing alloys by setting the spin variable as equivalent to the
number of elements in the system. The nearest-neighbour
interaction of atoms at a lattice site is considered to cal-
culate the ordering of the elements using Monte Carlo
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simulations. Therefore, the total energy of the system that
excludes the enthalpy of mixing is given by the interaction
of the neighbouring atoms; in other words, the configura-
tional entropy. The enthalpy of mixing is the interaction
energy of the atoms, which is considered unity and uniform
for the simplification of the theory. The order-disorder
transition is calculated for systems with increments of two
to eight elements. The order-disorder transition temper-
ature is calculated using the regular solution model that
is primarily used for binary systems. The energy change
in the system was used to calculate the order-disorder
transition temperature of the systems with an increasing
element from two to eight. The phase diagram construc-
tion bolstered the results. Binary, ternary, and quinary
systems were observed in detail to understand the changes
as the number of elements in the system increased. The
order-disorder transition is observed to be a function of
configurational entropy and decreases with an increase in
elements in the system. It is also seen that, for differ-
ent crystallographic systems, entropy by itself affects the
order-disorder transition and thermodynamic stability of
alloys.

Mechanical stability, on the other hand, is here under-
stood as the stability of properties and deformation mech-
anisms over a range of temperatures and loading con-
ditions. NbMoCrTiAl and its family of alloys, such as
MoCrTiAl and NbMoTiAl, were investigated to under-
stand the mechanical stability of BCC-refractory MPEAs.
These are brittle at ambient temperature under compres-
sion in comparison to an established BCC refractory MPEA
TiNbHfZrTa which shows 40% plastic deformability under
compression at room temperature. Considering the brittle-
ness of the system, nanoindentation is the method of choice
to study the deformation behaviour. The otherwise brittle
MPEAs deform plastically under indentation loading. The
mechanical properties of the alloys are correlated with the
stability of the solid solution strengthening, which is a
complex for MPEAs due to the higher number of elements
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in the solid solution. The lattice mismatch due to different
elements of various atomic radii aids the crystallographic
ordering and disordering in the system and, in turn, the
mechanical properties. However, the effect of the shear
modulus mismatch cannot be directly correlated for these
alloys in question.

Mechanical stability can be further stretched to the re-
sponse to deformation of the alloys and, in turn, the dislo-
cation interactions that lead to deformation. The disloca-
tion interaction involves understanding the nucleation and
motion of the dislocation. The dislocation nucleation was
comprehended by statistical analysis of the so-called pop-in
phenomenon, which marks the onset of plastic deforma-
tion. The activation volume obtained from this experiment
points to active dislocation mechanisms. The BCC struc-
ture of the alloys suggested heterogeneous nucleation by
atom vacancy exchange. NbMoCrTiAl and its family of
alloys were compared to the otherwise ductile TiNbHfZrTa
alloy. The subsequent phenomena are found to be dif-
ferent for the two systems, which might be the cause of
different ductility at room temperature. While the system
NbMoCrTiAl and its family of alloys show pencil glide at
room temperature, as does most BCC alloys, TiNbHfZrTa
behaves similarly to FCC systems allowing deformation
guided by accommodation bands, allowing it to be more
ductile at room temperature.

The activation volume of the dislocation motion was fur-
ther studied by subjecting the systems to a range of strain
rates under indentation loading. This not only helps us un-
derstand the characteristics of the dislocation mechanisms,
but also yields the strain rate sensitivity of the alloys. The
results helped to conclude that all the systems despite
different initiation of the deformation mechanism follow
kink-pair nucleation. The dislocation motion under stress
at room temperature is like that of most reported BCC
alloys and is sensitive to changes in the strain rate at room
temperature, which is below the critical temperature of
deformation in BCC. Above the critical temperature or the
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Knee temperature, a system exhibits an elastic interaction
between the kink pairs and does not show any strain rate
sensitivity. NbMoCrTiAl and its family of alloys are also
tested for mechanical stability under nanoindentation over
a range of temperatures to determine the knee temperature
and the dislocation interaction procedure adapted by these
alloys.
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Kurzfassung

Das Verständnis der Stabilität von Legierungen, die aus
mehreren Hauptelementen bestehen (MPEA), ist ein fas-
zinierendes Thema, da die chemischen und elementaren
Wechselwirkungen die thermodynamischen und mechani-
schen Eigenschaften komplex machen. Um diese neuartigen
Materialsysteme zu verstehen, ist die Untersuchung der Sta-
bilität solcher Legierungen von entscheidender Bedeutung.
Dies stellt das zentrale Thema dieser Arbeit dar, die sich
hauptsächlich mit dem körperzentrierten kubischen (BCC)
System befasst. Das Thema wird aus zwei verschiedenen
Richtungen angegangen, nämlich der thermodynamischen
Stabilität und der mechanischen Stabilität unter Verwen-
dung von Simulationen und experimentellen Methoden.

Die thermodynamische Stabilität von Legierungen wird
durch die Wahrscheinlichkeit beschrieben, dass eine Legie-
rung einphasig oder mehrphasig (sofern ausgelegt) für einen
Temperaturbereich ohne Phasen- oder kristallographische
Veränderungen vorliegt. Wie der Name schon sagt, erhöhen
in MPEAs mehr Elemente im System die Konfigurations-
entropie des Systems, was wiederum die freie Energie der
Legierung senkt und die Chance verringert, eine stabile
einphasige feste Lösung zu bilden. In dieser Arbeit liegt
der Fokus auf dem Verständnis des Ordnungs-Unordnungs-
Übergangs in Legierungen mit mehreren Elementen, initi-
iert durch die Konfigurationsentropie. Das Potts-Modell
für Ferromagnetismus wird auf mehrere Elemente, die Le-
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gierungen enthalten, erweitert, indem die Spin-Variable
als äquivalent zur Anzahl der Elemente im System ge-
setzt wird. Die Nächste-Nachbar-Wechselwirkung von Ato-
men an einem Gitterplatz zur Berechnung der Ordnung
der Elemente wird unter Verwendung von Monte-Carlo-
Simulationen berücksichtigt. Daher ist die Gesamtenergie
des Systems ohne Mischungsenthalpie durch die Wechsel-
wirkung der Nachbaratome gegeben, also die Konfigurati-
onsentropie. Die Mischungsenthalpie, also die Wechselwir-
kungsenergie der Atome, wird zur Vereinfachung der Theo-
rie mit eins angenommen und ist einheitlich. Der Ordnungs-
Unordnungs-Übergang wird für Systeme mit Inkrementen
von zwei bis acht Elementen berechnet. Die Ordnungs-
Unordnungs-Übergangstemperatur wird mit dem regulä-
ren Lösungsmodell berechnet, das hauptsächlich für bi-
näre Systeme verwendet wird. Die Energieänderung im
System wurde verwendet, um die Ordnungs-Unordnungs-
Übergangstemperatur der Systeme mit zunehmendem Ele-
ment von zwei auf acht zu berechnen. Das konstruierte
Phasendiagramm unterstützte die Ergebnisse. Die binären,
ternären und quinären Systeme wurden im Detail beob-
achtet, um die Änderungen der Anzahl der Elemente im
Systeminkrement zu verstehen. Es wird beobachtet, dass
der Ordnungs-Unordnungs-Übergang eine Funktion der
Konfigurationsentropie ist und mit zunehmender Anzahl
von Elementen im System abnimmt. Es ist auch ersichtlich,
dass für verschiedene kristallographische Systeme die Entro-
pie selbst den Ordnungs-Unordnungs-Übergang und die
thermodynamische Stabilität von Legierungen beeinflusst.

Unter mechanischer Stabilität hingegen wird hier die Stabi-
lität von Eigenschaften und Verformungsmechanismen über
einen Bereich von Temperaturen und Belastungsbedingun-
gen verstanden. NbMoCrTiAl und seine Legierungsfamilie,
wie MoCrTiAl und NbMoTiAl, wurden untersucht, um
die mechanische Stabilität von BCC-refraktären MPEAs
zu verstehen. Diese sind bei Umgebungstemperatur un-
ter Druck spröde im Vergleich zu einem etablierten feu-
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erfesten BCC-MPEA TiHfZrNbTa, das unter Druck bei
Raumtemperatur eine Verformbarkeit von 40% aufweist.
Unter Berücksichtigung der Sprödigkeit des Systems ist
die Nanoindentation die Methode der Wahl, um das Ver-
formungsverhalten zu untersuchen. Die ansonsten spröden
MPEAs verformen sich unter Eindruckbelastung plastisch.
Die mechanischen Eigenschaften der Legierungen korrelie-
ren mit der Stabilität der Mischkristallverfestigung, die
für MPEAs aufgrund der höheren Anzahl von Elementen
im Mischkristall ein Komplex ist. Die Gitterfehlanpassung
aufgrund verschiedener Elemente mit unterschiedlichen
Atomradien unterstützt die kristallographische Ordnung
und Unordnung im System ,welche wiederum die mechani-
schen Eigenschaften unterstützt. Allerdings kann der Effekt
der Fehlanpassung des Schermoduls für diese fraglichen
Legierungen nicht direkt in Korrelation gesetzt werden.

Die mechanische Stabilität kann weiter auf das Verfor-
mungsverhalten der Legierungen und damit auf die Verset-
zungswechselwirkungen, die die Verformung hervorrufen,
ausgedehnt werden. Die Versetzungswechselwirkung bein-
haltet das Verständnis der Versetzungskeimbildung und
-bewegung. Die Versetzungskeimbildung wurde durch statis-
tische Analyse des sogenannten Pop-in-Phänomens erfasst,
das den Beginn der plastischen Verformung markiert. Das
aus diesem Experiment gewonnene Aktivierungsvolumen
weist auf die aktiven Versetzungsmechanismen hin. Die
BCC-Struktur der Legierungen legte eine heterogene Keim-
bildung durch Atomleerstellenaustausch nahe. NbMoCrTi-
Al und seine Legierungsfamilie wurden mit der ansonsten
duktilen TiHfZrNbTa-Legierung verglichen. Die Folgephä-
nomene sind für die beiden Systeme unterschiedlich, was die
Ursache für die unterschiedliche Duktilität bei Raumtempe-
ratur sein könnte. Während das NbMoCrTiAl-System und
seine Legierungsfamilie, wie die meisten BCC-Legierungen,
bei Raumtemperatur Versetzungsgleiten aufweisen, verhält
sich TiHfZrNbTa ähnlich wie FCC-Systeme und ermöglicht
eine durch Akkommodationsbänder geführte Verformung,
wodurch es bei Raumtemperatur duktiler ist.
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Das Aktivierungsvolumen der Versetzungsbewegung wurde
weiter untersucht, indem die Systeme einer Reihe von Deh-
nungsraten unter Eindrückbelastung ausgesetzt wurden.
Dies hilft uns nicht nur, die Charakteristika der Verset-
zungsmechanismen zu verstehen, sondern ergibt auch die
Dehnratenempfindlichkeit der Legierungen. Die Ergebnisse
trugen zu der Schlussfolgerung bei, dass alle Systeme trotz
unterschiedlicher Initiierung des Verformungsmechanismus
der Versetzungszwilling Keimbildung folgen. Die Verset-
zungsbewegung unter Spannung bei Raumtemperatur ist
ähnlich wie die meisten berichteten BCC-Legierungen, und
reagiert empfindlich auf Änderungen der Dehnungsrate,
was darauf hindeutet, dass diese unter der kritischen Ver-
formungstemperatur von BCC-Legierungen liegt. Oberhalb
der kritischen Temperatur oder der Knee-Temperatur zeigt
ein System eine elastische Wechselwirkung zwischen den
Knickpaaren und zeigt keine Dehnungsratensensitivität.
NbMoCrTiAl und seine Legierungsfamilie werden auch
auf mechanische Stabilität unter Nanoindentation über
einen Bereich von Temperaturen getestet, um die Knie-
temperatur und das von diesen Legierungen angepasste
Versetzungswechselwirkungsverfahren zu bestimmen.
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Chapter 1

Introduction

“Learn how to see. Realize that everything connects to
everything else.”

Leonardo da Vinci
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Chapter 1 4

1.1 Multi-principal elements alloys

The last two decades have seen the emergence of new al-
loys containing five or more elements, which are popularly
known as high entropy alloys (HEAs) or compositionally
complex alloys (CCAs). These alloys can be present in
equiatomic compositions such as Fe20Co20Cr20Mn20Ni20, or
in non-equiatomic compositions such as Al10Co25Cr8Fe15Ni36Ti6 [1,
2].

These multi-principal element alloys (MPEAs) were ini-
tially developed by Brian Cantor [1] and J. W. Yeh [3] inde-
pendently in 2004. The primary concept proposed for these
alloys was to increase the number of elements in the sys-
tems, in order to maximise the configurational entropy and
obtain a single-phase substitutional solid solution. Since
then, these alloys have been investigated in detail to under-
stand not only the mechanical properties but also the ther-
modynamic stabilities of these alloys [4–9]. The increased
number of elements in the systems allows for more complex
alloys to form. Thus, these alloys can be engineered to
obtain desirable mechanical or physical properties, such as
improved ductility with strength, improved electrical resis-
tance, low temperature resistance, and high temperature
refractory behavior [10–13]. The MPEAs can be developed
to have different crystal structures, such as: face-centred cu-
bic (FCC), body-centred cubic (BCC), and hexagonal close-
packed (HCP). Various MPEAs have been developed since
then, such as FeCoCrMnNi (FCC), TiNbHfZrTa (BCC),
DyGdHoLaTbY (HCP), FeCuCrMnNi (multiphase MPEAs);
and have been studied in detail [1, 14–16].

One of the most widely studied MPEAs is FeCoCrMnNi.
This is famously called the Cantor alloy as this was the
first single-phase solid solution of FCC MPEA developed
by Cantor [1]. This FCC system is highly ductile with en-
hanced strength and toughness. Further modifications have
been performed on this system by altering or adding the
composition, in order to achieve improved properties such
as cryogenic stability or deformation-induced strengthen-
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ing [17–20]. In comparison to FCC MPEAs, BCC MPEAs
are more limited in variety and have not been exten-
sively studied. Most BCC MPEAs such as MoNbTaW,
MbNbTiVW, or TiNbHfZrTa are high-temperature re-
sistant in nature [5, 14, 21]. Furthermore, the class of
NbMoCrTiAl alloys is also a BCC refractory alloy but
with a different set of properties than other popular BCC
MPEA like TiNbHfZrTa [22, 23].
The versatile properties of these alloys were classically said
to be governed by four major factors: high entropy effect,
severe lattice distortion, sluggish diffusion, and cocktail ef-
fect [24]. However, as will be discussed later in section 1.1.3,
sluggish diffusion does not dictate the properties of these
alloys [25].

1.1.1 High entropy effect

On the basis of the concepts of physical metallurgy, when
more than two elements interact to form a single solid
solution, there is always a probability of intermetallic com-
pound formation or phase separation. Such interactions
influence the enthalpy of mixing of the alloys. However,
keeping in mind the free energy of mixing the increased
compositional elements will increase the configurational
entropy and, in turn, thus lower the free energy of the
system. According to the second law of thermodynamics,
an equilibrium state is reached for a system that attains
the lowest free energy of the system. The free energy of
a system is controlled by the enthalpy of mixing and the
entropy of mixing.
Yeh et al. [26] reported that as the number of components
increases, the configurational entropy of the system also
increases, but for MPEAs the mixing enthalpy is reduced.
The enthalpy of mixing is usually lowered as a result of
the possibility of forming pairs of unlike atoms whose en-
thalpy balances the pairs from like atoms. It can also be
argued that the increase in the number of elements in the
system increases the chances of forming a more ordered
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phase like an intermetallic compound. The decrease in
enthalpy of mixing for like atoms generating intermetal-
lic compounds, and the increase in entropy of mixing by
increasing the number of constituents are always in compe-
tition. However, Miracle [27] also reported that the increase
in configurational entropy destabilises intermetallic com-
pounds at room temperature. At increased temperatures,
following the second law of thermodynamics, most systems
avoid ordered compounds. Thus, despite the fact that high
entropy is a classically basic requirement for these alloys,
it has been seen that without the enthalpy of mixing, the
former is not the governing factor [27].

The variation of the solid solution and the possibilities of in-
termetallic compounds along with the change in the number
of constituents is observed in alloys such as AlFeCoCrCuNi [28,
29]. AlFeCoCrCuNi shows a multicomponent solid solu-
tion of FCC as well as BCC phases at temperatures above
873 K and precipitation of B2 structures during cooling.
CoCrFeNiMn has been reported to show a small differ-
ence in heat of mixing and results in a single-phase FCC
solid solution [30]. Certain alloys have been designed to
control the configurational entropy to obtain a multiphase
system that exhibits specific properties. One such system
is non-equiatomic FeMnCoCrNi, which has an increasing
amount of HCP phase along with FCC phase under stress
exhibiting stress-induced phase transformation [16]. This
transformation improves the strength and ductility of the
system.

1.1.2 Severe lattice distortion

A severe lattice distortion can be caused by the presence of
a large number of elements with very different atomic sizes.
The atomic size criteria are one of the most specific criteria
for alloy formation, as mentioned by Hume-Rothery [31].
In order to obtain a binary alloy of solid solutions, the
difference in atomic size should not exceed 15%. In addi-
tion, Porter et al. [32] have reported that the difference in
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size among the elements also determines the possibility of
intermetallic phases or compounds. The crystallographic
scenario changes for MPEAs with elements of varying
atomic sizes, and the whole system becomes a solute ma-
trix. In addition to the large difference among the atomic
sizes of the elements (figure 1.1.1), the atomic bonding of
each element with another element and the variable crystal
structure of the elements distort the lattice of MPEAs. In
a completely disordered solid solution, any element can be
occupying any site of the lattice, resulting in a completely
distorted three-dimensional lattice structure.

Figure 1.1.1: (a) Regular BCC crystal containing atoms of a single
element. (b) Irregular BCC crystal containing atoms of different elements
of different atomic sizes.

Because the alloy and its properties are related to the
lattice structure and the elemental bonding, lattice distor-
tion in MPEAs also affects various properties. Although
understanding and determining the lattice distortion of
these alloys has not been studied in detail, there are some
works that show the relationship between lattice distortion
and mechanical properties. For example, Senkov et al. [21]
that MoNbTaVW, a BCC MPEA, shows a hardness value
three times higher than what was theoretically estimated.
Most properties such as hardness can be theoretically esti-
mated using the rule of mixture, which considers the mole
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fraction of each element and their contribution to the prop-
erties. Ideally, the rule of mixture is used for composites.
In a single-phase system, a solid solution can be consid-
ered equivalent to an atomic-scale composite, and thus
the rule of mixture is applicable. However, for MPEAs,
the distortion in the lattice structure due to the different
sizes of the site occupants makes it deviate from the rule
of mixture. The deviation is reported for the FCC sys-
tem CoCrFeMnNi [33]. The lattice distortion results in a
distortion strain and, in turn, modifies the solid solution
hardening of the system. The thermal conductivity is also
affected by the lattice distortion as the phonon scattering
increases. Thus, in MPEAs, as the lattice becomes more
distorted, the strengthening or solid solution hardening in
the alloy improves.

1.1.3 Diffusion

In MPEAs, the equiatomic and close-to-equiatomic com-
positions do not allow for a specific solute and solvent
distinction. In contrast, the whole system is equivalent
to a solute matrix. This results in vacancies having more
restricted motions that involve a higher activation energy.
In fact, all defects require a higher activation energy to
move in this matrix. This is in contrast to a binary alloy
where there is a distinct solute and solvent demarcation.

Tsai et al. [34] reported that sluggish diffusion is a function
of the number of elements in the system. However, Divinski
et al. [25] showed that such a concept is not universally
applicable. The tracer technique proved that MPEAs are
majorly affected by atomic correlations and interactions.
The effect of sluggish diffusion is reported for the alloy
family AlCoCrFeNi [35, 36]. However, it was proven that
the sluggish diffusion was similar to the diffusion caused
by the ordering tendencies of certain species in this MPEA.
That could be aided by fast diffusing species resulting in
enrichment of other species, or by slow diffusing species
themselves. An extensive study on CoCrFeNi alloys shows
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that sluggish diffusion is not always observed when tested
using different tracers [37–39].

Furthermore, grain boundary diffusion also plays an impor-
tant role, especially at elevated temperatures. The effect
of the number of atoms along with their interactions does
not necessarily slow down diffusion in the MPEA system.
However, they allow enough opportunities for improving
high temperature properties like strength and creep.

1.1.4 Cocktail effect

Ranganathan [40] proposed the idea of the cocktail ef-
fect, defined as the contribution of the properties of the
individual constituent elements and phases to the overall
properties of MPEAs.

As mentioned above, because single-phase and multiphase
MPEAs can be compared to an atomic-scale composite,
overall properties can be obtained from the rule of mixture.
However, as discussed for MPEAs, the presence of different
elements within the system results in competition in the
enthalpy of mixing, different bonding energies, and lattice
distortions as a result of elemental interactions. Together,
these impact the properties of these alloys. These have a
mixed effect on the MPEAs, making their properties very
unique and sometimes unpredictable. Therefore, this effect
is cause for scientific curiosity and investigation.

Yeh [41] studied this effect in detail on a varying Al-
containing CoCrCuFeAl system, which shows the tran-
sition from FCC to BCC phase beyond a critical Al con-
tent. The enhanced yield strength at high temperatures
and the higher resistance to softening in MoNbTaW and
MoNbTaVW can also be explained due to the cocktail
effect [21]. An alloy with an optimal combination of me-
chanical, electrical and magnetic properties was reported
to be CoNiFe(AlSi)0−0.8 by Zhang et al. [42]. These alloys,
especially those containing 0.2 wt% of Al and Si, have
enhanced plasticity and strength together with increased
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magnetisation and electric resistance due to the cocktail
effect.
These factors are considered stepping stones for formulat-
ing and understanding MPEAs. These effects impact the
thermodynamic and mechanical properties and stability of
the MPEAs.
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1.2 Thermodynamics of alloys

1.2.1 Regular solution of binary alloys

Thermodynamics defines the free energy of a state (G) as
a function of the enthalpy of the system (H), the entropy
of the system (S), and the temperature of the system (T ).
A change in thermodynamic state as given by ∆ is:

∆G = ∆H − T∆S (1.2.1)

An ideal solution is considered to be the mixing of two
different elements where the enthalpy of mixing ∆Hmix

or the interaction energy of the mixing atoms is 0. The
entropy of mixing is the primary contributing factor for
Gibb’s free energy (Gideal

mix ):

∆Gideal
mix = −T∆Sideal

mix (1.2.2)

The entropy of mixing ∆Sideal
mix is the measure of randomness

in the mixture with S = kB ln |Ω|, where Ω measures the
random distribution of elements in the system and kB
is the Boltzmann constant. The entropy (S) includes
the thermal and configurational entropy of the system.
Thermal entropy (Sther) involves the vibrational, electronic,
and magnetic entropy of the atoms, and configurational
entropy involves the arrangement of the atoms. One of
the most important factors is the configurational entropy
(Sconf ), which measures the number of ways the atoms in a
mixture can be arranged. Sther can be considered negligible
if the change in heat or volume during mixing is negligible.
Then, the primary factor contributing to the entropy of
mixing is the configurational entropy.

In a binary solution or mixture of atoms type A and type
B where the mole fraction of A in the solution XA and
that of B is XB sums up to be 1, the ∆Sideal

mix is given as:
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∆Sideal
mix = R(XA ln |XA|+XB ln |XB|) (1.2.3)

R is the molar gas constant that is related to kB and
Avogadro’s number NA: R = kB/NA However, in reality,
no solution or mixture is ideal, suggesting that the energy
of mixing, ie, the enthalpy of mixing ∆H ideal

mix is nonzero
according to the quasichemical model [32]. This model
suggests that for a constant volume of A and B in a mixture
or solution, the bond energy of the neighbouring atoms
contributes to the enthalpy of mixing. In a binary solution,
the bond energies are given as ϵAA between A and A, ϵBB

between B and B atoms, and ϵAB between A and B atoms.
The internal bond energy for a binary mixture is given as :

ϵ =
ϵAB − 1

ϵAA + ϵBB

(1.2.4)

The enthalpy of mixing(∆Hmix), being independent of the
interatomic distances between the neighbouring atoms is
thus given as :

∆Hmix = ΩXAXB (1.2.5)

where Ω = ZNϵ; N is the number of bonds between the
type A and B of atoms and among themselves and Z is
the number of coordinations of the given lattice system.
The free energy of a regular solution model can thus be
written as :

∆Gmix = ∆Hmix − T∆Smix

= ΩXAXB +RT (XA ln |XA|+XB ln |XB|)
(1.2.6)

A non-ideal solution of atoms follows the regular solution
model, in which if ϵ < 0 the atoms of opposite types tend
to be together, making a more random solution, while for
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ϵ > 0 the atoms of the same types tend to cluster together
resulting in a more ordered or clustered state [17, 32].

The other important factor that determines the stable state
and the lowest free energy of the system is the temperature.
For a system with ∆Hmix < 0 for all temperatures, the
system has a random distribution of atoms that results in
no order. However, systems having ∆Hmix > 0 complicate
the situation. At lower temperatures, ∆Gmix for such
a situation is positive, resulting in a clustered or phase-
separated spinoidal state that is unstable and returns to a
stable disordered state at higher temperatures. The degree
of clustering will decrease with increasing temperature to
establish the importance of entropy. These regular solution
models are binary alloys, equiatomic or non-equiatomic.
Systems with very high positive ∆Hmix tend to separate
into elements and not form solid solutions. A stable solid
solution requires high entropy and lower enthalpy of mixing.
The entropy comes into play more significantly as the
number of components in the system increase. This stands
as the backbone of multi-principal elements system, thus
popularly known as the high entropy alloys.

1.2.2 Thermodynamics in Multi-Principal Entropy
Alloy

According to the Gibbs phase rule, the increase in the
number of elements results in increased possibilities of
forming intermetallic phases, an element-rich solid solution,
clustering, or a random solid solution. The formation of
a stable solid solution is governed by minimising the free
energy at constant temperature and pressure. For an
ideal solution, the decisive factor is the entropy of the
system. For a regular solution, the enthalpy of mixing
comes into play, as discussed earlier. Most solid solutions
formed are, however, subregular solutions, which do not
have a completely random distribution of atoms. Such a
distribution results in phase separation if the enthalpy of
mixing is positive, and short-range ordering if the enthalpy
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of mixing is negative. The lowering of free energy to obtain
an energetically stable system can be due to a higher
positive entropy of mixing or a large negative enthalpy of
mixing. However, the large negative enthalpy of mixing
competes with the enthalpy of formation of intermetallic,
thus destabilising the high-entropy system [4, 7, 8]

Figure 1.2.1: Conceptualised structure of a complete random solid
solution of BCC binary and quinary system in which each colour on the
structures represents a pure element.

.

Yeh et al. [3] suggested that the increase in configura-
tional entropy will enhance the chances that solid solution
counteracts the formation of intermetallic phases or atom
clusters (figure 1.2.1). This is the underlying presumption
for high-entropy alloys, where more than four equiatomic
elements make up the alloys. The increased number of
elements increases the configurational entropy according
to equation 1.2.7 where ∆Smax is the mixing configuration
entropy, and Xi is the molar fraction of the element i.

∆Smix = −R
∑

Xi ln |Xi| (1.2.7)

However, it has been noted that the equiatomic compo-
sition does increase the configurational entropy, but it is
not a decisive factor for a random solid solution. The
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important factors other than configurational entropy are
the low mixing enthalpy of the system or the low formation
enthalpy of the intermetallic material apart from valence
electron concentration, size misfit, or electronegativity.

Figure 1.2.2: The schematics represent the possibilities of various frac-
tions of alloying for a quinary system where each apex represents an
element. The region marked in grey represents the varied equiatomic
alloys that can be formed and the blue region around represents the possi-
bility of MPEAs with non-equiatomic compositions. The lines represent
the possible binaries of different compositions between the elements.

There are many non-equiatomic alloys that form stable sin-
gle phase solid solutions due to low enthalpy of the system
and not just high entropy, such as Al20Li20Mg10Sc20Ti30,
Cu0.5NiCoAl0.5Fe1,2,3,3.5, FeNi2CrCuAl0.6 [18–20]. These
alloys are more enthalpy-stabilised than entropy-stabilised.
This allows a wide range of alloy compositions to be con-
sidered for a stable solid solution as shown in figure 1.2.2.
Where most random solid solutions can be stabilised due to
the high positive entropy of mixing and the large negative
enthalpy of mixing, in some cases, a very large negative
enthalpy of mixing can also destabilise the system and aid
the formation of intermetallic. Therefore, the competition
to form a stable random solid solution prevails.
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Thermodynamic stability, as discussed, is a function of
the enthalpy and entropy of the system along with the
temperature. When the enthalpy of mixing is less than
zero, the system has a tendency of ordering, and when
the enthalpy of mixing is more than zero, the elements
separate and do not form a solid solution. The presence of
more elements in the system increases the entropy, which
in turn counterbalances the effect of enthalpy, resulting in
a stable solid solution.
An apparent idea from the basic thermodynamic equa-
tion 1.2.7 is that as the number of elements in the system
increases, the configuration entropy increases, so the alloy
becomes more stable and easily obtains a random solid
solution. However, that is not always valid. Such alloys
can exhibit short-range ordering, which is a precursor to
long-range ordering at a much lower temperature. It has
been studied that such multi-elemental alloys are not just
stabilised by configurational entropy, but also the mix-
ing enthalpy, vibrational and electronic entropy, and other
thermodynamic parameters play a crucial role in stabilising
the system [6].
Following the basic thermodynamic principles, the entropy
itself can lower the free energy of the system for a system
with no enthalpy in action, only for an ideal solution. The
entropic contribution comes from the large number and size
of atoms along with electronic, magnetic, and vibrational
effects.
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1.3 Mechanical stability of BCC Alloys

Mechanical stability can be defined in different ways in dif-
ferent principles and disciplines. In this work, mechanical
stability of a material is defined as the ability of the mate-
rials to sustain the mechanical stress and impact without
undergoing drastic failure or sudden phase change. Multi-
principal elements systems as discussed earlier are compli-
cated systems and understanding the mechanical stability
of these systems is challenging and interesting. MPEAs
are strategically designed and developed to exhibit specific
properties like high strength over a wide temperature range,
deformation resistance at extremely low temperatures, or
creep resistance, to mention a few [6]. Therefore it becomes
mandatory to investigate and understand the mechanical
stability of these alloys, pertaining to deformation mecha-
nism and behaviour at different temperatures and strain
conditions.

Refractory MPEAs are usually of BCC structure and de-
signed to support high temperatures with viable strength
and ductility. It should be noted that the BCC crystallo-
graphic structure is not a closed-packed structure but has
a defined closed-packed direction of ⟨111⟩. {110}, {112}
and {123} planes allow for slip in the BCC, resulting in
48 slip systems. With more voids and fewer independent
slip systems, the dislocation flow is more complex in BCC
crystal systems than in the FCC crystal system. With the
presence of multi-principle elements in the structure, the
investigation of the mechanical stability of these systems
becomes inevitable.

1.3.1 Nucleation of Dislocation

Cottrell [44] in 1953 estimated that the energy required
under severe stress to nucleate a dislocation without any
prior defect is very large. The activation energy for nu-
cleating a dislocation is a function of dislocation loop size
and shear stress applied. In order to obtain a critical size
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Figure 1.3.1: The schematic shows the BCC structure with its various
slip planes. The important slip planes of BCC (011), (123) and (112) are
shown here with the slip direction ⟨111⟩ [43].

of the dislocation for a stable nucleation without thermal
fluctuation, it is reported to be around 10 eV for pure
metals [45]. The thermal fluctuations help in nucleating
a dislocation, but the energy aided by thermal fluctua-
tion is only one-thousandth of the required shear stress to
overcome the Peierls barrier.

Ec =
1

4
Gb2rc[ln |

2rc
ro

| − 1] (1.3.1)

Ec is the energy required to nucleate a dislocation of the
critical core radius rc that has a shear modulus G and
a Burgers vector b. Peierls barrier is the energy barrier
that a dislocation is required to overcome in order to move
to the neighbouring plane. The energy required for this
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moving from one plane to another is known as the Peierls
stress (equation 1.3.1).

In the presence of preexisting dislocations, the stress field
interaction lowers the Peierls stress to aid the generation
of new dislocations. For the dislocation to nucleate the
maximum resolved shear stress τmax in that plane should
be equal to the theoretical resolved shear stress τth. The
theoretical resolved shear stress τth is usually calculated
to be G/2π, where it is a function of temperature and
interatomic bonds between atoms and crystallographic
orientation if the system in question is anisotropic in nature.
The τth is the maximum calculated energy required to allow
dislocation nucleation. The τmax required for dislocation
nucleation is reduced with aiding agents such as thermal
fluctuations or defects. When the nucleation is not largely
affected by surrounding defects or thermal fluctuations
but by small existing defects, such as vacancies, the shear
stress in the range of one-seventh to one-tenth of the shear
modulus is sufficient to initiate the nucleation.

The dislocation nucleation can be homogeneous or hetero-
geneous. Homogeneous nucleation of the dislocation occurs
in a defect-free crystalline material under mechanical or
thermal energy. Under sufficient energy, dislocations are
formed that bring about plastic deformation. In contrast,
heterogeneous nucleation of the dislocation is more com-
mon and energetically favourable. The presence of various
defects reduces the energy barrier required for dislocation
nucleation. Such nucleation is aided by impurities, grain
boundaries, vacancies, and other pre-existing defects.

The dislocation nucleation as well as the movement is a
function of the crystallographic system. Different crys-
tallographic structures have a different number of active
slip planes and varying Peierls stress, thus affecting the
dislocations in these systems. As the work investigates
refractory alloys that predominantly have a BCC crystal
structure, dislocations in the BCC structure are discussed
in detail in subsection 1.3.3.
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1.3.2 Motion of Dislocation

The motion of the dislocations causes plastic deformation.
The unrestricted movement of the dislocation allows for
easy deformation and thus high ductility. On the other
hand, a more obstructed movement of the dislocation re-
sults in strain hardening of the system. When the critically
resolved shear stress is achieved in the closed-packed plane
and direction, the dislocations get enough energy to move.
The movement, multiplication, and generation of more
new dislocations result in permanent deformation. The
energy required is to overcome the Peierls barrier. The
Peierls barrier can be defined as an intrinsic barrier that
a dislocation requires to overcome in order to glide to the
next closed-packed plane or low-indexed crystallographic
direction. A more workable material is preferred to have a
good combination of ductility and hardening.

The higher Peierls stress restricts the dislocation motion,
resulting in reduced ductility and plasticity and an increase
in strengthening. In addition, other obstacles, such as pre-
cipitates and interstitials, can increase the strength of the
materials by restricting the motion of the dislocations. The
climb is primarily achieved by the edge dislocations, which
are aided by the availability of vacancies and temperature.
Screw dislocation, on the other hand, can easily cross-slip
to another glide plane [46, 47].

In order to allow dislocation movement leading to glide,
close-packed planes and low-indexed crystallographic di-
rections are preferred. These close-packed planes and di-
rections vary for different crystallography. For FCC, the
dislocation slip takes place on plane {111} and direction
(110). For HCP, the plane and direction change to {0001}
basal plane and [2110]. There can be numerous combina-
tions of these planes and directions.
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1.3.3 Dislocations in BCC

BCC crystal system is an open structure with a packing
density of 68% in comparison to FCC, which has a packing
density of 74%. The favourable planes with the lowest
critical resolved shear stress are combinations of {110},
{112} and {123} (figure 1.3.1). The slip occurs in the
⟨111⟩ direction on these planes, making ⟨111⟩a

2
the Burgers

vector for a complete dislocation. {110} is the most densely
packed planes whereas {112} are the main stack fault
planes. In addition to these, at low strain rate or high
temperature {123} planes are also activated. The three-fold
symmetry around the ⟨111⟩ axis of screw dislocation and
the high Peierls stress of BCCs make screw dislocation the
determining factor for plasticity in BCC. The dislocation
motion is usually seen as wavy slip lines because of the
cross-slip of the screw dislocations in an open structure.
As cross-slip is further aided by temperature, thermal
contribution plays a pivotal role in the plasticity of the
BCC crystal structure.
At low temperatures, without thermal assistance and an
open structure, the motion of the screw dislocations is re-
stricted on {110}. Along the {110} planes, the dislocations
with the Burgers vector a

2
[111] can interact and lower their

strain energy by forming a pure edge dislocation which ends
up in the (100) plane. Since (100) is not a close-packed
plane, the accumulation of immobile dislocations leads to
a reduction in plasticity in BCC elements and alloys at
room temperature [49].
At low temperature with thermal assistance or at high
strain rates, some transition elements such as iron with
BCC crystal structure do show deformation twins. This
usually occurs when slip systems are restricted and the
fault stress is lower than a resolved shear stress for slip. For
BCC, the Burgers vector for deformation twin is ⟨111⟩a

6
on every successive plane of {112}. It has, however, been
theoretically calculated that the presence of stable stacking
faults is energetically not favoured and is experimentally
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Figure 1.3.2: Schematic of propagation of screw dislocation (blue straight
horizontal line) forming kink (black lines jutting out of screw dislocation)
in BCC. The kink comprises of screw dislocation and two edge dislocations
(vertical black lines). The movement of the edge dislocations aided the
screw dislocation to propagate [47, 48].

never identified [49]. However, deformation twins as seen
in BCC metals and alloys are favoured by low energy stable
twin faults. These faults are generally normal to {112}
[47]. The faults can generate at the point of obstructed
slip plane. It can be further aided by the change in the
local composition in a heterogeneous alloy which alters the
planar fault making it energetically favourable than gliding
of dislocations [50].

The type of line defect that nucleates at the elastic-plastic
transition under load determines whether the BCC system
will be brittle or ductile. Based on the wavy slip lines pro-
duced in the BCC system, Taylor and Elam [51] concluded
that the pencil glide takes place on all zones containing
the slip direction ⟨111⟩ family. However, a more detailed
analysis showed that the dislocation glide takes place on
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{110}, {112} and {123} glide planes. This results in a
large number of glide systems that allow for easy cross-slip.
The presence of an open structure restricts the easy glide
motion of an edge dislocation. In addition, a complex three-
dimensional core of a screw dislocation makes dislocation
motion a more complicated process in BCC. In addition,
the absence of possible stacking faults restricts the motion
of dislocations and partials. This can lead to the formation
of a three-layer twin along 1

6
[111] under high stress, as

proposed by Sleeswyk [52] and observed by Mahajan [53]
in a molybdenum-rhenium alloy.

In the BCC system, the propagation of the dislocation is
found to be not as a glide of a single straight dislocation
line but as a kink pair. A kink originates when the dislo-
cation moves partially into another plane parallel to the
glide plane. The complicated motion of the otherwise im-
mobile screw dislocation is aided by thermal activation by
generating a pair of kinks and allowing the kinks to move
under stress. This generates a thermally activated disloca-
tion motion in the BCC crystal structures. Shockley [54]
suggested that at a higher temperature, the dislocations
can no longer be straight but form kinks. Kinks are short
portions of the dislocation line that connect long straight
dislocations (figure 1.3.2). As the kinks are in line with
the Peierls valley, the energy required to overcome them is
reduced with temperature and increased strain, and thus
makes the dislocation motion more feasible.

The factor determining the deformation in BCC is the
screw dislocation movement with a Burgers vector ao

2
⟨111⟩

below the knee temperature Tknee (figure 1.3.3). Tknee is
the critical temperature below which plasticity in the BCC
crystal structure depends on the kink pair mechanism [55].
Above Tknee, the motion of the dislocation is athermal
and is not affected by the strain rate. The motion of the
dislocation below Tknee is a function of temperature and
strain rate, as it involves the overcoming of a high Peierls
stress.
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The three-fold ⟨111⟩ symmetry results in a non-planar
screw dislocation [47, 56]. These screw dislocations require
a higher Peierls stress than expected. The critically re-
solved shear stress reduces with temperature, making the
Peierls barrier easy to overcome. It can also be noted that
an increase in temperature thermally activates the screw
dislocation as a pair of kinks. This is largely in contrast
to the FCC system, where the Peierls stress required over-
coming by the dislocations in motion is not high and the
presence of stacking faults lowers the Peierls stress; thus
temperature does not play an important role. Therefore,
understanding the dislocation motion in a BCC system
is best achieved by subjecting the materials to different
strain rates and observing the strain rate sensitivity of the
systems. Not only because the dislocation movement is a
function of temperature and strain rate, but also because
the thermal influence can be understood by varying the
strain rate [48].

Seeger [48] gave a detailed description of the relationship
of temperature and deformation rate below Tk with flow
stress as seen in figure 1.3.3 for Nb. The non-planar screw
dislocation rises the barrier for the dislocation to overcome.
This barrier is overcome by generating a pair of kinks in
opposite directions separated by a distance q. Below Tk,
the microstrain regime is thermally activated (figure 1.3.3).
At an exceedingly low temperature (denoted as lower bend
temperature by Seeger [48]) the only activated cross-slip
occurs in the (110) plane. Below the knee temperature
and above the lower bend temperature, the microstrain
segment can be divided into two interaction models, the
line tension regime and the elastic interaction regime [58].

The rate-determining factor of the models at this regime is
that the critical distance between the kink pair qP should
approach the separation of the Peierls valley a or the
dislocation core length. The width of a is a function of the
planes: a110 =

√
2
3
a0, a112 =

√
2a0 and a123 =

√
8
3
a0.

Line tension regime For a considerably small kink whose
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Figure 1.3.3: The different regimes of plastic interaction for Nb having
a BCC crystal system as a function of temperature and strain rate has
been reported by Seeger et al. [57]. At temperatures below Tk exhibits
line tension regime or elastic interaction approximation regime. Tk is a
function of strain rate.

separating distances are less qP , the kinks follow the line
tension model under applied shear stress for deformation
(figure 1.3.4). At increased stress levels, the dislocation
line between the two kink pairs bulges, allowing the curva-
ture to be the dominant factor. This elastic energy of the
dislocation is given by the line force or the line tension of
the dislocation.

Elastic interaction regime In contrast, at low stress
and below Tk, when the kink pair is more than qP distance
apart, their interaction can be considered as a Coulombic
potential interaction (figure 1.3.4). On the large sepa-
ration of the two semi-infinite kinks, the elastic energy
between the two is given by the elastic interaction which
gives the activated state of the dislocation between the two
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Figure 1.3.4: Graphical representation of Peierls potential indicating the
Peierls valley. The gap between two Peierls valley is given as qP . At the
Peierls valley, the Peierls potential is 0 and indicates a dislocation plane.

Peierls potential minima.

In this regime at very low temperatures, dislocations can
also be observed in the (110) plane. Beyond a certain
critical temperature, the dislocations appear wavy in the
(112) planes. This sudden change is attributed to the first-
order phase transition commonly seen in BCC structures,
where the Peierls width is reduced for (112) planes beyond
this critical temperature. This change in the slip system in
the BCC is normally observed as an anomalous slip. This
anomalous slip can be mitigated by alloying as the presence
of other elements can reduce the difference between screw
and non-screw dislocation. The presence of impurities or
foreign particles can also suppress this phenomenon, as
impurities tend to pin the screw dislocation to (110) and
allow its easy movement. These motions are thermally
assisted and are highly strain rate sensitive [59].

Higher temperatures allow the kink pairs to attract each
other and balance the shear stress, thereby reducing the
thermal stress components. As a result, athermal stress
components become predominant and thus the strain rate
sensitivity reduces.

Understanding the BCC refractory multi-principal elements alloys using
thermodynamics and nanoindentation



Chapter 1 27

The systems can thus be experimentally analysed to de-
termine the strain rate sensitivity and thus determine the
dislocation motion regime that is active for the given tem-
perature. The activation volume associated with it can also
be calculated from the response to changes in the strain
rate.
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1.4 Motivation

Understanding the thermodynamics and mechanical sta-
bility of MPEAs is essential to engineer these alloys and
enhance their properties as required. In order to under-
stand the thermodynamic stability of the alloys and their
phase transitions, detailed studies on MPEAs and their
phase stability are required. The number of varied elements
in these systems also affects the ordered and disordered
phases as a function of temperature. Thus, this thesis
aims to understand the effect of configurational entropy
on the order-disorder phase transition as a function of
temperature. The general goal is to provide a more general
understanding of MPEAs.

The approach for understanding the order-disorder phase
transition, as a function of the number of elements and tem-
perature, involves mimicking the simple Potts model. The
Potts model is typically used for studying ferromagnetic
and non-ferromagnetic transitions in magnetic systems.
The conditions of varying elements in the system are sim-
ulated using Monte Carlo simulations. The same is done
for cooling as well as heating the system to show the effect
of temperature variation.

For understanding the mechanical stability of MPEAs, this
work focusses on experimental observation and analysis of
BCC refractory MPEAs. The systems under investigation
are stable and mostly single-phase refractory MPEAs that
contain the elements Nb, Mo, Cr, Ti, and Al. The system
has been designed so that Nb and Mo add to the resistance
to high temperature, while Cr, Ti, and Al contribute to
the resistance to oxidation [23]. The addition of Ti and
Al also reduces the density of the alloys. Of all possible
combinations of these elements in various compositions, the
MPEAs NbMoCrTiAl, MoCrTiAl, and NbMoTiAl have
been reported to be stable equimolar systems [60]. These
MPEAs are reported to be fragile in macro-compression
testing at room temperature, but their ductility increases
at higher temperatures [60]. In comparison, TiNbHfZrTa
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is ductile at room temperature despite the crystallographic
structure of BCC [21]. This thesis therefore focusses on un-
derstanding the mechanical stability of these three systems:
NbMoCrTiAl, MoCrTiAl, and NbMoTiAl, compared to
TiNbHfZrTa.

In this work, nanoindentation was used to study the me-
chanical stability of these systems. The aim is to un-
derstand not only the nanoscale properties but also the
dislocation behaviours of the said alloys. Nanoindentation
facilitates the testing of ductile as well as highly brittle
materials such as refractory alloys, natural stones, and
glass [61–68].

Thus, the following questions are addressed in this work:

1. It has been widely discussed that the entropy of mixing
together with the enthalpy of mixing governs the thermo-
dynamic stability of MPEAs. The configurational entropy
still holds the basis for developing these genres of alloys.
However, the question remains whether only the config-
urational entropy affects the thermodynamic stability of
order-disorder phases in multicomponent alloys.

2. The lattice distortion is evident and unavoidable in
MPEAs. This affects the solid solution strengthening and,
eventually, the mechanical properties of the system. The
question that needs to be answered is how it strengthens
BCC refractory systems and its eventual effect on the
mechanical properties of the system.

3. In addition to lattice distortion, the mechanical proper-
ties of refractory MPEAs can also be a function of temper-
ature. BCC systems are known to show a thermally acti-
vated stress-initiated deformation mechanism. Therefore,
the question is how to understand the temperature-related
mechanical properties of refractory BCC MPEAs and the
related plastic deformation mechanism.

4. Since MPEAs are influenced by their individual ele-
ments, it is to be studied how the cocktail effect of their
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various elements affects the thermodynamic and mechani-
cal stability of the system.
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Thermodynamic stability
of MPEAs

“You should never be surprised by or feel the need to
explain why any physical state is in a high entropy state”

Brian Greene
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2.1 Introduction

2.1.1 Order-disorder transition in MPEAs

Alloys transition from long-range ordering to short-range
ordering and finally to random order as the temperature
increases from 0 K. Order can be defined as the patterning
of atoms over a range of distances. Usually, a short-range
order is defined for around 10 Å, above which it is consid-
ered a long-range order. The transition from short-range
ordering to a complete random atomic arrangement is con-
sidered as an order-disorder transition. Krivoglaz et al. [69]
and Stoloff et al. [70] consolidated the work on the order-
disorder transition of alloys until the 1970s. The work has
then expanded on the basis of a theoretical and experimen-
tal approach based on Cowley and Warren’s theoretical
method [71, 72].
For a binary system AcB1−c (where c is the concentration
of molar fraction of the atom type A) the ordering is
calculated based on the position of the atom type on a
particular lattice site. The atomic configuration or position
on a lattice site can be defined in three different ways: (i)
Occupation of an atom type A is marked 1 otherwise 0,
(ii) occupation of an atom type A at a site is given as +1,
otherwise -1 similar to a spin variable, and (iii) Fourier
series expansion of the concentration wave of an atomic
configuration on a site.
Now, as the order-disorder transition is a function of tem-
perature and configuration, identifying and therefore under-
standing the transition temperature from order to disorder
state is important. This phase transition temperature can
be calculated from thermodynamics and statistics. From
thermodynamics, based on equation 1.2.1, the transition
temperature can be estimated for a given enthalpy and
entropy. However, since the configurational entropy is
given as −R

∑N
i=0 ci ln ci, for a concentration (c) of an

element type i in an elemental alloy N , the transition en-
tropy is calculated when the configurational entropy ∆Sc
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changes as the ordering elements change from order to
complete disordering in the system. However, calculating
the entropy based on configuration using thermodynamics
usually results in an overestimation or underestimation of
the order-disorder transition temperature.

The other way to estimate the order-disorder transition
temperature is using Monte Carlo simulations. The simula-
tion calculates the change in configurational entropy ∆Sc

using the change in the internal energy U(T ) for a given
temperature or using the change in the internal energy
as a function of the density of states ln g(E). The former
follows the Metropolis Monte Carlo method as used in this
work and the latter follows the Wang-Landau Monte Carlo
method. In both methods, the specific heat is calculated
as dU/dT and the maxima of this derivative provide the
order-disorder transition temperature of the system.

Understanding the ordering in such multi-principal ele-
mental alloys has motivated numerous works on FCC-
structured MPEAs, both experimentally and by thermo-
dynamic modelling. One such system is the MoNbTaW, a
refractory BCC MPEA, which exhibits an A2-type BCC
lattice. Thermodynamic modelling of nearest-neighbour
interaction has shown the presence of B2-type ordering in
the BCC lattice with lattice preference by Ta and Nb on
one site and Mo and W on the other. This phase separa-
tion or site specific segregation is energetically favoured at
low temperatures, making this alloy a multi-phase solid
solution below its order-disorder transition temperature,
which is around 1600 K according to the mean field approx-
imation. This drastically alters the mechanical properties
of the system [73, 74].

A similar effect is seen in another BCC refractory MPEA
NbMoCrTiAl and its derivatives [22]. XRD and differen-
tial scanning calorimetry revealed the ordered and disor-
dered phases for NbMoCrTiAl, MoCrTiAl, NbMoTiAl, and
TaMoCrTiAl. In what was presumed to be a single-phase
A2 structured BCC alloy, the B2 ordered phase could be
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identified below a certain temperature. This is the order-
disorder phase transition temperature. It can be seen that
with an increase in the number of elements in system 4
(NbMoTiAl) to 5 (NbMoCrTiAl and TaMoCrTiAl), the
transition temperature decreases. However, that is not
observed for MoCrTiAl, whose transition temperature is
higher than 5 component systems. Therefore, it can be
comprehended that entropy plays an important role in
lowering the transition temperature. However, for certain
alloys, the other thermodynamic interactions can result
in a change in the transition temperature that is not so
predictable.

Figure 2.1.1: The order-disorder transition temperature calculated by
various methods for FCC multi-principal elements alloys: NiFe, NiCr,
NiCrCo, CoCrFeNi and AlCoCrFeNi, representing 2, 3, 4, and 5 component
systems respectively [75–79].

The thermodynamic model of the order-disorder transition
with the increasing number of elements in the system can
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be seen in figure 2.1.1. As the number of elements in the
FCC ALCoCrFeNi increases from 2 to 5, the transition
temperature gradually increases. Transition temperatures
are obtained by various methods, such as experiments,
density function theory (DFT), or statistical calculations
using MC simulations [75–79]. However, all the transition
temperatures for all the systems have been reported using
the statistical method, which shows that the transition
temperature for this family of alloys is increasing with
increasing number of elements in the system. This is in
comparison to the BCC alloys reported in the previous
paragraph. This triggers two observations. Either the
increase in configurational entropy is not the only triggering
factor controlling the order-disorder transition, or the order-
disorder transition temperature has different controlling
parameters depending on the crystal structure.

Thus, the material community tries to understand the
order-disorder transition in alloys, especially for MPEAs
or HEAs, because many thermodynamic factors influence
these systems. However, some systems such as NbMoCrTiAl
and its family show the effect of entropy on the transition
temperature, whereas alloy families such as AlFeCrCoNi
do not exhibit the same. This motivated the work to under-
stand the thermodynamics of the order-disorder transition
as a function of only the configurational and mixing en-
tropy. The aim is to gain more insight into the stability
of the order-disorder transition as a function of entropy,
which is supposed to be a key thermodynamic factor for
MPEAs.

2.1.2 Regular solution of multi-principal element
system

The regular solution model is well developed for the bi-
nary alloy system. This model is further extended for
complex alloys. Meijering [80] studied the ternary regular
solution model in the early 1950s which was extended to
a multicomponent system by Morral and Chen [81]. The
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models are based on a single-phase system, which means a
completely random or disordered distribution of elements
except for the miscibility gaps. The primary assumption
for the model was considering the binary interaction pa-
rameters to be positive and equal. Based on the regular
solution model of the binary system, the regular solution
equations for systems with n number of elements in the
system for the enthalpy of mixing (∆Hn

mix) and the en-
tropy of mixing (∆Sn

mix) can be rewritten in terms of the
interaction parameter wij for an equiatomic composition
with a single constant interaction parameter:

∆Hn
mix =

n− 1

2nwij

(2.1.1)

∆Sn
mix = R ln |n| (2.1.2)

For n number of elements in the system. The critical
temperature for binary miscibility can be calculated from
T c
2 = w

2R
. The critical temperature here indicates the tem-

perature at which the phase separation can be expected.
The most basic assumption in calculating and understand-
ing the phase change and critical temperature in alloys with
a different number of components is that all interaction
parameters are equal.
It should be noted that, according to Bragg Williams the-
ory [82], the critical temperature of miscibility (T c

2 ) and the
chemical spinoidal temperature are the same for a binary
equiatomic system (T S

2 ). The miscibility point is the tem-
perature below which a single-phase solid solution is absent,
whereas the spinoidal point is the temperature at which
phase separation takes place due to thermal fluctuations.
The difference between the two increases with an increase
in the composition of the system. As the temperature
decreases, the miscibility gap for a fixed number of compo-
nents in the system decreases, leading to phase separation.
The eutectoid temperature of alloys with increasing compo-
nents in the system with respect to the critical temperature
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of the binary system also increases. Also, as the system
moves from binary to higher composition, the difference
between the miscibility gap and the critical temperature of
the spinoidal temperature increases. The spinoidal point
temperature for the n component system can be given as

T c
n = w/nR (2.1.3)

The spinoidal temperature can be considered equivalent
to the critical temperature of the order-disorder transition.
As discussed earlier, this transition temperature is an un-
derestimation of the true transition temperature. Although
this method caters to all the entropy in a system, the as-
sumption in most situations is that only the configurational
entropy is calculated.

2.1.3 Potts model

Ising developed a model to understand the ferromagnetic
to non-magnetic transition and to identify the critical tem-
perature for a two-dimensional square lattice [83, 84]. The
analysis focusses on the nearest neighbour interaction hav-
ing two types of spin known as 2 states: up spin and down
spin. In general terminology, the states or the numbers of
spins are termed as q and the system described is referred
to as q state system. This was further developed by Potts
to be applicable for nearest-neighbour interaction for dif-
ferent states, i.e. having different spin states. For a 2D
square lattice, Potts derived the ratio of the interaction
energy and the transition temperature as a function of the
states q [85].

2J

kBTc

= ln |1 +
√
r| (2.1.4)

where, J is the interaction energy, Tc is the critical tem-
perature, and r is the number of configurations for a unit.
Each configuration can be written in terms of vector where
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the angle between two points is given by 360
r

this ratio of
interacting energy and the critical temperature for r = 2, 3
and 4 is noted as 0.88, 1.01 and 1.76 respectively [85]. The
vector Potts model for q = 2 is actually the classical Ising
model. For q → ∞, the model is modified as the XY
model. The Ising and Potts model was extended further
to the two- and three-dimensional systems for different
complex network systems using Monte Carlo simulations
by Herrero [86].
Tobochink [87], reported that the energy of the Potts model
is a function of the total number of spins in the system.
The smaller lattice block with an increased spin system
for a given q state shows a higher interaction. The MC
renormalisation group (MCRG) [88] accurately determines
the critical points. The energy average is calculated for
two same lattice blocks having different spin states. If the
temperatures of the two systems are T1 and T2 then

∆T = T2 − T1 (2.1.5)

If ∆T = 0, then it is a critical point. ∆T > 0 indicates
disordered phase and ∆T < 1 indicates the ordered phase.

Figure 2.1.2: The illustrated images show the transition from ordered
structure (where similar atoms tend to remain together) to disordered
structure (where dissimilar atoms tend to remain together) on heating at
the transition temperature.

The two-dimensional Potts model with q components shows
the first-order transition for q > 4 and the higher-order
transition for q ≤ 4 for the square lattice [89, 90]. However,
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the three-dimensional Potts model with 3 states shows
a first-order transition with second-order transition be-
haviour superposed. The transition type is identified by
comparing the change in energy (E) in the temperature
range and the specific heat (dE/dT ) over the same tem-
perature range. The specific heat is three times greater for
the q = 4 state than for q = 3 [91–93].
Binder [90] reported that a detailed study of the static
and dynamic phenomena of the critical transition for the
2D Potts model was reported by Binder [90]. The studies
were carried out on a square grid for states 3, 4, 5, and 6
of q with a grid size of 16 × 16 and 200 × 200 and 1000
MC steps. The static property of the order parameter is
given as:

M(t) = q
N1(t)

N − 1
/q − 1 (2.1.6)

where Nx is the number of sites with a particular spin at
a given time t of the simulation [90, 94, 95]. The critical
energy for the systems is in agreement with Baxter [89].
The transition temperature is inversely proportional to the
q state. For q = 5, 6 as reported earlier show the first-order
transition at the critical point. It was also noticed that a
lower q state resulted in a gradual transition at the critical
temperature of larger q states. Binder also developed a
kinetic model in which a critical slowdown is observed
and no metastable state is obtained. In addition, a longer
simulation time was noted to reduce hysteresis.
Bonfim [96] used the 3D Potts model in the cubic system
by extending the Hamiltonian given by Ferrenberg [88]
and Swendsen [97], using the histogram. It was applied on
three different state models that vary the lattice size from
3 to 15 whose transition temperature for infinite lattice is
1.817± 0.001. The transition temperature is reported to
be a function of the lattice size [98, 99].
The Potts model gives a thermodynamic approach to tran-
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sition temperature and energy for a defined lattice where
the q states represent the spin states that can vary from 2
(usually 180◦ apart) to ∞ ( meaning the angle of difference
is minuscule). If considered, the q state represents the
different atoms instead of spins, then q = 2 indicates a
binary system, and so on. The consideration of the lattice
structure and the lowest energy state of the system, the
transition from a uni-directional spins or ordered state to
a randomly orientated spins or disorder state can be easily
simulated and calculated.
The extensive development of Potts model to identify the
transition temperature helps us to extend this model for
an order-disorder transition that is not pertaining to the
ferromagnetic to nonmagnetic transition. Drawing a simi-
larity between spin movements in domains to the atomic
movements in a lattice, the Potts model parameters can
be extended and modified to obtain relevant understand-
ing of energy and temperature transition from ordered to
disordered atomic structure or vice versa during heating
or cooling.
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2.2 Methods

2.2.1 Potts model using Monte Carlo Simulations

This work utilises the Potts model to assess the entropic
effect of systems where the number of constituents in the
system is equivalent to the number of spins described by
Potts and Ising. The model is simplified for calculating the
order-disorder transition similar to the ferromagnetic to
non-ferromagnetic transition known as the critical temper-
ature in both cases. The number of possible constituent
elements q is investigated in different atomic lattice envi-
ronments, which is also described by coordination Z for
different lattice structures. The modification is used to
calculate the total interactive energy of atoms distributed
in a lattice.
The q state Potts model was simplified to a Hamilton-
ian (Ĥ), reducing the complexity of various adjustable
parameters. The Hamiltonian can be given as

Ĥi = J
∑
ij

δij (2.2.1)

where j is the total number of neighbouring sites of site i.
This is a function of the lattice structure and the number of
different components involved. δij is a Kronecker delta that
is 0 for the interactive bond energy for similar atoms at site
i and neighbouring site j. δij is 1 for the interactive bond
energy for dissimilar atoms at site i and neighbouring site j.
The models only account for nearest-neighbour interaction.
J represents the interaction energy of the system having
an arbitary energy unit.
At low temperatures, similar to the real thermodynamic
conditions, the elements segregate into phases. As the
temperature increases, the thermal effect results in ran-
domisation of the components in the lattices resulting in
a disordered solid solution. The entropic effect becomes
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prominent at this juncture, as the atomic bond enthalpy
is considered 1 for all components of the system. This
reduces the enthalpy of the system to 1 and therefore it
does not contribute to the system in question. The Potts
model, as discussed earlier, has been expanded from the
2D lattice to the 3D lattice and varied the q states. The q
state for binary alloys is 2, 3 and 4 are similar to medium
entropy alloys, and 5 to 8 can define a high entropy alloy.
This work focusses on a 3D lattice with a q state ranging
from 2 to 8 on different lattice systems such as simple
cubic (SC) (Z = 12), body-centred cubic (BCC) (Z = 8),
face-centred cubic (FCC) (Z = 6), and diamond structure
(Z = 4). The sum of the Hamiltonian of all the sites is the
energy of the system under simulation. This thesis further
elucidates the order-disorder transition temperature cal-
culation using different approaches, but such calculations
are only performed on BCC systems in detail. The focus
is on the effect of entropy on the critical temperature of
the order-disorder transition in regular binary solutions,
medium- and high-entropy alloys.

Monte Carlo Simulations

Monte Carlo (MC) simulations can simulate thermodynam-
ics and statistical physics by using random numbers to
sample the phase space of a Hamiltonian. The simulation
runs on the smallest time unit called the Monte Carlo time
step, and a lattice point is the Monte Carlo unit (MCU)
that is randomly chosen. A new state is chosen for the
MCU from the available q − 1 states and the energy dif-
ference between the new and old state is calculated. The
q is the state of the system identified as the number of
particles or spins or variables describing the system. The
probability of the changed state is then given as:

p = m, ∆E ≤ 0

p = m exp[−dE
kT

] ∆E > 0
(2.2.2)

Understanding the BCC refractory multi-principal elements alloys using
thermodynamics and nanoindentation



Chapter 2 45

where m is the change in state and E, for ith MCU site
and its nearest neighbour, the energy of a state is given as:

Ĥ = −J
mn∑
i

(δqiqj) (2.2.3)

Ĥ as defined in equation 2.2.3 is equivalent to the Hamil-
tonian (Ĥ) in equation 2.2.1 for this calculation.
The Monte Carlo follows two algorithms, namely, Rejection-
Kinetic Monte Carlo (rKMC) or Rejection-Free Kinetic
Monte Carlo (KMC). The rKMC is the standard algorithm
and is defined by the sweep random algorithm. The sites
in the system are randomly selected and the events are
performed on the basis of the energetically favourable
condition. The possible transition from i to j state does not
follow any specific pattern. This speeds up the algorithm,
and the calculation time is updated after every step. In
comparison, the rejection-free KMC is much more thorough
and considers all possible transitions from i to j state and
the most probable transition is considered using binary
search. The transition rate from state i to state j is
considered for the rejection KMC whereas the probabilities
of transition from state i to state j are considered for the
rejection-free KMC as the rate determining step for the
algorithm [100, 101].
The dynamics of the system can be either Glauber dy-
namics or Kawasaki dynamics. In Glauber dynamics, the
spin changes at each step without conserving the total
concentration of each q state throughout the simulation
time. In contrast, Kawasaki dynamics preserves the total
concentration of each q state at every spin change through-
out the simulation time. Considering the simplest model
for understanding the entropic effect, this work focusses
on the use of Glauber dynamics [102, 103].
Monte Carlo simulations have been extended to under-
stand long- and short-range ordering in some high-entropy
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alloys [104–106].

SPPARKS Simulator

SPPARKS (Stochastic Parallel PARticle Kinetic Simula-
tor), a Monte Carlo simulator (Sandia National Labora-
tories, a US Department of Energy laboratory) is used
for this work [107, 108]. This is based on rejection-free
KMC in order to consider all possible transition states
in the simulation. The algorithm follows a binary tree
of probability. The random sweep algorithm allows the
selection of sites that randomly resemble the original Potts
model [84]. The algorithm is an in-lattice application that
defines the rejection and acceptance criteria and executes
the probable event. This work focusses on 20× 20× 20 lat-
tice size (n) of different coordination numbers, but mainly
on BCC (Z = 8). The temperature (T ) is calculated for
the cooling or heating of the total lattice size, which is
20× 20× 20 here. The unit of temperature defined by the
simulator should be consistent with the energy definition
of the system. Therefore, the unit of temperature in these
simulations is J/kB , J is the pre-defined interaction energy
of the system [93]. Each system is subjected to a tempera-
ture range of T = 0 to T = 6 at an interval of (∆T ) = 0.1.
Under each temperature condition, the simulations were
run for the 105 MC steps to obtain a stable system at the
end of the temperature.

E =
Ĥ

n3Zm
(2.2.4)

The energy per atom (E) is calculated as the energy of the
system (Ĥ) divided by the lattice size (n), the coordination
number of the system (Z) and the number of atoms per unit
cell of the system (m) (equation 2.2.4). Similarly to Binder,
the energy per atom (E) is averaged over 103 MC steps to
avoid random fluctuations [90]. The transition temperature
Tc is given as the temperature at which the energy per
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atom changes abruptly as shown in Figure 2.3.1. The
order-disorder transition is determined in three different
ways: (a) by regular solution calculation (pertaining to
q = 2 or binary system), (b) by the order-disorder energy
transition which is comparable to specific heat calculations,
and (c) by determining the bond energy based on dissimilar
neighbours and generating a phase diagram. The effect of
various sizes of the lattice on the transition temperature is
also observed, as well as the heating and cooling patterns
of the systems on the critical temperature.
The lattice structure for all systems at different tempera-
tures was observed using OVITO data visualisation and
analysis software [109]. This software was used not only
to visualise the changes that occurred in the various sys-
tems with time and temperature. It was used not only to
identify the ordering and disordering in the system but
also to reprogram and visualise the lattice with similar
and dissimilar nearest-neighbour interactions to mimic the
bond interaction of atoms.
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2.3 Determining order-disorder transition

2.3.1 Regular solution and order-disorder transi-
tion

As defined by the regular solution model, especially for a
binary system: with two different elements in a system,
the transition temperature is when the system moves from
an ordered or clustered phase to a randomly distributed
state, where the atoms occupy any place in the lattice
without a pattern. As discussed earlier, the internal energy
or enthalpy, along with entropy and temperature, plays
an important role in defining the order-disorder transition
(equations 1.2.2 and 1.2.7). As the effect of enthalpy is not
considered here, the transition temperature (TC) is only
a function of entropy. For a binary system, the regular
solution equations given in equation 1.2.7 can be rewritten
with the simulated parameters. As explained by Hill [110],
comparing the thermodynamics of solutions with ferromag-
netism, the enthalpy term can be rewritten in terms of
the potential energy of interactions. This potential energy
is not only the atomic bond interaction but also the in-
teractive energy of two atoms at the nearest-neighbour
site.

If the two types of atom are namely i and j then the
interaction energy (J) is 0 for ϵii and ϵjj, i.e., similar bonds
and 1 for ϵij, i.e., dissimilar bonds. The Xi and Xj, that
is, the mole fraction of each element is the number of
each element in the system at the simulation end of every
temperature. Equations 2.1.1 and 2.1.2 can be rewritten
as follows:

∆Smix = Xi ln |Xi|+Xj ln |Xj| (2.3.1)

∆Hmix = ZXiXj(
ϵij − 1

ϵii + ϵjj
) (2.3.2)
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Figure 2.3.1: The free energy of mix plotted over a range of temperature
(T = 0 to 6) for a binary system. The energy of the system is based on
the change in entropy of the binary system and change in enthalpy. The
similar neighbouring atoms having 0 energy and dissimilar neighbouring
atoms having an energy value 1.

For a binary solution, if ϵii + ϵjj > ϵij, the system prefers
to be in a disordered solution, and if ϵii + ϵjj < ϵij, the
system is energetically favoured to be an ordered solution.

As explained earlier, since the bond interaction is 1 be-
tween the elements, the enthalpy effect comes only from the
elemental fraction and the neighbour interaction. Using
the above ∆Smix and ∆Hmix for ∆Gmix (equation 1.2.2)
the ∆Gmix vs T can be plotted as figure 2.3.1 for a bi-
nary solution. The temperature at which the free energy
changes abruptly is the critical temperature calculated
by this simulation for q = 2. The change in free energy
is comparable to the calculations for the thermodynamic
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regular solution. Guttman et al. [111] listed the critical
temperature (TC) calculated using different methods for
a 3D q = 2 system. The listed critical values are for an
infinite crystal lattice but are similar to the result obtained
from figure 2.3.1 i.e. T = 3.17.

As Herrmann reported [93], the change in the critical tem-
perature (TC) is not sensitive for a lattice size of 15 for a
simple cubic 3D system. This is proven true for these simu-
lations also, as seen in figure 2.3.3, where the energy/atom
is plotted against temperature for a BCC system for q
systems 2, 3 and 5 (systems containing 2, 3 and 5 species)
having lattice size (n) 20, 60 and 120 [93]. Here, the sud-
den change in energy/atom (in figure 2.3.3) is seen to be
consistent for the different q states and lattice sizes.

Figure 2.3.2: Energy/atom for BCC system with lattice size 20×20×20,
60×60×60, and 120×120×120 for (a) q = 2 over a range of temperature.
The plots show that the energy/atom over the temperature replicates
despite the varying lattice size.

In a similar way, the critical temperature can be calculated
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(a) q = 3

(b) q = 5

Figure 2.3.3: Energy/atom for BCC system with lattice size 20×20×20,
60×60×60, and 120×120×120 for (a) q = 3 and (b) q = 5 over a range of
temperature. The plots show that the energy/atom over the temperature
replicates despite the varying lattice size.
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for higher order q states using simple regular solution ther-
modynamic equations. However, as the equations become
increasingly complicated with additional interactive para-
meters, the results are more difficult to calculate as well
as can greatly underestimate or overestimate the critical
temperature.

2.3.2 Energy and order-disorder transition

Figure 2.3.4 shows the energy/atom of a BCC system over
a temperature range of T = 0 to T = 6. The temperature
at which the abrupt change of energy can be noticed is the
critical temperature for the order-disorder transition. The
high-energy state is the completely disordered state and
the low-energy state is the ordered state.
All systems were subjected to a temperature range of
T = 0 to T = 6, but the heating protocol can be var-
ied. The protocol can be that of overheating the system
or undercooling the system. This in turn can affect the
order-disorder transition. In the overheating protocol, the
system, in the beginning, is in a stable 0 energy state and
gradually heated to a required temperature and stabilised
at that temperature. This avoids the random distribution
of elements in the system at the beginning of simulations.
In the undercooling protocol, the system is in complete
disorder, which has the most stable energy of the system.
The system is then rapidly undercooled and the required
temperature is reached. Schebarchov et al. [112] proved
that systems showing second- or higher-order transitions
are not affected by undercooling or overheating protocols
and energy data overlaps. However, for systems showing
first-order transitions, there is always a hysteresis between
overheating and undercooling of a system. Observing the
energy/atom vs temperature in figure 2.3.5 and 2.3.6for
binary, ternary and quinary systems, the hysteresis can be
noticed in the five elements system.
During the overheating protocol, the system is heated
up. At this point, the transition temperature (TC) is
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Figure 2.3.4: The energy/atom for BCC over a temperature range of
T = 0 to T = 6 for a lattice size of 20 × 20 × 20. The sharp transition
of energy/atom at the temperature indicates the critical temperature Tc.
Such a Tc is however absent for q = 2 and q = 3, which shows a gradual
transition.

the lower limit of temperature at which the energy of
the system changes. During the undercooling protocol,
the upper limit of the temperature at which the abrupt
energy change occurs is considered as TC . As mentioned
earlier, since this calculation uses the Glauber dynamics,
the undercooling protocol is used further to understand
the behaviour of disorder-order [102]. The TC as obtained
from the undercooling protocol is listed in table 2.3.1.

TC can also be derived from the first-order transition of en-
ergy or energy/atom for a q state [90, 91]. The derivative is
equivalent to determining the specific heat, and the sharp
peak temperature at the singularity of the heat capacity
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(a) BCC lattice for q = 2

(b) BCC lattice for q = 3

Figure 2.3.5: The energy/atom for BCC over a temperature range of
T = 0 to T = 6 for undercooling and overheating for (a) q = 2 and (b) q = 3
(binary and ternary elemental systems) do not show the hysteresis.
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(a) BCC lattice for q = 5

Figure 2.3.6: The energy/atom for BCC over a temperature range of
T = 0 to T = 6 for undercooling and overheating for q = 5 (quinary
elemental systems) shows the hysteresis.

corresponds to TC . The TC for various q states are listed in
table 2.3.1 and are represented graphically in figure 2.3.8.
This is in accordance with Baxter [89, 90], who reported
that q state of 5 or more shows a sharp first-order transi-
tion that makes identification of TC easier. Scholten [91]
reported that for a q-state clock model of a simple cubic
3D lattice, TC becomes prominent. This is because as the
q state increases, the transition becomes more prominently
first-order. However, q = 2 does not exhibit a first-order
transition, and Baxter [89, 90] explained that this is due
to the gradual transition observed in binary solution.

Since in a binary system the spinoidal and miscibility points
are the same as seen in the regular solution model, there
is normally a gradual transition from order to disorder
unless the enthalpy of mixing is very dominant. There-
fore, TC from the calculation of the energy / atom or the
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Figure 2.3.7: The first order derivation of energy/atom (heat capacity)
over a temperature range of T = 0 to T = 6 indicates the transition
temperature, especially for q states over 4 that specifically shows exhibit
first-order transition.
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Figure 2.3.8: (a) Indicates the jump from an ordered to a disordered state
and the change in the energy involved. (b) The change in energy/atom
from the ordered to disordered state varies as a function of q states.

heat-specific transition for q = 2 is not deterministic. Bax-
ter [89, 90] also reported that q states 3 and 4 could not be
exclusively categorised as a first- or higher-order transition.
Thus, determining TC for q states 3 and 4 is also difficult.

As mentioned above, the data collected are over a temper-
ature interval of ∆T = 0.1. However, q states 2, 3, and 5
are the most important q states for investigation. The lack
of first-order transition and the definition of the classical
binary alloy make q = 2 an important q state to discuss.
q = 3 and q = 5 are equivalent to medium-entropy alloy
and high-entropy alloy, respectively, as these number of
elements constitute the medium and high-entropy alloys.
Therefore, these three systems were observed at temper-
ature intervals of ∆T = 0.01, in order to obtain a more
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Figure 2.3.9: The order-disorder transition temperature decreases as a
function of q states. This is true for all crystal structures, though only
BCC crystal structure is indicated here.

specific TC .

It can be noticed in figure 2.3.8a that the sudden transition
in TC shows a large energy difference (∆Energy/atom)
between the ordered and disordered phase as the q state
increases (figure 2.3.8(b)). The energy difference is almost
negligible for the q = 2 state. It is in accordance with
the regular solution model for multiple elements in a solid
solution as reported by Mejering [80] and later by Morral
et al. [81] where they indicated that the difference between
the miscibility and spinoidal temperature increases with
increase in q states or number of elements in the system and
the spinoidal temperature keeps decreasing with increasing
elements in the system. With a lack of bond interaction,
the increased entropy stabilises the disordered phase at a
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lower temperature.

The change in TC with the q states can be seen in fig-
ure 2.3.9. The energy/atom of a disordered state is pro-
portional to the number of elements in the system or the
q states (figure 2.3.13), and the relation is almost linear in
nature. Once the disordered state is achieved, the increase
in energy / atom as a function of temperature is similar for
all q states in the investigation except for the binary state
(q = 2). The gradual change in the order-disorder phase in
q = 2 does not increase the energy of the system much as
this temperature of the system increases for a binary solid
solution.

However, it can be concluded that as the q state increases,
the entropy of the systems helps the disorder-to-order tran-
sition happen at a lower temperature and more abruptly.
This results in achieving a disorder solid solution at a lower
temperature when multi-principal elements are present in
the system. It can also be noticed that for a given temper-
ature, as the q state increases, the energy of the disordered
state also increases. The high energy as in q = 7 or q = 8 at
the transition temperature or above does not help stabilise
the system.

Therefore, in relation to the first-order transition that al-
lows a distinct order-disorder transition, q states 4 and 5
prove to be more convenient. This helps us to explain the
reason for most high-entropy alloys to be 4 or predomi-
nantly 5-element systems. The increasing q state increases
the energy/atom in the disordered state. A stable disor-
dered phase is equivalent to a completely random solid
solution. An equiatomic 5-element system has high config-
urational entropy along with substantially low energy of
disordered phase in comparison to the higher q-state sys-
tems and exhibits a singularity of heat capacity, allowing
a distinct order and disordered phase. This helps us to
conclude that, as the name suggests: as the high entropy
alloy increases, the elements in the system favour entropy.
It is also noted that as the elements in the system increase,
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q Regular
solution

calculation

Energy/atom
from Potts

model

First-order
transition of
energy/atom

Bond energy
and phase
diagram

2 3.17 3.2± 0.1 3.18± 0.1 3.00

3 2.53± 0.01 2.52± 0.01 2.45

4 2.2± 0.1 2.1± 0.1 2.12

5 1.97± 0.01 1.97± 0.01 1.96

6 1.9± 0.1 1.8± 0.1 1.83

7 1.7± 0.1 1.6± 0.1 1.65

8 1.7± 0.1 1.6± 0.1 1.64

Table 2.3.1: The order-disorder transition temperature evaluated for q
states 2 to 8 using different methods.

the total energy of the system increases, resulting in higher
energy of disordered state.

However, the above argument is without considering the
enthalpy of interaction. It can be duly argued that for
increasing elements in a system of 7 or more, if the enthalpy
of the system can lower the total energy of the system,
then a random solid solution can be stable even at low
temperatures. For example, Al0.5CoCrCuFeNiTi0.2 [113],
although it is a single phase FCC, not all elements in
the system are equiatomic. There are alloys such as
CuAlNiCoCrFeSi [3, 41], CuCoNiCrAlFeTiV [114], which
have 7 or more elements in the system but lack a single
phase solid solution. The most stable single-phase solid
solutions at room temperature contain a maximum of 5 or
6 elements in the system. It could also be concluded that
a more stable single-phase solid solution can be obtained
from 5 to 6 different elements in a system like MPEAs as
usually seen. However, it should be kept in mind that the
transition temperature obtained using this method is an
underestimation because the enthalpy of the elements is
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Figure 2.3.10: Energy/atom of a disordered state at the transition
temperature and T = 5.9 as a function of (a) q states and (b) transition
temperature (TC).
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not considered.

2.3.3 Order-disorder transition in different crys-
tallographic systems

Although we can say that the thermodynamic principles
of entropy and its effect remain the same for all systems,
the coordination number of the system can have an effect
on the critical temperature of transition.

Figure 2.3.11: The critical transition temperature for q states 2 to 8
for various crystallographic lattices: FCC, BCC, Diamond, 2-dimensional
Square (Sq_2d) and 3-dimensional square (Sq_3d) lattice

Figure 2.3.11 shows, despite the crystal structure, that
the configurational entropy reduces the transition tem-
perature; however, figure 2.3.12 shows that the lower the
coordination number of the system, the lower the transition
temperature. This can be explained by the fact that a
lower coordination number suggests less number of near-
est neighbour positions, and thus a higher probability of
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occupancy and less complicated and similar atom. This
allows for a more easy random distribution of elements for
crystallographic systems with lower coordination numbers.
Therefore, diamond with Z = 4 has the lowest TC for all
the q states, and FCC with Z = 12 has the highest TC

for all the q states. As tabulated in table 2.3.2, TC for q
state 8 is half of the TC of q state 2 for all crystallographic
systems.

Figure 2.3.12: The transition temperature as a function of coordination
number of the crystal systems normalized over calculations done on simple
cubic on varying q state. The transition temperature and the coordination
numbers show a linear relation for all the q states.

It can thus be concluded that without the interference of
the bond energy and the enthalpy of mixing, entropy itself
can be defined as a reason to obtain a stable random solid
solution at low temperature. According to thermodynam-
ics, a lower coordination number is preferred to obtain a
stable random solid solution at a lower temperature.

Most transition metals in the periodic table are BCC or
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q

Z
2

(Diamond)
6

(Square)
8

(BCC)
12

(FCC)

2 1.3 2.2 3.1 4.8

3 1.2 1.8 2.5 3.8

4 0.9 1.5 2.1 3.3

5 0.8 1.4 1.9 2.9

6 0.8 1.3 1.8 2.7

7 0.7 1.2 1.6 2.5

8 0.7 1.1 1.6 2.4

Table 2.3.2: The order-disorder transition temperature (Tc) of various
3-dimensional crystal systems for q states 2 to 8.

FCC in the crystal structure. If an alloy of any number of
constituents is made up of only FCC elements, the resultant
alloy will be FCC in nature, and if all the constituent
elements of the alloy are BCC in the crystal structure,
the resultant alloy is also BCC. However, especially in
multi-element systems, Kube et al. [115] reported that
the BCC structure is preferred over the FCC structure
because of the large atomic size difference. Thus elements
in high-entropy alloys or multi-principal element alloys
that would have preferred the FCC crystal structure prefer
the BCC structure. This is additionally supported by the
order-disorder transition based on the coordination number.
As the coordination number of BCC is lower than that
of FCC, this makes BCC a more constrain-free system.
Therefore, BCC not only sustains the strain energy due to
the atomic size difference but also increases the probability
of obtaining a random disordered solid solution at a lower
temperature than high coordination-numbered FCC.

The understanding of the order-disorder transition in detail
as a function of the number of varying elements in the
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system, i.e. the q state, is focused on the BCC crystal
system only.

2.3.4 Interactive energy, phase diagram and order-
disorder transition

The other way to understand an order-disorder transition
is by constructing a phase diagram that distinctly sepa-
rates the ordered phase from a disordered phase. A general
phase diagram shows the change in phase with the tem-
perature and the constituent of the alloys. The diagram
becomes complicated with increasing elements in the sys-
tem if each axis represents an element. This phase diagram
is constructed with the assumption that at T = 6 all the
systems of different q states are completely disordered. In
a completely disordered state, all the atoms at every site
have different nearest-neighbour atoms. Since the interac-
tive energy (ET ) of the dissimilar atoms (ϵij) is 1 and that
between similar atoms (ϵii or ϵjj) is 0, energy at each tem-
perature is the sum of a total number of dissimilar atomic
neighbours or dissimilar bonds. As at T = 6, the system is
considered to be the most random and disordered system,
then the energy at T = 6 (E6kT ) is equivalent to the total
number of dissimilar bonds the system can have. Thus,
the fraction of dissimilar bonds (Cij) for each temperature
can be calculated as:

Cij =
ET

E6kT

(2.3.3)

As the system is made up of both similar and dissimilar
bonds, the fraction of dissimilar bonds for every tempera-
ture is the following.

Cii = 1− Cij (2.3.4)

The phase diagram is constructed for the fraction of similar
and dissimilar bonds for the given temperature range as
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shown in figure 2.3.13. The region above the bond line at
higher temperatures is the disorder region, and the region
below the bond line is the ordered region.

The transition point for q = 2 is where the bond line of
similar and dissimilar bonds intersect, it coincides with the
presence of 50% dissimilar bonds in the system. A similar
transition can be observed for q = 3. However, from q = 4
onwards the transition is not sharp, but a plateau is at a
particular temperature above which the concentration of
the dissimilar bond fraction increases. This plateau corre-
sponds to TC . The transition temperature thus obtained
from the phase diagram is listed in table 2.3.1.

Figure 2.3.13: Phase diagram constructed for BCC q states 2 to 8 over
temperature and the fraction of dissimilar atom interaction (Cij). The
total fraction of dissimilar (Cij) and similar (Cii) atom interaction at every
temperature is 1. The line colour becomes lighter as the q state increases,
indicating an increase in the plateau at the transition temperature.
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Two elements alloy system (q state 2) As Morral and
Chen [81] reported that in a regular solution model for a
binary system the phase diagram as a function of temper-
ature and composition, it shows a singular point on the
graph representing the miscibility point and the spinoidal
point at an equiatomic composition. A parallel can be
drawn to this phase diagram constructed as a function
of temperature and bond fraction. Since the number of
elements in the system is two and the Glauber dynamics
of the algorithm do not allow preserving the number of
elements in the system, a 50% dissimilar bond suggests an
equiatomic fraction of the two species. Thus, the transition
is noted in the equiatomic composition. As the transition
is smooth and does not show a plateau, no spinoidal decom-
position at the transition point is observed. This abides
by the regular solution thermodynamic results [81]. The
smooth transition is further confirmed by figure 2.3.15
which shows the 2D XZ plane and the 3D BCC cubic lat-
tice as observed by Ovito at T = 2.9, 3.0, 3.05, and 3.1.
The lattice construction of the bond patterns is the colour
map shown in the figure. The histogram as well as the
colour distribution in the lattice shows a similar gradient
at the temperature of transition, before and after it also.
Beyond the transition temperature (TC) as identified the
fraction of dissimilar bonds increases but marginally.

Five elements alloy system (q state 5) The isopleth
cross section for a quinary equiatomic system shows the
spinoidal point is lower than the miscibility point that
marks the transition from a single-phase random solid solu-
tion to an ordered phase [81]. This large gap between the
miscibility point and the spinoidal point can be compared
to the plateau obtained at the TC in the phase diagram
as a function of temperature and bond fraction. It can be
suggested that the plateau indicates the miscibility gap
resulting from the entropy of mixing and configuration.
The plateau length increases with the q states as does the
miscibility gap with increasing components in the system.
The lattice reconstruction in figures 2.3.16 and 2.3.17 shows
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that at the TC = 1.96, the plateau equivalent amount of
similar and dissimilar bonds are present which is supported
by the histogram. At that temperature higher than TC

( T = 1.97, T = 2) the lattice reconstruction specifically
shows the presence of dissimilar bonds indicating a highly
disordered state. Whereas, the temperature below the TC

(T = 1.9), the lattice reconstruction explicitly shows the
imminence of similar bonds that is a highly ordered state
(figure 2.3.16). A more detailed analysis shows the sharp
change seen at T = 1.966 and T = 1.977 (figure 2.3.17)
as T = 1.966 is the plateau isotherm, thus we can con-
clude the transition temperature as derived from the phase
diagram is T = 1.966.

Figure 2.3.14: The transition temperature for different q states obtained
using different methods of calculation:regular solution model, energy tran-
sition or Potts model, heat capacity variation meaning first order transition
of energy and phase diagram from interactive energy transition reveals
similar trend.

The plateau for higher-order q states suggests that at the
transition temperature the probability of ordering is as
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high as disordering in the system. This is aided by the
increase in the number of components in the system. As
the component increases, the probability of pairing itself
with another species also increases. Considering whether
the probable formation is ordered or disordered, a range
of energy can be possible at TC which is indicated as the
vertical line at the transition temperature in figure 2.3.13.
This conclusion is comparable to the spinoidal gap observed
in multi-elemental systems [81]. At spinoidal temperature,
for a given composition of the alloy, an order-disorder phase
transition can be observed at a temperature lower than
the miscibility point. The added component in the alloy
lowers this temperature further. This is in terms of the
conclusion drawn from the figures 2.3.4, 2.3.9 and 2.3.13
where the increased q state lowers the temperature of the
transition and the primary reason is the entropy of the
system. In addition, a first-order transition aids in the
spinoidal transformation.
Figure 2.3.14 clearly shows the (Tc) calculated by different
methods for the range of states q. It can be seen that,
except for q state 5, the results are underestimated for the
other q states. This is because the temperature interval
for data processing is in every ∆T = 0.01, which for others
is ∆T = 0.1. As mentioned earlier a similar temperature
difference is considered for q = 2. However, the lack of
first-order transition in q = 2 therefore does not support a
consistent result. The results cannot be further compared
to order-disorder transition temperatures of alloys because
the effect of enthalpy is overlooked here.
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2.4 Conclusion

This work extends the use of Monte Carlo simulation to
understand the effect of the number of components on
the order-disorder transition in multi-principal element
alloys using the Potts model. This model is a simplistic
attempt to understand the effect of the configurational
entropy on the order-disorder transition of a crystal sys-
tem. Although most of the work is concentrated on the
BCC crystal structure, the phase transition is also observed
for the three-dimensional crystal structure of various co-
ordination numbers. It can be concluded that the lower
coordination number aids in a stable disordered state at
a lower temperature. This proves that BCC reaches a
disordered state at a lower temperature than FCC and
that the phase transition becomes more stable at lower
temperature with increasing elements in the system and a
lower coordination number. The configurational entropy,
given by the number of elements in the system or the q
states, lowers the temperature of the order-disorder transi-
tion. The determination of the phase transition and the
transition temperature is obtained using three different
methods in this work. The methods being: the regular
solution method, the calculation of the change in energy
per atom in the system, and interactive energy calculation
to obtain a phase diagram.

The increase in elements in the system increases the en-
ergy of the disordered system. This energy is primarily
contributed by the configuration and probability of having
the same atoms or dissimilar atoms at neighbouring sites
because of entropy. Without the effect of enthalpy, entropy
can increase the energy of the system while lowering the
transition temperature. The order-disorder transition for
various q states is calculated using different methods. A
similar result is obtained with an error of ±0.1 for all the
q states. Therefore, it can be concluded that the entropy
itself affects the order-disorder transition and the energy
of the system. It is also observed, from the phase diagram
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formed from isopleth cross section of similar and dissim-
ilar phases of various q states, that the gap between the
spinoidal point and miscibility point increases with increas-
ing q state. The increased miscibility gap or plateau at
a temperature suggests that the order-disorder transition
can be observed for a large fraction of dissimilar bonds
in the system. It is not restricted to a state of the same
number of similar and dissimilar bonds. Therefore, the
order-.disorder transition temperature is stretched like a
spinoidal transition.
All calculations are performed without including the atomic
interaction based on their enthalpy. The additional effect of
enthalpy can stabilise even systems with higher q states by
lowering the energy of the disordered solid solution. How-
ever, that is beyond the scope of this work and leaves a
path for further improvement on the simulation for a more
comprehensive study of the effects of individual thermody-
namic factors on a multi-principal element solid solution.
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Mechanical stability of
BCC MPEAs

“The main purpose of science is simplicity and as we
understand more things, everything is becoming simpler”

Edward Teller
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3.1 Nanoindentation and mechanical prop-
erties

The primary mechanical properties obtained from the
nanoindentation are hardness and elastic modulus. Hard-
ness (H) is the response to stress of the material in the
indentation at a given load (P ) over a contact area (A) of
the indentation on the material (equation 3.1.1).

H =
P

A
(3.1.1)

The total displacement of the indenter from the point
of contact with the surface of the material is given as h
and A = f(hc) [116]. Indentation can be performed with
different indentation geometry such as Vickers, Berkovich,
and wedge-shaped. The contact depth of an indentation
(hc) is a function of the geometry of the indenter and the
total displacement (h). The geometry of the indenter tip,
along with the stiffness of the contact (S) determines the
contact depth: hc = h− βP/S. β is a constant, which is
0.75 for the Berkovich indenter.

Under plastic deformation, P and h are not absolute values.
The stiffness (S) is the elastic stiffness of the contact,
which is mathematically given as the slope of the unloading
section of the load on the sample (P ) vs the displacement
into the sample (h) curve (equation 3.1.2). The stiffness
is a response of the sample under investigation and the
indentation device.

S =
dP
dh

=
2√
π

√
AEr (3.1.2)

where Er is the reduced modulus. The reduced elastic
modulus Er accounts for the deformation of the indenter i,
as well as the sample s is calculated as
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1

Er

=
(1− ν2

i )

Ei

+
(1− ν2

s )

Es

(3.1.3)

Here, ν and E represent Poisson’s ratio and elastic mod-
ulus, respectively. The elastic modulus of a material is
constant but varies with temperature. It can be obtained
from nanoindentation experiments, assuming that ν (of
the respective material) is known.
However, the hardness of the metal is not only a material
property but also a function of the depth of indentation,
crystallographic anisotropy, and temperature. The change
in hardness with the depth of the indentation is known as
the indentation size effect [117]. The hardness is observed
to increase as the depth of indentation decreases. The hard-
ness is the response of the statistically stored dislocation
(SSD) and geometrically necessary dislocations (GND).
SSDs result from homogeneous strain and are a function of
the material itself, whereas GNDs are a response to strain
to maintain the material continuity. The GNDs increase
with the flow stress and are proportional to the plastic
strain gradient. The strain gradient reduces with the depth
of indentation. Therefore, at low indentation depths, the
density of GND is high.
As the indentation depth increases, the plastic strain gra-
dient decreases and the GNDs are distributed over a larger
area. This reduces the hardness response of the mater-
ial as the depth of indentation increases, also known as
the indentation size effect (ISE). Nix-Gao model [118] is a
mathematical approach to ISE expressed as in the following
equation.

H

H0

=

√
1 +

h∗

h
(3.1.4)

Here, H0 represents the hardness at a large indentation
depth or intrinsic hardness and h∗ is the characteristic
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depth which is a function of the shear modulus and the
shape of the indentation [118]. Equation 3.1.4 is based
on the assumption that, after indentation, the GNDs con-
centrate in a hemispherical volume underneath a conical
indenter tip.

The change in hardness over the depth of indentation re-
veals the difference in geometrically necessary dislocations
and stress hardening in the system. The fluctuation in
hardness in randomly distributed indentations in a given
sample indicates the anisotropy of the system.

The fluctuation in hardness over different indents is useful
for identifying precipitates or the presence of different
phases in a sample. In order to obtain an average material
property, it is usually preferred to obtain statistically viable
data from indents spread over a large area. It is known
to result in a highly stressed area below the indentation
as a result of the formation and accumulation of GNDs.
This is a plastically deformed high-stress zone, and having
indentations close to one another can result in overlapping
of the stress regions. That results in an overestimation of
the hardness of the material. Therefore, it is advisable to
keep the distance between indents three times the depth
of the indentation [119, 120].

Hardness is also a function of temperature, especially for
materials that are thermally sensitive, such as materials
with a BCC crystal system. With an increase in temper-
ature, the strain hardening decreases, and thus reduces
the hardness response of the material. Nanoindentation
can also be performed at higher temperatures by heating
the stage and the samples simultaneously. Sapphire is the
material of choice as a nanoindentation tip as a result of
its heat-resistant response at elevated temperature. This
helps in observing the stress response of the material at
elevated temperatures. Nanoindentation is a versatile me-
chanical testing method that does not require extensive
sample preparation methods. This makes nanoindentation
an alluring method for easily estimating the strength of a
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material, as well as to use its statistical methods of acquir-
ing data to extend the understanding of the plastic response
of the material under strain caused by indentation.

It can be observed in some materials that there is a ten-
dency for material to ‘pile-up’ around the indentation site.
This results in a change in contact depth, and thus results
in higher calculated hardness and elastic modulus. This
is usually observed for materials with low work hardening
or low strain. This can also be seen for thin soft films on
a hard substrate. Therefore, indents are usually observed
optically to identify and measure if any significant ‘pile-
up’ occurs. The accurate hardness and elastic modulus
is then calculated using the corrected area function. The
corrected area function is determined by the correction
factor, i.e. the ratio of the contact area projected on the
indentation to the geometrical cross-sectional area of the
indenter. Without the ‘pile-up’, the correction factor is
not a function of the depth of indentation and thus has no
effect on determining the mechanical properties [121].

3.1.1 Determining dislocation nucleation by nanoin-
dentation

Schuh et al. [122] developed a method to statistically quan-
tify the activation volume for the nucleation of dislocations
experimentally using nanoindentation and, in turn, the
activation energy required for the nucleation of dislocation.
Nanoindentation can be designed to indent to a very low
depth of 50 to 100 nm on a presumably defect-free small
sample for 100 to 150 nm using a low load that initiates
dislocation nucleation under the indent [123].

When a sample is carefully polished, a dislocation-free re-
gion can be obtained on the surface. During indentation,
the stress below the indenter gradually increases to be
equal to the maximum resolved shear stress of the material.
Slip is initiated at this stress, but in a dislocation-free re-
gion, dislocation nucleates at this stress to allow plasticity
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Figure 3.1.1: A typical representation of load on sample vs displacement
into the surface for a pop-in experiment that shows the Hertzian contact
fit [124] just before the pop-in.

to set in. The nucleation of dislocations can be identified
as a plateau in the load on the sample vs. displacement
graph. This plateau is called a "pop-in" (figure 3.1.1). The
nucleation is assisted by the stress generated during the in-
dentation. For metals or alloys that show no stress-induced
phase transformation, the pop-in in the load-displacement
curve is expected to be the result of stress-assisted nu-
cleation of the dislocation during the elastic to plastic
transition under stress [122, 123, 125].

A pop-in indicates a vacancy or defect that results in a
large change in displacement on the surface under the given
load on the sample [122]. This phenomenon is considered
the nucleation of a defect and the defect generated is a new
dislocation in a dislocation-free environment. A series of
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indents is required to increase the probability of generating
new dislocations. The rate of nucleation of dislocations
Ṅ can be expressed as a function of the intrinsic energy
barrier for the formation of dislocations ξ, shear stress τ
and temperature:

Ṅ = Ṅo exp[−(ξ − τV ∗
n )/kT ] (3.1.5)

where V ∗
n is the activation volume involved in nucleation

and Ṅo is the pre-exponential attempt frequency factor per
unit volume. When the rate of nucleation is integrated over
the entire indented volume, the equation can be rewritten
as

Ṅ = Ṅo exp(
E

kT
)

∫
V

[exp(
τV ∗

n

kT
) dV ] (3.1.6)

The probability of the rate of nucleation of the dislocations
in the volume of indentation can be statistically expanded
over the rate of cumulative distribution frequency (CDF
(f)) of pop-ins that occur.

f(t) = 1− exp(

∫ t

0

Ṅ(t) dt) (3.1.7)

For a given load rate and the corresponding shear stress,
the CDF (f) can be rewritten as

f(τ) = 1− exp(

∫ t

0

Ṅ(τ) dτ) (3.1.8)

The equation mentioned above indicates the statistical
correlation of the shear stress under indentation with the
nucleation of the dislocation.
The above equation can be expressed similarly to the
Weibull distribution [126]. This brings a comparison to the
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weakest link approach for brittle materials as discussed in
A.2.
Using statistical distribution and correlation, the cumu-
lative fraction of pop-ins (f) in the correlation of shear
stress (τ) from equation 3.1.8 can be written as

ln | − ln |1− f || = V ∗
n τ

kT
+ κ (3.1.9)

where κ is a parameter that has a weak dependence on τ .
@ Equation 3.1.9 provides a linear relation to determine
the activation volume V ∗. The activation volume V ∗, here
defined as the critical volume occupied by a linear defect to
activate nucleation of a dislocation for the onset of plastic
deformation from the elastic equilibrium state.

3.1.2 Characterizing dislocation motion by nanoin-
dentation

Plastic deformation and flow stress are influenced by the
change in applied strain. The change in strain rate cor-
relates the dislocation interactions with the plastic defor-
mation under an externally applied force. The response
to the change in the strain rate is given as the strain rate
sensitivity [49].
The strain rate sensitivity (m) is a function of the flow
stress (σ) and the strain rate (ε̇) at a constant tempera-
ture (T ) and strain (ε). It is well established that as the
strain rate increases, the flow stress increases based on the
equation.

σ = Cε̇m (3.1.10)

The slope of the logarithmic representation of σ vs ε̇ gives
the strain rate sensitivity (m) (equation 3.1.10). From the
tensile tests [49], it is noted that the metals have m < 0.1 at
room temperature. As the strain rate sensitivity increases,
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the elongation and hence, the ductility increases. Higher
strain rate sensitivity is observed in Newtonian viscous
solid or superplastic alloys where strain rate hardening
suppresses the necking in these alloys [127–129].

m =
d ln |σ|
d ln |ε̇|

(3.1.11)

As the strain rate changes, the flow stress is modified,
which is governed by the density of dislocations and their
interaction and velocity. The strain rate is related to the
velocity of the dislocations (w) and the density of the
dislocations (ρ) as:

ε̇ = ρbw (3.1.12)

w = Aσm′
(3.1.13)

m′
V =

1

m
− d ln |ρ|

d ln |σ|
(3.1.14)

The above equations are based on uniaxial loading. A is a
constant and m′ and m′

V are variables related to the strain
rate.
This work was further expanded in the context of nanoin-
dentation, where strain rate sensitivity was observed under
nanoscale plastic deformation and calculated using nanoin-
dentation [130–133]. Different methods of experiments
were used among which Mayo and Nix [134–136] used the
constant loading rate method, which reduced the equa-
tion 3.1.11 to:

m =
d ln |σ|
d ln |ε̇|

=
d ln |H/C|

d ln |ε̇|
(3.1.15)
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The flow stress is written as a function of hardness where
the flow stress (σ) = H/C, where C = 3 is the constraint
Tabor factor which is a material function of elastic-plastic
deformation [137, 138]. The strain rate obtained from the
indentation is derived from the true strain and assumes
that the hardness is constant over a particular range of
depth of indentation. This results in equation 3.1.16 where
ε̇ is a function of change in load rate for a load controlled
system [139].

ε̇ =
ḣ

h
=

1

2

( Ṗ
P

)
(3.1.16)

Since the strain rate sensitivity involves the dislocation
velocity (w) and the dislocation density (ρ), the volume
(V ∗

m) involved in the motion of these dislocations can also
be calculated.
The strain rate sensitivity is related to the activation vol-
ume as

m =
√
3
kT

V ∗
m

(3.1.17)

The above equation ( 3.1.17) holds for the local multiaxial
loading as derived by Wei [140]. The standard activation
volume under uniaxial loading is calculated in a similar
way by Gibbs [141]. The activation volume of the plastic
deformation is the critical volume that a dislocation needs
to occupy to facilitate movement. Thus, the activation
volume is directly related to the deformation mechanism
of the system [142].
In this work (Section 1.3.3,) it has been previously reported
that hardness is a function of the depth of indentation for
most elements and alloys. This infers that equations 3.1.15
and 3.1.17 also depend on the depth of indentation. Maier
et al. [143] suggested an advanced protocol of the strain
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rate jump test by nanoindentation focussing on the inden-
tation under the same microstructure where the strain rate
changes with depth during an indentation protocol. How-
ever, in this work, the experiments are focused on using
four different constant strain rates. The load responses are
identified for a given depth of indentation for every strain
rate. This is in order to take into account the effect of
indentation depth on hardness.
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3.2 Experimental Details

This section lists the materials for experimentation and ob-
servation in order to understand dislocation nucleation, dis-
location motion, and plasticity of BCC refractory MPEAs.
The experimental setups that involve nanoindentation to
answer these questions are also described in detail.

3.2.1 Materials

The samples studied are BCC refractory MPEAs namely
TiNbHfZrTa and NbMoCrTiAl and their quaternary deriv-
atives NbMoTiAl and MoCrTiAl. Chen et al. [22] have
already reported that NbMoCrTiAl and its derivatives
NbMoTiAl and MoCrTiAl have a B2 ordered structure.
The samples were cast and homogenised at 1300 ° C for
20 hours for NbMoCrTiAl and its derivatives and at 1150
° C for 48 hours for TiNbHfZrTa. They were provided
by the Institut für Angewandte Materialien – Werkstof-
fkunde (IAM-WK) (Karlsruher Institut für Technologie
(KIT)). The specimens for the nanoindentation were met-
allographically grinded using SiC grinding paper from 300
to 2500 grit papers and then cleaned with ethanol. Then
they were mechanically polished with 3µm and 1µm grain
size diamond suspension and oxide polishing suspension
(OPS) and finally vibro-polished for 16 hours to obtain a
stress-free flat mirror-like surface finish. The meticulous
preparation of the samples was performed by researchers
at IAM-WK, Karlsruher Institut für Technologie (KIT)).
The Poisson ratios (ν) for NbMoCrTiAl and its derivatives
are calculated from the reported data [23] and that of
TiNbHfZrTa was calculated as 0.38 [21].

3.2.2 Nanoindentation

Nanoindentation experiments were performed using a Nano
Indenter ® G200 Nanoindenter (Agilent / Keysight Tech-
nologies, Inc. California, USA, presently KLA Corporation,
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California, USA) with diamond Berkovich indenter tips at
room temperature and sapphire Berkovich indenter tips
for higher temperatures. A Berkovich indenter tip is a
three-sided pyramid. A diamond indenter has E of 1141
GPa and ν of 0.07. The E of the sapphire indenter is 420
GPa at room temperature. The ν for sapphire is 0.24. All
the nanoindentations were performed after the thermal
drift was reduced to 0.05 nms−1.

The hardness, elastic modulus, and theoretical shear stress
were calculated by loading the samples in the XP load
module and Dynamic Contact Module (DCM). The XP
load module has a lower resolution but a higher load-
exerting capability with a maximum load applying limit of
500 mN. The DCM on the other hand, has an improved
resolution with maximum load applying capability of 30
mN only. The unloading stiffness is determined using
the Oliver-Pharr method [116]. However, contact stiffness
can also be determined using the Continuous Stiffness
Measurement (CSM) method during dynamic loading. The
stiffness is determined during loading using an additional
oscillation, thus allowing multiple loading and unloading
segments during a single loading measurement. This allows
for dynamic determination of the unloading stiffness and,
subsequently, of the hardness and modulus. The unloading
stiffness is measured at 10% of the maximum load. [116]

3.2.3 Indentation at room temperatures

The samples were loaded up to 2000 nm depth from the
surface with a constant strain rate ( Ṗ

P
) of 0.05 s−1 using

the XP load module and 500 nm depth from the surface
with a constant strain rate of 0.05 s−1 using the DCM
load module. The strain rate ε̇ is usually defined as an
increase in the displacement rate ḣ over the displacement
h as given by the equation 3.1.17, therefore ε̇ is given as
1
2
Ṗ
P

. The samples were tested in the continuous stiffness
mode, which allows continuous recording of the stiffness
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and thus continuous recording of the elastic modulus and
hardness over the depth of the indentation. The results
were averaged over 15 indentations that were spaced at 60
µm from each other. In order to avoid the non-uniformity
close to the surface and the fluctuation during unloading
the mechanical properties are averaged over a depth of 1400
to 1600 nm and 200 to 400 nm for results from the XP load
module and DCM load module indentations, respectively.

The indents of constant strain rate of 0.05 s−1 by the XP
load module were investigated with UV laser scanning
confocal microscope (LSCM) (Keyence Corporations, Os-
aka, Japan) to measure surface roughness and observe the
presence of pile-up from indentation. Indent imprints were
observed under the scanning electron microscope (SEM)
(FEI Helios Nanolab™ 650, Thermo Fischer Scientific Inc.,
Massachusetts, USA).

3.2.4 Indentation at elevated temperatures

For elevated temperature experiments, a sapphire Berkovich
tip was used with a laser heating stage (SURFACE systems
+ technology GmbH and Co. KG, Hückelhoven, Germany).
The sample and tip were independently heated to reduce
the thermal drift of the system. The E is a function of
temperature as reported by Wachtman et al. [144] and the
relevant data were used for a given temperature. Tem-
peratures ranging from room temperature to 693 K at an
interval of 100 K were used to observe the mechanical prop-
erties of the samples, subjecting them to 0.05 s−1 strain
rate ( Ṗ

P
) to a depth of 2000 nm using the XP head. Oliver

and Pharr method [116, 145] was used to determine E and
H from the data unloading. The tip area function and the
subsequent stiffness of the system for a Berkovich indenter
were calculated as described in the paper [116, 145].

Understanding the BCC refractory multi-principal elements alloys using
thermodynamics and nanoindentation



Chapter 3 91

3.2.5 Indentation conditions for determining dis-
location nucleation

To understand the nucleation of the dislocation, the sam-
ples were subjected to constant load rates (Ṗ ) 0.01 mNs−1

and 0.005 mNs−1 indented with a blunt Berkovich indenter
to a depth of 70 nm. A series of 100 to 120 indents with a
spacing of 15 µm between indents were indented focussing
on a single grain to avoid anisotropy of the samples. On
careful and meticulous polishing, the first few layers are
considered to be stress-free and defect-free, except for some
intrinsic defects, making indentation below 100 nm ideal
for understanding the nucleation of dislocations. That
results in a discontinuity of displacement under the same
load or pop-in [123].
It is assumed that the initial contact of a Berkovich tip is
a spherical contact because of the tip rounding. The load-
displacement curve before the first pop-in is considered
completely elastic in nature, thus the spherical contact of
the tip with the material allows application of the Hertz
elastic contact theory [124]. This allows the load to be
expressed as a function of displacement into the surface:

P =
4

3
Er

√
Rh2/3 (3.2.1)

where Er is the reduced elastic modulus as given by equa-
tion 3.1.3 and R is the radius of the indenter tip.
The maximum shear stress at the elastic-plastic transition,
using the pop-in load and the initial displacement into the
surface at that load, is determined as

τmax = 0.31[
6PE2

r

π3R2
]
1
3 (3.2.2)

The calculation of the shear stress at the pop-in load is
based on the underlying theory of stress-assisted and ther-
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mally activated dislocation nucleation. The theory suggests
that during indentation, when the shear stress below the
indent is as high as the theoretical shear stress of the
material, the stress is sufficient to overcome the Peierls
barrier and the plasticity in the material is initiated by
homogeneous nucleation of dislocation in a defect-free vol-
ume [123, 146]. The alloys were subjected to two different
load rates to study the effect of changing load rates. The
change in load rate indicates the thermomechanical effect
on dislocation nucleation.

3.2.6 Indentation conditions for determining strain
rate sensitivity

To observe and calculate the strain rate sensitivity of
NbMoCrTiAl, MoCrTiAl, NbMoTiAl and TiNbHfZrTa,
the samples were subjected to constant strain rates ( ḣ

h
) of

0.1, 0.05, 0.01 and 0.005 s−1 to a depth of 2000 nm using a
Berkovich diamond indenter tip using CSM with XP load
module at room temperature. A range of 10 indents with a
spacing of 30 µm under each strain rate was performed on
a single grain to avoid grain orientation anisotropy. The
hardness and elastic modulus values were averaged over
a depth of 1200 to 1500 nm. The strain rate sensitivity
based on a variation of hardness was calculated over depths
of 1000, 1200, 1400 and 1600 nm for the four strain rates
and the strain rate sensitivity of the samples were also
determined.
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3.3 Results

This section reports the results obtained from nanoinden-
tation. Firstly, it highlights the mechanical properties
obtained from nanoindentation at room temperature, fol-
lowed by those at higher temperatures. Secondly, this
section reports the nanoindentation results for understand-
ing dislocation nucleation and motion is also reported in
details. Finally the results of experiment to determine
strain rate sensitivity is also discussed in details.

3.3.1 Elastic modulus and hardness at room tem-
perature

It can be noticed in figure 3.3.1a, 3.3.1b and 3.3.2a, the
hardness of NbMoCrTiAl and its derivatives decreases
with the depth of indentation unlike for TiNbHfZrTa (fig-
ure 3.3.2b). This hints at the indentation size effect com-
monly seen in BCC metals and alloys [130, 147]. So in order
to compare the results of all the samples, the properties
at the same depth are compared. The comparable values
of the hardness are plotted as shown in figure 3.3.5a. The
hardness reported from the DCM load module is higher
than that of the XP module, confirming the indentation
size effect. The hardness reported here is at room temper-
ature. The hardness of TiNbHfZrTa is the lowest in the
compared systems.

Hardness is a function of the structural characteristic of
a material and thus can vary with the depth of indenta-
tion and grain orientation. However, the elastic modulus
is a constant for a material at a given temperature and
therefore does not change with the change in the depth
of indentation, as can be seen in figures 3.3.3 and 3.3.4.
However, the modulus can be a function of the crystal
orientation. However, for these experiments, the inden-
tations are tried to be within the same grain to rule out
the effect of crystallographic orientation and anisotropy
(figure 3.3.5a).
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(a) NbMoCrTiAl

(b) MoCrTiAl

Figure 3.3.1: Hardness plotted over displacement into the sample for
(a) NbMoCrTiAl, (b) MoCrTiAl. The hardness reduces over the depth
of indentation for NbMoCrTiAl, MoCrTiAl showing the indentation size
effect of NbMoCrTiAl and the family of alloys.
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(a) NbMoTiAl

(b) TiNbHfZrTa

Figure 3.3.2: Hardness plotted over displacement into the sample for
(a) NbMoTiAl and (b) TiNbHfZrTa. The hardness reduces over the
depth of indentation for NbMoTiAl but it remains constant over depth
of indentation for TiNbHfZrTa showing the indentation size effect of
NbMoCrTiAl and the family of alloys.
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Samples DCM module
250 to 400 nm (GPa)

XP module
1400 to 1600 nm (GPa)

NbMoCrTiAl 9.58± 0.07 8.39± 0.09

MoCrTiAl 9.28± 0.14 8.25± 0.22

NbMoTiAl 7.28± 0.08 6.01± 0.11

TiNbHfZrTa 6.20± 0.04 5.79± 0.10

Table 3.3.1: Hardness MPEAs using DCM load module and XP load
module that is averaged over a depth of 250 to 400 nm and 1400 to 1600
nm respectively.

Furthermore, as reported by Chen et al. [60] for microhard-
ness, nanohardness reduces with the absence of Cr in the
NbMoCrTiAl system. In addition, decreasing the content
of Nb increases the modulus, as well as the hardness of
the system. As seen from figure 3.3.1a the hardness value
from nanohardness is higher than the macrohardness result
reported by [60]. Due to the larger load of microhardness
indentation compared to nanoindentation, the hardness re-
sponse is affected by the effect of the indentation size (ISE),
as explained in section 3.1. The result is also affected by
the crystal orientation anisotropy, as it was mentioned that
the nanoidentation was focused on a single grain, whereas
the microhardness tends to be spread over various grains
because of the larger size of the indents. The effect of
anisotropy can also be observed for the elastic modulus
reported by this work compared to that reported by Chen
et al. [60] using microhardness. During macroindentation
testing, the sample covers a larger area which may or may
not include voids and porosities resulting from the ther-
momechanical processing. The presence of these voids
and porosity can in turn affect the hardness and elastic
modulus reported by microindentation.
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Samples DCM module
250 to 400
nm (GPa)

XP module
1400 to 1600
nm (GPa)

Reported
(GPa)

NbMoCrTiAl 192.0± 0.7 196.7± 2.0 168.0± 1.0

MoCrTiAl 202.5± 2.7 203.8± 2.6 142.0± 2.2

NbMoTiAl 194.3± 1.8 196.2± 7.0 152.0± 0.5

TiNbHfZrTa 111.4± 0.5 112.0± 0.9 88.8± 2.0

Table 3.3.2: Elastic modulus of MPEAs using DCM and XP load mod-
ule, and averaged over a depth of 250 to 400 nm and 1400 to 1600 nm
respectively.

It should also be noted that the elastic modulus is lesser
for TiNbHfZrTa than for the NbMoCrTiAl family. This in-
dicates that compared to NbMoCrTiAl and its family of al-
loys, TiNbHfZrTa is less stiff and more formable. However,
Young’s modulus of TiNbHfZrTa is 20% lower than that
reported by Laplanche [148] and similar to that reported
by Dirras [149]. The texture and processing treatment of
the material affect the modulus. Further nanoindentation
experiments will help to elucidate this difference and its
effect on the elastic and plastic deformation of the alloys.

The indents, when observed under SEM and LSCM, do
not show material pile-up or sink-in around the indents
for any of the four alloys. Figure 3.3.6 shows the indented
profile using SEM and figure 3.3.7 and 3.3.8 shows surface
roughness using LSCM for all samples in the investigation.
The figure 3.3.6 highlights one indent of each material,
indented to a depth of 2000 mm at 0.5 s−1 using the XP
module. More than one indents were observed under the
SEM for a better understanding. SEM microscopy images
did not reveal cracks in the corners of the indents, sug-
gesting local ductility despite the brittleness reported in
macroscopic testing [23, 60]. Slip traces can be identified
in different directions around indentation sites. This is
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(a) NbMoCrTiAl

(b) MoCrTiAl

Figure 3.3.3: Elastic modulus plotted over displacement into the sample
for (a) NbMoCrTiAl, (b) MoCrTiAl showing the variation of modulus over
different indentations. The elastic modulus is a characteristic of material
and thus remains constant over the depth of indentation.
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(a) NbMoTiAl

(b) TiNbHfZrTa

Figure 3.3.4: Elastic modulus plotted over displacement into the sample
for (a) NbMoTiAl and (b) TiNbHfZrTa showing the variation of modulus
over different indentations. The elastic modulus is a characteristic of
material and thus remains constant over the depth of indentation.
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(a)

(b)

Figure 3.3.5: (a) Hardness and (b) modulus of elasticity of all the samples
obtained at different depths of indentation and using different modes of
indentation resolution.
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Figure 3.3.6: The indent profile using SEM shows no edge cracking
for NbMoCrTiAl, NbMoTiAl, MoCrTiAl and TiNbHfZrTa. The slip line
around the indents can be observed more specifically for (a) NbMoCrTiAl
and (c) MoCrTiAl

similar to the slip traces observed by Chen et al. [60] under
micro-indentation.

The slip traces are planar and sharp for MoCrTiAl, whereas
they are planar and more rounded for NbMoCrTiAl and
NbMoTiAl. It should be noted that slip traces were not
distinctly observed for TiNbHfZrTa. The difference in slip
traces between TiNbHfZrTa and the NbMoCrTiAl alloy
family indicates the difference in the slip generation and
deformation method of these systems. The surface rough-
ness as observed in the figures 3.3.7 and 3.3.8 using the
LSCM is less than 0.05 µm for all the samples in the inves-
tigation. LSCM uses laser to scan the material for surface
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Figure 3.3.7: The indent profile surface roughness of less than 0.05 µm
using LSCM for (a) NbMoCrTiAl and (b) NbMoTiAl.
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Figure 3.3.8: The indent profile surface roughness of less than 0.05 µm
using LSCM for (a) MoCrTiAl and (b) TiNbHfZrTa.
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roughness, and thus can scan the indents and identify the
depth profile of the indents. The different colour profiles
indicate that all the indents in the same material have the
same depth of indentation and are uniform. A line scan as
shown passing over one or two indents shows no pile-up or
sink-in around the indents, as also observed by the SEM
images.

Further mechanical properties can be calculated from the
results obtained from the indentation. The maximum the-
oretical shear stress (τth) and the shear modulus (G) can
be calculated from elastic modulus (E) and Poisson’s ratio
(ν). The maximum theoretical shear stress is the maximum
stress required to allow slip, which gives a better under-
standing of the deformation mechanism of the materials.
However, the slip occurs at the shear stress less than the
maximum theoretical shear stress τth due to the presence
of defects such as dislocations.

G =
E

1 + ν
(3.3.1)

τth =
E

2π(1 + ν)
(3.3.2)

Table 3.3.3 lists the shear modulus and the maximum
shear stress of the MPEAs at room temperature. It can
be seen that the maximum shear stress for TiNbHfZrTa
is less than that of NbMoCrTiAl and its derivatives. This
supports the fact that a lower yield stress is reported for
TiNbHfZrTa compared to the other MPEA system [14, 21].
This also hints at a different deformation mechanism for
TiNbHfZrTa compared to NbMoCrTiAl and its family of
alloys. The shear stress for NbMoCrTiAl and its family
of alloys, owing to its variation in elastic modulus, follows
a similar pattern. It increases with a decrease in the Nb
content and increases with the increase in Cr.
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Samples (250 to 400 nm) (1400 to 1600 nm)
G (GPa) τth(GPa) G (GPa) τth(GPa)

NbMoCrTiAl 74.1± 0.7 11.8± 0.01 75.6± 1.0 12.0± 0.2

MoCrTiAl 77.9± 1.0 12.4± 0.2 78.4± 0.8 12.5± 0.1

NbMoTiAl 74.6± 1.8 11.8± 0.3 75.5± 2.7 12.0± 0.4

TiNbHfZrTa 42.8± 0.2 6.4± 0.1 40.5± 0.3 6.5± 0.1

Table 3.3.3: The shear modulus and theoretical shear stress calculated
from the elastic modulus obtained from the experiments.

3.3.2 Mechanical properties at elevated tempera-
ture

The elastic modulus is a function of temperature, as it is
dependent on the binding energy of the atoms. As the
thermal excitation increases, the modulus of the system
decreases. As seen in figures 3.3.9 and 3.3.10, the slope of
the modulus decreases with temperature for NbMoCrTiAl
and its derivatives. This is the usual trend seen in metals,
alloys, high-entropy or medium-entropy systems of multi-
principal element systems. The decrease in the elastic
modulus with temperature is clear evidence of no magnetic
or phase transformation for the given temperature range
(Table 3.3.4).
This dependence can be further understood by fitting the
empirical fit put forward by Varshni [150], where,

E(T ) = Eo −
C

exp(To

T
)− 1

(3.3.3)

In the above equation, Eo is the elastic modulus at 0
K and C and To are constants. The experimental data
agree with the fitted results in the temperature range
of the investigation for NbMoCrTiAl, NbMoTiAl, and
MoCrTiAl. The report of compressive stress decreasing
with temperature and increased ductility can be attributed
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to the thermally sensitive response of the materials. The
softening of the elastic modulus with a thermally activated
slip process can explain the ductility and lower compressive
yield stress above room temperature [47, 151].

Temperature (◦C) NbMoCrTiAl NbMoTiAl MoCrTiAl

293 207.0± 2.9 199.1± 7.8 219.4± 6.9

373 192.6± 8.3 191.2± 1.6 194.7± 1.6

473 172.0± 8.1 172.8± 3.3 181.5± 5.7

573 167.2± 4.9 160.6± 3.6 181.1± 5.9

673 155.7± 2.4 153.9± 5.9 153.3± 3.3

Table 3.3.4: Elastic modulus shows a decrease as a function of tempera-
ture considered at 1400 to 1600 nm depth of indentation.

The same is reported for TiNbHfZrTa by Laplanche et
al. [148], that the elastic modulus decreases with temper-
ature, following the equation proposed by Varshni [150].
The softening of the elastic modulus with temperature for
this alloy is related to that of its constituent elements. It
was observed that with Hf, Zr, and Ti having a hexag-
onal closed packed (HCP) crystal structure, they show
an increase in elastic modulus with temperature. This is
due to the change in structural stability caused by the
change in the HCP phase to BCC with increasing tem-
perature [148, 152]. The elastic softening is compensated
for by the change in the structure, which increases struc-
tural stiffness. Nb, on the contrary, exhibits almost no
change in modulus with temperature [153]. This abnormal
response arises from the elastic strain that displaces the
Fermi surface and electron transfer at the Brillouin zone
boundaries. However, the elastic modulus of Ta decreases
with temperature; this is a normal phenomenon due to
temperature-induced softening [154].
On the basis of this explanation of the relation of the
elastic modulus response of the alloy to that of its con-
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Figure 3.3.9: The variation of elastic modulus with temperature for
(a) NbMoCrTiAl and (b) NbMoTiAl. The red line is the least square
approximation fitting based on Varshni’s [150] equation relating modulus
of elasticity to temperature.
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Figure 3.3.10: The variation of elastic modulus with temperature for (c)
MoCrTiAl. The red line is the least square approximation fitting based
on Varshni’s [150] equation relating modulus of elasticity to temperature.

stituents as a function of temperature, the properties of
NbMoCrTiAl and its alloy system are further explained.
For the NbMoCrTiAl alloy system, in addition to Nb and
Ti, the other elements [152, 153, 155], namely Mo, Cr and
Al [156–158] are reported to show temperature-induced
softening. For the concerned range of temperature, Cr
shows a drop in the elastic modulus around 300 K. At this
temperature Cr also undergoes magnetic reordering, which
is a transition from antiferromagnetic to paramagnetic.
This structural modification leads to modulus to hence-
forth increases. Beyond this temperature, which is usually
less than >473 K [158] elastic modulus gradually decreases,
leading to the usual softening. Taking into account the
effect of temperature on the modulus of each of the con-
stituent elements, the modulus of the alloys NbMoCrTiAl,
NbMoTiAl, and MoCrTiAl as a whole undergoes a re-
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duction in the elastic modulus, and thus the modulus is
softened as a whole.

Chen et al. [22] reported that NbMoCrTiAl and its deriva-
tives NbMoTiAl and MoCrTiAl undergo an order-disorder
transition from an ordered B2 phase to a disorder A2 phase
above 800 K. However, since the experiments were per-
formed in a temperature range up to 673 K, the effect of
this transformation on the elastic modulus could not be
observed, if any.

The BCC crystal systems are very sensitive to temperature.
The activation of the slip system and the yield stress is
thermally sensitive. Figure 3.3.11 shows the variation
of hardness with temperature for NbMoCrTiAl and its
derivatives (table 3.3.5). This temperature-dependent yield
response depends on the homologous temperature of the
system. In the given temperature range, it can be seen
that the hardness decreases from room temperature to 573
K. However, from 550 K the hardness appears to approach
the plateau-like regime.

Temperature (K) NbMoCrTiAl NbMoTiAl MoCrTiAl

293 8.37± 0.26 6.38± 0.3 7.71± 0.29

373 7.40± 0.32 5.29± 0.07 6.84± 0.13

473 6.11± 0.39 4.61± 0.13 5.91± 0.21

573 5.49± 0.19 4.22± 0.06 5.88± 0.14

673 6.05± 0.12 4.20± 0.23 5.03± 0.15

Table 3.3.5: Hardness as a function of temperature showing the decrease
of it as the temperature increases for the three alloys considered at 1400
to 1600 nm depth of indentation.

For BCC crystal systems, the yield strength and hardness
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Figure 3.3.11: Nanohardness is observed to decreasing with temperature
for NbMoCrTiAl and its derivative alloys. A slight hardness increase is
observed for NbMoCrTiAl at 673K

as a function of temperature can be categorised into three
different regimes such as the low-temperature, plateau,
and high-temperature regime. Seeger [58] categorised
these regimes for BCC crystal systems based on the rate-
determining step to induce plasticity, primarily the varied
movement of the kink under the thermal response in a
given temperature range.

The kink pair is the prominent dislocation defect control-
ling the plasticity and work hardening in a BCC crystal
system. A double combination of the screw and edge
stair-like dislocation moves under stress from one Peierls
valley to another facilitating the dislocation motion. This
movement is thermally activated and is thus classified into
three thermal regimes. In a lower temperature regime,
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the strength of the system decreases with temperature, as
the kink pair formation and movement are thermally acti-
vated. Either the determining points are that the elastic
interaction between the kink pairs is high, or the critical
kink width or the distance between the dislocation cores
to overcome the Peierls potential is too low. The next
regime comes into play beyond knee temperature. It is
the critical temperature beyond which the strength of the
system is athermal, and thus the plateau is reached. The
independence of the strain rate continues until the high-
temperature regime starts, and diffusion due to thermal
excitation leads to a decrease in strength.

For the given system of MPEAs of NbMoCrTiAl, the
plateau appears to reach 500 K. As reported by Chen et
al. [23] in macroscopic compression tests, NbMoCrTiAl
and NbMoTiAl show considerable ductility from 600 K and
MoCrTiAl from 400 K. The strength drop is observed at
1273 K, 1073 K, and 873 K for NbMoTiAl, NbMoCrTiAl,
and MoCrTiAl, respectively. Since for nanoindentation,
the corresponding yield stress of a Berkovich indenter is
7% plastic deformation under uniaxial loading, the work
hardening behaviour affects the stress response and, thus,
the hardness and strength. In correlating the temperature
results from the nanohardness and macro compression
tests, it can be concluded that the knee temperature for
NbMoCrTiAl and NbMoTiAl is around 573 K and 473
K for MoCrTiAl. This is in accordance with the Tknee

determined for NbMoCrTiAl by Chen et al. [60]. This can
be seen in the fact that the hardness of the elastic modulus
and Tknee from the nanoindentation are not just a function
of the temperature but also the increase in Nb and Cr in
the system.

3.3.3 Pop-in and dislocation nucleation

The load on the sample vs. displacement into the surface
curve with a sudden burst in the displacement or pop-in
is shown in figures 3.3.12 and 3.3.13. During indentation
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on the surface of a material with no pre-existing disloca-
tions, the dislocation burst occurs when the maximum
shear stress beneath the indenter, which should be approxi-
mately around 1

7
to 1

8
of the shear modulus, approaches the

theoretical shear strength of the alloy. The maximum shear
stress under the indenter at the pop-in load is calculated
using equation 3.3.2 and tabulated in table 3.3.3 for the
load rates of 0.01mNs−1 and 0.005mNs−1. The ratio of
maximum shear stress to the reported shear modulus is
around 1

7
to 1

9
. This suggests that the nucleation process

for the dislocation in the sample is initiated by stress.

The maximum shear stress (τmax) leading to the pop-in
indicating dislocation nucleation reduces with the load rate
(figure 3.3.14b and table 3.3.6). Thermal fluctuation tends
to persist for longer with a decreasing load rate, allow-
ing lower shear stress beneath the indent to promote the
onset of plasticity or the initiation of nucleation of disloca-
tions. This leads to the theory of thermally assisted and
stress-initiated homogeneous nucleation of the dislocation
in grains without preexisting movable dislocations [123].
As mentioned earlier, the energy requirement for homo-
geneous nucleation is unusually large, so the process of
nucleation is thermally assisted and stress-initiated hetero-
geneous nucleation. As shear stress is a function of the
load rate, a greater change in shear stress with a change in
load rate indicates the influence of stress and temperature,
which is seen more prominently in MPEAs compared to
pure FCC metals such as Pt [123] or pure BCC metal
Ta [159].

It can also be noted that the maximum shear stress is a
function of the alloying composition with changing load
rate. The difference in the maximum shear stress at pop-
in is much larger for MoCrTiAl with changing load rate
in comparison to that of NbMoCrTiAl. The difference
can also be observed in the four components, NbMoTiAl,
which is lesser than MoCrTiAl. As the indentations for
a particular load rate are concentrated on a single grain,
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(a) NbMoCrTiAl

(b) MoCrTiAl

Figure 3.3.12: Load on sample vs displacement into the surface curve
for (a) NbMoCrTiAl and (b) MoCrTiAl under 0.01 mNs−1 showing the
distinct pop-in and the different pop-in length.
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(a) NbMoTiAl

(b) TiNbHfZrTa

Figure 3.3.13: Load on sample vs displacement into the surface curve
for (a) NbMoTiAl and (b) TiNbHfZrTa under 0.01 mNs−1 showing the
distinct pop-in and the different pop-in length.
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Figure 3.3.14: The variation in the shear stress as a function of varying
load rates of 0.01mNs−1 and 0.005mNs−1 and the theoretical shear stress
is higher than calculated from the different load rates.

the grain orientation can result in a large difference in the
maximum shear stress for different load rates in a system
compared to the others.

The pop-in length can be calculated from the load-displacement
graph obtained during nanoindentation. It is calculated as
the change in displacement over a constant load that re-
sults in a sudden discontinuity in the graph (Figures 3.3.12
and 3.3.13). The pop-in length has been reported to be
much more pronounced for BCC alloys compared to FCC
metals or alloys [123, 160] due to the high Peierls stress
required by a dislocation to overcome the Peierls barrier.
The requirement of high Peierls stress is a result of the
complex dislocation core in BCC [159]. Although the given
nanoindentation system could not help determine the ex-
act length of the pop-in, a comparison can be established
between TiHfZrNbTa (figure 3.3.13b) and the family of
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NbMoCrTiAl MPEAs (figures 3.3.12a,3.3.12b and 3.3.13a).
TiNbHfZrTa shows the pop-in length commonly observed
in alloys or elements with a crystal structure of FCC [161]
or for systems with multiple preexisting dislocations or
where dislocations are generated from surface steps [125].
The family of NbMoCrTiAl MPEAs shows a distinct large
jump like most BCC systems [159] compared to that of
TiNbHfZrTa. Large pop-in jumps can also indicate ho-
mogeneous nucleation of dislocations or unlocking pinned
dislocations or dislocations generated from stress concen-
trators such as interstitial or vacancies. This comparison
of the pop-in length gives an indication of the fundamen-
tally different dislocation nucleating process between the
TiNbHfZrTa and NbMoCrTiAl families of MPEAs.

Load rate 0.01mNs−1 0.005mNs−1

Samples τth
(GPa)

τmax

(GPa)
τmax/G τmax

(GPa)
τmax/G

NbMoCrTiAl 11.8± 0.1 10.4± 0.2 1/7 9.8± 0.2 1/8

MoCrTiAl 12.4± 0.2 11.8± 0.2 1/7 8.1± 0.1 1/9

NbMoTiAl 11.8± 0.3 11.6± 0.2 1/6 9.7± 0.1 1/8

TiNbHfZrTa 6.4± 0.1 5.4± 0.1 1/8 4.4± 0.5 1/9

Table 3.3.6: The theoretical shear stress for the alloys calculated from
elastic modulus and Poisson’s ratio τth = E

4π(1+ν)
and the shear stress

obtained at the point of pop-in under 0.01mNs−1 and 0.005mNs−1

3.3.4 Varying strain rate and dislocation motion

The variation of the hardness and elastic modulus as a func-
tion of the strain rate for the four materials: NbMoCrTiAl,
NbMoTiAl, MoCrTiAl, and TiNbHfZrTa are shown in
figure 3.3.15. These results are averaged values of the
properties over a depth of 1000 to 1600 nm. It can be seen
that both properties show a sudden drop at the strain rate
0.005 s−1.
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(a)

(b)

Figure 3.3.15: The variation of (a) hardness and (b) elastic modulus over
0.005, 0.01, 0.05 and 0.1 s−1 for NbMoCrTiAl, NbMoTiAl, MoCrTiAl and
TiNbHfZrTa can be seen. Increasing the strain rate increases the hardness
and elastic modulus. However, the elastic modulus is not a function of
strain rate for TiNbHfZrTa.
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As the strain rate sensitivity is intended to be calculated
over a varying depth of indentation, the hardness and
elastic modulus of each sample are considered over the
depth of 1000, 1200 1400 and 1500 nm. As observed in
figures 3.3.16 and 3.3.17, the elastic modulus does not vary
with changing depth and exhibits a similar trend as seen
in figure 3.3.15b.
The hardness over the four concerned depths for the vary-
ing strain rates is plotted in figure 3.3.18 and 3.3.19. The
variation of hardness over depth for different strain rates
is less prominent in TiNbHfZrTa than in NbMoCrTiAl
and its derivative alloys. This points to the fact that
NbMoCrTiAl and its derivatives, as mentioned in Sec-
tion 3.3.1, are strongly indentation-size dependent com-
pared to TiNbHfZrTa.
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(a) NbMoCrTiAl

(b) MoCrTiAl

Figure 3.3.16: The elastic modulus over the strain rates at differ-
ent depths of 1000, 1200, 1400 and 1600 nm for (a) NbMoCrTiAl and
(b) MoCrTiAl. The modulus increases with the strain rate but is constant
over different depth of indentation for NbMoCrTiAl and MoCrTiAl.
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(a) NbMoTiAl

(b) TiNbHfZrTa

Figure 3.3.17: The elastic modulus over the strain rates at differ-
ent depths of 1000, 1200, 1400 and 1600 nm for (a) NbMoTiAl and
(b) TiNbHfZrTa. The modulus increases with the strain rate but is con-
stant over different depth of indentation for MoCrTiAl. The modulus
remains constant over different strain rate for TiNbHfZrTa.
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(a) NbMoCrTiAl

(b) MoCrTiAl

Figure 3.3.18: The hardness over the strain rates at different depths of
1000, 1200, 1400 and 1600 nm for (a) NbMoCrTiAl and (b) MoCrTiAl.
The hardness increased with strain rate for NbMoCrTiAl and MoCrTiAl.
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(a) NbMoTiAl

(b) TiNbHfZrTa

Figure 3.3.19: The hardness over the strain rates at different depths of
1000, 1200, 1400 and 1600 nm for (a) NbMoTiAl and (b) TiNbHfZrTa.
The variation of hardness over strain rate for NbMoTiAl and TiNbHfZrTa
is negligible
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3.4 Discussion

3.4.1 Solid solution strengthening

In the athermal regime, the strengthening in the system is
the result of solid solution strengthening in a single-phase
alloy system. This brings us to the understanding of the
strengthening mechanisms of MPEAs, especially solid so-
lution strengthening, and its effect on the nanomechanical
properties.
It has been widely established that the elastic interaction
between the solute and the dislocation results in solid solu-
tion strengthening. The stress field of edge dislocation in-
teracts with the solutes present in the system. Screw dislo-
cation can also interact with solute atoms in an anisotropic
system. In a solid solution, the strengthening factors are
the modulus mismatch and the atomic size mismatch. The
solid solution for MPEAs, on the one hand, is difficult to
understand and thus the calculation and implication of the
modulus and atomic size mismatch are not straightforward.
In a binary system, the solute and solvent are two different
species and the elastic interaction force between the solute
and the elastic stress field of the dislocation is given as:

fm = Gb2δ = Gb2(δG + βδα) (3.4.1)

where G and b are the shear modulus and Burgers vec-
tor, respectively. β is a constant depending on the type
of dislocation.δG and δα are the modulus misfit and the
lattice misfit, respectively, which are calculated as the
change in the modulus and lattice size with the change
in solute concentration. This is in line with the Fleischer
model [162, 163]. However, this model is defined for the
regular concentration of solutes in the system. The inter-
action of the solutes increases with the dislocations and is
no longer individually responsible for a more concentrated
solid solution, such as that in MPEAs. Solutes act as a
group and stress increases around this group of solutes [21].
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This is when the line tension of the dislocation comes into
play. The increase in the solute stress is given as

σ = AGδ4/3c2/3 (3.4.2)

Here, c is the concentration of the solute and A is a constant
∼ 0.1.
However, this definition changes for MPEAs as there is no
defined solute and solvent in an MPEA. This is due to the
equimolar and near equimolar composition of the system
containing 4 or 5 different elements. So, a multi-element
interaction is expected. Nevertheless, on the basis of the
solvent-solute model, the modulus mismatch and lattice
mismatch for the MPEAs used in this work are calculated.
As explained by Senkov et al. [21] for a BCC crystal sys-
tem, in a highly concentrated solid solution, every atom
will interact with its 8 neighbouring atoms, and not just
a solute and solvent interaction, as seen in a binary solid
solution system. So, the lattice distortion and modulus mis-
match can be written as equation 3.4.3 and equation 3.4.4,
respectively.

δa =
9

8

∑
cjδaij (3.4.3)

δG =
9

8

∑
cjδGij

(3.4.4)

For the element i as the centre, cj is the concentration of
the other elements and

δaij = 2(ri − rj)/(ri + rj) (3.4.5)

δGij
= 2(Gi −Gj)/(Gi +Gj) (3.4.6)
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δaij and δGij
are the atomic size difference and the shear

modulus difference for elements i and j. The average
modulus and lattice parameter of the alloy are considered
to be the effective matrix. The atomic radius and modulus
difference is calculated using the enlisted value for the
elements in Appendix A.3. Figure 3.4.1, and tables 3.4.1
and 3.4.2 show the lattice and shear modulus distortion
for element in the systems, respectively.
A comparative distortion result for TiHfZrNbTa is shown
in figure 3.4.2a, as reported by Senkov [164]. It can be seen
that Hf and Zr have little atomic size differences between
each other but larger size differences with Ti, Nb, and
Ta. The smaller elements exert a local tension around
themselves, whereas the larger elements Zr and Hf exert
a local compression. For a uniformly distributed alloy,
TiHfZrNbTa can be considered as a binary system where
the large atoms act as solutes and the smaller atoms act as
the solvent matrix. This assumption helped to calculate an
atomic lattice misfit of around 9% and without considering
the modulus misfit the solute stress in the system is around
221 MPa and the interactive force is around 2.8× 109N.

NbMoCrTiAl NbMoTiAl MoCrTiAl

δa.Nb 0.0354 0.0062 —

δa.Mo -0.0131 -0.0423 -0.0042

δa.Cr -0.1168 — -0.1079

δa.Ti 0.0511 0.0219 0.0600

δa.Al 0.0433 0.0141 0.0521

Table 3.4.1: The lattice misfit calculated for each element with its
neighbour for each system NbMoCrTiAl and its family of alloys.

The shear modulus mismatch shows that Ta has the largest
shear modulus difference with other elements of the sys-
tem, thus contributing and dictating the modulus effect
on the solid solution model (figure 3.4.2b). In light of

Understanding the BCC refractory multi-principal elements alloys using
thermodynamics and nanoindentation



Chapter 3 126

Figure 3.4.1: (a) The shear modulus mismatch of each element with
each system shows Mo is the element that effects the most and (b) the
atomic lattice misfit shows for NbMoCrTiAl and MoCrTiAl, Cr is exerts
tension on the lattice.The other elements do not show strong compression
on the systems.
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NbMoCrTiAl NbMoTiAl MoCrTiAl

δG.Nb -0.4164 -0.2375 —

δG.Mo 0.7751 0.9432 0.6670

δG.Cr 0.6909 — 0.5805

δG.Ti -0.2693 -0.0855 -0.3778

δG.Al -0.7801 -0.6201 -0.8697

Table 3.4.2: The shear modulus misfit calculated for each element with
its neighbour for each system NbMoCrTiAl and its family of alloys.

Varvenne’s [165] model for MPEA, the matrix or the so-
lution is the average of all elements and its properties are
the average of all the elements present. The model also
states that each element individually acts as a solute to the
average matrix. Laplanche et al. [148] proposed, similar
to Senkov et al. [21], that Ta provides the strengthening
effect due to the large modulus mismatch.

NbMoCrTiAl family of MPEAs, as seen in figure 3.4.1b
do not have elements with similar lattice distortion and
large lattice distortions. All the lattice distortions of each
element are in the range of 2% to each other. However,
Ti and Al always resulted in compressive stress in their
neighbourhood, and the distortion is not prominent for Nb
and Mo. Cr contributes to the largest lattice distortion in
the systems.

The effect of lattice mismatch for NbMoCrTiAl systems:

NbMoCrTiAl: for this quinary system, it can be ob-
served that Nb, Ti, and Al exert compressive stress around
their neighbours and have a similar lattice mismatch to
the average. However, Mo appears to have almost no mis-
match and Cr tends to have the most mismatched lattice,
exerting tensile stress around itself. The distribution can
be imagined as a matrix of large atoms such as Nb, Mo,
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Figure 3.4.2: (a) The shear modulus mismatch for TiNbHfZrTa with
its constituent elements shows Ta has the highest mismatch and (b) the
atomic mismatch for TiNbHfZrTa with its constituent elements show Hf
and Zr exerts compression on the lattice where as Nb,Ti and Ta exerts
tension on the lattice.
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Ti, and Al with Cr as the solute distributed on the surface.
So, δa can be roughly ∼ −0.18. Without the contribution
of modulus distortion, the interactive force due to lattice
distortion can be calculated as fma = 20.25× 10−10N.
NbMoTiAl: in this quaternary system, Mo shows the
largest modulus mismatch, exerting tensile stress around
itself. Nb again does not show a major difference from the
average lattice. Ti and Al impart compressive stress, but
the lattice mismatch is not very evident. Thus, it can be
considered that the lattice mismatch effect is contributed
by Mo alone, and therefore δa is 0.05. This results in an
interactive force of fma = 5.82× 10−10N.
MoCrTiAl: with the presence of Cr, this quaternary
system observes the largest lattice mismatch from Cr. This
results in δa ∼ 0.16 and fma = 180.1× 10−10N. Ti and Al
along with Mo can be considered as the matrix with Cr as
the solute in the system.
The above-described lattice mismatch and the interac-
tive force in context with Labusch’s solid solution model
and statistical model [162, 163], clearly indicate that Cr
adds to solid solution strengthening. The lattice mismatch
increases with the presence and content of Cr and this
can be clearly seen by the nanohardness in this work
and the results of the microhardness and compressive
test [23, 60]. MoCrTiAl exhibits strength more than that
of NbMoCrTiAl, which is also greater than that of the
quaternary system without Cr i.e. NbMoTiAl.
With respect to the shear modulus mismatch (figure 3.4.1a)
it can be observed from the table and the figure that Cr,
Mo, and Al all have large mismatches from the average
matrix. As all of the alloys in the investigation contain Mo
and Al, the deciding effect is due to the addition of Cr. In
NbMoTiAl, without Cr, Mo adds to the modulus mismatch
more than Al and thus contributes to the strengthening
of this quaternary alloy. Therefore, no decisive factor for
shear modulus mismatch can be determined that helps
strengthen systems.
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Chen et al. [60] took a different route to assess lattice distor-
tion and the consequent hardening in the system [165, 166].
This approach considers that the alloy has an effective
lattice parameter because of the size of the individual ele-
ments present, and the variation is caused by that. This
is an unrealistic approach, but this gives the scope of un-
derstanding the solid solution strengthening due to lattice
distortion. The lattice parameter (δ) is therefore calculated
using the equation suggested by Vegard.

δ = 100%

√∑
i

xi(1− ri/r2mean) (3.4.7)

rmean is the mean atomic radius for the alloy, which is
equal to

∑
i xiri, where ri and xi are the atomic radii and

the atomic molar fraction of the element i in the alloy. As
Varvenne et al. [165] suggested, in the case of MPEAs of a
specific crystal structure, they can be composed of elements
of different crystal structures, resulting in a change in the
binding state of the element. That in turn contributes
differently to the lattice distortion. An element having the
same crystal structure as the alloys has a constant binding
state. Because Nb, Mo, and Cr have the same crystal
structure as the MPEAs in question, i.e., BCC, the atomic
radii in consideration do not change. However, the atomic
radii of the alloy changes as a result of other elements such
as Al and Ti, because they have FCC and HCP crystal
structures, respectively.
Chen et al.[60] developed an overdetermined set of equa-
tions based on Vegard’s law and calculated the lattice
distortion for NbMoCrTiAl and its family of alloys. The re-
calculated atomic radii of the alloys were in agreement with
the atomic radii determined by X-ray diffraction (XRD)
and thus this approach was considered valid. The lattice
distortion following the discussed rule was calculated and
shown in figure 3.4.3a.
The increased amount of Cr in the system decreased the
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Figure 3.4.3: (a) The nanohardness (nH) and the microhardness (µH)
vary as the lattice distortion. The pure elements are recorded as zero lattice
distortion. The microhardness and nanohardness data of the elements
and NbMoCrTiAl and its derivatives are obtained from [60]. (b) The
nH is a function of the lattice distortion. A linear approximation links
the distortion of the lattice of the three MPEAs with the nanohardness,
suggesting the variation in the composition and its effect on the distortion
and mechanical properties. The nanohardness of the MPEAs increases
with increasing lattice distortion.
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lattice parameter and vice versa for the quantity of Nb.
The lattice distortion (δa) for NbMoTiAl, NbMoCrTiAl,
and MoCrTiAl are 3.2%, 5.3% and 5.8% respectively.
Cr increases the lattice distortion in this alloy system.
Kube [115] reported that the lattice distortion for TiNbHfZrTa
using the same equation is 5.5%. The mechanical property
of nanohardness (nH) is plotted along with microhardness
(µH) [60] and the lattice distortion in the figure. The
hardness values of the individual elements are also plot-
ted without lattice distortion [60, 158, 167]. The atomic
size difference and the hardness are seen to follow the
same trend. The change in nH with decreasing Nb and
adding Cr from NbMoTiAl to NbMoCrTiAl is evident as
the change in the lattice distortion. This supports the
theory of gradual change in property with the change in
the lattice parameter proposed by Fleischer and Labusch
for the binary alloy system [162, 163, 168].

However, the change in properties is nH and µH is almost
constant with the increase in Cr from NbMoCrTiAl to
MoCrTiAl. Despite this, a linear correlation of δa with nH
can be observed as shown in figure 3.4.3b.This is similar
to that shown by µH [22] and all the correlations are
considered at room temperature. The correlation can be
given as nH = 0.987δ + 2.967. As the line energy of the
dislocation can be correlated with the change in the shear
modulus, the change in shear modulus with the change
in composition. The shear modulus calculated from the
nanoindentation shows very little deviation from each other,
and the correlation with the nanohardness is not linear for
the three alloys in the investigation. No correlation was
found for µH at room temperature for the same. Thus, the
effect of the shear modulus cannot be definitely determined.
However, Chen et al. [22, 60] suggest that the presence of
ordering in the NbMoCrTiAl family provides strength to
the system.
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3.4.2 Dislocation nucleation of partials and full
dislocations

The statistical analysis of the cumulative frequency of the
pop-in results obtained in this work fits the equation 3.1.8
as seen in the figures 3.4.4 and 3.4.5. Data were further
analysed according to the equation 3.1.9 to obtain the
activation volume for the nucleation of the dislocation
from the slope of ln | − ln |1− f || versus τ (Figures 3.4.6
and 3.4.7). The activation volume of the samples under
different loading rates is tabulated in table 3.4.3.

In table 3.4.3, Ω is the atomic volume given by a3

2
, where

a is the lattice parameter and b is the Burger vector of
the magnitude of (111)/2 full dislocation as is common in
BCC elements and alloys. It can be observed (figure 3.4.8)
that the activation volume increases with a decrease in
load rate for the NbMoCrTiAl family of alloys but remains
constant for TiNbHfZrTa.

Activation volume (b3) Activation volume (Ω)

Load Rate
(mNs−1)

0.01 0.005 0.01 0.005

NbMoCrTiAl 1.28± 0.02 1.57± 0.01 1.66± 0.09 2.04± 0.01

MoCrTiAl 1.34± 0.02 1.70± 0.03 1.74± 0.02 2.21± 0.04

NbMoTiAl 1.19± 0.02 2.13± 0.02 1.55± 0.02 2.77± 0.03

TiNbHfZrTa 0.65± 0.02 0.67± 0.01 0.84± 0.02 0.87± 0.01

Table 3.4.3: The activation volume in term calculated for the alloys
under 0.01 mNs−1 and 0.005 mNs−1

Moreover, the effect of the change in the load rate is
more prominent for NbMoTiAl in comparison to that for
NbMoCrTiAl and MoCrTiAl, indicating the effect of the
alloying fraction or composition on the involved activation
volume.
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(a)

(b)

Figure 3.4.4: (a) and (b) shows the cumulative distribution frequency (f)
vs τmax calculated from the pop-in experiments for samples TaNbHfZrTi,
NbMoTiAl, MoCrTiAl and NbMoCrTiAl under 0.01mNs−1. The distribu-
tion for MoCrTiAl and NbMoTiAl is clearly shown in (b).
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(a)

(b)

Figure 3.4.5: (a) and (b) shows the cumulative distribution frequency (f)
vs τmax calculated from the pop-in experiments for samples TaNbHfZrTi,
NbMoTiAl, MoCrTiAl and NbMoCrTiAl under0.005mNs−1. The distrib-
ution for MoCrTiAl and NbMoCrTiAl is clearly shown in (b).
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(a)

(b)

Figure 3.4.6: (a) shows the linear relation between ln | − ln |1− f || and
τ for the four samples for 0.01 mNs−1. (b) elaborates the ln | − ln |1− f ||
vs τ for MoCrTiAl and NbMoTiAl
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(a)

(b)

Figure 3.4.7: (a) shows the linear relation between ln | − ln |1− f || and
τ for the four samples for 0.005 mNs−1 respectively. (b) elaborates the
ln | − ln |1− f || vs τ for MoCrTiAl and NbMoCrTiAl.
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Figure 3.4.8: The variation in activation volume (b3) for NbMoCrTiAl,
NbMoTiAl, MoCrTiAl and TaNbHfZrTi for 0.01 mNs−1 and 0.005 mNs−1

shows no such effect is observed for TiNbHfZrTa unlike the other MPEAs

Schuh et al. [122] from experiments and Salehinia et al. [147]
from MD simulations concluded that heterogeneous nu-
cleation showing the activation volume 1b3 involves point
defects that facilitate the exchange of atom vacancies in
a system, commonly seen in pure BCC metals such as
Mo [169]. The energy involved in nucleating a dislocation
as in the BCC crystal system by atom-vacancy exchange
requires more energy than that required in the FCC crystal
system. This is due to the requirement of generating a
full dislocation, unlike in FCC where a partial dislocation
suffices [169]. However, for Cr, the activation volume in-
volved in nucleating a dislocation is observed to be around
0.3b3 [170]. The source of nucleation is still a point defect
as in other pure BCC metals, but the presence of a large
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amount of interstitials and impurities in the open structure
of chromium acts as additional sources of stress concen-
trators. The interstitials reduce the Peierls stress, which
reduces the maximum shear stress under indentation and
thus energetically favours nucleation of dislocation. Similar
phenomena are observed in pure FCC and HCP metals
such as Pt and Mg. [123, 171]

The dislocation nucleation behaviour of some MPEAs has
also been investigated and reported. Some complex com-
position alloys such as FeCoCrNiMn (FCC) and TiZrHfNb
(BCC) have been reported to cause the movement of a
cluster of atoms ( ˜3− 5 b3) to initiate dislocation nucle-
ation [172, 173]. This is in contrast to the TiZrNbTa
and TiZrNbTaMo HEAs investigated by Wang et al. [174].
They showed that the activation volume of 1b3 indicates
the nucleation of dislocation through atom vacancy ex-
change in pure metal BCC.

In this work, the alloys NbMoCrTiAl and its derivative
show a similar range of activation volume. It can therefore
be concluded that these alloys also initiate dislocation
nucleation by atom-vacancy exchange. This is true to
the established idea of mechanical behaviour established
by Chen et al. [23] who suggested that the NbMoCrTiAl
family undergoes deformation by pencil glide. For pencil
glide to occur, a full dislocation of ⟨111⟩/2 is required
to nucleate and for a stress-free surface without any pre-
existing dislocation and interstitial, atom vacancy exchange
is energetically most favourable heterogeneous nucleation
of dislocation.

This clearly explains the initiation of plasticity in the
MPEA family of NbMoCrTiAl. This family of MPEA
has also been reported to have randomly distributed B2
sub-structure and anti-phase boundaries (APB) [22]. The
presence of substructures can increase the Peierls stress
required to overcome in order to nucleate a dislocation,
homogeneous or heterogeneous. Thus, we observe an acti-
vation volume that involves slightly more than 1b3. As the
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distribution of the substructure is random and cannot be
easily identified, an easy correlation between the location
of the indentation and the effect of the substructure cannot
be performed.

The activation volume increases with the decrease in the
load rate for NbMoCrTiAl and its derivatives, as seen in
the figure 3.4.8. The maximum shear stress at the pop-in is
also observed to be lower than the theoretical shear stress
and then, compared to 0.01 mNs−1, the maximum shear
stress at 0.005mNs−1 is lower (figure 3.3.14). This supports
the fact that the effect of lowering the thermal fluctuation
at the lower load rate allows the event of nucleation to
take place at lower stress. The lower thermal fluctuations
in the indented region prolong the exposure to the given
stress, thus increasing the Peierls stress and affecting the
nucleation rate and the dislocation. The increase in the
activation volume under a lower load rate supports the
theory of pencil glide, since the glide of a full dislocation
is a function of temperature in the BCC.

TaHfNbZrTi, like the alloys mentioned above, also under-
goes stress-assisted nucleation of the dislocation. However,
the activation volume is calculated to be less than 1b3 for
the Burgers vector of a full dislocation in BCC at ⟨111⟩/2,
suggesting that although the atom vacancy exchange is the
nucleating procedure, nucleation may involve partial dis-
locations or preexisting dislocations. Partial dislocations
are not generally observed in BCC unless the local stack-
ing fault results in deformation twins. Senkov et al. [21]
pointed out that TaHfNbZrTi at room temperature at 60%
strain shows deformation twins. According to his work,
the presence of twins accommodates the plasticity of this
alloy making it more ductile even at room temperature.
In order to generate a deformation twin, as studied by
Aitken et al. [50] on a representative simulated refractory
MPEA BCC AlMoWTa, a a

2
⟨111⟩ complete dislocation

split is required into a
3
⟨111⟩, a

6
⟨111⟩ and a

12
⟨111⟩ partials

in the {112} plane. In a stable {112} fault plane, two
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partial a
3
⟨111⟩ separated by an atomic distance lead to a

twin formation, making the a
6
⟨111⟩ the dominant partial.

The local chemistry of the non-equiatomic elemental dis-
tribution in MPEAs can reduce the stacking fault energy
in and around the nearest neighbours under hydrostatic
force [175] promoting the nucleation of twins over disloca-
tion slip. This opens up further speculation on the local
non-equiatomic distribution of elements in MPEAs and
their effect on the generation of favourable faults.

Upon comparing the cumulative probability of the pop-in
with τmax/G, Ye et al. [173] suggested that the activa-
tion energy can be understood from the distribution of
the data. The higher cumulative distribution frequency
(CDF) of τmax/G suggests a variation of the shear stress
for the pop-in, which is possible for dislocation nucleation
involving a lesser energy. Thus, Ye et al. [173] identifies
the broader CDF for FCC where the dominating factor of
dislocation nucleation and plasticity are the partials. The
narrower CDF, in turn, suggests the involvement of a par-
ticular energy required in the dislocation nucleation that is
considerably high, like that required for nucleating full dis-
locations. These are commonly seen in BCC that contains
the complex dislocation core. Thus, it can be concluded
that a broader CDF of τmax/G indicates the involvement
of lesser complex dislocation cores or the overcoming of
lower Peierls stress.

As shown in figure 3.4.9 the slope of CDF vs τmax/G has
a narrower distribution for the NbMoCrTiAl family of
MPEAs under 0.01 and 0.005 mNs−1, similar to the BCC
reported by Ye suggesting the activation of full dislocations,
which are generally required for pencil glide in BCC crystal
system. However, it can be observed that the distribution
for TiNbHfZrTa is broader than that of the NbMoCrTiAl
family of MPEAs, suggesting that the energy involved
does not lead to the nucleation of full dislocations. As
mentioned above, Senkov et al. [21] reported the presence
of twins.
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Figure 3.4.9: The cumulative frequency over τmax/G for (a) 0.01 mNs−1

and (b) 0.005 mNs−1 shows steep slope for NbMoCrTiAl and its derivatives
and the slope steepness reduces for TiNbHfZrTa.
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However, Wang et al. [176] reported the presence of defor-
mation twins in TiNbHfZrTa at 77 K along with traces of
the HCP phase (ω), but not at room temperature. Chen
et al. [177] confirmed the absence of twins in TiNbHfZrTa
at room temperature but under deformation, homogenised
samples show the presence of deformation bands or kink
bands. Kink bands are misorientations along grain bound-
aries within a crystal with random orientations usually less
than the specific twin orientation for the crystal system.
Kink bands are usually observed in HCP metals such as Zn,
Cd [178] HCP alloys such as Mg-Y-Nd-Zn [179] and certain
BCC alloys such as β -Ti alloy [180, 181]. These bands are
usually precursors of complete crystal orientation under
stress and plasticity at higher strain rates, as observed in
TiNbHfZrTa.

The activation volume of TiNbHfZrTa remains unchanged
under changing load rates. The change in thermal fluctua-
tion caused by the change in load rate does not affect the
dislocation nucleation procedure in this alloy. The fluctu-
ation resulting from the change in the load rate is easily
accommodated by generating the accommodation bands
like the kink bands, releasing the change in the stress and
activating the kink bands to accommodate plasticity. The
athermal effect on the activation volume for nucleation
can also suggest the activation of pre-existing kinks or ac-
commodation bands in TiHfNbZrTa. The maximum shear
stress for this alloy decreases with load rate, suggesting
the effect of thermal fluctuation. When comparing the
maximum shear stress at pop-in with the theoretical shear
stress under different load rates, they are within similar
ranges, suggesting the absence of preexisting or pinned
dislocations.

3.4.3 Strain rate sensitivity and dislocation mo-
tion

The variation of hardness over different strain rates helps
to understand the strain rate sensitivity of the materials.
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Figures 3.4.10 and 3.4.11 show the logarithmic variation of
hardness (H/C) over strain rate (ϵ) for the four samples
over four different strain rates. The strain rate sensitivity
(m) is thus calculated from the slope of these curves based
on the equation 3.1.15 for a hardness averaged over a depth
of 1000 to 1600 nm for each alloy. In a similar way, the
strain rate sensitivity (m) can also be calculated for each
depth of 1000, 1200, 1400 and 1600 nm individually for
the varying strain rates for each alloy. This strain rate
sensitivity is tabulated in table 3.4.4.

Plastic deformation, as discussed above, is a function of the
movement of dislocations. The motions of the dislocations
can be quantitatively determined by the volume activated
to move the dislocation or the dislocation. The activation
volume (V ∗) which is strain rate dependent [182, 183] can
be easily calculated. The volume required for a dislocation
to overcome in order to facilitate the motion is given by this
activation volume. The V ∗ is related to the hardness and
the strain rate according to the equations 3.1.17 and 3.4.8.

V ∗ =
√
3kT (

d(ln |ε̇|)
d(H/C)

(3.4.8)

To determine the sensitivity of the strain rate, the temper-
ature (T ) is also constant, since all experiments are carried
out at room temperature (298 K). Based on equation 3.4.8,
the slope of hardness over the strain rate (H/C vs ln |ϵ̇|)
of a logarithmic curve as seen in figures 3.4.12 and 3.4.13
is used to determine the activation volume.

Similarly to the strain rate sensitivity calculations, the
activation volume is also calculated from hardness averaged
over a depth range of 1000 to 1600 nm for each alloy and
for particular depths of 1000, 1200, 1400 and 1600 nm for
each alloy. The results are tabulated in table 3.4.5 where
the volume is expressed in terms of Burgers vector (b) as
reported by Chen et al. [23] and Senkov et al. [21]
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Depth (nm) NbMoCrTiAl NbMoTiAl MoCrTiAl TiNbHfZrTa

1000 0.06± 0.01 0.05± 0.01 0.05± 0.01 0.03± 0.01

1200 0.06± 0.01 0.04± 0.01 0.05± 0.01 0.03± 0.01

1400 0.05± 0.01 0.04± 0.01 0.05± 0.01 0.02± 0.01

1600 0.05± 0.01 0.04± 0.01 0.03± 0.01 0.02± 0.01

Average
depth (1000
to 1600nm)

0.06± 0.01 0.05± 0.01 0.05± 0.01 0.02± 0.01

Table 3.4.4: The strain rate sensitivity of NbMoCrTiAl, NbMoTiAl,
MoCrTiAl and TiNbHfZrTa over depths of 1000 nm, 1200 nm, 1400 nm,
and 1600 nm, and the average over those depths.

The activation volume in the range of 1 to 20b3 [184] for
a BCC metal or alloy indicates the nucleation of kink
pairs and their propagation at room temperature. The
MPEAs examined show activation volume in the same
range, suggesting kink pair nucleation and propagation.
The strain rate dependence of the BCC alloys also indi-
cates the thermally activated nucleation of double kinks
in screw dislocation. The MPEAs under observation indi-
cate strain rate dependence suggesting thermally activated
double-kink nucleation. It can be further observed from
figure 3.4.14a, that m and V ∗ for dislocation propaga-
tion are almost linear over a depth of 1000 to 1600 nm for
NbMoCrTiAl. Linearity persists for NbMoTiAl for a depth
of 1200 to 1600 nm (Figure 3.4.14b) and for MoCrTiAl for
a depth of 1000 to 1400 nm (figure 3.4.15a. However, V ∗

and m for TiNbHfZrTa increase and decrease, respectively,
with increasing depth of indentation (figure 3.4.15b).

Hardness is a function of depth and strain rate, and there-
fore, as the depth of indentation increases, the hardness
reduces. This results in a reduction of the Peierls stress.
This leads to a decrease in activation volume and in turn
an increase in strain rate sensitivity. This variation is not
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(a) NbMoCrTiAl

(b) NbMoTiAl

Figure 3.4.10: The logarithmic variation of hardness over strain rate for
(a) NbMoCrTiAl and (b) NbMoTiAl show linear correlation. The slope of
the linear fit corresponds to m in accordance to equation 3.1.15
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(a) MoCrTiAl

(b) TiNbHfZrTa

Figure 3.4.11: The logarithmic variation of hardness over strain rate for
(a) MoCrTiAl and (b) TiNbHfZrTa show linear correlation. The slope of
the linear fit corresponds to m in accordance to equation 3.1.15
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Depth (nm) NbMoCrTiAl NbMoTiAl MoCrTiAl TiNbHfZrTa

1000 2.30± 0.02 3.20± 0.02 2.72± 0.02 5.49± 0.02

1200 2.27± 0.01 4.35± 0.01 2.51± 0.01 6.02± 0.01

1400 2.56± 0.01 3.98± 0.01 2.86± 0.01 6.62± 0.01

1600 2.54± 0.02 4.08± 0.02 4.21± 0.02 6.44± 0.02

Average
depth (1000
to 1600nm)

2.52± 0.02 4.35± 0.02 2.86± 0.02 6.20± 0.02

Table 3.4.5: The activation volume (b3) of NbMoCrTiAl, NbMoTiAl,
MoCrTiAl and TiNbHfZrTa over depth of 1000 nm, 1200 nm, 1400 nm,
and 1600 nm, and the average over those depths.

observed for the alloys under investigation, suggesting that
the hardness, though a function of depth, does not show
any changes beyond 1000 nm and therefore do not add
additional effect on the activation volume and strain rate
sensitivity. However, although as observed previously, the
hardness is constant over the depth for TiNbHfZrTa, m
and V ∗ are not constant over the depth.

The strain rate sensitivity of NbMoCrTiAl and its deriva-
tives is comparable but higher than that of TiNbHfZrTa.
The activation volume in comparison is lower for NbMoCrTiAl
and MoCrTiAl, and increases for NbMoTiAl and TiNbHfZrTa.

Chen et al. [60] have reported that the strain rate sensitiv-
ity of NbMoCrTiAl is around 0.018 b3 under macroscopic
compression. The nanoindentation results indicate a slight
increase in m of NbMoCrTiAl and its derivatives. Usually,
m is observed to be higher when calculated by macroscopic
compression than by nanoindentation. It can be under-
stood that, under macroscopic compression, a larger surface
area under compression allows dislocations to propagate
and annihilate, thus reducing the strain rate sensitivity at
a macroscopic level.
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(a) NbMoCrTiAl

(b) NbMoTiAl

Figure 3.4.12: Hardness over the logarithmic variation of strain rate for
(a) NbMoCrTiAl and (b) NbMoTiAl show linear relation. The slope of
the linear fit helps in calculation V ∗ based on the equation 3.4.8
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(a) MoCrTiAl

(b) TiNbHfZrTa

Figure 3.4.13: Hardness over the logarithmic variation of strain rate for
(a) MoCrTiAl and (b) TiNbHfZrTa show linear relation. The slope of the
linear fit helps in calculation V ∗ based on the equation 3.4.8
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(a) NbMoCrTiAl

(b) NbMoTiAl

Figure 3.4.14: The strain rate sensitivity (m) and activation volume for
varying depths of 1000,1200,1400 and 1600 nm for (a) NbMoCrTiAl and
(b) NbMoTiAl remains constant over the depth.

Understanding the BCC refractory multi-principal elements alloys using
thermodynamics and nanoindentation



Chapter 3 152

(a) MoCrTiAl

(b) TiNbHfZrTa

Figure 3.4.15: The strain rate sensitivity (m) and activation volume for
varying depths of 1000,1200,1400 and 1600 nm for (a) MoCrTiAl remains
constant over the depth. However for (b) TiNbHfZrTa the activation
volume increases and strain rate sensitivity decreases with depth.
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The above calculations are obtained when tested at different
strain rates. Under constant strain-rate nanoindentation,
in order to obtain a stable hardness, the indentation has to
be drilled to a deeper depth for lower strain rates. Along
with the thermal drift, the calculated hardness response
is usually higher for a lower strain rate, thus resulting
in a higher strain-rate sensitivity. In addition, for small
areas of indentation under constant strain, the dislocations
generated are more entangled in a smaller area, responding
to a higher strain rate sensitivity [143]. Therefore, it is
usual to observe a higher strain rate sensitivity as a depth
of 1000 or 1200 nm compared to 1600 nm.

The m is the lowest for TiNbHfZrTa among the investi-
gated alloys. As mentioned in section 3.4.2, the plasticity
in TiNbHfZrTa sets in by nucleation of kink bands or ac-
commodation bands. Kink bands are easy predecessors
of kink pairs in screw dislocation and require low Peierls
stress for dislocation motion. Therefore, the mobility of
the dislocation increases, which in turn reduces the sensi-
tivity to change strain rates for this alloy. This is similar
to FCC alloys and metals, which exhibit high ductility at
room temperature [47]. As FCC alloys and metals have
a low Peierls stress barrier and no thermal activation in-
volved, they usually have little or no sensitivity to the
strain rate [142, 143, 185].

TiNbHfZrTa has been reported to exhibit pencil glide sim-
ilar to most BCC metals and alloys [164]. This indicates
the fact that TiNbHfZrTa undergoes plastic deformation
by nucleation of the kink pair of screw dislocations like
most BCC systems. The nucleation of the accommodation
bands in TiNbHfZrTa not only allows easier kink pair nu-
cleation and propagation but also increases the dislocation
density in the vicinity. This results in a larger volume of
dislocations tangling, and thus a large activation volume
is involved. The easier nucleation of the kink bands or
accommodation bands results in a higher activation volume
to overcome the dislocations during motion. Together, the
two mechanisms aid in the ductility of TiNbHfZrTa.
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The activation volume for dislocation propagation, similar
to the strain rate sensitivity, is affected by the strain rate
and the depth of indentation (Figure 3.4.15b). As the sensi-
tivity to the strain rate decreases, the obstacle to overcome
by the dislocations increases. Therefore, most FCC systems
have to overcome an activation volume larger than 10b3,
and sometimes as large as 100 to 1000b3, indicating the
involvement of a forest of dislocations [47]. In addition, the
microstructure also influences the activation volume [186].
As the grain size increases, the dislocation annihilation
reduces and more entanglement is observed. This is com-
monly observed in alloys of multiprincipal FCC elements
such as FeCoCrMnNi [187] at room temperature and lower
temperature. The strain rate sensitivity of TiNbHfZrTa is
as low as 0.01, as expected in any FCC system.

The strain rate dependence of the systems under inves-
tigation is comparable to the chromium [158] which was
reported to be 0.03± 0.007. However, Choi et al.[158] also
reported that the activation volume for kink pair nucle-
ation and propagation for chromium is as high as 19b3

with
−→
b = 2.5 nm. In accordance with the range defined

for supporting the theory of thermally activated kink pair
nucleation of screw dislocation, chromium exhibits a much
higher activation volume in comparison to the alloys in
question. However, TiNbHfZrTa shows an activation vol-
ume comparable to that of W and Mo [130].

The activation volume calculated for NbMoCrTiAl and
MoCrTiAl is smaller than that for NbMoTiAl, despite the
fact that all three alloys undergo a dislocation nucleation
and propagation mechanism. This can be attributed to
the low hardness exhibited by NbMoTiAl as discussed in
Section 3.4.1. The hardness of the system is reduced be-
cause of the absence of Cr in the system. As reported
by Chen et al. [60] for the macroscopic compression tests,
the nanoindentation also shows that the change in Cr and
Nb contained does not alter the strain rate sensitivity.
However, the activation volume increases because of the
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absence of Cr in the system. The absence of Cr in the
systems modifies the effect of lattice mismatch on solid
solution strengthening as discussed in section 3.4.1. It can
be argued that a modified lattice for NbMoTiAl, in com-
parison to that for NbMoCrTiAl and MoCrTiAl, increases
the entanglement of the dislocations slightly more than
in NbMoCrTiAl and MoCrTiAl and results in a higher
activation volume in the former alloy than in the latter
alloys.
As discussed earlier, the complex non-planar core of the
screw dislocation governs the plasticity in the BCC alloys,
and the mobility of the screw dislocations is a function
of the strain rate and temperature. The strain rate sensi-
tivity at room temperature can help identify if the alloys
are in line tension or the elastic interaction zone of the
transition theory of double kink propagation of screw dis-
location [58]. In that paper Seeger et al. concluded that
at lower temperature or equivalent higher stress, a BCC
system is highly strain rate sensitive (section 1.3.3), thus
mostly falls within the line tension regime. This sensitivity
reduces as the temperature increases and the system moves
into the elastic interaction zone.
Seeger et al. [48] mathematically defined the line tension
and the elastic interaction zone as, respectively,

H = Hk +B[1−
√

T

Tk

] (3.4.9)

H = Hk + A[1−
( T

Tk

)2

] (3.4.10)

In equations 3.4.9 and 3.4.10, Hk is the hardness at the
temperature of the knee. This is the athermal hardness
of the material, which is not a function of temperature or
Peierls stress. Tk or the knee temperature is the temper-
ature beyond which the hardness reaches a plateau and
does not vary with temperature. B (3

√
3τB) and A are
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the constants consisting of the thermal and athermal stress
function, respectively.

Chen et al. [60] have speculated, based on micro and
nanohardness, that the temperature at which the hardness
plateaus is 573 K or above for NbMoCrTiAl and its alloy
derivatives. Although exact Tk is not determined for the
alloys, based on the strain rate sensitivity calculation of
Chen et al. [60], NbMoCrTiAl shows Tk around 573 K.
Figure 3.4.16a shows the line tension equation that fits the
curves considering that Tk is 573 K. The Hk is 5.4 GPa
and shear τB is 1.98 GPa as obtained from the intercept
and slope from figure 3.4.16a respectively.

A similar calculation can be obtained for NbMoTiAl and
MoCrTiAl, considering that Tk for NbMoTiAl and MoCrTiAl
is 573 K and 673 K, as the line tension equation fits the
curves (figures 3.4.16b and 3.4.17). The Hk and τB for
these alloys are tabulated in table 3.4.6. For NbMoTiAl,
beyond 573 K, the hardness appears to be a plateau, as
seen in figure 3.4.18b. Since the maximum temperature
of the experiment was 673K, such a plateau cannot be
observed for MoCrTiAl. However, the line tension equa-
tion fits the data in figure 3.4.17 b, considering that 673
is Tk. It is true that a more detailed observation of the
hardness over a larger temperature range can help deter-
mine Tk, subsequently Hk, and the athermal and thermal
shear stress involved using equations 3.4.9 and 3.4.10 more
accurately.

Schoeck [188] suggested the hardness as a function tem-
perature, by thermodynamics, is related to the activation
barrier Q :

Q = −T [kT
d ln |ε̇|

dσ
]
dσ
dT

= −T
V ∗
√
3

d ln |H/C|
dT

(3.4.11)

by equation 3.4.11. In this Arrhenius-type equation, C is
the Tabor factor and V ∗

m is the activation volume for the
propagation of the dislocation at temperature T . As the
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(a) NbMoCrTiAl

(b) NbMoTiAl

Figure 3.4.16: The line tension equation fits the temperature-dependent
hardness for (a) NbMoCrTiAl, (b) NbMoTiAl. The temperature expressed
as normalized over the knee temperature.
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(a) MoCrTiAl

Figure 3.4.17: The line tension equation fits the temperature-dependent
hardness for (a) MoCrTiAl. The temperature expressed as normalized
over the knee temperature.

underlying deformation mechanism for the alloys is identi-
fied at room temperature, the energy barrier corresponding
to the activation volume at room temperature can be easily
determined.The temperature-dependent activation energy
for NbMoCrTiAl and its derivatives at room temperature
are tabulated in table 3.4.6 (and figures 3.4.18 and 3.4.19).

Samples
Tk

(K)

Hk

(GPa)

τB

(GPa)

Q

(eV)

NbMoCrTiAl 573 5.44± 0.02 1.98± 0.03 0.133± 0.005

MoCrTiAl 573 4.19± 0.04 1.11± 0.03 0.251± 0.005

NbMoTiAl ≥ 673 5.89± 0.03 1.65± 0.03 0.130± 0.005

Table 3.4.6: The knee temperature, knee hardness, athermal shear stress
and activation energy of NbMoCrTiAl and its derivatives.
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(a) NbMoCrTiAl

(b) NbMoTiAl

Figure 3.4.18: The hardness of (a) NbMoCrTiAl, (b) NbMoTiAl shows a
linear dependence on temperature. The hardness is calculated as H/C with
C being the Tabor factor. A plateau is observed at 573K for NbMoCrTiAl
and NbMoTiAl.
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(a) MoCrTiAl

Figure 3.4.19: The hardness of (a) MoCrTiAl shows a linear dependence
on temperature. The hardness is calculated as H/C with C being the
Tabor factor. No plateau is observed until 673K for MoCrTiAl.

The activation energy calculated (table 3.4.6 is lesser than
that of chromium: 0.35± 0.04 eV [158]. This is because in
chromium, the obstacle increases because of the presence
of impurities, which are absent in the alloys under exami-
nation. The Gibbs free energy calculation further confirms
that the rate-determining mechanism for these alloys is
double kink nucleation [189]. It has been observed that for
BCC MPEAs that range of 0.1to0.4 eV is usual. However,
the higher the value in this range, suggests multiple kinks,
cross-kink, and detrapping resulting in more pinned dis-
locations and therefore require a higher activation energy
[190]. The energy expenditure Q is observed to be lower
for NbMoCrTiAl and NbMoTiAl compared to MoCrTiAl
(table 3.4.6). Since previously reported, MoCrTiAl exhibits
similar hardness, strain rate sensitivity, and activation vol-
ume for dislocation nucleation and propagation, and the
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reason for the higher activation energy for kink propagation
at room temperature cannot easily be concluded.
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3.5 Conclusion

The purpose of this work was to understand the mechan-
ical stability of refractory MPEAs such as NbMoCrTiAl,
NbMoTiAl, and MoCrTiAl, which are reported to be brittle
at room temperature with the crystal structure of B2 [23].
These alloys were compared with the popularly known re-
fractory MPEA, TiNbHfZrTa, which is known to be ductile
at room temperature. Nanoindentation was the experimen-
tal method chosen to compare the two types of refractory
MPEAs to understand plastic deformation, especially on a
nanoscale. The plastic deformation mechanism is under-
stood by understanding the nucleation and motion of the
dislocation and their related mechanisms.

Nanoindentation in NbMoCrTiAl and its family of alloys
did not show pile-up or sink-in but slipped traces around
the indent. This suggested the ductile nature of the alloys
on the nano- and micro-scale. However, the possibility of
porosity and large stresses at grain boundaries due to large
grains can explain the brittleness at room temperature
as observed under macroscopic mechanical testing [23].
The theoretical shear stresses are comparable to each other
with a slight increase for the system without Nb. These
are in contrast to TiNbHfZrTa, which shows very low
nanohardness and modulus at room temperature under
nanoindentation.

The temperature range in the discussion does not include
the temperature for the order-disorder transition as re-
ported by Chen et al. [60] and thus its effect on the change
in modulus and hardness could not be observed. The alloys
adhere to the generally accepted deformation mechanism
in BCC, which is thermally activated dislocation slip. The
Seeger model [58] can explain the change in hardness with
temperature, as observed here. At room temperature, the
alloys are in the low temperature regime, and thus the dis-
location motion is expected to be dominated by kink-pair
motion and are thermally dependent. The increase in Cr
and the absence of Nb in the system help in strengthening
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and overcome the thermal effect on the dislocation motion
and strengthening.

This leads to understanding the solid solution hardening of
the system using the classical Labusch [163] and Fleischer
model of a binary solid solution [162]. The paraelastic effect
of the lattice distortion on the solid solution strengthen-
ing can explain the strengthening of NbMoCrTiAl and its
family of MPEAs using both Labusch’s binary alloys [163]
and Vervenne’s approach for the FCC high entropy al-
loy [165]. However, no correlation could be achieved for
the strengthening of the solid dieleastic solution, which is
due to the shear modulus mismatch [191]. In contrast, the
solid solution strengthening of TiNbHfZrTa can be well
explained by the classical solid solution strengthening of
binary system models [14].

The onset of plasticity was investigated by nanoindentation
on a defect-free surface at a very low indentation depth.
The load displacement curve showed a sudden jump in dis-
placement in the sample, popularly known as pop-in. This
occurs as the maximum shear stress approaches the theo-
retical shear stress. The pop-in corresponds to the point
of dislocation nucleation on a defect-free surface. The acti-
vation volume of dislocation nucleation for NbMoCrTiAl
and its derivatives were calculated to be ∼ 1b3, similar
to BCC metals such as Mo and high-entropy alloys such
as BCC TiZrNbTa, suggesting heterogeneous nucleation
through atom-vacancy exchange. It is a thermally assisted
process that is required for heterogeneous nucleation of a
full dislocation.

In contrast, TiNbHfZrTa exhibits a lower activation volume
than 1b3 and does not exhibit a load-rate dependence. In
TiNbHfZrTa, the local chemistry of neighbouring atoms
reduces the fault energy that initiates accommodation or
kink bands. This effect is observed in FCC systems, where
the onset of plasticity is by nucleation of partials. This
led to the conclusion of accommodation bands and kink
bands in TiNbHfZrTa. These bands do not require the
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generation of full dislocations and thus aid the nucleation
process. Therefore, the energy required for dislocation
nucleation is lower for TiNbHfZrTa than for NbMoCrTiAl
and its family of alloys. This allows for easy onset of
plasticity for TiNbHfZrTa.

Like most BCC elements and alloys, the dislocation prop-
agation in NbMoCrTiAl and its derivatives in order to
allow plasticity is aided by double-kink nucleation and
propagation for complex cored screw dislocations. The dis-
location propagation is thermally assisted like most BCC
systems and is therefore, strain rate sensitive. Calculating
the volume and energy of the activation also suggests the
formation and propagation of a kink pair. TiNbHfZrTa,
although it has accommodation bands and kink bands,
also exhibits strain rate sensitivity. The activation volume
calculations for TiNbHfZrTa clarified that the dislocation
propagation mechanism is similar to that of kink-pair nu-
cleation and propagation. However, in the presence of
accommodation bands, the activation volume required for
dislocation propagation to overcome the obstruction to
move is higher than that of NbMoCrTiAl and its deriva-
tives.

On the basis of the observations mentioned above, it can
be concluded that NbMoCrTiAl and its family of alloys
nucleate dislocation by atom-vacancy exchange and propa-
gate these dislocations by kink pair motion. This is com-
monly observed in BCC crystal systems. Considering that
hardness is a function of temperature and strain rate, the
rate-determining mechanism for dislocation propagation
for NbMoCrTiAl and its derivatives at room temperature
is concluded to be a line tension model where the knee
temperature is 573 K or higher.

In contrast, nucleation of accommodation bands and kink
bands requires a lesser energy than full dislocations. This
results in an easier and earlier onset of plasticity in TiNbHfZrTa.
This supports the ductility of this alloy at room temper-
ature. Furthermore, the dislocation propagation method
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for this MPEA is similar to kink pair motion. The easily
nucleated accommodation bands and kink bands result in
crowding and increasing the activation volume required
for dislocation propagation for plastic deformation. This
mechanism makes the alloy ductile and tougher at room
temperature in comparison to NbMoCrTiAl and its family
of alloys.
Because dislocation nucleation and propagation were not
tested at elevated temperature, the effect of ordering in
NbMoCrTiAl alloys could be fully compared and under-
stood. Thus, the brittleness of NbMoCrTiAl and its family
of alloys at room temperature due to ordered phase B2 is
beyond the scope of this work.
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Summary

“When I examine myself and my methods of thought, I
come to the conclusion that the gift of fantasy has meant
more to me than any talent for abstract, positive
knowledge”

Albert Einstein
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Multi principal elements alloys (MPEAs)—also commonly
known as high entropy alloys (HEAs)—have been the cen-
tre of intense research over the past decade. The use of
five or more elements to form a single-phase solid solution
opens a range of possibilities to design various alloy combi-
nations, as well as engineer desired properties. The MPEAs
can be obtained in standard crystal systems such as FCC,
BCC or as multiphase material. The understanding of the
stability of these alloys is intriguing, as the chemistry and
elemental interactions make the thermodynamic and me-
chanical properties more complex. In order to understand
these novel material systems, the stability of such alloys is
critical and represents the central topic of this work. We
approach this topic from two different directions and cate-
gorise the term “stability” as thermodynamic stability and
mechanical stability. Both were addressed using different
methods of simulation and experiments, as summarised in
the following.

This dissertation tries to answer the questions posed as
motivation in section 1.4 to help understand the stability of
refractory BCC MPEAs in the context of thermodynamics
and mechanical properties.

1. The simplistic model of correlating Potts model to multi-
principal elements alloys using Monte Carlo simulations
helped in concluding the effect of entropy on the order-
disorder phase stability of the alloys. The lower coordina-
tion number suppresses the stability of the ordered state.
Besides the coordination number, focusing on the three-
dimensional BCC structure helped us understand the effect
of increasing the element in a system. The model proposes
that the increase in the number of elements increases only
the configurational entropy. This increase reflects that the
order-disorder transition is a function of configurational
entropy. The increasing elements in the system lower
the order-disorder transition temperature allowing random
solid solutions easily achievable. However, keeping out the
effect of enthalpy, the increase in the element of the systems
the energy of the system. This is due to the interaction of
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the atoms with the dissimilar atoms and as the number of
elements in the system increases, the probability of this
interaction increases. Thus, entropy independently affects
the stability of a random solid solution.

2. A systematic study by nanoindentation on a BCC and
a B2 structured refractory multi-principal elements al-
loys, former exhibiting ductility and the latter exhibiting
brittleness at room temperature, shows the relation be-
tween mechanical properties and solid solution strengthen-
ing. NbMoCrTiAl and its two variations NbMoTiAl and
MoCrTiAl exhibited an increase in mechanical properties
like elastic modulus, hardness, and maximum theatrical
shear stress with reducing Nb content. On the contrary
ductile BCC refractory alloy, TiNbHfZrTa exhibited lower
mechanical properties than NbMoCrTiAl and its families.
Correlating the mechanical properties and the solid solu-
tion strengthening, lattice mismatch helped us understand
the phenomena more than the shear mismatch in the sys-
tems. The varied elements with varying atomic sizes in the
system interact to complicate the understanding of lattice
mismatch and thus the solid solution strengthening. Some
alloys like TiNbHfZrTa which have elements of primar-
ily two ranges of atomic sizes can explain the mechanical
properties like a binary solid solution. However, for alloys
like NbMoCrTiAl whose elements do not categorize into
two atomic radii ranges, helps in modifying the mechani-
cal properties based on a more complicated solid solution
where every element in the solute is the solution of all the
elements together.

3. The increased number of elements in the system in-
fluence the mechanical properties and can influence the
properties at elevated temperature. Though the work does
not directly study the effect of temperature change in all
properties, the thermal effect on the mechanical properties
is studied. The temperature-dependent mechanical prop-
erties like hardness or elastic modulus, of NbMoCrTiAl
and its derivative, are studied. These alloys respond to
the thermal dependence of the mechanical properties simi-

Understanding the BCC refractory multi-principal elements alloys using
thermodynamics and nanoindentation



Chapter 4 170

lar to other BCC elements like molybdenum, tungsten or
chromium. This is further validated by understanding the
dislocation nucleation process.

4. The activation volume required by the dislocation to
overcome in order to generate new dislocations for the B2
system is similar to other BCC metals and alloys exhibit-
ing pencil glide by atom vacancy exchange. The thermally
assisted stress-initiated activation process holds true for
these systems. This process is also true for TiNbHfZrTa;
however, the activation volume indicates a lack of load
rate dependence. This discrepancy pointed to the fact that
TiNbHfZrTa do not nucleate full dislocation but partial
dislocation to generate accommodation bands or activation
on other non-thermal dislocations nucleation like activa-
tion of edge dislocations. The dislocation propagation,
on the other hand, proved that all the alloys under inves-
tigation at room temperature are aided by double kink
nucleation and propagation of three-dimensional complex
cored screw dislocations. The involved activation volume
is slightly more for TiNbHfZrTa than the NbMoCrTiAl
alloys indicating the presence of closely spaced dislocations
similar to a small forest of dislocations in the former alloy.
The constituent elements of these alloys are mostly BCC,
however a typical BCC alloy behaves differently than a
known BCC metal , whereas B2 structured alloy exhibits
standard dislocation nucleation and motion phenomena as
observed in other BCC metals and alloys. This impact on
the deformation behaviour of MPEAs can be attributed to
the cocktail effect.

In this work, all the questions that have been posed in
understanding the thermodynamic and mechanical stability
of the alloys are not fully explored. However, on the
basis of the classically defined parameters of the high-
entropy alloys or the multi-principal element alloys, the
understanding of mechanical properties was attempted.
The work also focused on understanding the difference
in the mechanical stability of ductile and brittle BCC
refractory multi-principal element alloys. It answers the
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difference in dislocation nucleation and motion of these
alloys. However, thermodynamic stability is answered with
a more simplistic approach to these complex alloys.
However, in order to obtain a more detailed understanding
of the stability of these alloys, extended work is continued
and proposed. An effect of entropy can be further eluci-
dated on a more closed system using Kawasaki dynamics.
However, mechanical properties are studied as a function of
temperature and microstructure and grain boundaries for
NbMoCrTiAl [192] and for other alloys required to be stud-
ied. This will help to obtain a more detailed understanding
of the alloys and the relationship between the mechanical
response to the microstructure and subsequently the alloy
compositions.
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“Contemporary science is based on the philosophy of
materialism, which claims that all reality is material or
physical”

Rupert Sheldrake
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A.1 Bragg-Williams theory

The regular solution defined in this thesis is best under-
stood by the Bragg-Williams theory, which defines the
ordering and disordering in the system. In a crystal lattice,
the lattice sites are occupied by the alloying elements, and
the interaction between the neighbouring atoms defines
the equilibrium of the system and the ordering in the sys-
tem. According to Bragg and Williams [82], a system in
a completely disordered state is one in which any atom
can occupy any site in the lattice leading to a single-phase
state of the alloy. In an ordered state, atoms of a particular
element segregate on particular lattice sites, leading to an
orderly arrangement in the lattice. If this ordering is over
the entire lattice structure, it leads to a long-range ordering
usually seen in the intermetallic.

However, if this ordering is restricted to a certain part
of the total alloy system in the lattice, it leads to short-
range ordering. As an alloy is a dynamic system, the
lowest energy among the ordered and disordered systems
motivates the phase formation in the alloy. Usually, a
disordered arrangement has more potential energy than
an ordered arrangement, and thus segregation is a more
stable state unless the complete randomly arranged system
has the lowest total free energy of the alloy system due to
the interaction parameters and the entropy of the system.
It should be noted that since the system follows the free-
energy equation, a higher temperature always leads to
disorders in the system. Thermal agitation aids the atoms
in occupying any site in the lattice. Thus, for a fixed
composition in an alloy, it is expected that segregation is
in the lower temperature, and beyond a fixed temperature
the system is completely disordered. According to Braggs
and Williams [82], this fixed temperature, also known as the
critical temperature is related to the ordering parameter.
Beyond the critical temperature, the ordering parameter is
0 when the system is completely disordered. This shows an
analogy to ferromagnetism, and the critical temperature for

Understanding the BCC refractory multi-principal elements alloys using
thermodynamics and nanoindentation



175

order-disorder transition is analogous to Curie temperature.
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A.2 Weibull distribution and comparison
to weakest link approach

In 1951, Wallodi Weibull [126] described a continuous prob-
ability distribution which came to be termed a Weibull
distribution and is used for understanding various statis-
tical distributions like particle distributions and brittle
fracture probability. The probability density function is
given as

f(x; k, γ) =

{
k
γ
(x
γ
)k−1 exp(−x

γ
)k x ≥ 0

0 x < 0

(A.2.1)

Here k is the shape factor and γ is the scale factor. The
distribution gives the rate of failure of an event as the power
of time. For n maximum number of total occurrences, the
probability of an event or failure of the event x can be given
as P n(x) = P (anx+ b), as x tends to 0, the probability of
the occurrence or failure (P ) can tend to 0 or 1.

For a random event x, if the probability of the occurrence
of a failure is P (x), the probability of survival is 1 −
P (x). Thus, for n events that occur simultaneously, the
probability of survival can be written as 1− P (x)n. The
distribution function can be expressed as an exponential
function (Poisson distribution) of the following.

P (n) = 1− exp(−nφ(x)) (A.2.2)

The Weibull cumulative distribution function is expressed
as

P (t) = F (t) =
ktk−1

γk
exp(

−t

k

k

) t > 0 (A.2.3)
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as the rate of occurrence or failure is a function of time
involving the shape and scale factor as described earlier.
These factors can be used to determine various insightful
data, especially by simplifying the equation.

ln | − ln |1− F (t)|| = k ln |t| − ln |γt|| (A.2.4)

The complicated equation is then reduced to a linear rep-
resentation that allows easy calculation of the shape factor
and the scale factor of the slope and the intercept. The
Weibull distribution and analysis of the shape factor and
scale factor are popular in understanding the brittle nature
of materials as a part of the weakest link approach.
The weakest link approach analyses the required flaw size
for a material, statistically analysing samples with a ran-
dom number of flaws with varying flaw sizes. If the mean
number of critical flaw size is m, the probability of surviv-
ing the failure from the flaw is

P (f) = 1− exp[−Vef

Vo

(σ∗

σo

)m

] (A.2.5)

The governing factors of failure from flaws are factors:
the effective volume (Vef) indicating the geometry of the
sample and the stress (σ∗) involved that indicates the
dependence on the stress. The probability of the mean
number of critical flaws leading to failure in the component
when calculated over the complete volume of the sample
in question can be written as

P (f) = 1− exp[−σ∗

b

m

] (A.2.6)

Where the dependent factors can be simply expressed as
σ∗ indicating the stress dependence and b indicating the
geometry dependence and m is a frequency parameter. The
result can be linearly expanded as equation A.2.4 identi-
fies the geometric parameter b from the intercept and the
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frequency parameter m from the slope. Understanding the
weakest link approach and the Weibull distribution is help-
ful in understanding the dislocation nucleation probability
distribution and its correlation to the Weibull distribution.
The dislocation nucleation involves factors similar to the
weakest link approach, namely, the enthalpy of the activa-
tion and the stress-activated and thermally assisted factors.
The frequency or probability of the dislocation to nucleate
in every indentation is

F (τ) = 1− exp[
−ηkT

V (τ̇)
exp[

τV

kT
]] (A.2.7)

This equation is similar to equation A.2.3, and when
expanding the probability of nucleation linearly, equa-
tion A.2.4 is simplified to

ln | − ln |1− F (τ)|| = V

kT
τ − ln | ηkT

V (τ)
| (A.2.8)

The cumulative distribution of the pop-in or the rate of
the dislocation nucleation is a function of time and, even-
tually, that of the shear stress involved in the nucleation
of the dislocation, follows an exponential function similar
to equation A.2.2.
The cumulative distributions for the theory of disloca-
tion nucleation are similar to those of the weakest link,
where the governing factors are exponentially related to
the distribution, making the Weibull distribution the most
appropriate cumulative distribution fitting and allowing
easy accessing of important data as the Weibull parameters
coincides with the factors that determine the processes.
The shape factor in the Weibull distribution is equivalent
to the geometrical factor in the weakest link approach. It
can be correlated with kT/V in the nucleation equation
where V is the activation energy involved for the nucleation
of the dislocation to occur.
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The discussion rises with the scale factor in the cumula-
tive distribution and its significance if any in the above-
discussed processes.
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A.3 Atomic radius and shear modulus

Elements Atomic radii
(Å)

Shear Modulus
(GPa)

Mo 1.36 126

Cr 1.24 115

Al 1.43 26

Nb 1.42 105

Ti 1.44 44

Ta 1.43 69

Zr 1.60 33

Hf 1.57 30

Table 3.4.1: Atomic radius and shear modulus of pure elements that
comprise the MPEAs under investigation [193, 194]
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