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Abstract 

This study focuses on the linkage between microstructure and mechanical properties at 
elevated temperatures of a Mo-20Si-52.8Ti (at.%) eutectic alloy produced by directed energy 
laser deposition (DED-LB). The alloy consists of a body centered cubic solid solution 
(Mo,Ti,Si)ss and a hexagonal (Ti,Mo)5Si3 phase. In addition, a conventional as-cast (AC) alloy 
with subsequent heat treatment (HT) to further coarsen the microstructure is investigated to 
rationalize the effect of microstructural length scale on mechanical properties by DED-LB. The 
fine microstructure produced by DED-LB has a significant effect on the 0.2% offset yield 
strength at 900°C compared to AC and HT. This was found to be mainly due to the depletion 
of Si in (Mo,Ti,Si)ss and to the creep contribution caused by the high phase boundary density. 
By contrast, the effect of interstitial O contamination and texture formation in the (Ti,Mo)5Si3 
phase is excluded as a reason of the difference in 0.2% offset yield strength compared to AC 
and HT.  
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Additive manufacturing, refractory silicide alloy, high temperature, mechanical properties 

1. Introduction 
Single crystalline Ni-based superalloys are still the most important materials when it comes to 
high-temperature structural applications, since they fulfill best the required property portfolio of 
high strength and creep resistance combined with high temperature oxidation and corrosion 
resistance [1,2]. Furthermore, they possess good fatigue resistance and ductility at room 
temperature [1,3]. However, the development of new Ni-based superalloys to increase 
operation temperatures and therefore, the efficiency of e.g. combustion engines, is limited by 
the solvus temperature of the γ’ strengthening phase [4]. Hence, immense continued efforts 
are ongoing to develop new high-temperature materials such as Mo- and Nb-based silicides 
[5-7] or refractory high entropy alloys with possibly enhanced temperature capability [8,9]. 
Even though all of the aforementioned refractory metal based materials have demonstrated 
high temperature performance capabilities, none of them fulfil all the property requirements at 
the same time.  

Mo-Si-Ti alloys exhibit the potential to operate at higher temperatures than Ni-based 
superalloys, since they have comparable strength and creep resistance at even higher 
temperatures and are also oxidation resistant [10,11]. In contrast to other Mo-based silicides 
they also provide pesting resistance, a phenomenon where the formation of volatile MoO3 at 
around 800 °C causes severe material loss and ultimately failure of the alloys by disintegration 
[12]. 

The most promising alloy composition in this comparably simple ternary system was identified 
as Mo-20Si-52.8Ti (all compositions in this article are given in at.%, if not stated otherwise), 
which forms a eutectic microstructure during casting that is composed of a body-centered cubic 
(Mo,Ti,Si)ss solid solution phase and a hexagonal intermetallic (Ti,Mo)5Si3 phase (note that the 
order of elements in parentheses represents the content with decreasing quantity from left to 
right) [10]. This alloy also offers the advantage of lower density compared to Ni-based 
superalloys and Mo-Si-B alloys (6.2 g/cm³ vs. 8.2 - 9.6 g/cm³ [1,10]), in addition to the high 
creep and oxidation resistance. Furthermore, the formation of (Ti,Mo)5Si3 precipitates found 
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during recent investigations of the creep behavior promises additional strengthening capability 
of such alloys [13]. On the downside, the brittle (Ti,Mo)5Si3 phase forms an interconnected 
network within the Mo-20Si-52.8Ti alloy and therefore, the brittle-to-ductile transition 
temperature (BDTT) in three-point-bending is  high, around 1100 °C [14]. This is significantly 
higher than for Mo-Si-B alloys with disconnected intermetallic phases within a continuous Mo 
solid solution [15,16]. Recent investigations of off-eutectic Mo-Si-Ti alloy compositions, 
however, show that the fracture toughness can be increased by reducing the volume fraction 
of (Ti,Mo)5Si3 [17]. In general, for two-phase microstructures, the deformation behavior relies 
on the interface mechanics, in particular on the slip transmission across phases depending on 
their orientation relationships which in turn influences the final deformation texture. The phases 
(Mo,Ti,Si)ss and (Ti,Mo)5Si3 in directionally solidified (DS) Mo-20Si-52.8Ti exhibited a 
crystallographic OR with (123)(Mo,Ti,Si)SS || (0001)(Ti,Mo)5Si3 and 

[111�](Mo,Ti,Si)SS  || [1120](Ti,Mo)5Si3 independent of solidification velocities imposed [18]. 

Several processing routes have been applied to manufacture silicide-containing Mo-based 
alloys, Mo-Si-B alloys in particular [15,19,20]. Most of these processing techniques, such as 
arc melting or powder metallurgy (PM) combined with mechanical alloying, are not suited to 
manufacture complex parts. This is either due to the high BDTT, crack formation during casting 
or the interstitial contamination, which is detrimental for the ductility [14,16]. A major challenge 
for conventional manufacturing processes is the need for extensive mechanical finishing, 
particularly for complex parts like turbine blades. This is due to the difficulty in machining hard 
silicide phases. 

Additive manufacturing (AM) has been proposed as the solution for producing complex 
mechanical parts, but a key concern is ensuring crack-free material deposition, since rapid 
cooling is applied and cyclic heat treatment of the consolidated layers occurs [21,22]. This may 
lead to crack formation when the manufacturing temperature is below or cycled around the 
BDTT. Recently, several attempts were made to process Mo-Si-B and Mo-Si-B-TiC alloys by 
AM [23-26]. Powder bed fusion by laser (PBF-LB) or electron beam (PBF-EB) require powder 
of spherical particle shape and in a specific powder size distribution to provide good flowability 
of the powder [27]. It was shown by Fichtner et al. [23] that it is possible to produce dense and 
crack-free Mo-16.5Si-7.5B by PBF-LB using pre-heating temperatures of 1200 °C. In addition 
to that, subjecting the powder to heat treatment in an Ar atmosphere is required as this 
minimizes O and N contamination as well as moisture which are critical to crack formation. The 
same pre-heating temperature was necessary during the processing of Mo-5Si-10B-10TiC 
(at.%) by PBF-EB [26]. In comparison to a Mo-8.9Si-7.7B alloy manufactured using PM 
processing of gas atomized powder, PBF-LB processing of Mo-16.5Si-7.5B demonstrates a 
reduction of the BDTT by approximately 100 °C to approx. 1000 °C [23]. Both alloys possess 
a matrix consisting of intermetallic phases and the reduction of the BDTT is attributed to the 
formation of dendritic Mo solid solution breaking up the matrix character of the intermetallic 
phases by the PBF-LB processing. However, PBF-LB results in ultrafine grain and phase sizes, 
and hence, in a reduced creep resistance compared to ingot metallurgical materials [23]. It 
was also shown recently, that laser metal deposition (LMD) can be used to manufacture dense 
and crack-free Mo-13Si-7.5B alloy [24]. The microstructure of LDM processed Mo-Si-B is much 
finer compared to the same alloy manufactured by casting and the intermetallic phases are 
embedded within the solid solution matrix. The mechanical behavior of this material was only 
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determined by microhardness measurements and both processing conditions, casting and 
LMD, yielded similar hardness of around 16 GPa [24].  

It is well established, that AM can lead to the formation of textured parts, due to the directional 
solidification front and the temperature gradient along the build direction [28], but no further 
information on texture formation during LMD or PBF-LB of Mo-Si-B alloys have yet been 
provided in literature. However, the formation of a crystallographic texture is possible in Mo-
20-Si52.8Ti when processed by AM, as previously demonstrated for the DS process [18].  

Therefore, this study aims to identify the relationship between AM and resulting microstructure 
using laser-based directed energy deposition (DED-LB), a process similar to LMD. 
Furthermore, we aim at understanding how DED-LB influences the yield strength between 
room temperature and 1100°C along and perpendicular to the build direction in comparison to 
ingot metallurgical material. To include the different microstructural length scales due to the 
different processes a batch of the cast alloy was also investigated before and after an 
annealing process. This approach was chosen in order to compare the mechanical properties 
within the same alloying system, rather than comparing them with Mo-Si-B and Mo-Si-B-TiC 
alloys. The latter have a different microstructure to Mo-Si-Ti and have mainly been investigated 
in terms of hardness [23, 24, 26] and four-point bending [25]. Notably, DED-LB was chosen 
over PBF-LB/EB due to the unavailability of a PBF-LB system with preheating capabilities of 
up to 1200 °C as used in Ref. [23], and the occurrence of intense smoke events during PBF-
EB experiments, which made processing parts impossible. 

2. Materials and Experimental Methodology 
Mo-20Si-52.8Ti (in at.%) powder was produced by Electrode Induction Gas Atomization 
(EIGA) by GfE Metalle und Materialien GmbH (Nürnberg, Germany). Powder particles with 
sizes ranging from 53 µm to 100 µm were sieved from the as-received powder batch. Details 
on the powder processing of Mo-20Si-52.8Ti can be found in Ref. [29]. For comparison Mo-
20Si-52.8Ti was synthesized from bulk elemental Mo (99.8% purity), Ti (99.95%) and Si 
(99.99%) by arc melting in an Ar atmosphere. An AM0.5 arc melter (Edmund Bühler GmbH, 
Bodelshausen, Germany) was used equipped with a water-cooled Cu crucible. A detailed 
description of the process can be found in Ref. [10]. One part of the alloy batch was 
subsequently heat treated at 1600 °C for 150 hours in Ar to significantly coarsen the 
microstructure. 

DED-LB was performed using an InssTek (Daejeon, South Korea) MX600 enclosed in an 
MBraun (Munich, Germany) Argon chamber. The laser source was a 1070 nm Yt:YAG fiber 
laser from IPG Photonics (Marlborough, USA) with a spot diameter of 500 µm in the working 
plane. The scan pattern used was a cross-snake pattern with 400 µm line offset spanning 
11x11 mm and the deposition head was moved with 20 mm/s. A small ~15x15x10 mm Ti64 
substrate was thermally isolated from the machine table by a graphite felt and 10 layers (200 
µm nominal layer height) of Ti64 powder (in wt.% by TEKNA (Sherbrooke, Canada) with 
particle size of 45 – 100 µm) were deposited with ~0.7 g/min feed rate and 360 W laser power 
in order to improve bonding with the substrate material and to reach high processing 
temperatures. Afterwards, the powder source was switched to ~1.5 g/min Mo-20Si-52.8Ti 
powder deposited with a laser power of 300-340 W, all other parameters kept constant.  
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Throughout the manuscript DED will refer to Mo-Si-Ti manufactured by the DED-LB process 
with v (vertical) and h (horizontal) indicating the orientation of which the samples were taken 
parallel and perpendicular to the build direction (BD), respectively. The as-cast condition will 
be abbreviated by AC and the coarsened condition of AC is designated HT in what follows. 

Microstructural analysis by scanning electron microscopy (SEM) was conducted on samples 
prepared by grinding using SiC paper up to grit P4000. Subsequent to grinding, polishing was 
performed with 3 and 1 µm diamond suspension before final polishing with a colloidal silica 
suspension. A LEO 1530 Zeiss FEG (Carl Zeiss AG, Oberkochen, Deutschland) SEM operated 
at 20 kV acceleration voltage was used in secondary electron (SEM-SE) and backscattered 
electron (SEM-BSE) contrast. For energy-dispersive X-ray spectroscopy (SEM-EDX), an EVO 
50 Zeiss SEM (Carl Zeiss AG, Oberkochen, Deutschland) was used. Electron backscatter 
diffraction (SEM-EBSD) was performed in a Zeiss Auriga 60 SEM equipped with an EDAX 
DigiView EBSD camera (Ametek, Berwyn, Pennsylvania, USA). An acceleration voltage of 
20 kV was used to scan a hexagonal grid of an area of (80 × 80) µm² with a step size of 0.2 µm. 
SEM-BSE micrographs of the powder were taken with particles placed on a carbon tape to 
analyze the particle size distribution and aspect ratio of the particles with ImageJ [30]. 
Scanning transmission electron microscopy (STEM) on an FEI Tecnai Osiris at 200 kV 
equipped with a quad silicon drift detector setup (Super-X) was performed for STEM-EDX 
analysis. Furthermore, ImageJ was used to determine porosity, volume fraction of phases and 
phase boundary density using the SEM-BSE micrographs of the bulk material.  

The phase boundary density was determined by applying a linear intersection approach [31] 
using: 

𝑃𝑃 = 2 𝑁𝑁�
𝐿𝐿
 (1) 

Thereby, 𝑁𝑁� is the number of intersections and 𝐿𝐿 the total length of the sections.  

To investigate the mechanical behavior, compression test specimens of (3 × 3 × 5) mm³ in 
dimensions were prepared by electrical discharge machining. Compression tests with an initial 
strain rate of 10-3 s-1 with respect to the sample height were performed using a Z100 universal 
testing device by Zwick (ZwickRoell, Ulm, Germany) equipped with a Maytec vacuum furnace 
(Maytec Mess- und Regeltechnik GmbH, Singen, Germany) at temperatures ranging from 
900 °C to 1100 °C. Additional compression tests were carried out at 900 °C with initial strain 
rates of 10-4 s-1 and 10-5 s-1, to study the strain rate dependence of stress at elevated 
temperatures.  

Compression creep tests were performed at 900 °C with a constant true stress of 200 MPa. 
Load and displacement were monitored during the compression and compression creep tests 
and were converted during the data acquisition into true strain and true stress assuming 
constant sample volume during deformation. Vickers hardness was measured on polished 
surfaces using a QNess Q10+ (ATM Qness GmbH, Mammelzen, Germany) microhardness 
tester at a load of 0.98 kg (HV1). 

X-ray diffraction (XRD) was performed using a D2 Phaser (Bruker Corp., Billerica, MA, USA) 
equipped with a LynexEye line detector in Bragg-Bretano geometry on polished surfaces in 
0.01° steps with a Cu X-ray tube operated at 30 kV and 10 mA. The incident radiation was 
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filtered by means of a Ni foil. The lattice parameters were determined by extrapolating the peak 
positions using a modified Nelson-Riley approach [32].    

3. Results  
The initial microstructures of the three processed conditions were examined using SEM. Fig. 
1a illustrates the morphology of the initial powder, comprising spherical particles with partial 
satellite decoration. Fig. 1b displays the particle size distribution and sphericity of the powder 
particles after sieving with -100 and -53 µm mesh sizes. It is evident from Fig. 1b that 90% of 
the volume fraction of the particles fall within the range of 50 to 90 µm, with D90 at 90 µm and 
90% of the particles possessing an aspect ratio of less than 1.4. This range is deemed 
sufficient to ensure favorable flowability and packing during the manufacturing process. The O 
contamination of the powder was reported in Ref. [29] as (1740 ± 60) wt.-ppm.  

  
Figure 1: Mo-20Si-52.8Ti powder sieved between -100 and -53 mesh size showing a) SEM-
SE micrograph and b) particle size distribution and sphericity 

Fig. 2 displays the microstructures of Mo-20Si-52.8Ti manufactured by DED-LB as well as in 
the AC and HT conditions. The microstructures of all conditions consist of (Mo,Ti,Si)ss and 
(Ti,Mo)5Si3 as confirmed by XRD [10]. No cracks were observed for the DED condition and the 
porosity was determined by image analysis to be less than 1 vol%. Microstructural parameters 
such as volume fraction of (Ti,Mo)5Si3, phase boundary density and lattice parameter of 
(Mo,Ti,Si)ss are summarized in Tab. 1. The volume fraction of phases is the same for all 
processing conditions. The phase boundary density is (0.6 ± 0.02) µm-1 for AC and decreases 
during heat treatment to (0.2 ± 0.04) µm-1 for HT, while it is (3.1 ± 0.4) µm-1 for DED. At the 
same time the lattice parameter of (Mo,Ti,Si)ss, as determined by XRD and refined by Nelson-
Riley approach is highest for DED, while it is comparable for AC and HT.  

Within the (Mo,Ti,Si)ss, (Ti,Mo)5Si3 precipitates identified using SEM-EDX were found, as 
displayed in the insert in Fig. 2b. This is consistent with recent investigations on the creep 
behavior of Mo-20Si-52.8Ti in AC condition which confirmed the formation of (Ti,Mo)5Si3 
precipitates in (Mo,Ti,Si)ss already after casting by transmission electron microscopy [13]. 
However, the number of precipitates appears lower compared to the precipitates observed in 
DED condition, as can be seen from the inserts in Fig. 2b to 2d. In the HT condition the number 
of (Ti,Mo)5Si3 precipitates is still small compared to the DED condition and the precipitates are 
mainly be straight aligned within (Mo,Ti,Si)ss. This has already been reported for the AC 
condition in Ref. [13] and is associated with dislocation arrays acting as nucleation sites for the 
precipitation reaction. During the DED processing, the remelting of the previously deposited 
layer happens concurrent to the deposition of the new layer, which enables sufficient diffusion 
of Si to form precipitates. This leads to a depletion of Si in (Mo,Ti,Si)ss, as confirmed by STEM-



7 
 

EDX analysis. The dissolved Si content is (0.8 ± 0.1) at.% Si in (Mo,Ti,Si)ss for the DED 
condition as compared to (2.4 ± 0.3) at.% Si in AC [33]. The d50 and d90 of the particles is 75 nm 
and 125 nm, respectively. Finally, no precipitates of (Mo,Ti,Si)ss within (Ti,Mo)5Si3 were 
identified within the resolution limits of SEM-BSE. No (Ti,Mo)5Si3 precipitates were found in the 
HT condition.  

Tab. 2 summarizes the results of SEM-EDX for all three conditions showing that the 
composition is the same irrespective of the processing route. 

  

  
Figure 2: microstructure a) DED-v, b) DED-h, c) AC and d) HT. Red arrows in the inserted 
details indicate (Ti,Mo)5Si3 precipitates in (Mo,Ti,Si)ss. 

 

Table 1: Summarized information on volume fraction of phases, phase boundary density and 
lattice parameter for (Mo,Ti,Si)ss. Data for AC and HT were taken from Ref. [33]. 

 Vol. fraction 
(Ti,Mo)5Si3 / % 

Phase boundary 
density / µm-1 

Lattice parameter 
(Mo,Ti,Si)ss / nm 

DED 50 ± 2 3.1 ± 0.4 0.3173 ± 0.0003 
AC 53 ± 2 0.6 ± 0.02 0.3167 ± 0.0007 
HT 50 ± 2 0.2 ± 0.04 0.3164 ± 0.0005 

 
Table 2: Summary of SEM-EDX results for all three conditions. 

Condition Mo / at.% Si / at.% Ti / at.% 
AC 26.0 ± 0.4 20.6 ± 0.1 53.4 ± 0.4 
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HT 25.0 ± 0.1 21.4 ± 0.2 53.6 ± 0.1 
DED 26.8 ± 0.1 19.9 ± 0.2 53.2 ± 0.2 

 

SEM-EBSD was performed for DED-h and inverse pole figure (IPF) maps are shown in Fig. 
3a and 3b for (Mo,Ti,Si)ss and (Ti,Mo)5Si3, respectively. No preferred orientation of (Mo,Ti,Si)ss 
is observed, while (Ti,Mo)5Si3 exhibits a fiber texture with the 〈0001〉 direction parallel to the 
build direction of the DED sample. This is quantified by the orientation distribution in multiples 
of uniform distribution (m.u.d.) in the IPF. While (Mo,Ti,Si)ss possesses a maximum of 1.5 
m.u.d. between 〈001〉 and 〈111〉, (Ti,Mo)5Si3 has its maximum of 4.2 m.u.d. in the 〈0001〉 
direction.  Pole figure analysis at two interfaces was done to match the pole locations of each 
phase in the same reference frame to understand the OR (for simplicity the analysis is shown 
for interface 1 only). It was identified that the (123) plane of (Mo,Ti,Si)ss is parallel to the basal 
plane (0001) of (Ti,Mo)5Si3, and the [111] direction of (Mo,Ti,Si)ss is parallel to the [1120] of 
(Ti,Mo)5Si3 with minor deviation about the c-axis indicating a crystallographic OR existing 
between the phases of (123)(Mo,Ti,Si)SS || (0001)(Ti,Mo)5Si3 and 

[111�](Mo,Ti,Si)SS  || [1120](Ti,Mo)5Si3. A similar OR was observed by Vikram et. al [18] for DS of 
Mo-20Si-52.8Ti. 
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Figure 3: Orientation imaging microscopy analysis of DED-h with the build direction out of 
plane showing (a) and (b) the color-coded IPF map of the (Mo,Ti,Si)ss and (Ti,Mo)5Si3, 
respectively. The orientation distribution in m.u.d. of each phase is shown next to the IPF map. 
In (c) and (d) the OR between (Mo,Ti,Si)ss and (Ti,Mo)5Si3 is visualized.  

Vickers hardness was determined as (639 ± 20) HV1, (677 ± 60) HV1 and (704 ± 62) HV1 for 
the HT, AC and DED-v conditions, respectively. The hardness of AC after conducting creep 
experiments at 100 MPa and at 1200°C for different conditions, e.g. at the minimum creep rate 
and after 10% plastic strain, was determined to evaluate the effect of the particle size of 
(Ti,Mo)5Si3 precipitates within (Mo,Ti,Si)ss. Vickers hardness of (682 ± 15) HV1 and (670 ± 26) 
HV1 were determined after reaching the minimum creep rate and 10% plastic strain 
(corresponding to 0.5 h and 2.5 h at 1200 °C, respectively). Fig. 4a shows representative true 
stress-strain (𝜎𝜎𝑡𝑡 − 𝜀𝜀𝑡𝑡) data of DED-v, AC and HT tested in compression at 900 °C. AC and HT 
have the highest maximum strength compared to DED-v. DED-h is not shown here due to a 
nearly identical stress-strain curve compared to DED-v. 0.2% offset yield strength at 900 °C of 
DED-v and DED-h is the same and, thus, independent of the compression direction relative to 
the build direction. No tests were performed for DED-h at higher temperatures. 

The temperature dependent 0.2% offset yield strength 𝜎𝜎0.2 is shown in Fig. 4b. For all tested 
temperatures, the HT and AC conditions possess higher 𝜎𝜎0.2 compared to DED-v. At 900 °C 
𝜎𝜎0.2 of AC and HT are similar, while HT consistently shows a slightly higher 𝜎𝜎0.2 with increasing 
testing temperature. The homologous temperature 𝑇𝑇h at 900 °C is around 0.6 (according to the 
solidus temperature 𝑇𝑇s of 1723 °C, calculated in Ref. [10]) and is marked with a discontinuous 
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vertical red line in Fig. 4b. It is worth noting here, that all three conditions fail without any plastic 
deformation within the elastic regime when tested at 800 °C. Therefore, no results regarding 
𝜎𝜎0.2 are shown here for tests conducted below 900 °C. 

Fig. 4c displays 𝜎𝜎0.2 for different initial strain rate 𝜀𝜀̇ for AC, HT and DED-v at 900 °C in a double 
logarithmic diagram. 𝜎𝜎0.2 for DED-v increases with higher strain rates. AC and HT show similar 
behavior with an increase of 𝜎𝜎0.2 between 10-5 s-1 and 10-4 s-1, while  𝜎𝜎0.2  remains constant 
between 10-4 s-1 and 10-3 s-1. The slope 𝑚𝑚 for 𝜎𝜎0.2 vs. 𝜀𝜀̇ in Fig. 4c for DED-v is 0.2 and for AC 
and HT 0.19 and 0.18, respectively, for 𝜀𝜀̇ < 10-4 s-1. When the strain rate increases to 10-3 s-1, 
the slope changes to 0.01 and 0.04, respectively, for AC and HT. The slope can be interpreted 
as strain rate sensitivity 𝑚𝑚 at a certain true strain, in this case at 0.2%. The strain rate sensitivity 
can be calculated as: 

𝑚𝑚 = 𝜕𝜕ln (𝜎𝜎)
𝜕𝜕ln (𝜀̇𝜀)

   (2) 

where, 𝜎𝜎 is the stress and 𝜀𝜀̇ is the strain rate. Strain rate sensitivity can also be expressed as: 

𝑚𝑚 = 1
𝑛𝑛
    (3) 

where 𝑛𝑛 is the apparent stress exponent for creep in metals and alloys [34]. Therefore, the 
stress exponent can be calculated as: 

𝑛𝑛 = 1
𝑚𝑚

    (4) 

from equation (3). For DED, 𝑛𝑛 is 5 for the full range of strain rates tested at 900°C, while for 
AC and HT, 𝑛𝑛 is ~25 for strain rates below 10-4 s-1 and ~5 above 10-4 s-1. 

Fig. 4d displays the creep data of AC and HT from previous investigations using the Arrhenius 
plot with a temperature dependence normalized by 𝑇𝑇s [10,11,13]. In addition, the results shown 
in Fig. 4c were extrapolated towards 𝜎𝜎0.2 of 200 MPa using the slopes determined from the 
compression tests at different 𝜀𝜀̇. The data points by the extrapolation are visualized by the grey 
data points in Fig. 4d, while the data obtained from compression creep tests at 200 MPa true 
stress are highlighted in the respective color. It can be seen, that the extrapolated 𝜀𝜀̇ at 900 °C 
for AC and HT fits well with the 𝜀𝜀̇ estimated from compression creep tests (highlighted by the 
grey area), while 𝜀𝜀̇ for DED-v is significantly higher. In order to confirm the extrapolation, a 
compression creep test for DED-v and AC was performed at 900 °C and 200 MPa true stress 
with the minimum creep rate matching well with the 𝜀𝜀̇ by the extrapolation from Fig. 4c. 

  



11 
 

  
Figure 4: Mechanical behavior determined by compression tests for DED, AC and HT showing 
(a) representative curves of true stress vs. true strain diagram at 900 °C and 10-3 s-1, (b) the 
temperature dependent 𝜎𝜎0.2 (dashed vertical line indicates 𝑇𝑇ℎ of approx. 0.6), (c) the strain rate 
dependent 𝜎𝜎0.2 at 900 °C and (d) the Arrhenius plot for compressive creep at 200 MPa (grey 
data points are extrapolated from (c) to 200 MPa).  

The microstructure of DED-v after compression testing at 900 °C is displayed in Fig. 5. The 
compression test was deliberately stopped at approx. 6% true plastic strain. It can be seen, 
that cracks parallel to the loading direction (LD) in (Ti,Mo)5Si3 appeared in the post mortem 
microstructure, while no cracks were observed in (Mo,Ti,Si)ss. In addition, no coarsening of the 
(Ti,Mo)5Si3 precipitates was observed after the compression tests. 

 
Figure 5: SEM-BSE micrograph of DED-v after compression test at 900°C with approx. 6% 
true plastic strain. 

4. Discussion 
As it was previously reported for Mo-Si-B and other refractory alloys [23,24], the DED process 
can also be used to manufacture crack-free and dense specimens of a eutectic Mo-20Si-52.8Ti 
alloy. The volume fraction of pores in the DED condition with less than 1 vol.% in this work is 
lower compared to the 2.1 vol.% determined for Mo-13Si-7.5B manufactured by LMD [24] even 
though D90 is twice as large for the powder used here. Previous investigations on the effect of 
powder size distribution indicate that smaller powder sizes will result in less porosity [35]. 
Nevertheless, the high sphericity of the powder and the lower Ts (1723 °C) of Mo-20Si-52.8Ti 
compared to Mo-13.5Si-7.5B (~2000 °C) seem to support the solidification behavior and to 
reduce porosity. 
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The finer microstructure and higher phase boundary density of the DED condition compared 
to AC are a result of a higher solidification rate during the DED process than in the casting 
process [36-38]. The cooling rate in the DED process varies from 103 to 105 K s-1 [39,40] and 
is rapid during the initial stages resulting in non-equilibrium conditions. Consequently, the size 
of the eutectic colonies in the initially cooled region is finer, as evidenced by the variation in 
phase boundary distances between different eutectic colonies in the microstructure. This is 
also depicted in Fig. 2c, where the spacing of lamellae between inter- and intra-colony regions 
differs. The increased cooling rate results in an increase of the curvature of the dendrite tips 
which subsequently yields an increase of the driving force for heterogeneous nucleation 
resulting in finer regions [41].    

At RT, the hardness of DED is by tendency higher compared to AC and HT, which can be 
expected due to the much higher phase boundary density in DED. Similar results have been 
reported earlier also for Mo-9Si-8B manufactured by a conventional PM route using 
mechanical alloying, cold and hot isostatic pressing compared to consolidated Mo-9Si-8B 
using the field assisted sintering technique (FAST) [16]. FAST results in a much finer 
microstructure and a higher hardness of 862 HV1 compared to 604 HV1. The effect of 
(Ti,Mo)5Si3 precipitates on the RT hardness is insignificant. This can be seen by determining 
the hardness of AC after reaching different stages of creep at 100 MPa and at 1200°C, which 
also means different exposure times and ultimately different particle sizes for (Ti,Mo)5Si3 
according to Thota et al. [13]. For AC with almost no precipitates the hardness is 
(677 ± 60) HV1, while it is (682 ± 15) HV1 after reaching the minimum creep rate (0.5 h at 
1200 °C) and (670 ± 26) HV1 after 10% of plastic strain (2.5 h at 1200°C). The size of the 
precipitates changes between the later three stages from 78 nm to 145 nm to 190 nm (D90) 
[13]. The D90 in DED is 125 nm, which is larger than the size of the (Ti,Mo)5Si3 precipitates in 
the AC condition. Therefore, a similar contribution to the hardness is to be expected from the 
(Ti,Mo)5Si3 precipitates. The opposite is expected for the solid solution strengthening by Si, 
which is considered a be a potent solid solution strengthening element [20], but consumed in 
the (Ti,Mo)5Si3 precipitates. The opposing trends of the two strengthening mechanisms will be 
discussed in more detail later in the manuscript. With (2.4 ± 0.3) at.% Si dissolved in 
(Mo,Ti,Si)ss in AC [34] compared to only (0.8 ± 0.1) at.% Si in (Mo,Ti,Si)ss in DED, a higher 
hardness would be expected for AC. As this is not the case, the phase boundary density, which 
causes a much finer microstructure in DED, is expected over compensate the higher hardness 
in DED compared to AC and HT.  

However, at higher temperatures the 𝜎𝜎0.2 of the DED condition is smaller than of AC and HT. 
This can be rationalized based on (i) the O concentration in the alloy, (ii) the texture in 
(Ti,Mo)5Si3, (iii) the influence of (Ti,Mo)5Si3 formation on the strengthening of the (Mo,Ti,Si)ss 
phase, and (iv) the contribution of creep deformation to the onset of plastic deformation due to 
high phase boundary density and a 𝑇𝑇h of almost 0.6 for this alloy composition [13]. It is difficult 
to conduct a more detailed and quantitative analysis of the difference in yield strength and the 
respective influence of the microstructural length scale using the Hall–Petch relationship, as 
the testing temperatures are close to 𝑇𝑇ℎ = 0.6𝑇𝑇𝑠𝑠 or above, and therefore invalid. Additionally, 
the contribution of the silicide phase to plastic deformation is negligible (see Fig. 5). 

First, the O content of the DED condition is supposed to be much higher compared to AC and 
HT. According to Ref. [29] the powder used for DED contains up to (1760 ± 60) wt.-ppm O, 
while O concentration in arc melted Mo-Si-Ti alloys was previously reported to be 49 wt.-ppm 
[14]. A higher O concentration will lead to O segregation towards grain and phase boundaries 
due to the limited solubility in Mo and ultimately lead to decrease in grain boundary cohesion 
[42]. Excess O could also lead to the formation of SiO2 particles within the grains or along grain 
boundaries, as previously observed in Mo-Si-B alloys manufactured by PM [16]. This will not 
only lead to brittle behavior, but also reduce the alloys strength. However, the solubility of 
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oxygen in the (Ti,Mo)5Si3 phase is expected to be much higher, as it is reported for 
stoichiometric Ti5Si3 with up to 11 at.% [43]. This will prevent O segregation and its influence 
on brittle behavior and decrease in macroscopic strength due to brittle failure of the alloy along 
phase boundaries before reaching 𝜎𝜎0.2. Assuming that all O will be dissolved in (Ti,Mo)5Si3 
would result in a maximum O solubility of around 5 at.%, given that the vol. fraction of the 
silicide phase is approx. 50%. This is in agreement with (i) earlier investigations by Tirunilai et 
al. [14] of eutectic Mo-20Si-52.8Ti where no influence of the O content has been observed 
regarding the BDTT, (ii) also with observations that embrittlement of Mo can still occur even 
when the O concentration drops below 100 ppm [44] and (iii) that no SiO2 particles where 
observed during TEM investigations within (Mo,Ti,Si)ss and (Ti,Mo)5Si3 or along phase 
boundaries, neither in the current investigation nor in Refs. [13, 34]. Furthermore, an increased 
O content will also contribute to solid solution strengthening, which was not observed here. 
Therefore, it can be concluded, that the higher oxygen concentration in the DED condition is 
not the reason for the lower 𝜎𝜎0.2. 

Second, the 〈0001〉 fiber texture along the build direction observed in (Ti,Mo)5Si3 can influence 
the mechanical behavior of the DED alloy. Investigations on the plastic deformation of single 
crystals of Ti5Si3 have shown, that single crystals loaded in 〈0001〉 do not plastically deform 
below 1400 °C [45]. Furthermore, the stress required to induce plastic strain at 1400 °C is 
around 1200 MPa and, therefore, far higher than the 𝜎𝜎0.2 of the DED condition of approx. 
800 MPa at 900 °C. This also leads to the conclusion, that (Ti,Mo)5Si3 will not contribute to the 
plastic strain observed for all conditions even though the (Ti,Mo)5Si3 phase exists as a 
continuous network in the microstructure. This is experimentally confirmed by the cracks 
observed in (Ti,Mo)5Si3 subsequent to compression tests at 900 °C (see Fig. 5). These cracks 
are aligned parallel to the loading direction due to the deformation of the more ductile 
(Mo,Ti,Si)ss phase. Therefore, the texture formation during DED can be excluded as a reason 
for the lower 𝜎𝜎0.2 compared to AC and HT. 

Third, the observed formation of a high number of (Ti,Mo)5Si3 precipitates (see Fig. 2b) can 
potentially lead to a strengthening contribution, as it is seen for Ti5Si3 reinforced Ti alloys for 
example [46]. However, the formation of (Ti,Mo)5Si3 precipitates will deplete Si in (Mo,Ti,Si)ss 
and therefore reduce the contribution by solid solution strengthening. Compared to the AC 
with (2.4 ± 0.3) at.% Si in (Mo,Ti,Si)ss [34], only 0.8 ± 0.1 at.% Si in (Mo,Ti,Si)ss was observed 
in DED. The Si content in (Mo,Ti,Si)ss of the DED condition indicates, that the processing 
temperature during DED was around 1100 °C, as this corresponds to the maximum solubility 
of Si in Mo [47]. Si is known to be the most potent solid solution strengthener in Mo alloys 
[44]. The formation of a higher number of coarse (Ti,Mo)5Si3 precipitates compared to the AC 
and HT condition could, therefore, lead to an overall decrease in strength of the material at 
higher temperatures. The reduction in silicon content within the DED process is partly evident 
in the XRD results, showcasing a higher lattice parameter compared to those of AC and HT. 
This increase in lattice constant is the result of the reduced silicon content within the solid 
solution, as shown in this work and stated by Krüger et al. [48]. At the same time, the 
reduced Ti content in (Mo,Ti,Si)ss will result in a slight decrease of the lattice constant 
according to Ref. [49]. The analysis of each strengthening contribution is complex and further 
investigations regarding compositional changes in the (Mo,Ti,Si)ss phase during the 
(Ti,Mo)5Si3 formation are difficult to observe statistically relevant in such fine microstructures. 
Nevertheless, recent investigations on the creep behavior of the AC condition [13] show that 
this can lead to a depletion in Si to 1.3 at.%. Sturm et al. [50] have investigated the effect of 
Si on the mechanical behavior of PM manufactured Mo-Si alloys. The 𝜎𝜎0.2 at 816 °C for Mo-
0.34Si and Mo-1.69Si, which have a difference in Si concentration of 1.35 at.% Si, were 
determined to be 150 MPa and 331 MPa. A similar observation was made by Jain and 
Kumar who studied a Mo-3Si-1.3B solid solution alloy [20]. The Si content varied in two 
regions of the extruded alloy, allowing the authors to investigate the influence of Si on the 
yield strength at 1200 °C. The solid solution alloy with ~1 at.% Si in (Mo,Si)ss had a yield 
strength of 110 MPa, whereas the alloy with ~2 at.% Si in (Mo,Si)ss possess a yield strength 
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of 220 MPa. Therefore, a similar effect can be expected here for the DED compared to AC 
and HT tested at 900 °C.  
Nevertheless, the formation of (Ti,Mo)5Si3 precipitates can have a strengthening effect, if they 
remain comparably small. Thota et al. [13] has demonstrated that during creep at 100 MPa 
and at 1200°C strengthening in the AC occurs resulting in a distinct minimum creep rate due 
to the formation of a high number of (Ti,Mo)5Si3 precipitates with particle sizes of 52 nm (d50) 
to 145 nm (d90). These precipitates were found in Ref. [13] to be coherent in certain 
orientations, even though no particle cutting has been reported or observed yet. However, the 
creep rate drastically increases as soon as the particle size further increases due to the 
additional exposure time during creep at 1200°C. In case of DED, the particle size of the 
(Ti,Mo)5Si3 precipitates after manufacturing of 75 nm (d50) and 125 nm (d90) is comparable to 
the size of the particles found by Thota et al. [13] for the minimum creep rate. 
Therefore, no additional strengthening of the precipitates at higher temperatures is expected 
in DED in its current processing conditions. However, applying a subsequent heat treatment 
similar to that used for HT, followed by cooling quickly enough (i.e. at a rate of 100 K/h, as for 
HT), will increase the Si content in (Mo,Ti,Si)ss, due to the higher Si solubility at 1600 °C 
compared to the processing temperatures during DED. Tuning the processing parameter to 
increase the Si content in (Mo,Ti,Si)ss after manufacturing by increasing the laser power 
(resulting in higher temperature) has to be seen critically, as this will result in a larger 
temperature gradient and, therefore, can promote the formation of cracking. Reducing the laser 
powder to prevent the formation of precipitates could also lead to the formation of cracks as 
the temperature might not surpass the BDTT of approx. 1100 °C. Further investigations would 
be necessary in order to clarify this issue. 

Finally, contribution of diffusion-controlled creep deformation to the onset of plastic 
deformation due to the high phase boundary density and a homologous temperature of 𝑇𝑇h 
close to 0.6 at a testing temperature of 900 °C may be conceivable [34]. Even though, the 
initial strain rate of 10-3 s-1 is much higher compared to the previous results regarding the creep 
behavior of AC and HT at a much lower test temperature (900 °C vs 1200 °C) [10,13], a 
significant contribution by creep to cause the lower 𝜎𝜎0.2 of the DED condition can still be 
expected. In contrast to the AC and HT condition, DED shows a higher sensitivity of 𝜎𝜎0.2 to 
varying 𝜀𝜀̇ (see Fig. 4c). In addition, the creep rate determined by the compression creep 
experiment for DED and AC confirms that the extrapolation of 𝜀𝜀̇ for 200 MPa in Fig. 4c is valid 
and can be used for the Arrhenius plot in Fig. 4d. Here, the results of AC and HT match well 
with previous results determined by creep experiments, while the creep rate of DED is two 
orders of magnitude higher. Therefore, we conclude the finer microstructure of the DED 
condition provides a high number of fast diffusion paths along the phase boundaries and will 
enhance diffusional creep. This is also supported by 𝜎𝜎0.2 of AC becoming smaller compared to 
HT at temperatures above 900 °C due to its reduced microstructural length scale. Furthermore, 
the reduced solid solution strengthening by Si in (Mo,Ti,Si)ss is also expected to reduce the 
creep resistance of the alloy manufactured by DED compared to AC and HT [20]. It is 
noteworthy, that the apparent stress exponent 𝑛𝑛 calculated from strain rate sensitivity in Eq. 
(4) remains small for DED compared to AC and HT at higher strain rates (~5 versus ~25), while 
it is similar at lower strain rates (~5). This suggests that the creep mechanism at higher strain 
rates for AC and HT might be influenced by the interaction of dislocations with precipitates that 
will form during creep [34], as reported for this alloy at 1200 °C test temperature in Fig. 4a of 
Ref. [13]. In the case of DED, no such interactions between dislocations and precipitates 
appear to occur. However, further investigation is required to elucidate the creep mechanism 
of DED. 

5. Conclusion 
The following conclusions can be drawn from the investigations presented above: 



15 
 

- Mo-20Si-52.8Ti can be successfully manufactured by DED without crack formation and 
with a porosity of less than 1 vol%. The microstructure of the DED condition is much 
finer compared to the AC condition due to the higher solidification rate associated with 
the DED process. 

- The mechanical properties of Mo-20Si-52.8Ti are influenced by the microstructural 
length scale and precipitate formation depending on the processing. At room 
temperature, the hardness is higher for DED compared to AC and HT, due to the higher 
phase boundary density. At the same time, the size of the (Ti,Mo)5Si3 precipitates have 
no significant influence on the RT hardness At temperatures at and above 900 °C, AC 
and HT have a higher yield strength 𝜎𝜎0.2. The main reasons are (i) creep deformation 
that contributes in DED to the onset of macroscopic plastic deformation at 900 °C 
(homologous temperature of approx. 0.6) and (ii) higher number of (Ti,Mo)5Si3 
precipitates in (Mo,Ti,Si)ss of DED compared to AC and HT reducing the solid solution 
strengthening by Si. 

- The texture of (Ti,Mo)5Si3 in the DED condition and the higher O content of the DED 
condition compared to AC and DED have no influence on 𝜎𝜎0.2. 

- High strain rate sensitivity of the DED condition indicates higher contribution by creep 
deformation compared to AC and HT, which is indeed reflected in the two orders of 
magnitude lower creep resistance at 900 °C. 
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