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Abstract 

Solid-state batteries (SSBs) based on inorganic solid electrolytes (SEs) possibly offer 

enhanced energy and power densities, along with increased safety compared to state-

of-the-art rechargeable batteries using liquid organic electrolytes. However, the 

stiffness and brittle nature of inorganic SEs can complicate cell fabrication and lead to 

(chemo)mechanical failure of SSBs during operation. In the past, the design of SEs 

has mainly focused on optimizing ionic conductivity and (electro)chemical stability. 

However, to mitigate detrimental (chemo)mechanical degradation in SSBs, due to 

electrode volume and morphology changes upon charge and discharge, the 

mechanical properties of SEs also need to be considered in their development. In this 

regard, glass-ceramic SEs offer a reduced hardness, but often suffer from rather low 

ionic conductivities. Herein we systematically investigate the effect of LiI additive and 
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annealing temperature on phase composition and charge transport properties of a 

series of SEs with the general composition of 4.25Li2S−0.75P2S5−1.5SiS2−xLiI (0 ≤ x 

≤ 2). We demonstrate that the glass-ceramic material (LPSI-GC) with x(LiI) = 1.25 

achieves a high room-temperature ionic conductivity of 4.38 mS cm−1 and further 

exhibit favorable mechanical properties owing to the combination of crystalline t-

Li10.5P1.5Si1.5S12 and I-rich amorphous phases. When implemented in SSBs together 

with a layered Ni-rich oxide cathode material, the LPSI-GC SE enables stable cycling 

for over 100 cycles although (electro)chemical decomposition, detected by X-ray 

photoelectron spectroscopy, is evident. Collectively, our results demonstrate that 

glass-ceramic SEs allow for simultaneous optimization of ionic conductivity and 

mechanical properties, thus enabling long-term SSB operation.  

 

Introduction 

Solid-state batteries (SSBs) are emerging as a promising technology for next-

generation energy storage systems, offering enhanced safety as well as high energy 

and power densities.1 The rigid nature of solid electrolytes (SEs) entails the potential 

to employ Li metal anodes by effectively suppressing dendrite growth and further 

enables bipolar stacking configurations, significantly increasing the active material 

content in batteries.2 When paired with cathode active materials (CAMs) like sulfur or 

layered Ni-rich oxides, SSBs are well-positioned to meet the growing demands for 

electric transportation and portable electronics.3,4 These promising prospects have 

fueled intense research efforts in both academia and industry to advance this 

technology, with a major focus currently being on the development of high-

performance SEs. Despite their advantages, SSBs using inorganic SEs suffer from 

contact issues among the different cell components, leading to diminished charge 

percolation pathways in composite electrodes and (chemo)mechanical degradation 

due to electrode breathing during cycling, which in turn negatively affect capacity 

retention.5 Developing advanced SEs requires to simultaneously increase both ionic 

conductivity and (electro)chemical stability while tailoring the (chemo)mechanical 

compatibility with the active and inactive electrode materials.  

Current research mainly focuses on oxide-, sulfide-, halide-, and polymer-based SEs, 

each with distinct advantages and disadvantages. Among them, thiophosphate SEs 

have gained significant attention for their superionic conductivities and moderate 

Young’s moduli (i.e. softness).6 Certain thiophosphate SEs based on archetype crystal 
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structures, such as lithium argyrodites Li6PS5X (X = Cl, Br) and Li10GP2S12 (LGPS), 

exhibit ionic conductivities that exceed those of liquid electrolytes,7–9 making them 

attractive for SSB applications (considering the tortuosity of Li percolation pathways in 

solid electrode composites). Moreover, benefiting from their soft nature, thiophosphate 

SEs allow for facile integration into SSBs as no sintering is required to achieve good 

contact with the other cell components unlike, for example, with oxide SEs.10 Their soft 

nature also enables them to better accommodate volume changes during cycling. 

However, void formation and cracking during cycling remain issues to be solved.11 

Aside from that, thiophosphate SEs often suffer from poor (electro)chemical stability, 

which further exacerbates (chemo)mechanical degradation.12 By comparison with 

crystalline SEs, amorphous and glass-ceramic thiophosphate SEs exhibit more flexible 

polyanionic frameworks, resulting in lower Young’s moduli. Regardless, they usually 

possess rather poor ionic conductivities (~10−4 mS cm−1).13–15 Nevertheless, some 

amorphous SEs, such as 1.5Li2S−P2S5 and 1.5Li2S−P2S5−LiI, glasses or glass-

ceramics have been reported to better accommodate the volume change of CAMs, 

thus reducing (chemo)mechanical degradation and improving capacity retention of 

SSBs during long-term cycling.16–18 However, the limited ionic conductivity of glassy 

and glass-ceramic SEs remains a challenge to be addressed. 

One promising strategy to enhance ionic conductivity while retaining the softness of 

amorphous phases is to induce controlled (partial) crystallization, aiming at glass-

ceramic SEs. For instance, in the amorphous xLi2S−yP2S5−zLiI system, growing a 

small fraction of nanocrystals has been shown to significantly increase 

conductivity.19,20 Unfortunately, reported conductivities for glass-ceramic SEs vary 

strongly, even for compositions and heat treatments that appear to be similar,19–21 

highlighting their sensitivity to compositional and synthetic parameters. While some 

highly conductive glass-ceramic SEs have been successfully developed, limited 

understanding of their mechanical properties (regarding compressibility and 

(chemo)mechanical stability) persists. In the present work, we have investigated a 

series of glass-ceramic lithium SEs with the general formula 

4.25Li2S−0.75P2S5−1.5SiS2−xLiI (i.e. Li8.5Si1.5P1.5S11 + xLiI). Specifically, we have 

examined the effect that the amount of LiI introduced into the system has on phase 

composition, charge-transport properties, (electro)chemical stability, and 

(chemo)mechanical behavior. Finally, the most promising glass-ceramic SE was tested 

in SSBs with a layered Ni-rich oxide cathode and an indium-lithium anode. 
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Experimental Section 

Synthesis 

Precursors for synthesis, including Li2S (99.99%, Sigma-Aldrich), P2S5 (99%, Sigma-

Aldrich), SiS2 (99.99%, Goodfellow), and LiI (99.999%, Sigma-Aldrich), were used as 

received. All materials were stored and handled in an Ar-glovebox with H2O and O2 

levels below 0.5 ppm. The amorphous 4.25Li2S−0.75P2S5−1.5SiS2−xLiI (LPSI-LT) SEs 

were prepared via high-energy ball milling around 1.5 g of a stoichiometric precursor 

mixture using an 80 mL zirconia jar and 10 zirconia balls with a diameter of 10 mm. 

Initially, the mixture was milled at 250 rpm for 1 h and subsequently at 450 rpm for 12 

h in total, using 24 repetitions of 30 min milling followed by 10 min rest. To obtain the 

glass-ceramic 4.25Li2S−0.75P2S5−1.5SiS2−xLiI (LPSI-MT) SEs, the amorphous 

powders (LPSI-LT) were pressed into pellets at 450 MPa, vacuum sealed in quartz 

ampoules (10−3 mbar) and annealed for 2 h at the crystallization temperature 

determined by DSC. A heating rate of ~100 °C min−1 was applied, and cooling was 

done via removing the sample from the furnace (natural cooling in air). To obtain well-

crystallized 4.25Li2S−0.75P2S5−1.5SiS2−xLiI (LPSI-HT) SEs, pellets prepared from the 

amorphous material (LPSI-LT) were vacuum sealed in quartz ampoules (10−3 mbar) 

and annealed at 440 °C for 8 h using a heating rate of 5 °C min−1 followed by natural 

cooling via switching off the furnace. o-Li3+aP1−aSiaS4 was synthesized by blending a 

stochiometric precursor mixture through high-energy milling as described above. The 

resulting powder was pressed into a pellet, vacuum sealed in a quartz ampoule (10−3 

mbar) and annealed at 525 °C for 8 h (heating rate of 5 °C min−1, natural cooling). t-

Li10.5P1.5Si1.5S12 was obtained via annealing o-Li3+aP1−aSiaS4 at 525 °C for 90 h. 

Characterization 

Differential scanning calorimetry. DSC measurements were conducted under Ar 

flow (20 mL min−1) using a NETZSCH DSC 204 F1 Phoenix. Around 10 mg of LPSI-

LT was sealed in an alumina crucible and heated from 25 to 400 °C at a rate of 5 °C 

min−1. 

X-ray diffraction. Powder samples were sealed in borosilicate capillaries (0.68 mm 

inner diameter and 0.01 mm wall thickness, Hilgenberg) under Ar atmosphere. XRD 

data was acquired on a STOE Stadi-P diffractometer with a DECTRIS MYTHEN 1K 

strip detector in Debye-Scherrer geometry. The instrument utilizes a Mo anode to 

generate X-rays of wavelength λ = 0.70926 Å. To determine the amorphous fraction 
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present in the samples, a certain amount of silicon powder (SRM 640F, NIST) as an 

internal standard was added. Rietveld refinement analysis was performed using the 

software FullProf Suite (Version 2023). 

Scanning electron microscopy (SEM). SEM imaging was performed using a LEO 

1530 microscope (Zeiss) equipped with a field emission gun and operated at an 

accelerating voltage of 10 kV. 

Temperature-dependent 7Li pulsed field gradient nuclear magnetic resonance 

spectroscopy. 7Li PFG NMR measurements were performed on a Bruker Avance 

spectrometer at a magnetic field of 7.05 T in the temperature range of 30‒74 °C. The 

maximal gradient strength of the diffusion probe is 30 T/m. A stimulated-echo pulse 

sequence with bipolar gradients was used to suppress the effects of eddy currents.22,23 

Gradient duration and diffusion time were set to 3  and 150 ms, respectively. The 

recycle delay was always well above five times the spin-lattice relaxation time. All 

samples were measured under an Ar atmosphere in 5 mm borosilicate glass tubes. 

Electrochemical impedance spectroscopy. SE powder was filled into a peek sleeve 

(10 mm internal diameter) and two pieces of stainless-steel rods were added on both 

sides. The cell was pressed at 3.5 t for 3 min. Then, EIS was performed from 0.1 Hz 

to 7 MHz with a 20 mV voltage amplitude at a stack pressure of around 250 MPa using 

a SP-200 potentiostat (BioLogic). Temperature-dependent measurements were 

conducted from 15 to 65 °C in a climate chamber (KB115, Binder), and sintered pellets 

instead of cold-pressed ones were used for LPSI-MT and LPSI-HT. Indium foil (10 mm 

diameter) was attached on both sides and 80 MPa external pressure was applied 

during the measurements. 

Pressure-dependent ionic conductivity and densification measurements. About 

150 mg SE powder was filled into a specialized cell (ACS-A+, Sphere Energy SAS) of 

diameter 8 mm able to precisely control and record the uniaxial pressure while 

measuring the thickness of the compacted material. Initially a pressure of around 15 

MPa was applied on the SE, which was successively increased up to around 250 MPa. 

The powder was compressed at each individual pressure for 3 min before measuring 

EIS and pellet thickness. EIS data was collected twice for each applied pressure, and 

the thickness of pellet was recorded before and after the measurement to determine 

both average density and ionic conductivity. 

In situ pressure monitoring. A similar cell was used as described for the pressure-

dependent ionic conductivity and densification measurements. The working electrode 
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(WE) composite was prepared by blending SE powder and Super C65 (Timcal) carbon 

black (3:1 weight ratio) via ball milling for 30 min at 140 rpm under an Ar atmosphere 

using a 80 mL jar with 10 zirconia balls of 10 mm diameter. The counter electrode (CE) 

composite was prepared by blending carbon-coated Li4Ti5O12 (NEI Corp.), Li6PS5Cl 

(NEI Corp.), and Super C65 (3:6:1 weight ratio) following the same milling procedure 

as described for the WE. To assemble the cell for cyclic voltammetry (CV) 

measurements, around 100 mg Li6PS5Cl was compacted at 65 MPa to form the 

separator layer. Next, 20 mg WE composite and 60 mg CE composite were added on 

opposite sides of the separator, and the stack was finally pressed at 450 MPa for 3 

min. Next, an external pressure of 80 MPa was applied to the cell, and after resting for 

5 h to ensure pressure stabilization, CV measurements were performed at room 

temperature in a potential range of 1.35–2.75 V vs. Li4Ti5O12/Li7Ti5O12 (equivalent to 

about 2.9–4.3 V vs. Li+/Li) at a sweep rate of 0.1 mV s−1 using a SP-200 potentiostat. 

The pressure evolution was monitored simultaneously. 

Electrode preparation, cell assembly, and SSB testing. A 1 wt.% LiNbO3 coating 

was applied to the LiNi0.85Co0.10Mn0.05O2 (NCM851005, BASF SE) CAM, as reported 

elsewhere.24 The cathode composite was prepared by blending coated NCM851005, 

SE, and Super C65 in a 69.3:29.7:1.0 weight ratio via ball milling (80 mL zirconia jar 

with 10 zirconia balls with a diameter of 10 mm) at 140 rpm for 30 min. For SSB 

assembly, a customized cell setup with two stainless steel dies and a PEEK sleeve (10 

mm diameter) was used. Around 100 mg SE was pressed at 62.5 MPa to form the 

separator layer. Next, the cathode composite (~12 mg) was spread onto the separator, 

and the whole stack was compacted at 440 MPa. Finally, In (9 mm diameter, 125 μm 

thickness, GoodFellow) and Li (6 mm diameter, 50 μm thickness, Albermarle) discs 

were attached to the other side of the separator. Galvanostatic charge/discharge 

measurements were performed under an external pressure of 81 MPa at room 

temperature, applying different C-rates with 1C = 190 mA g−1
NCM. Electrochemical 

testing was done in the potential range between 2.28 and 3.68 V vs. In/InLi (equivalent 

to about 2.9–4.3 V vs. Li+/Li) after a resting period at open-circuit voltage for 1 h using 

a BCS-805 battery cycler (BioLogic). 

X-ray photoelectron spectroscopy. XPS was employed to examine the differences 

in (surface) chemical composition of LPSI-GC SE before and after cycling in SSBs. To 

this end, the materials were transferred under Ar atmosphere (without exposure to air) 

from the glovebox to the ultra-high vacuum system and further to the spectrometer, a 



7 
 

PHI 5000 VersaProbe equipped with a monochromatic Al Kα source (hν = 1486.7 eV). 

The diameter of the X-ray illuminated area was 200 µm. Photoelectrons were collected 

with a pass energy of Epass = 23.5 eV at electron escape angles of 45° (higher surface 

sensitivity) and 90° with respect to the surface normal. Because SEs are poor 

electronic conductors, a neutralizer equipped with both a low-voltage electron gun and 

a floating ion gun generating a low-energy ion beam was used to compensate for 

sample charging. The binding energies are referenced to the C 1s photoelectron line 

of the C‒C bond (Ebin = 284.8 eV). The background of spectra was subtracted using a 

Shirley-type function. Peak positions and areas were determined by weighted least-

squares fitting of model curves (70% Gaussian, 30% Lorentzian) to the experimental 

data.  

 

Results and Discussion 

Starting point of our investigations was the general composition 

4.25Li2S−0.75P2S5−1.5SiS2−xLiI (Li8.5Si1.5P1.5S11 + xLiI), with the fraction of LiI varying 

between 0 ≤ x ≤ 2. In a first step, stochiometric precursor mixtures with different LiI 

contents were amorphized by high-energy ball milling (referred to as LPSI-LT), and 

their crystallization temperatures were subsequently determined by differential 

scanning calorimetry (DSC). The corresponding X-ray diffraction (XRD) patterns and 

DSC curves are shown in Figure S1 (Supporting Information) and Figure 1a, 

respectively. Except for trace impurities of Li2S detected in the sample of nominal 

composition Li8.5Si1.5P1.5S11, all SEs containing LiI were found to be fully amorphous 

after milling. As indicated in Figure 1a, LPSI-LT with x = 0 exhibited a sharp exothermic 

peak at about 305 °C. As the LiI content increased from x = 0 to 2, the exothermic peak 

temperature gradually decreased from 305 to 230 °C. In a second step, the influence 

of a short-term heat treatment on phase formation and ionic conductivity was 

investigated. To do so, each individual LPSI-LT sample was annealed for 2 h at the 

temperature derived from the exothermic peak in the DSC measurements. This series 

of samples will be referred to as LPSI-MT hereafter. The corresponding XRD patterns 

are depicted in Figure 1b and reveal the presence of reflections that can be assigned 

to different phases, namely orthorhombic o-Li3+aP1−aSiaS4, tetragonal t-Li10.5P1.5Si1.5S12, 

Li4+bP1−bSibS4I, and LiI. Among these phases, partial P substitution with Si may occur 

in a limited compositional range as will be discussed later. In a third step, all samples 

from the LPSI-LT series were annealed at 440 °C for 8 h to achieve full crystallization 
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(referred to LPSI-HT). The corresponding XRD patterns are shown in Figure 1c. The 

reflections can be assigned to three different phases, o-Li3+aP1−aSiaS4, t-

Li10.5P1.5Si1.5S12, and Li4+bP1−bSibS4I. Overall, various amorphous (LPSI-LT), glass-

ceramic (LPSI-MT), and crystalline (LPSI-HT) samples, initially containing different 

amounts of LiI, were prepared. Depending on the annealing temperature and content 

of LiI, global trends in phase composition are evident. A schematic representation is 

given in Figure 1d. 

 

Figure 1. Synthesis and characterization of LPSI-LT, LPSI-MT, and LPSI-HT samples 

with the nominal composition 4.25Li2S−0.75P2S5−1.5SiS2−xLiI (Li8.5Si1.5P1.5S11 + xLiI, 



9 
 

with 0 ≤ x ≤ 2). (a) DSC curves for LPSI-LT. XRD patterns of (b) LPSI-MT and (c) LPSI-

HT. (d) Schematic representation of the effect of LiI content and annealing temperature 

on phase composition (only considering crystalline phases). (e) Ionic conductivities of 

LPSI-LT, LPSI-MT, and LPSI-HT as a function of LiI content. Conductivities were 

measured twice using different sample batches and any deviations are shown as error 

bars. (f) XRD pattern and Rietveld plot for Li8.5Si1.5P1.5S11 + 1.25LiI (LPSI-GC). The 

inset is the calculated phase composition. Open circles, green line, and blue line 

represent the measured, calculated, and difference data, respectively. Vertical tick 

marks indicate the Bragg positions for the different phases considered during the 

refinement. (g) Schematic representation of crystal structures for the different 

Li2S−SiS2−P2S5−LiI-based phases identified in the samples. Blue and brown 

tetrahedra represent mixed [P1−aSiaS4](3+a)− or [PS4]3− polyanions, respectively. The 

space groups and range of Si substitution are indicated. 

 

Starting from the amorphous samples (Li8.5Si1.5P1.5S11 + xLiI), two different temperature 

regimes were chosen for post-treatment. The first one was determined from the 

temperature of the exothermic peak in the DSC measurements (between 305 and 

230 °C), and the second one was set to 440 °C. For the low-temperature regime, at 

low LiI contents (0 ≤ x ≤ 0.25), o-Li3+xP1−xSixS4 was found to be the major phase. When 

x(LiI) ≥ 0.5, the formation of t-Li10.5P1.5Si1.5S12 was observed, with the phase fraction of 

Li4+xP1−xSixS4I increasing with increasing x(LiI). When a high annealing temperature of 

440 °C was chosen for the LPSI-LT series, again at low x(LiI) (0 ≤ x ≤ 0.25), o-

Li3+aP1−aSiaS4 was present as the major phase. When the LiI content range is 0.5 ≤ x 

≤ 1, the presence of an additional t-Li10.5P1.5Si1.5S12 phase can be noted, and for x(LiI) > 

1, Li4+bP1−bSibS4I was the major phase. As known from literature, the crystalline phases 

identified in the different samples possess varying ionic conductivities. 

To follow the evolution in ionic conductivity related to the annealing temperature and/or 

LiI content, electrochemical impedance spectroscopy (EIS) measurements were 

conducted on cold-pressed pellets at room temperature. The trends in conductivity with 

increasing LiI content for LPSI-LT, -MT, and -HT are illustrated in Figure 1e (nominal 

composition of Li8.5Si1.5P1.5S11 + xLiI for all samples). First of all, one can note, for the 

amorphous materials (LPSI-LT), increasing the LiI content leads to a slight increase in 

ionic conductivity from about 0.36 mS cm−1 for x = 0 to 1.20 mS cm−1 for x = 2. For the 

glass-ceramic materials (LPSI-MT), a different trend is apparent. For low amounts of 
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LiI (i.e. x = 0 and 0.25), the conductivity remains virtually identical to that of the 

corresponding LPSI-LT materials. However, if the LiI content is increased, a strong 

increase in ionic conductivity occurs, reaching a maximum of 4.4 mS cm−1 with x(LiI) = 

1.25, followed by a decrease to about 3 mS cm−1. Regarding the LPSI-HT samples, a 

maximum ionic conductivity of 3.6 mS cm−1 is observed for x(LiI) = 0.5. As the material 

with the nominal composition Li8.5Si1.5P1.5S11 + 1.25LiI showed the highest ionic 

conductivity after annealing at 250 °C (referred to as LPSI-GC hereafter), Rietveld 

analysis of XRD data was performed to quantitatively determine the phase composition 

(Figure 1f). An internal Si standard was added to also include the amorphous fraction. 

We found that 50.8 wt.% of this sample is present in an amorphous state, and the 

major crystalline phase is t-Li10.5P1.5Si1.5S12 (46.2 wt.%), alongside minor fractions of 

Li4+bP1−bSibS4I (3.0 wt.%), o-Li3+aP1−aSiaS4 (1.4 wt.%), and LiI (0.2 wt.%). This phase 

composition suggests that the iodine is incorporated to a great extent into the 

amorphous phase(s). Even though Li4+bP1−bSibS4I exhibits improved ionic conductivity 

when b = 0.3 (1.46 mS cm−1) versus b = 0 (0.046 mS cm−1), the samples are much 

less conductive than LPSI-GC. Hence, it is most likely not responsible for the relatively 

high ionic conductivity observed for LPSI-GC.25,26 In contrast, the t-Li10.5P1.5Si1.5S12 

phase has been reported to have an ionic conductivity ranging from 2.0 to 6.6 mS 

cm−1.27–29 This implies that the presence of this specific phase is primarily responsible 

for the ionic conductivity, which surprisingly is not diminished by the amorphous 

fraction. 

In general, o-Li3+aP1−aSiaS4 shares the same structure with β-Li3PS4 and β-Li4SiS4 

(Pnma space group), with Si and P co-occupying the same crystallographic site 

(Figure 1g).30,31 It can therefore be regarded as a solid solution between β-Li3PS4 and 

β-Li4SiS4 for a ≤ 0.8. However, when a = 0.5, a tetragonal phase can be formed (t-

Li10.5P1.5Si1.5S12), which is isostructural with Li10GeP2S12 (LGPS, P42/nmc space 

group). However, its formation seems to also strongly depend on the temperature 

profile during annealing. The refined lattice parameters are in good agreement with 

those reported in literature (Table S1).27,31 This structure has two distinct Wyckoff 

positions for the P and Si sites, with one occupied only by P and the other by both. A 

minor amount of Li4+bP1−bSibS4I-type phase (P4/nmm space group) was also observed, 

where the arrangement of tetrahedra is similar to that in α-Li3PS4, but with every 

second PS4
3− replaced by iodine.32 Note that P substitution with Si may also occur to 

some degree, positively affecting ionic conductivity. However, this has been reported 
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only up to b < 0.3.33 From the lattice parameters for the Li4+bP1−bSibS4I phase present 

in the LPSI-GC sample, substantial P substitution is evident, as they match those 

calculated for Li4.3P0.7Si0.3S4I.31 The same holds true for the o-Li3+aP1−aSiaS4 phase. By 

comparing the lattice parameters with those of related materials reported in literature, 

one can roughly estimate the range of substitution, 0.3 < a < 0.5 (Table S1).  

To confirm the hypothesis that the presence of t-Li10.5P1.5Si1.5S12 (46.2 wt.%) is 

responsible for the high ionic conductivity in LPSI-GC, this material was prepared in 

single-phase form. To this end, a stochiometric precursor mixture was amorphized via 

high-energy milling, pressed into a pellet, and annealed at 525 °C for 8 h. Afterwards, 

o-Li3.5P0.5Si0.5S4 was obtained, which underwent a phase transition to t-Li10.5P1.5Si1.5S12 

after additional annealing for 90 h. The respective XRD patterns and Rietveld plots are 

shown in Figure S2. The room-temperature ionic conductivities determined on cold-

pressed pellets were 0.6 and 7.2 mS cm−1 for the o- and t-phase, respectively. 

Collectively, the results provide evidence that the t-Li10.5P1.5Si1.5S12 phase is mainly 

responsible for achieving high ionic conductivities in the LPSI-GC samples. 
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Figure 2. Arrhenius plots for (a) ionic conductivity determined by temperature-

dependent EIS. Conductivities were determined twice using different sample batches 

and any deviations are shown as error bars. (b) 7Li PFG NMR spectroscopy 

measurements for LPSI-A, LPSI-GC, and single-phase t-Li10.5P1.5Si1.5S12. 

Corresponding activation energies for Li-ion diffusion are indicated. 

 

As the LPSI-GC sample was identified as the one possessing the highest conductivity, 

detailed characterizations of the transport characteristics were performed and the 

results compared with those for the corresponding amorphous precursor material 

(referred to as LPSI-A) and the single-phase t-Li10.5P1.5Si1.5S12 (LPSI-A and LPSI-GC 

having a similar nominal composition of Li8.5Si1.5P1.5S11 + 1.25LiI). At first, temperature-

dependent EIS measurements (from 15 to 65 °C) were conducted on the three 

samples. The respective Nyquist plots can be found in Figure S3. The Arrhenius plots 

of the ionic conductivities are displayed in Figure 2a. For LPSI-A, an ionic conductivity 

of 0.7 mS cm−1 at 25 °C and an activation energy for conduction of 0.35 eV were 

determined. Upon inducing partial crystallization, meaning transforming LPSI-A into 

LPSI-GC, the room-temperature ionic conductivity was found to increase by a factor of 

about 6 to 4.4 mS cm−1, while EA decreased to 0.26 eV. The single-phase t-

Li10.5P1.5Si1.5S12 reference material exhibited an ionic conductivity of 7.2 mS cm−1 at 

25 °C and an activation energy of 0.27 eV. 

To further investigate the Li-ion dynamics, 7Li pulsed field gradient (PFG) nuclear 

magnetic resonance (NMR) spectroscopy measurements were performed over a 

temperature range from 30 to 74 °C. The damping of echo intensity with increasing 

gradient strength is presented in Figure S4. The Stejskal-Tanner equation was used 

to fit the data and extract the Li-ion diffusion coefficient, DLi.34 Arrhenius plots of the 

temperature-dependent lithium diffusion coefficient for LPSI-A, LPSI-GC, and t-

Li10.5P1.5Si1.5S12 are displayed in Figure 2b. For LPSI-A, a fitting model assuming a 

Gaussian distribution of the diffusion coefficient was employed. The measured lithium 

diffusion coefficient was 5.10 ∙ 10−13 m2 s−1 at 30 °C. The activation energy was 0.35 

eV, closely matching that determined by EIS. For LPSI-GC, the experimental data was 

fitted with contributions to the diffusive motion given by the Kärger equation for slowly 

exchanging phases.35 This fit describes the experimental results better than a single-

component model, suggesting the presence of two conducting (amorphous/crystalline) 

phases (see also supplementary discussions). The signal fractions of the two 
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components are given in Table S2. Lithium diffusion coefficients of 7.62 ∙ 10−13 m2 s−1 

and 2.62 ∙ 10−12 m2 s−1 were obtained at 30 °C, with activation energies of 0.27 and 

0.22 eV resulting from a major and a minor contribution in the data fitting, respectively. 

The contribution with slower dynamics can likely be attributed to the amorphous phase 

(50.8 wt.%) and that with faster dynamics to the t-Li10.5P1.5Si1.5S12 phase (46.2 wt.%). 

Activation energies for both contributions are in the range of values deduced from 

temperature-dependent EIS measurements. To corroborate that the fast ion dynamics 

can indeed be ascribed to the presence of t-Li10.5P1.5Si1.5S12, 7Li PFG NMR 

spectroscopy measurements were also conducted on the single-phase material, which 

was synthesized as described above. Despite the relatively high annealing 

temperature of 525 °C, still a significant amorphous phase fraction was present. The 

latter has been reported to be inevitable in the synthesis of this material.27 This is also 

reflected in the data fitting, clearly revealing two distinct contributions (Figure 2b). We 

assign the main contribution to the t-Li10.5P1.5Si1.5S12 phase, while the minor 

contribution likely stems from the amorphous side phase. The major contribution 

exhibits a high lithium diffusion coefficient of 4.89 ∙ 10−12 m2 s−1 at 30 °C and a low 

activation energy of 0.19 eV, comparable to the major contribution in LPSI-GC. In 

contrast to LPSI-A and LPSI-GC, in the static NMR spectra in Figure S5, the t-

Li10.5P1.5Si1.5S12 phase reveals quadrupolar satellite peaks, originating in the 

quadrupolar moment of the 7Li nuclei, indicating a well-defined (homogeneous) 

crystalline structure. However, the activation energy determined by EIS is much higher 

than that from 7Li PFG NMR spectroscopy (0.27 vs. 0.19 eV), indicating that the 

amorphous side phase directly affects the macroscopic transport properties probed by 

EIS. The activation energies and ionic conductivities determined by EIS and PFG NMR 

are summarized in Table S3 (see also supplementary discussions). 

In SSBs, detrimental void formation and cracking during cell assembly and/or cycling 

are major issues, increasing the tortuosity of ion percolation pathways and leading to 

isolated (inactive) CAM particles and facilitated Li dendrite penetration through the SE 

separator.5,36–38 This is primarily attributed to the rigid nature of SEs; therefore the 

ongoing quest for developing soft glass-ceramic inorganic ion conductors with low 

Young’s moduli.15 Such material characteristics not only enable to better accommodate 

electrode volume changes upon battery operation but also better densification during 

cell assembly (reduced residual void space), which in turn allows to achieve high ionic 

conductivities just by cold pressing, i.e. without the need for additional sintering 
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steps.5,14,39,40 Favorable softness of inorganic SEs is also a major reason why SSBs 

employing superionic thiophosphates often demonstrate superior performance 

compared to those relying on oxide SEs, despite poorer (electro)chemical stability of 

the former. Aside from the aforementioned (chemo)mechanical interplay between 

electrode and electrolyte materials, it has been recognized that the (electro)chemical 

SE decomposition can also cause volume variations due to the different molar volumes 

of SE and its decomposition products, thereby accelerating (chemo)mechanical 

failure.16,17 In this line, we have studied the compressibility of LPSI-GC in comparison 

to that of t-Li10.5P1.5Si1.5S12 by determining the density and ionic conductivity as a 

function of applied external pressure in situ. Figure 3a shows the acquired 

experimental data. Starting from an unaxial pressure of 16 MPa, one can note a 

sudden increase in density from ρ = 1.423 g cm−3, already reaching the value of the 

corresponding sintered pellet (ρ = 1.894 g cm−3) at about 150 MPa. A similar trend is 

also seen in the corresponding ionic conductivity. Starting from about 1.3 mS cm−1, 

this value reaches almost 3.8 mS cm−1 at 150 MPa, whereafter only a slight increase 

up to 4.5 mS cm−1 at about 250 MPa is observed. As LPSI-GC consists of 46.2 wt.% 

t-Li10.5P1.5Si1.5S12, similar measurements were conducted on this material. However, it 

contains 14.8 wt.% of an amorphous side phase, despite the elevated temperature 

used in the synthesis. In contrast to LPSI-GC, the t-Li10.5P1.5Si1.5S12 powder can be 

densified to a much lesser extent, reaching only 0.9 g cm−3 at 15.6 MPa (Figure 3b). 

With increasing pressure, further densification took place, reaching 1.61 g cm−3 at 250 

MPa and exhibiting an ionic conductivity of 5.2 mS cm−1. The density determined for t-

Li10.5P1.5Si1.5S12 is slightly lower than that of the sintered pellet and much lower than 

the crystallographic density (indicating poor densification at pressures up to 250 MPa). 

This is likely the reason for the lower ionic conductivity measured in the densification 

test compared to that of the cold-pressed pellet prepared at 450 MPa (7.2 mS cm−1). 

Overall, these results point toward favorable mechanical densification for the glass-

ceramic material. This means that better densification, along with a high ionic 

conductivity, is already achieved at lower pressures with positive implications for cell 

assembly and operation. 

As mentioned above, the (chemo)mechanical properties of SEs are of prime 

importance regarding their performance in SSBs. Not only volume changes of 

electrode active materials can lead to detrimental (chemo)mechanical effects, but also 

the those related to the formation of decomposition products can induce pressure 
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variations in SSB cells. To examine the (chemo)mechanical properties of the LPSI-GC 

material, a cell configuration was used, where cyclic voltammetry (CV) was conducted 

while simultaneously monitoring current flow and pressure evolution in situ. To exclude 

CAM contributions, the working electrode (WE) consisted of a mixture of SE and 

carbon black. To unambiguously trace pressure changes to processes occurring at the 

WE, the counter electrode (CE) was based on zero-strain Li4Ti5O12 (LTO). CV 

measurements were performed in a potential window of 1.35 to 2.75 V vs. 

Li4Ti5O12/Li7Ti5O12 (about 2.9‒4.3 V vs. Li+/Li) at a scan rate of 0.1 mV s−1 (Figure 3c). 

LPSI-A and t-Li10.5P1.5Si1.5S12 were also tested for comparison, and commercially 

available Li6PS5Cl (LPSCl) was used as a benchmark SE. During the first anodic scan, 

the different SEs exhibited a distinct oxidation behavior. The onset and peak currents 

were found to be at much lower potentials for LPSI-A, indicating that it is most prone 

to (electro)chemical oxidation. Both LPSI-GC and t-Li10.5P1.5Si1.5S12 revealed similar 

onset potentials for oxidation, with the specific currents being lower than of LPSCl, 

showing the highest cumulative oxidation capacity. Simultaneously, a pressure drop 

was observed for all materials tested, which can be attributed to volume contraction 

upon SE decomposition. Despite being highly prone to oxidation, LPSI-A exhibited the 

lowest cumulative oxidation capacity and the smallest pressure drop. By contrast, 

LPSCl displayed a significantly larger pressure drop, nearly twice that of LPSI-GC and 

t-Li10.5P1.5Si1.5S12, which agrees well with its susceptibility to degradation during battery 

operation. Notably, LPSI-GC revealed a somewhat smaller pressure drop than t-

Li10.5P1.5Si1.5S12. During the first cathodic scan, no major reduction currents were 

observed. Additionally, no obvious pressure changes were detected for the different 

SEs, suggesting that the oxidation-induced degradation and volume variations in the 

initial cycle are irreversible in nature. In the second cycle (Figure S6), 

(electro)chemical oxidation was significantly suppressed (except for LPSI-A), likely due 

to formation of a passivation layer in the initial cycle. 

The stability of LPSI-GC and t-Li10.5P1.5Si1.5S12 against Li metal was also investigated. 

To this end, the interfacial impedance evolution of resting Li|SE|Li symmetrical cells 

was monitored by EIS (Figure S7). First, one can note that the initial resistance of the 

Li|LPSI-GC interface is considerably smaller than that of the Li|t-Li10.5P1.5Si1.5S12 

interface. This can be attributed either to better compressibility of LPSI-GC (i.e. better 

contact with Li metal) or to the iodine-rich amorphous phase, which is expected to form 

a more stable solid electrolyte interphase (SEI), as demonstrated previously.41–43 
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However, the impedance of Li|LPSI-GC still increased over time, indicating that 

interfacial stability issues still persist, or in other words, that SEI growth cannot be 

suppressed. The same holds true for the Li|t-Li10.5P1.5Si1.5S12 interface.    

 

Figure 3. Densification and (chemo)mechanical behavior of LPSI-GC and LPSCl SEs. 

Density and ionic conductivity of (a) LPSI-GC and (b) t-Li10.5P1.5Si1.5S12 measured in 
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situ as a function of pressure. (c) Current response and pressure evolution during CV 

cycling of LTO|LPSCl|LPSI-GC/C65, LTO|LPSCl|LPSI-A/C65, LTO|LPSCl|t-

Li10.5P1.5Si1.5S12 /C65, and LTO|LPSCl|LPSCl/C65 cells.  

 

To study the effect that SEI formation has on Li plating and stripping, the Li|SE|Li cells 

were cycled at a current density of 0.2 mA cm−2 with plating and stripping times of 1 h 

(Figure S7). Initially, minor polarizations around 20 mV were found for both SEs. Upon 

continuous Li plating and stripping, a strong increase in polarization was observed for 

t-Li10.5P1.5Si1.5S12 reaching 0.39 V after 100 h (versus 0.14 V for LPSI-GC), thus 

confirming the beneficial effect of iodine in stabilizing the SEI at the contact interface 

with Li metal. 

Finally, the performance of LPSI-GC as SE was evaluated in pellet-type SSB cells 

using a LiNbO3-coated NCM851005 (85% Ni content; loading of ~11 mgNCM cm−2) 

cathode and an In/InLi alloy anode. The first two charge-discharge profiles at C/10 rate 

and at room temperature are shown in Figure 4a. In the initial cycle, the cells delivered 

specific charge and discharge capacities of 225 and 193 mAh g−1, respectively, 

resulting in a Coulomb efficiency (CE) of 86.0%. In the second cycle, a specific 

discharge capacity of 192 mAh g−1 was reached, and the CE increased to 98.7%. To 

assess the long-term cycling performance, similar cells were cycled at different C-rates 

(Figure 4b). Specifically, when using LPSI-GC as SE, the cells achieved specific 

discharge capacities of about 158, 138, and 108 mAh g−1 at C/2, 1C, and 2C, 

respectively. After 100 cycles at C/2, the cells retained 84% of their initial capacity (132 

mAh g−1), with an average CE of 99.4% (Figure 4c). For comparison, SSBs using t-

Li10.5P1.5Si1.5S12 or LPSI-A as SE were also tested under the same conditions. Those 

with t-Li10.5P1.5Si1.5S12 were found to deliver lower specific discharge capacities of 

about 136, 93, and 8 mAh g−1 at C/2, 1C, and 2C, respectively. After 100 cycles at C/2, 

a capacity of 115 mAh g−1 was retained, corresponding to a retention of 85%, with an 

average CE of 99.6%. In contrast, the cells using LPSI-A achieved the lowest specific 

discharge capacities of about 103, 47, and 2 mAh g−1 at C/2, 1C, and 2C, respectively, 

due to inferior ionic conductivity of SE. Only 61 mAh g−1 were maintained after 100 

cycles, with a significantly lower average CE of 99.2%, indicating severe side reactions 

upon cycling. Note that the fluctuating CE in the case of LPSI-GC may point toward 

differences in the (electro)chemical degradation behavior. 
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Figure 4. Assessment of LPSI-GC, LPSI-A, and t-Li10.5P1.5Si1.5S12 in SSBs with 

LiNbO3-coated NCM851005 cathode and In/InLi anode. (a) Initial voltage profiles for 

LPSI-GC at C/10 rate and room temperature. (b) Rate and long-term cycling 

performance of cells using LPSI-GC, LPSI-A, and t-Li10.5P1.5Si1.5S12. (c) Corresponding 

Coulomb efficiencies. 

 

To better understand the interfacial degradation processes, EIS measurements were 

performed after the first and 100th charge/discharge cycles. The corresponding Nyquist 

plots are shown in Figure 5a. The equivalent circuit used in the data fitting included 

contributions from the SE resistance (RSE bulk), grain boundary resistance of SE (RSE 

GB), resistance of interphases at the SE|CAM interface (RSE|CAM), and charge-transfer 

resistance at both the cathode and anode sides (RL). The calculated parameters can 

be found in Table S4. The individual resistances after the 1st and 100th cycles are 

compared in Figure 5b. After the 1st cycle, the main resistance contribution originates 
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from the bulk SE (21 Ω) and the charge-transfer resistance (47 Ω). This situation 

changes upon cycling; the resistance of interphases related to the SE/CAM contact 

strongly increased from 3 to 36 Ω. A similar trend is also obvious for the charge-transfer 

resistance, which underwent an increase from 47 to 99 Ω. These results imply that the 

major resistance contribution stems from the SE|CAM interface and the 

(electro)chemical SE decomposition. 



20 
 

 

Figure 5. Analysis of LPSI-GC SE degradation after SSB cycling (100 cycles at C/2 

rate). (a) Nyquist plots of the electrochemical impedance and equivalent circuit fitting 

results. (b) Corresponding individual resistance contributions. SEM images of the 
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cathode composite (c) before and (d) after cycling. (e, f) Detailed XP spectra of the SE 

(e) before and (f) after cycling. 

 

Cross-sectional scanning electron microscopy (SEM) images of the cathode composite 

before and after cycling were taken to gain insight into morphological changes. Initially, 

the pelletized cathode mixture formed a dense composite structure (Figure 5c) with 

close contact between the NCM851005 secondary particles and the SE. No significant 

cracking was observed on the macroscopic scale after 100 cycles. However, higher-

magnification SEM images revealed that while proper contact between SE and CAM 

was preserved, severe fracturing of the NCM851005 particles occurred. This has been 

shown to cause contact loss and impede charge percolation (Figure 5d).  

To study the (electro)chemical degradation of LPSI-GC, X-ray photoelectron 

spectroscopy (XPS) measurements were conducted on the pristine SE and the cycled 

composite cathode (Figure 5e, f). The I 3d5/2 photoelectron spectrum of the pristine 

SE (Figure 5e) shows a major contribution at 619.2 eV, characteristic of ionically bond 

iodine.44 The minor peak observed at 620.5 eV, slightly lower than that reported for I2 

(620.6–620.9 eV),45,46 presumably corresponds to covalently bonded iodine species. 

In the S 2p spectrum of the pristine SE, a major doublet contribution centered at 161.6 

eV confirms the presence of PS4
3− polyanions in the t-Li10.5P1.5Si1.5S12 phase of LPSI-

GC. In addition, the minor doublets at binding energies of 162.2 and 163.2 eV are 

indicative of P−[S]n−P and S−S species, such as P2S7
4− and/or P2S6

4−, originating from 

the amorphous phase fraction.47,48 After cycling, virtually no differences in the XP 

spectra were visible, suggesting that major changes in the local chemical environment 

of iodine can be ruled out (Figure 5f). In contrast, notable changes were evident in the 

S 2p photoelectron spectrum, pointing toward two chemical states at 160.6 and 162.1 

eV. The one at the lower binding energy can be assigned to Li2S, and the one at higher 

binding energy is associated the formation of lithium polysulfides Li2Sx (2 < x < 8).49 

This indicates that LPSI-GC undergoes severe (electro)chemically-induced 

transformations, leading to a rearrangement of (poly)anions in the SE. In particular, 

PS4
3− is converted (reduction) into P2S6

4− and S2− during SSB operation through the 

following reaction, 2PS4
3− + 2e− → P2S6

4− + 2S2−.47 Regarding the Si 2p photoelectron 

spectra, three chemical states were visible for the pristine SE (Figure 5e). That at 

101.3 eV suggests the presence of SiS4
4−, stemming from the t-Li10.5P1.5Si1.5S12 phase. 

The peak centered at 102.0 eV can be attributed to siloxanes.50 However, we assume 
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that it is rather related to the formation of S−Si−S bonds (bridging polyhedral) in the 

amorphous phase fraction. The Si 2p peak at 103.0 eV points toward the presence of 

some Si−O type impurities in the sample.51 Upon cycling, only minor changes in the Si 

2p spectra occurred (Figure 5f). Note that the P 2p photoelectron spectrum of the 

pristine LPSI-GC displays major and minor components centered at 132.0 and 132.9 

eV, respectively (Figure S8), which can be assigned to the PS4
3– units and presumably  

to phosphorus in the bridged thiophosphate polyanions of the amorphous phase(s).48,52 

However, after cycling, no P 2p signal could be detected, further corroborating the 

severe (electro)chemical decomposition of the LPSI-GC SE during cycling, i.e. 

depletion of phosphorus from the cathode composite facing the current collector due 

to interphase formation. 

 

Conclusions 

In this work, a series of quasi-quaternary Li-ion conducting sulfide-based solid 

electrolytes (SEs) with different amounts of incorporated LiI, namely Li8.5Si1.5P1.5S11 + 

xLiI (i.e. 4.25Li2S−0.75P2S5−1.5SiS2−xLiI) with 0 ≤ x ≤ 2, was successfully prepared. 

Initially, the materials were amorphized via high-energy milling, followed by annealing 

either at the crystallization temperature determined by DSC or at 440 °C. We find that 

a maximum room-temperature ionic conductivity of 4.4 mS cm−1 is achieved for the 

glass-ceramic SE of nominal composition Li8.5Si1.5P1.5S11 + 1.25LiI (LPSI-GC) after 

annealing at 250 °C. This high ionic conductivity is likely due to the presence of t-

Li10.5P1.5Si1.5S12 (46 wt.%), in addition to amorphous phase(s) (51 wt.%), as also 

corroborated by complementary temperature-dependent electrochemical impedance 

spectroscopy (EIS) and 7Li pulsed field gradient (PFG) nuclear magnetic resonance 

(NMR) spectroscopy. We further demonstrate that the presence of a significant 

amorphous side fraction gives rise to favorable (chemo)mechanical properties. If 

implemented in bulk-type all-solid-state batteries with a Ni-rich cathode and an In/InLi 

anode, LPSI-GC enables stable cycling, despite severe (electro)chemical 

decomposition as evidenced by post-mortem X-ray photoelectron spectroscopy (XPS) 

and EIS analysis. In conclusion, our findings highlight the potential of glass-ceramic 

sulfide SEs as a promising platform for developing next-generation SSBs by offering 

the opportunity to tailor conductivity, mechanical properties, and (electro)chemical 

stability. 
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