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Abstract
Lithium argyrodite superionic conductors with the general formula Li6PS5X (X = Cl, Br, I)
have been intensively investigated in recent years and successfully adopted in the field of
solid-state batteries (SSBs). The transport properties of argyrodite solid electrolytes (SEs)
usually strongly depend on the degree of occupational disorder. Increasing disorder through
complex doping or substitution has been shown to directly affect ionic conductivity.
Herein, we explore a high-entropy lithium argyrodite of nominal composition Li6.6[P0.2Si0.2
Sn0.2Ge0.2Sb0.2]S5I. This material can be readily prepared by mechanochemistry. Using
complementary diffraction techniques, nuclear magnetic resonance spectroscopy, and
charge-transport measurements, we show that upon tailoring crystallinity and defect
concentration by post-annealing at temperatures up to 220 ◦C, a high room-temperature ionic
conductivity of about 0.9 mS cm−1 (∼4.4 mS cm−1 bulk conductivity) can be achieved. Both
the as-prepared and annealed (at 220 ◦C) samples were tested in pellet-stack SSB cells. The
mechanochemically prepared glass–ceramic SE was found to exhibit superior performance,
even outperforming commercially available Li6PS5Cl. Collectively, the results highlight the
importance of considering structural aspects across different length scales when optimizing the
properties of lithium argyrodites for SSB applications.
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1. Introduction

With the ever-increasing demand for electrochemical energy
storage solutions, solid-state batteries (SSBs) have emerged as
a promising technology due to their high energy and powder
densities and intrinsic safety [1–3]. Solid electrolytes (SEs)
are key materials enabling high-performance SSBs. Thus, the
ongoing pursuit of exploring advanced lithium-ion conduct-
ors should focus on combining high room-temperature ionic
conductivity with robust (electro)chemical stability and facile
processability [4, 5]. In recent years, lithium thiophosphates,
including Li10GeP2S12 (LGPS), Li2S−P2S5 glass–ceramics,
and Li6PS5X (X = Cl, Br, I) argyrodites, have garnered con-
siderable attention owing to their softness and high ionic con-
ductivities, which may be similar to or even exceed those of
liquid electrolytes [6–10]. Crystalline lithium argyrodites, in
particular Li6PS5X with X = Cl, Br, enable fast lithium dif-
fusion due to the presence of strongly disordered sublattices
with a high density of S2−/X− antisite defects, leading to
ionic conductivities of σion, 25 ◦C > 1 mS cm−1 [9]. In contrast,
Li6PS5I SEs typically exhibit relatively low ionic conductiv-
ities (on the order of 10−3 mS cm−1 ) because of the lack of
site inversion and, therefore, unfavorable Li+−Li+ jump dis-
tances. However, it has been shown that both simple and com-
plex aliovalent substitutions at the phosphorus site in Li6PS5I,
e.g. Li6+xP1−xGexS5I or Li6.5[P0.25Si0.25Ge0.25Sb0.25]S5I, can
increase the ionic conductivity up to about 10 mS cm−1,
which is primarily due to the shortened Li+−Li+ jump dis-
tances resulting from increased S2−/I− site inversions [10–
13]. Alternatively, nanostructuring and tailoring of the defect
density via high-energy ball milling have been demonstrated to
cause a several-fold increase in ionic conductivity of Li6PS5I
[14]. Unlike the highly crystalline Li6PS5I, where (long-
range) diffusion is hindered by long Li+−Li+ jump dis-
tances, nanocrystalline forms exhibit fast ion dynamics due
to successful intercage jump events enabled by structural dis-
tortions. Similarly, for 1.5Li2S−0.5P2S5−LiI glass–ceramic
SEs, previous works have shown that nanostructuring, and
especially amorphization, not only increases ion conductiv-
ity but also leads to favorable mechanical properties for SSB
applications [15–19]. Along this line, increasing both defect
density and the degree of amorphization in other poorly con-
ducting oxide-based (crystalline) materials, such as LiNbO3,
Li2TiO3, γ-LiAlO2, or LiTaO3, has also been reported to
enhance ionic conductivity [14, 17, 20–24]. Nonetheless, there
are also examples where similar strategies have been shown
to exert adverse effects on conductivity, e.g. in the case of
LGPS [25]. However, whether nanostructuring is accompan-
ied by partial amorphization or, in other words, the formation
of glass–ceramic SEs (by mechanochemical synthesis start-
ing from crystalline precursors) positively or negatively affects
ionic conductivity is difficult to predict. Regardless, it has been

reported that glass–ceramic SEs offer several advantages in
SSBs [26]. This is linked to improved contact with the cathode
active material (CAM) and better (microstructural) electrode
integrity during cycling, presumably due to the softer nature of
glass–ceramic compared to highly crystalline SEs. In addition,
nanostructured SEs seem capable of reducing or even inhibit-
ing dendrite formation [27–29].

Recently, multielement-substituted (compositionally
complex) materials have attracted great interest, com-
monly referred to as high-entropy materials (HEMs) when
∆Sconf ⩾ 1.5 R (with R being the universal gas constant).
Here,∆Sconf denotes the configurational entropy, being a stat-
istical descriptor for occupational disorder in a given crystal
structure, and can be calculated by taking into account the
shared occupancy of different elements on single crystallo-
graphic sites [30]. This threshold criterion is met when at least
five different elements occupy a single crystallographic site at
equimolar ratios [31, 32]. The recently reported high-entropy
(crystalline) SEs include garnet, perovskite, Na SuperIonic
CONductor, argyrodite, and LGPS-type materials [12, 33–
37]. Among them, only lithium argyrodites and LGPS-type
SEs have achieved very high ionic conductivities at room
temperature [38, 39]. However, to date, only four different
cationic constituents have been introduced into the argyrodite
structure, replacing phosphorus, conforming to the general
formula Li6+x[M1aM2bM3cM4d]S5I, with M being P, Si,
Ge, and Sb [38]. Thus, the remaining question is whether
it is possible to further increase compositional complexity,
i.e. configurational entropy, and how this would affect ionic
conductivity, phase stability, and cycling performance.

In the present work, we explore Li6.6[P0.2Si0.2Sn0.2Ge0.2
Sb0.2]S5I-based glass–ceramics, which were prepared by
mechanochemical synthesis, followed by thermal annealing.
This lithium argyrodite already crystallizes to some extent dur-
ing the reaction of the powder precursors used and thermally
decomposes at temperatures beyond 220 ◦C. Subsequent
annealing (after mechanochemical synthesis) increases crys-
tallinity, which positively affects ionic conductivity, but is
detrimental to the cycling performance of pellet-stack SSB
cells. Overall, the results indicate that tailoring the amorph-
ous phase fraction in glass–ceramic electrolytes may help in
the development of advanced ion conductors for applications
in next-generation SSBs.

2. Experimental

2.1. Synthesis

All processing steps were conducted under Ar atmosphere in
a glovebox (MBraun, [O2] and [H2O]< 0.1 ppm), and all pre-
cursors were used as received. Stoichiometric amounts of Li2S
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(99.99%, Sigma-Aldrich), P2S5 (99%, Sigma-Aldrich), GeS2

(99.9%, Goodfellow), SiS2 (99.99%, Goodfellow), Sb2S3

(99.99%, Alfa Aesar), SnS2 (99.9%, Goodfellow), and LiI
(99.999%, Sigma-Aldrich), including 10 wt.% excess sulfur
(99.99%, Sigma-Aldrich) to compensate for loss during syn-
thesis, were placed in a 70ml zirconia milling jar. After adding
20 ZrO2 milling balls of diameter 10 mm to the jar, the powder
mixture was blended for 1 h at 250 rpm, followed by 40 h at
450 rpm. The obtained material is referred to as HEA-BM.
Subsequently, about 300 mg of HEA-BM was pressed into a
pellet (10mmdiameter) at 3 t, vacuum-sealed (10−3 mbar) in a
pre-dried quartz ampule, and annealed for 72 h either at 150 ◦C
(referred to as HEA-150) or 220 ◦C (referred to as HEA-220).

2.2. Inductively coupled plasma-optical emission
spectroscopy (ICE-OES)

The fractions of Li, P, Si, Ge, Sb, and I were determ-
ined by ICP-OES using a Thermo Fisher Scientific ICAP
7600 DUO instrument. Powder samples were dissolved in
an acid digester in a graphite furnace, and the resulting
mass fraction values were obtained by performing three
independent measurements.

2.3. Scanning transmission electron microscopy (STEM)

Specimen preparation was performed under Ar atmosphere in
a glovebox. The dry powder was first pressed into a pellet, fol-
lowed by focused ion beam milling to obtain thin lamellae for
STEM investigation. Transfer to the microscope was accom-
plished using a Gatan cryo-transfer holder to ensure minimal
air exposure. All measurements were carried out under cryo-
genic conditions (−175 ◦C) and at 300 kV using a Themis 300
(Thermo Fisher Scientific) microscope. The instrument was
equipped with a DCOR probe corrector and a Super-X EDX
detector. During imaging, the screen current was maintained
at 60 pA.

2.4. Laboratory x-ray diffraction (XRD)

Powder samples were sealed in borosilicate capillaries from
Hilgenberg (0.68 mm inner diameter, 0.01 mmwall thickness)
under Ar atmosphere and subjected to XRD using an STOE
Stadi-P diffractometer with a Dectris MYTHEN 1 K strip
detector in Debye–Scherrer geometry. The instrument utilizes
a Mo anode to generate x-rays of wavelength λ = 0.70926 Å.

2.5. High-temperature in situ laboratory XRD

High-temperature in situ XRDmeasurements were performed
using a customized diffractometer equipped with a microfocus
rotating anode (Mo Kα1,2), a Pilatus 300 K-W area detector,
and a home-built setup based on the design by Chupas et al
[40, 41]. Specifically, the HEA-BM sample was sealed in a
borosilicate glass capillary from Hilgenberg (0.48 mm inner
diameter, 0.01 mm wall thickness) under Ar atmosphere and
then inserted into a sapphire capillary of diameter 1.016 mm.
Each pattern was collected for 75 s, and a heating rate of

1.4 ◦C min−1 was applied. Temperature control was accom-
plished using a thermocouple placed next to the capillary.
Temperature calibration was done versus the cell volume of
Al2O3 powder measured in a separate experiment [42].

2.6. Synchrotron XRD (SXRD) and total scattering

Measurements were performed with a photon energy of
60 keV (λ = 0.2074 Å) at beamline P02.1, PETRA III
at Deutsches Elektronen-Synchrotron DESY in Hamburg,
Germany [43]. Diffraction patterns were acquired using
a VAREX XRD 4343CT 2D position-sensitive detector
(150 × 150 µm2 pixel size, 2880 × 2880 pixel area) at a
sample-to-detector distance of 2200 and 300 mm for SXRD
and total scattering, respectively. The exposure time for SXRD
and total scattering was 60 and 600 s (i.e. 10 shots of 60 s
duration), respectively. The total scattering data were merged
using a Python script. Data calibration (LaB6, NIST-660 c)
and integration were done using the pyFAI software [44].
The PDFgetX3 software was applied to calculate G(r) from
the raw total scattering data [45]. The data were first correc-
ted for sample container contribution and Compton scatter-
ing, and then the normalized structure functions S(Q) were
obtained. Finally, S(Q) was Fourier-transformed to yield G(r)
with Qmax = 16 Å−1 and rpoly = 1.2 Å. The SXRD data were
analyzed by Rietveld refinement using the FullProf Suite.

2.7. Time-of-flight (ToF) neutron powder diffraction (NPD)

For NPD, cylindrical vanadium containers of diameter 6 mm
were filled with about 2 g of sample. Measurements were
conducted at the Oak Ridge National Laboratory POWGEN
beamline using a wavelength λ = 1.5 Å. The data were ana-
lyzed via Rietveld refinement using the FullProf Suite. The
peak shape was modeled using the Thompson–Cox–Hastings
pseudo-Voigt function, while a point-by-point background
was subtracted. The parameters refined consecutively included
the scale factor, peak shape parameters, lattice parameters,
atomic coordinates, individual isotropic atomic displacement
parameters, and lithium occupancies. The zero-shift parameter
was refined last, and occupancies that resulted in unreasonable
values were disregarded.

2.8. 6Li, 29Si, 31P, and 119Sn magic-angle spinning (MAS)
nuclear magnetic resonance (NMR) spectroscopy

MASNMR spectroscopy was performed at a magnetic field of
11.7 T, corresponding to resonance frequencies of 73.6, 99.4,
202.5, and 186.4 MHz for 6Li, 29Si, 31P, and 119Sn, respect-
ively. Spinning was performed in 2.5 mm rotors at 20 kHz.
Spectra were acquired with a single-pulse sequence for 6Li,
29Si, and 119Sn, and with a Hahn-echo sequence for 31P. The
recycle delay was 60 s for 6Li, 29Si, and 31P, and 30 s for
119Sn. The π/2 pulse length was 2.9 µs for 6Li, 3.3 µs for 29Si,
2.7 µs for 31P, and 1.8 µs for 119Sn. The spectra were refer-
enced to an aqueous 1 M 6LiCl solution for 6Li, tetramethyl-
silane for 29Si, H3PO4 (85%) for 31P, and SnO2 for 119Sn
(−604.3 ppm) [46, 47].
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2.9. Temperature-dependent 7Li pulsed field gradient (PFG)
NMR spectroscopy

Temperature-dependent 7Li PFG NMR spectroscopy meas-
urements were performed on a Bruker Avance spectrometer
at a magnetic field of 7.05 T using a PFG probe of maximum
gradient strength 30 T m−1. The samples were investigated
using a stimulated-echo-pulse sequence with bipolar gradi-
ents to suppress any effects of eddy currents [48]. The gradi-
ent duration was set to 3 ms, and diffusion times of 100 or
30 ms were chosen for HEA-BM, HEA-150, and HEA-220.
The recycle delay was always well above five times the spin-
lattice relaxation time. All samples were sealed in 5 mm evac-
uated borosilicate glass tubes.

2.10. Electrochemical impedance spectroscopy (EIS)

For conductivity measurements, about 200 mg of HEA-BM
was compressed at 3.5 t for 3 min in a 10 mm diameter pellet
die. The latter pellet was subjected to EISmeasurements either
without additional annealing or after annealing at 150 ◦C or
220 ◦C for 72 h. It was inserted into a customized setup
with stainless steel dies and a 10 mm-diameter PEEK (poly-
ether ether ketone) sleeve, and the electrochemical impedance
was probed using an SP-200 potentiostat (BioLogic), from
0.1 Hz to 7 MHz with a 20 mV voltage amplitude and without
applying external pressure. The spectra were collected from
15 ◦C to 65 ◦C after allowing for at least 1 h temperature
equilibration prior to data collection. Spectra fitting was per-
formed using an equivalent circuit model of type RQ − W or
R1Q1 − R2Q2 − Q3, with R and Q being resistance and con-
stant phase element, respectively. The conductivity was calcu-
lated from the total resistance, and the activation energy was
obtained by Arrhenius fitting of the temperature-dependent
conductivity. Residual porosity was not considered.

EIS measurements on SSB cells after cycling were per-
formed under similar conditions. In this case, the spectra
were fitted using an R1−R2Q2−R3Q3−R4Q4−Q5 equival-
ent circuit model, with R1, R2, R3, and R4 corresponding
to the bulk, grain-boundary (GB), SE|CAM, and SE|AAM
resistances, respectively.

2.11. Electrode preparation, cell assembly, and battery testing

The cathode composite was prepared by blending LiNbO3-
coated LiNi0.85Co0.1Mn0.05O2 (NCM851005, BASF SE) with
the different SEs and Super C65 carbon black additive in a
69.3:29.7:1.0 weight ratio for 30 min at 140 rpm under Ar
atmosphere using a 70 ml zirconia milling jar containing 10
zirconia balls of 10 mm in diameter. The protective coating
on NCM851005 was prepared as reported previously [49]. For
SSB assembly, a customized cell setup with two stainless steel
dies and a 10mm-diameter PEEK sleeve was used. First, about
100 mg of SE was pressed at 62.5 MPa to form the separator
layer. Next, the cathode composite (∼13 mg) was spread onto
the separator, followed by compressing the stack at 440 MPa.
Both In/InLi and Li4Ti5O12 (LTO) were tested as anodes. As
for the former, an In disc (9 mm diameter, 125 µm thickness,

Goodfellow) and a Li disc (6 mm diameter, 50 µm thickness,
Albemarle Germany GmbH) were attached to the other side
of the separator. The LTO anode composite was produced fol-
lowing the same ball-milling protocol as for the cathode com-
posite. The weight ratio of carbon-coated LTO (NEI Corp.),
Super C65, and SE was set to 30:10:60.

Galvanostatic charge/discharge measurements were
performed under an external pressure of 81 MPa and
at 45 ◦C, with C-rates ranging from 0.1 to 1 C (with
1 C = 190 mA/gNCM851005), in the voltage windows
of 2.28−3.68 V vs. In/InLi and 1.35−2.75 V vs.
Li4Ti5O12/Li7Ti5O12 (equivalent to about 2.9−4.3 V vs.
Li+/Li; of note, potential differences with respect to Li+/Li
are ∆E = 0.62 V and ∆E = 1.55 V for In/InLi and
Li4Ti5O12/Li7Ti5O12, respectively) after a resting period
at open-circuit potential for 1 h using an MACCOR
battery cycler.

3. Results and discussion

Different compositions were explored in an attempt to pro-
duce lithium argyrodites containing five different cationic sub-
stituents M in Li6+aMS5I in equimolar fractions. Specifically,
Li6+a[P0.2Si0.2Ge0.2Sb0.2M0.2]S5I materials with M = Sn, Ga,
W, or Zn were targeted [12, 38]. To this end, the respective
precursor mixtures were subjected to high-energy ball milling
(figure 1(a)). As can be seen from the laboratory XRD patterns
in figure S1, a phase-pure lithium argyrodite was only obtained
for M = Sn. For the other cationic substituents tested in this
work, distinct reflections related to Li2S impurities can be
clearly observed, even after 40 h of milling, indicating incom-
plete reactions. The chemical composition of the mechano-
chemically prepared Li6.6[P0.2Si0.2Sn0.2Ge0.2Sb0.2]S5I (HEA-
BM) sample was confirmed by ICP-OES. The molar fractions
of elements are given in table S1 and are in good agreement
with the desired stoichiometry.

During the course of this work, we noticed that prolonged
milling is necessary to ensure high phase purity. As evident
from the XRD patterns in figure 1(b), the characteristic reflec-
tions of the argyrodite structure of HEA-BM are hardly vis-
ible after 10 h of milling. However, this changes with increas-
ing milling duration. The relatively broad reflections and the
diffuse background suggest the formation of a nanostructured
material, as well as the presence of an amorphous side phase.

To assess if the degree of crystallinity can be increased by
post-annealing, the HEA-BM sample was initially heated at
400 ◦C for 30 min or 10 h. Unfortunately, this led to decom-
position of the argyrodite phase, as can be seen from the
XRD patterns in figure S2. The onset temperature of undesired
thermal decomposition was determined by high-temperature
in situ XRD. The respective (stacked) patterns are shown in
figure 1(c). Interestingly, the intensity of the (200) reflec-
tion located below 8◦ 2θ strongly increased at temperatures
above 150 ◦C. For the other major reflections, namely (220)
at >11◦ 2θ as well as (311) and (222) between 13◦ and 14◦

2θ, the variations in intensity were less pronounced. However,
for all reflections, the broadening decreased with increasing
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Figure 1. Synthetic exploration of the high-entropy lithium argyrodite Li6.6[P0.2Si0.2Sn0.2Ge0.2Sb0.2]S5I. (a) Scheme for the preparation of
samples tested in this work. (b) Ex situ XRD patterns collected from the precursor mixture after different ball-milling durations (HEA-BM)
and the samples after post-annealing at 150 ◦C (HEA-150) and 220 ◦C (HEA-220). Vertical tick marks indicate the Bragg reflections for the
argyrodite phase (black), Li2S (green), and LiI (blue). (c) In situ XRD patterns of HEA-BM (40 h) upon heating from room temperature to
400 ◦C. Vertical bars indicate reflections for Li2S (green) and LiI (blue).

temperature up to 220 ◦C, indicating improving crystallinity.
Upon increasing the temperature beyond 220 ◦C, decomposi-
tion occurred, as indicated by the appearance of new reflec-
tions corresponding to LiI and Li2S among other unknown
impurity phases.

Based on the in situ XRD data, 150 ◦C and 220 ◦C
were chosen as annealing temperatures. The corresponding
samples are referred to as HEA-150 and HEA-220 hereafter.
Thermal annealing was conducted on pelletized samples made
from HEA-BM sealed in evacuated quartz ampules for 72 h,
according to the synthesis scheme displayed in figure 1(a).
Based on the initial observations made, it is apparent that
Li6.6[P0.2Si0.2Sn0.2Ge0.2Sb0.2]S5I can be regarded as a meta-
stable material, as it cannot be directly prepared from the
binary precursors by high-temperature solid-state synthesis.
Similar observations have beenmade in the past for Li7GeS5Br
[50]. To confirm that no element segregation occurred upon
annealing at 220 ◦C, high-angle annular dark-field STEM ima-
ging and energy-dispersive x-ray spectroscopy mapping were
performed. As shown in figure S3, the mapping results point
toward uniform distribution of P, Si, Ge, Sb, and Sn at the
submicrometer level.

To quantitatively determine the degree of crystallinity and
gain structural insights, SXRD and ToF NPD measurements
were conducted on the aforementioned materials. First, the
HEA-BM, HEA-150, and HEA-220 samples were mixed
with 20 wt.% silicon powder serving as an internal stand-
ard. The SXRD patterns and corresponding Rietveld pro-
files for HEA-BM and HEA-220 are presented in figures 2(a)

and (b), respectively. The data for HEA-150 are shown in
figure S4. All patterns could be indexed within the cubic
F−43m space group, with a = 10.27357(4) Å for HEA-BM,
10.29073(7) Å for HEA-150, and 10.31917(1) Å for HEA-
220. Detailed structural parameters are given in tables S2−S4.
In comparison with the previously reported complex substi-
tuted Li6.5[P0.25Si0.25Ge0.25Sb0.25]S5I with a= 10.29714(9) Å,
the larger lattice parameter of HEA-220 suggests successful
incorporation of Sn4+ into the lattice [12]. Conversely, the
smaller lattice parameter found for the HEA-BM and HEA-
150 samples is due to high S2−/I− site inversions of 55% and
39%, respectively, compared to only 10% for HEA-220. This
kind of correlation between antisite defects and lattice para-
meter has already been reported in the literature [51–53].

As discussed above, thermal annealing strongly decreases
the degree of site inversion (table S5). At the same time,
the crystalline phase fraction increases from about 64 wt.%
for HEA-BM to 94 wt.% for HEA-150 and 99 wt.% for
HEA-220. However, the calculated crystallite size remains vir-
tually unaltered (varying from 13 to 16 nm). Nevertheless,
microstrain is strongly reduced from 50% for HEA-BM to
21% for HEA-220. Note that large microstrain is typically
associated with high defect densities (e.g. vacancies, site dis-
order, etc) and poor crystallinity [54, 55]. Therefore, the lower
microstrain after annealing can be attributed to both the lower
S2−/I− site inversion and the higher degree of crystallinity.

Due to the low x-ray scattering cross-section of lithium and
difficulties in precisely determining the S2−/I− site inversion,
NPD measurements were also conducted on HEA-BM and
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Figure 2. Structural characterization of the high-entropy lithium argyrodite Li6.6[P0.2Si0.2Sn0.2Ge0.2Sb0.2]S5I. (a), (b) SXRD patterns
collected from HEA-BM and HEA-220 in the presence of 20 wt.% Si standard reference material (NIST 640 f) and Rietveld plots. Open
circles, dark yellow/red lines, and gray lines represent the measured, calculated, and difference data, respectively. Vertical tick marks
indicate the anticipated Bragg positions: argyrodite (dark yellow/red), Si (black), and Li2S (gray). (c), (d) Corresponding NPD patterns and
Rietveld plots. (e) Crystal structure of HEA-220. (f) PDF curves for HEA-BM and HEA-220. (g)–(i) 31P, 119Sn, and 29Si MAS NMR spectra
of the different samples, as indicated.

HEA-220. The NPD patterns and corresponding Rietveld pro-
files are shown in figures 2(c) and (d), respectively. In gen-
eral, similar lattice parameters were obtained (see tables S6
and S7 for details). As evident from table S8, the absolute
value for the S2−/I− site inversion reaches 99% for HEA-BM
and 10% for HEA-220, and a similar trend is observed for the
microstrain (reducing from 81% to 31%). It should be noted
that we were only able to fully refine the crystal structure of
HEA-220. This is likely due to the relatively high fraction of
amorphous side phase in the case of HEA-BM, causing sig-
nificant diffuse scattering, as can be seen from the large back-
ground contribution present in the NPD pattern (figure 2(c)). A
schematic representation of the calculated structure (for HEA-
220) is shown in figure 2(e). Two Li positions were clearly
identified, namely 48 h and 24 g. The latter allows us to calcu-
late the configurational entropy, i.e. the occupational disorder,
reaching ∆Sconf = 2.25 R, which is among the highest val-
ues reported so far for lithium argyrodites and other lithium
superionic conductors.

To probe the local structure of HEA-BM and HEA-
220, synchrotron x-ray total scattering with pair distribu-
tion function (PDF) analysis was performed. As illustrated in
figure 2(f), three contributions (d1, d2, and d3) were identified.
In particular, d1 can be assigned to the (P/Si/Sn/Ge/Sb)−S
covalent bonding within the tetrahedra and was determined to
be about 2.33 Å for both samples. Similar values were also
found for d2 (S−S) = 3.66 Å and d3 (S−S) = 4.33 Å, with

d2 referring to the S−S distance within the tetrahedra and
d3 denoting the distance to the next-neighboring tetrahedra.
Overall, the bond lengths from the PDF analysis agree well
with those determined by Rietveld refinements of the SXRD
and NPD data.

To gain more insight into the (local) tetrahedral environ-
ments related to P, Si, and Sn, 31P, 29Si, and 119Sn MAS NMR
spectroscopy measurements were carried out. Clearly, all the
spectra reveal similar trends (figures 2(g)−(i)). The broad-
est peaks are clearly visible for HEA-BM. As can be seen,
the peak broadening (full width at half maximum, FWHM) is
strongly decreased for the annealed samples. This is indicative
of reduced local distortions, in line with the increase in crys-
tallinity and decrease in microstrain discussed above. For the
31P MAS NMR spectra (figure 2(g)), the major resonance is
located at 91.8 ppm, representing isolated [PS4]3− tetrahedra
[12, 56–58]. The HEA-BM sample shows an additional broad
shoulder toward lower chemical shifts. Deconvolution of the
signal into broad and narrow contributions suggests the pres-
ence of a mixture of amorphous and crystalline phases (figure
S5), thus corroborating the SXRD results. As expected, the
intensity of the shoulder peak is strongly diminished for HEA-
150, indicating a significantly lower contribution from the
amorphous side phase (higher degree of crystallinity). For
HEA-220, further narrowing of the main signal is obvious,
with an additional minor peak appearing at 98.7 ppm. The lat-
ter 31P peak is due to the formation of [P2S6]4− polyanions
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Table 1. Summary of activation energy EA and ionic conductivity
σion determined by temperature-dependent EIS and 7Li PFG NMR
spectroscopy (for HEA-220).

Sample EA (eV) σion, 25 ◦C (mS cm−1)

HEA-BM 0.36 ± 0.02 0.39 ± 0.17
HEA-150 0.35 ± 0.02 0.69 ± 0.09
HEA-220 (EIS) 0.32 ± 0.01 0.86 ± 0.11
HEA-220 (NMR) 0.27 ± 0.03 4.38 ± 0.21

[59, 60]. Collectively, the different spectra reveal two dis-
tinct contributions, which apparently can be correlated with
the amorphous and crystalline phases present in the samples.
Both the decrease in FWHM of the contribution assigned to
the crystalline phase and the decrease in intensity of the con-
tribution assigned to the amorphous phase upon annealing
agree well with the relative increase in crystallinity determined
by SXRD.

The 119Sn spectra show a signal at a chemical shift of
83.5 ppm for HEA-BM (figure 2(h)), which increases to
85.8 ppm for HEA-220 (84.6 ppm for HEA-150). This sug-
gests some changes in the local arrangement around the
[SnS4]4− polyanions and may be related to variations in the
degree of S2−/I− site inversion. In contrast, the 29Si spectra
only exhibit a single peak centered at 11.2 ppm for the dif-
ferent samples (figure 2(i)). In general, the chemical shifts
observed are consistent with the reported values for [SnS4]4−

and [SiS4]4− polyanions [12, 61–63]. Moreover, 6Li MAS
NMR spectroscopy revealed a narrow peak at 1.43 ppm
for HEA-BM, HEA-150, and HEA-220 (figure S6), char-
acteristic of lithium argyrodites and indicating fast lithium
mobility [64, 65].

The transport properties of cold-pressed pellets in the tem-
perature range from 15 ◦C to 65 ◦C were probed using
EIS. The corresponding Nyquist plots of the electrochem-
ical impedance are presented in figure S7, while figure 3(a)
shows the Arrhenius plots of the conductivity. The total
room-temperature ionic conductivities are given in table 1,
revealing an increase from 0.39 mS cm −1 for HEA-BM to
0.86 mS cm −1 for HEA-220. The lowest activation energy of
EA = 0.32 eVwas found for HEA-220. A comparison between
room-temperature ionic conductivity, S2−/I− site inversion,
and crystallinity for the different samples is illustrated in
figures 3(b) and (c). Typically, the conductivity of lithium
argyrodite SEs exhibits a strong dependence on site inversion,
with a high degree generally favoring high ionic conductivities
[10, 12, 66]. At first glance, this relationship is not valid for
the high-entropy glass–ceramic electrolytes employed here,
as the site inversion decreases dramatically with increasing
annealing temperature while the ionic conductivity increases.
However, the increase in crystallinity (HEA-BM < HEA-
150 < HEA-220) matches the trend seen in ionic conductiv-
ity. This result thus suggests that high crystallinity of com-
positionally complex lithium argyrodites is a prerequisite
for achieving high ionic conductivity, and amorphous side
phase(s) are disadvantageous.

Recently, Sadowski et al reported on the relationship
between lattice structure (site inversion), microstructure (grain

boundaries), and ionic conductivity in Li6PS5Br [67]. They
revealed that a low degree of site inversion tends to hinder
bulk diffusion but enhances GB conductivity, whereas a high
degree leads to opposite effects. Therefore, the aforemen-
tioned structural characteristics seem to simultaneously affect
lithium mobility. The high site inversion observed for HEA-
BM may be detrimental to the GB diffusion while exerting
a positive effect on bulk diffusion. Although HEA-150 and
HEA-220 have a much higher crystallinity than HEA-BM, the
domain sizes remain small (table S5), meaning the density of
GBs is high. With the site inversion decreasing from HEA-
BM to HEA-220, GB diffusion may be facilitated; however,
the overall conductivity is adversely affected by unfavorable
bulk diffusion.

To further examine the lithium diffusion, 7Li PFG NMR
spectroscopy was performed in the temperature range from 29
to 65 ◦C. The temperature-dependent echo intensity of HEA-
BM plotted as ln(I) against g2 (squared gradient strength) is
displayed in figure 3(d). As can be seen, data analysis requires
two-component fitting. For a single diffusion coefficient, plot-
ting ln(I) versus g2 results in a straight line according to the
equation given by Stejskal and Tanner:

I= I0 · exp
(
−Dγ2δ2g2

(
∆− δ

3

))
.

Here, δ describes the gradient pulse duration, ∆ the diffu-
sion time, D the diffusion coefficient for lithium, and γ rep-
resents the magnetogyric ratio [68]. However, the slope of
ln(I) was found to change with increasing g2 for all samples
(figures 3(d) and S8), thereby clearly indicating the presence
of a second diffusion coefficient. In this case of two independ-
ent diffusion coefficients, the damping of echo intensity I(g)
is given by the sum of contributions according to the afore-
mentioned equation, where δ,∆, and γ are equal. The fit with
I(g) =

∑
i Ii yields the diffusion coefficients Di as well as the

relative amplitudes I0,i. The latter can be differently affected
by the spin-spin and spin-lattice relaxation times and therefore
provides only an estimate of the real phase fractions that are
characterized by Di. To exclude the influence of experimental
parameters, different diffusion times of 100 and 30 ms were
considered. Here, the need for two-component data fitting
was also observed, demonstrating that this characteristic can
indeed be attributed to the samples under study. Note that sim-
ilar observations have been made for other lithium thiophos-
phates too [69, 70]. Arrhenius plots of the lithium diffusion
coefficient DLi from 7Li PFG NMR spectroscopy for HEA-
BM, HEA-150, and HEA-220, measured with a diffusion time
of 100ms, are shown in figure 3(e). The higher (solid lines) and
lowerDLi (dashed lines) refer to the major and minor compon-
ents, respectively. The existence of two diffusion coefficients
(and their dependence on the synthetic conditions) can be
explained by the presence of crystalline (major) and amorph-
ous phases (minor), as detailed above. The signal contribution
of the minor component is found to decrease with increas-
ing annealing temperature. Hence, we hypothesize that the
DLi of the major component describes the diffusion within the
nanocrystalline phase. In particular, the virtual disappearance
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Figure 3. (a) Arrhenius plots of the conductivity determined by EIS. Activation energies are indicated. (b) Comparison between ionic
conductivity measured on cold-pressed pellets via EIS at 25 ◦C, S2−/I− site inversion, and (c) degree of crystallinity for HEA-BM,
HEA-150, and HEA-220. (d) Temperature-dependent echo intensity of HEA-BM plotted as ln(I) against squared gradient strength and (e)
Arrhenius plots of the lithium diffusion coefficient determined by 7Li PFG NMR spectroscopy with a diffusion time of 100 ms.

of the minor component in the HEA-220 sample hints at a
negligible fraction of the amorphous side phase, in agree-
ment with the SXRD results. Also, as evident from figure S9,
a change in ∆ hardly affects the activation energy and dif-
fusion coefficient of the major component, whereas a much
stronger effect is observed for the minor component. The res-
ults for EA, DLi, and σion are given in table S9. In general,
the DLi of the major and minor components increases with
increasing annealing temperature. In particular, for HEA-220,
the DLi of the major component was determined to be about
(2.54 ± 0.05) × 10−12 m2 s−1 at 29 ◦C, which is comparable
to that of other lithium thiophosphate superionic conductors
(e.g. DLi, 30 ◦C = 2.5 × 10−12 m2 s−1 for Li6PS5Cl). As the
HEA-220 sample is largely devoid of amorphous side phases,
the ionic conductivity can be calculated from theDLi using the
Nernst–Einstein equation (under consideration of the crystal
structure in figure 2(e)). This leads to a bulk ionic conductiv-
ity of about 4.4 mS cm−1, much higher than that determined
by EIS (table 1), and implies that impurities or surface resid-
uals impede macroscopic ion transport through the material.
These trace impurities cannot be detected by diffraction tech-
niques. However, they appear in the form of tiny peaks in the
31PMAS NMR spectra (figure 2(g)) and likely account for the
diminished ionic conductivity [71].

Finally, the electrochemical behavior of HEA-BM and
HEA-220 as SEs was examined in pellet-stack SSB cells with

a LiNbO3-coated LiNi0.85Co0.1Mn0.05O2 (NCM851005) cath-
ode and an In/InLi anode. Commercially available argyrod-
ite Li6PS5Cl was also tested for comparison. The cells
were initially charged and discharged at a rate of C/10 and
at 45 ◦C. The first-cycle voltage profiles are presented in
figure 4(a). Specifically, specific charge capacities of 234, 236,
and 218 mAh g−1 were achieved with HEA-BM, HEA-220,
and Li6PS5Cl, respectively. The corresponding specific dis-
charge capacities are 205, 201, and 194 mAh g−1, translat-
ing to initial Coulomb efficiencies of 88%, 85%, and 89%
(figure 4(b)). Compared to the Li6.5[P0.25Si0.25Ge0.25Sb0.25]S5I
SE tested previously under similar conditions, the Coulomb
efficiency in the first cycle was significantly improved, by
about 10%, for Li6.6[P0.2Si0.2Sn0.2Ge0.2Sb0.2]S5I. This is due
in part to the lower fraction of ‘unfavorable’ elemental con-
stituents (i.e. Sb and Si) [12, 72]. After two formation cycles
at C/10, the SSBs were subjected to rate performance test-
ing (figure 4(c)). Cells with HEA-BM and HEA-220 delivered
specific discharge capacities of 189 and 162 mAh g−1 at C/5,
158 and 125 mAh g−1 at C/2, and 126 and 91 mAh g−1 at
1 C, respectively (figure 4(d)). Using Li6PS5Cl, specific dis-
charge capacities of 180, 158, and 136mAh g−1 were achieved
at C/5, C/2, and 1 C, respectively. The higher capacity of the
Li6PS5Cl-based cells at C-rates ⩾ 1 C (1 C ≈ 2.5 mA cm−2)
can be attributed to the higher ionic conductivity of Li6PS5Cl,
∼8 mS cm−1 at 45 ◦C compared to ∼3 mS cm−1 for the
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Figure 4. (a) Initial voltage profiles of SSB cells using either HEA-BM, HEA-220, or Li6PS5Cl as SEs at C/10 rate and at 45 ◦C and (b)
first- and second-cycle Coulomb efficiencies. (c) Rate capability and long-term cycling performance at C/5. (d) Specific discharge capacities
achieved at C/5, C/2, and 1 C in the rate performance testing. (e) Coulomb efficiencies for the first 40 cycles. (f) Individual resistances
determined by fitting EIS data collected from the cells after 66 cycles.

HEA SEs. Subsequently, the SSBs were cycled at C/5, reveal-
ing fairly linear fading rates for the different materials tested.
Regardless, the cells using HEA-BM and HEA-220 were still
capable of delivering specific discharge capacities of 148 and
115 mAh g−1, respectively, after 40 cycles. Although the
initial Coulomb efficiency was similar for both SEs, those
achieved with HEA-BM were highest during prolonged cyc-
ling (figure 4(e)). They were found to stabilize below 99% for
HEA-220 and above 99% for both HEA-BM and Li6PS5Cl.

The electrochemical performance of SSBs using zero-strain
LTO as an anode active material was also examined for HEA-
BMandHEA-220. Similar to the In/InLi case, cells withHEA-
BM delivered higher specific capacities than those with HEA-
220, irrespective of the C-rate (figure S10).

Finally, ex situ EIS measurements were conducted on
the LTO-based cells after 66 cycles. Nyquist plots of the
electrochemical impedance, along with simulated data, are

presented in figure S10. Individual resistances were determ-
ined for the bulk SE (Rbulk), grain boundary (RGB), and cath-
ode and anode interface (RCAM|SE and RAAM|SE, respectively)
contributions (see tables S10 and S11 for details). Because the
(electro)chemical degradation occurring at the CAM|SE inter-
face is responsible, to some extent, for the performance decline
upon cycling and in line with expectations, a smaller resistance
of RCAM|SE ≈ 41 Ω was observed for HEA-BM, compared to
∼67 Ω for HEA-220 (figure 4(f)). However, the data demon-
strate that degradation at both the positive and negative elec-
trode sides is driving capacity fading.

Aside from (electro)chemically driven degradation reac-
tions, mechanical processes play a major role too [73]. This is
primarily due to the large volume changes that Ni-rich CAMs
undergo during battery operation, which may lead to contact
loss between the CAM and SE particles and crack forma-
tion, both negatively interfering with performance [74]. In
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this regard, our study points toward the benefits of employ-
ing glass–ceramic SEs in maintaining proper contact among
the cathode particles. Despite the fact that the ionic con-
ductivity of HEA-BM was lower than that of HEA-220, the
SSB performance was much improved for the former, indic-
ating that not only transport but also mechanical properties of
SEs need to be considered in designing advanced electrodes,
with glass–ceramics offering more freedom for tailoring to
specific requirements.

4. Conclusions

In summary, we have successfully synthesized a
high-entropy argyrodite SE of nominal composition
Li6.6[P0.2Si0.2Sn0.2Ge0.2Sb0.2]S5I, with the mechanochem-
istry approach employed leading to the formation of a glass–
ceramic. As expected, the crystallinity can be increased by
annealing, which also reduces the density of S2−/I− antis-
ite defects. Complementary electrochemical impedance and
7Li PFG NMR spectroscopy measurements indicate that the
crystallinity positively affects ionic conductivity, leading to
a total conductivity of about 0.9 mS cm−1 (∼4.4 mS cm−1

bulk conductivity) at room temperature after annealing at
220 ◦C. The SE in the pristine state (64% crystallinity) and
after post-treatment (99% crystallinity) was further tested
in pelletized SSBs, with commercially available Li6PS5Cl
serving as a reference (baseline) material. Notably, cells with
the glass–ceramic electrolyte exhibit much improved cycling
performance over those using either the annealed material or
Li6PS5Cl, likely due to better contact with the layered Ni-rich
oxide CAM and more favorable chemomechanical behavior
upon battery operation. Taken together, our data indicate (i)
the importance of considering microstructure as well as chem-
ical and phase composition of lithium argyrodite SEs when
tailoring their properties toward battery applications and (ii)
the great potential that lies in compositionally complex glass–
ceramic ion conductors.

5. Future perspectives

The need for advanced batteries, especially for the e-
mobility sector, has strongly accelerated the development
of solid-state battery technology. To make it competitive
with conventional Li-ion batteries using liquid electrolytes,
advanced SEs are needed. The latter materials must exhibit a
high room-temperature ionic conductivity while being (elec-
tro)chemically stable and mechanically soft. However, design-
ing soft, inorganic SEs represents a major challenge. Among
the existing classes of superionic SEs, glass–ceramics offer
favorable properties in this regard. In particular, tailoring
chemical and phase composition provides ample opportunit-
ies for improving their properties.
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