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A B S T R A C T

Recently, a new generation of high strength steels was introduced by utilizing a lateral chemical pattern of an 
austenite stabilizer to create microstructures of austenite γ and martensite α′ after quenching. A ternary Fe–Mn–C 
pearlite is a suitable initial state for this if Mn effectively partitions into the cementite. In the present study, two 
model Fe–Mn–C alloys were pearlite treated outside the well-established local equilibrium, Mn partitioning 
regime (P-LE). A complete pearlite formation was achieved not only for Fe-3.0Mn-3.0C (at.%, Alloy A) at high 
pearlite formation temperature but also for Fe-6.9Mn-3.2C (at.%, Alloy B) at low transformation temperature. 
The morphology of the pearlite included fine-scaled fibers and lamellae. Even though outside the P-LE region, 
significant Mn partitioning into cementite was obtained for both alloys. Pearlite was formed at approximately the 
overall Mn content, while growing either enriched or depleted in C for most of the reaction. The successful 
application of a short time austenitization treatment was proven for both alloys transforming the pearlite into α’ 
+ γ microstructures while retaining the initial pearlite morphology. Thus, fine-structured α’ + γ can be syn
thesized from pearlite processed well outside the established Mn partitioning regimes, opening a much larger 
compositional and processing space.

1. Introduction

So-called advanced high-strength steels (AHSS) aim to achieve excep
tional combinations of strength and ductility. Their properties arise from 
deliberate microstructural design that activates multiple, often concur
rent, strengthening mechanisms, such as displacive phase trans
formations, deformation twinning, grain refinement, interfacial 
strengthening, and precipitation hardening [1–8]. Among the numerous 
alloying elements explored, Mn plays a particularly decisive role in some 
AHSS. By stabilizing austenite and influencing the stacking fault energy 
(SFE), Mn enables the formation of microstructures that are partially or 
entirely austenitic with tunable metastability. As highlighted by Raabe 
et al. [8], this tunability allows the activation of transformation-induced 

plasticity (TRIP) and twinning-induced plasticity (TWIP) mechanisms, 
which provide extraordinary strain-hardening capacity and damage 
tolerance for many AHSS. Depending on the overall composition and 
processing, such alloys may undergo diffusion-controlled and/or dis
placive phase transformations, element partitioning of interstitial and 
substitutional solutes, severe grain refinement, formation and/or 
dissolution of precipitates, etc. While these individual phenomena are 
well established, their integrated exploitation in a single, optimally 
balanced microstructure remains a key challenge in AHSS design [8].

In this context, Sun et al. [9] introduced a promising processing 
concept within the Fe–Mn–C system that addresses this challenge. Their 
routine consists of just two heat treatments: i) An initial pearlite for
mation treatment that creates a nanosized, lamellar Mn pattern, with 
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α-(Fe,Mn,C) ferrite being depleted and θ-(Fe,Mn)3C cementite being 
enriched in Mn. ii) A short time austenitization (STA) follows which 
leads to a complete transformation to γ-(Fe,Mn,C) while preserving the 
Mn pattern. Upon quenching of the inhomogeneous γ-(Fe,Mn,C), the 
Mn-depleted regions transform into α’-(Fe,Mn,C) martensite, while the 
Mn-enriched regions remain as metastable γ-(Fe,Mn,C), creating a novel 
ultrafine, lamellar microstructure. The application on a hypoeutectoid 
Fe-4.3Mn-2.3C (in at.%, Fe-4.4Mn-0.5C in wt.%) with additional 
tempering treatments leads to remarkable ultimate tensile strength and 
strain to failure combinations of 1.6–2.1 GPa and 7–10 % [9]. In addi
tion to the promising mechanical capabilities of such microstructural 
conditions, the underlying processing provides the unique ability to 
purposefully manipulate microstructure parameters, i.e. lamellar 
spacing, colony size, phase fractions and phase stability. The relevant 
phases will be subsequently abbreviated as γ (austenite), α’ (martensite), 
θ (cementite) and α (ferrite).

To test the limits of this scheme [9], one obvious possibility would be 
the variation of the alloy composition. The final microstructure and 
therefore also the resulting mechanical properties are expected to 
strongly depend on the initial Mn pattern. Therefore, changing the 
overall Mn content would be a feasible objective for tailoring both the 
microstructure and the mechanical response. Nonetheless, the recent 
endeavors on this topic [9–13], including the original work, strictly 
focus on Mn contents in a range of only 2–5 at.% Mn and a C content that 
results in an overall hypoeutectoid composition. This narrow composi
tional range might be rationalized by what was suggested in the early 
work of Hutchinson et al. [14] on the growth kinetics and local equi
librium (LE) conditions of Fe–Mn–C pearlite. To predict Mn partitioning 
during the eutectoid reaction, they developed two distinct LE design 
principles for transformations occurring in the three-phase region of α +
θ + γ and another for the two-phase region of α + θ, that can be utilized 
simply via CALPHAD. The authors then restrict the application of these 
LE models to a temperature- and composition-dependent parameter 
space, the so-called partitioning under local equilibrium (P-LE) regime. The 
eutectoid reaction then likely commences under full LE conditions 
accompanied by partitioning of both Mn and C. For a given isothermal 
section, the compositional range that simultaneously falls within this 
regime and the α + θ two-phase region is very narrow [14]. This is 
consistent with the alloy compositions and temperatures investigated in 

Refs. [9–13].
It must be emphasized that the P-LE regime for pearlite formation 

itself is not an independent concept, but rather an outcome from a LE 
design approach originally developed for the pro-eutectoid α and θ re
actions. This approach considers the vastly different diffusion co
efficients of interstitial, fast-diffusing C compared to substitutional, 
slow-diffusing Mn [15–17], with diffusivity ratios in the order of 
104–106 [17]. A direct result of the model are Mn partitioning bound
aries that mark the compositional and temperature transition to a re
action where Mn partitioning is no longer thermodynamically necessary 
between α/γ and θ/γ. These boundaries then divide the two-phase-fields 
into two regimes: (i) A P-LE regime where partitioning of both Mn and C 
is expected during the reaction, and (ii) a negligible partitioning (NP-LE) 
regime, where partitioning can be restricted to only C whilst maintain
ing full LE at the reaction front. This condition is a special type of par
aequilibrium and is also often referred to as quasi-paraequilibrium [15].

These fundamentals have first been transferred qualitatively from 
the pro-eutectoid reactions to pearlite formation by Coates and Hillert 
[15,17], as the corresponding reaction front exhibits LEs for both α/γ 
and θ/γ. With the simultaneous application of both partitioning 
boundaries, like for each pro-eutectoid reaction, two major regimes 
were derived: (i) again a P-LE regime, where the partitioning criteria 
with γ are fulfilled for both α and θ and (ii) a NP-LE regime where the 
criteria are not satisfied for either of the two. As the pearlite formation 
with a sufficiently strong Mn partitioning is a prerequisite for the 
aforementioned processing route, the introduction of these regimes 
heavily restricts the applicable range of alloy compositions and trans
formation temperatures, as staying inside the P-LE regime seemed 
reasonable, while NP-LE would be avoided [9–14].

What has not been experimentally addressed in literature thus far is 
the existence of an additional third and fourth regime besides P-LE and 
NP-LE. In these regimes, only one of the two partitioning criteria is 
fulfilled, either for α/γ or θ/γ. In case of a complete pearlite trans
formation, the partitioning of Mn between γ and one of the two product 
phases should already be sufficient to produce partitioning in the 
product phases. The regime of interest for this work is the one that 
fulfills the Mn partitioning criterion for α, but not for θ. It includes a 
large range of temperatures and compositions, especially at higher Mn 
and C contents, which have yet to be tested for Mn partitioning and the 

Fig. 1. Fe–Mn–C isothermal sections at a) 600 ◦C and b) 540 ◦C. BBlack bold lines illustrate the phase fields in GE. Black dotted lines indicate the metastable 
extrapolations of the α + γ and γ + θ phase field boundaries. The purple dot-dashed lines represent Mn partitioning boundaries for α (near horizontal) and θ (near 
vertical). P-LE and NP-LE regions are marked purple and gray, respectively. Alloys A and B, both lie outside these regions. The experimentally determined com
positions listed in Tables 2 and 3 are displayed.

M. Muench et al.                                                                                                                                                                                                                                Journal of Materials Research and Technology 39 (2025) 8984–8993 

8985 



possibility to apply the intended STA processing. However, with 
increasing Mn content the eutectoid line as well as the three-phase-field 
that separates the γ single-phase-field and the α + θ two-phase-field, 
shift to lower temperatures [18]. A lower transformation temperature 
as well as high contents of the slow-diffusing Mn will result in a currently 
unknown retardation of the pearlite transformation. Under such kinet
ically constrained conditions, the potential formation of metastable 
phases or alternative microstructures besides α + θ pearlite must also be 
considered. In Fe–Mn–C alloys, in particular, the possible precipitation 
of M5C2 [18] and M23C6 carbides, where M represents metallic elements, 
warrants attention, as their formation has been reported in Cr-rich and 
Al-rich Mn-containing steels [19,20].

Thus, the following research questions will be addressed in the 
present study. 

R1: Does a pearlite treatment for a low Mn containing Fe-3.0Mn-3.0C 
(in at.%) at 600 ◦C and for a high Mn containing Fe-6.9Mn-3.2C (in 
at.%) at 540 ◦C result in an entirely transformed microstructure 
comprising pearlite that only consists of α and θ?
R2: Does pearlite in these Fe–Mn–C alloys exhibit considerable Mn 
partitioning into θ and how does it compare to global equilibrium 
(GE) and LE conditions?
R3: Is it possible to achieve a α’ + γ microstructure by short-time 
austenitization from these pearlite conditions?

2. Simulations and experiments

2.1. Simulations

As mentioned in Sec. 1, out of the four regimes formed by the use of 
the two partitioning boundaries, only two have been addressed in 
literature thus far [14,15,17]: The P-LE regime and the NP-LE regime. 
For the pearlite transformation, these two regimes are uniquely defined 
by the fulfillment of the two independent Mn partitioning criteria be
tween α/γ as well as θ/γ [14,15,17]. An extensive explanation on the 
construction of the resulting partitioning boundaries is presented in the 
Supplementary Material Fig. S1. Their application for a given isothermal 
section of the Fe–Mn–C system is shown in Fig. 1 as two dot-dashed 
purple lines. The representation in Fig. 1 is given by using the derived 
quantities: 

UC =XC / (1 − XC) (1) 

and 

UMn =XMn / (1 − XC) (2) 

according to the treatment by Hillert [15] as well as Coates [17] and 
Hutchinson [14]. A detailed explanation of the physical meaning and 
practical usage of these variables can be found in the Supplementary 
Material of this article. The thermodynamic data was obtained using the 
2023 PanHEA database in the Pandat software provided by Compu
Therm (USA). The theoretical data on the phase-field positions of the 
Fe–Mn–C system are in good agreement with experimental literature 
data in the relevant compositional range [9,18,21–29]. All additional 
thermodynamic LE considerations that are not captured by Pandat were 
obtained using self-developed Matlab scripts which are published public 
domain [30].

While both the regime to the left as well as to the right of the 
intersection of the two dot-dashed lines in Fig. 1 a) and b) remain un
explored, the regime on the right is the scope of the present article. It 
includes high overall Mn contents which hold the potential of stabilizing 
large fractions of γ in the final microstructure after STA. Here, the par
titioning criteria are fulfilled for α, but not for θ formation. Inside this 
regime two model alloys, Alloys A and B, were selected. They lie inside 
the α + θ two-phase-field as well as inside the metastable extensions of 
the α + γ and γ + θ phase-field boundaries to avoid pro-eutectoid α or θ 

formation. The nominal composition is Fe-3.0Mn-3.0C (in at.%) for the 
Mn-lean Alloy A and Fe-6.9Mn-3.2C (in at.%) for the Mn-rich Alloy B. 
This corresponds to Fe-3.0Mn-0.7C and Fe-7.0Mn-0.7C in wt.% for Al
loys A and B, respectively.

2.2. Experiments

Alloy manufacturing was done by arc melting high purity bulk ele
ments as well as an in-house synthesized Fe3C obtained by the same 
method. The elements Mn (etched, nominal purity 99.8 %) and graphite 
(nominal purity 99.999 %) were provided by chemPUR GmbH (Ger
many). Fe (nominal purity 99.99 %) was provided by Alfa Aesar (United 
States). Arc melting was conducted in an AM/0.5 furnace provided by 
Edmund Bühler GmbH (Germany). The furnace chamber was evacuated 
to 5⋅10− 2 mbar and filled with Ar. This process was repeated for three 
times in total in order to purify the melting atmosphere. Then, a vacuum 
of less than 1⋅10− 4 mbar was established. The processing chamber was 
then filled with Ar once more to a pressure of 600 mbar. Residual O2 
within the furnace chamber was gettered by liquefying a Zr granule 
before melting the bulk elements. Every manufactured ingot was flipped 
and re-melted at least five times. The alloy ingots were homogenized 
utilizing a STF15/450 21–601449 tube furnace by Carbolite Gero GmbH 
& Co. KG (Germany) with flowing high purity Ar atmosphere. The heat 
treatment temperature was 1100 ◦C for a dwell time of 96 h. Heating and 
cooling were conducted at a rate of 115 K/h. The chemical composition 
was determined through optical emission spectroscopy (OES) by 
analyzing both, the top and bottom side after the last re-melting step. 
The results are displayed in Tables 2 and 3 for Alloys A and B, respec
tively. The standard deviation for all elements was determined to be <
0.07 at.% (0.07 wt%). Samples for further investigations were cut from 
the alloy batches using a high-speed rotatory cutting device (Struers, 
France).

Pearlite formation was carried out in air at atmospheric pressure 
using two pre-heated box furnaces. After completion of the prior aus
tenitization step at 910 ◦C for 1 h, an immediate furnace transfer was 
performed. Pearlite in Alloys A and B was formed at 600 ◦C for 16 h and 
540 ◦C for 96 h, respectively, based on initial trials to obtain relevant 
temperature/time combinations. The heat treatments were concluded 
by oil quenching.

The STA treatments were done in a pre-heated box furnace at 770 ◦C 
for 150 s and also concluded by oil quenching. To ensure a high heating 
rate, the samples were covered by pre-heated Al2O3 powder at the start 
of the treatment.

The samples for microstructure characterization were prepared by 
water-cooled grinding with SiC paper followed by standard metallo
graphic polishing steps with 3 and 1 μm polycrystalline diamond sus
pensions. As a finishing step, polishing with MasterMet-2 by Buehler 
(USA) was performed for 5 min. Samples were subsequently etched in a 
1 % Nital solution for 5 s. The grinding process was carried out to 
remove any decarburized layer that has formed during the heat treat
ments. Microstructure characterization was performed by scanning 
electron microscopy (SEM). For secondary electron (SEM-SE) as well as 
backscattered electron (SEM-BSE) contrast imaging, a Leo Gemini 1530 
field-emission SEM by Zeiss (Germany) was utilized. Low magnification, 

Table 1 
Lattice constants of α and θ for Alloys A and B determined via synchrotron XRD.

Phase Lattice Constants

a b c

Å

Alloy A α 2.868 – –
θ 5.080 6.748 4.520

Alloy B α 2.868 – –
θ 5.091 6.755 4.529
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wide field of view micrographs with high resolution were obtained by 
automated stitching in Microsoft Image Composite Editor. The quanti
fication of microstructural details including the area fractions of the 
constituting phases and morphologies was carried out using the ImageJ 
software. Estimates for the fractions of regions of similar morphology 
were done by manually selecting and asserting regions with θ aspect 
ratios close to one as fibrous. Fibers oriented parallel to the sample 
surface were therefore identified as lamellae. Micrographs for all anal
ysis were selected randomly and at different magnification to enable 
both a large overall area of investigation as well as high accuracy of the 
imaging. The difference in total area mapped between different 
magnification micrographs was considered. The determined area 

fractions were converted into volume fractions under the assumption of 
isometry and isotropy. A more detailed assessment of parameters like θ 
spacing or θ morphology fraction would require 3D methods for 
microstructure analysis, e.g. FIB tomography, and was not scope of the 
present study.

Phase identification and determination of lattice constants was done 
by means of transmission synchrotron X-ray diffraction (XRD) at 
beamline BL13XU, SPring-8 of the Japan Synchrotron Radiation 
Research Institute (JASRI). The diffraction experiments were performed 
using monochromatic synchrotron radiation at an energy of 30 keV (λ =

0.0413 nm) and 30 s exposure time. The calibration of the 2θ zero-shift 
and sample displacement was done with a standard specimen of ceria 

Table 2 
Compositions X, C activity in γ aγ

C, molar phase fractions fm and U of Alloy A according to thermodynamic calculations (GE, SCA-LE), experimental (exp.) results from 
APT analyses and reconstructions. + denotes experimental data. # denotes experimental data adjusted according to the thermodynamic dataset. The other data was 
derived from the thermodynamic dataset.

Condition Phase Position XC XMn UC UMn aγ
C fm

Alloy A – – 0.029 + 0.028 + 0.030 0.029 – –
GE α – 1 ⋅ 10− 4 0.011 1 ⋅ 10− 4 0.011 – 0.88

θ – 0.250 0.163 0.333 0.217 – 0.12
SCA-LE α γ 1 ⋅ 10− 4 0.021 1 ⋅ 10− 4 0.021 – 0.88

θ γ 0.250 0.080 0.333 0.106 – 0.12
γ α 0.031 0.114 0.032 0.118 0.29 –

θ 0.020 0.027 0.020 0.027 0.29 –
Exp. α – 1 ⋅ 10− 4 + 0.020 + 1 ⋅ 10− 4 0.020 – 0.95 +

θ – 0.262 + 0.218 + 0.355 0.295 – 0.05 +

Reconstr. α γ 1 ⋅ 10− 4# 0.020# 1 ⋅ 10− 4 0.020 – 0.95 +

θ γ 0.250# 0.222# 0.333 0.296 – 0.05 +

γ α 0.034 0.111 0.035 0.115 0.33 –
θ 0.017 0.089 0.017 0.091 0.16 –

Table 3 
Compositions X, C activity in γ aγ

C, molar phase fractions fm and U of Alloy B according to thermodynamic calculations (GE, SCA-LE), experimental (exp.) results from 
APT analyses and reconstructions. + denotes experimental data. # denotes experimental data adjusted according to the thermodynamic dataset. The other data was 
derived from the thermodynamic dataset.

Condition Phase Position XC XMn UC UMn aγ
C fm

Alloy B ​ – 0.029 + 0.069 + 0.030 0.071 – –
GE α – 1 ⋅ 10− 5 0.029 1 ⋅ 10− 5 0.029 – 0.88

θ – 0.250 0.375 0.333 0.500 – 0.12
SCA-LE α γ 1 ⋅ 10− 5 0.032 1 ⋅ 10− 5 0.032 – 0.88

θ γ 0.250 0.350 0.333 0.466 – 0.12
γ α 0.013 0.179 0.013 0.181 0.09 –

θ 0.010 0.147 0.010 0.148 0.09 ​
Exp. α – 2 ⋅ 10− 4 + 0.020 + 2 ⋅ 10− 4 0.020 – 0.80+

θ – 0.221 + 0.293 + 0.284 0.376 – 0.20 +

Reconstr. α γ 1 ⋅ 10− 4# 0.020# 1 ⋅ 10− 4 0.020 – 0.80 +

θ γ 0.250# 0.282# 0.333 0.376 – 0.20 +

γ α 0.054 0.158 0.058 0.167 0.76 –
θ 0.011 0.106 0.011 0.107 0.14 –

Fig. 2. SEM− SE micrographs (Nital etching) after completion of pearlite formation: a) Alloy A, 600 ◦C/16 h and b) Alloy B, 540 ◦C/96 h. No untransformed regions 
were found. θ appears light, α appears dark. Lamellar morphology is indicated by yellow, fibrous by red arrows. High resolution, wide field of view micrographs 
obtained from stitching are available via Ref. [33].
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(CeO2). Additionally, local analysis of the constituting phases was per
formed via selected area electron diffraction (TEM-SAED) with a JEM- 
2100F by Jeol (Japan) and a Titan3 by FEI (USA) transmission elec
tron microscope (TEM) operated at 200 kV and 300 kV, respectively. For 
determining the local composition of the phases, both energy dispersive 
X-ray spectroscopy in scanning TEM (STEM-EDS) as well as atom probe 
tomography (APT) were considered. However, due to significant inac
curacies introduced by quantifying the C content, APT was selected as 
the superior method both in terms of data accuracy and spatial resolu
tion [31]. The experiments were performed on both alloys after pearlite 
formation with a LEAP 4000X HR by Cameca (France). Data presented in 
the main article were generated in voltage mode, while additional data 
depicted in the Supplementary Material were generated in laser mode. 
Tip preparation was done via focused ion beam (FIB) milling with an 
Auriga 60 by Zeiss (Germany). Tips presented in the Supplementary 
Material were coated with Cr to increase tip stability, following the 
routine used in Ref. [32]. Peak decomposition was required for the θ 
regions, which was applied by the integrated feature of the AP Suite 6.3 
software (Cameca, France). The software decomposes overlapping peaks 
by considering the remaining unique peak(s) of the species of interest of 
the same charge and applies the relative natural abundances to weigh 
the contribution of that species to the initial peak. An example for this 
would be C1+

2 and C2+
4 in θ. Both species exhibit peaks at 24 and 25 Da. 

However, C2+
4 possesses a unique peak at 24.5 Da as well. Considering 

the natural abundances of the different C2+
4 isotopes, the contribution to 

the peak at 24 Da and 25 Da can be derived, which leaves the remaining 
counts of the peaks for C1+

2 .

3. Results and discussion

3.1. Pearlite formation

In Fig. 2, micrographs of both alloys are shown after their respective 
pearlite treatments: 600 ◦C/16 h for Alloy A and 540 ◦C/96 h for Alloy B. 
A complete transformation was achieved for both alloys. High resolu
tion, wide-field-of-view micrographs achieved by stitching proving the 
statement are provided via a public repository [33].

With respect to pearlite morphology, a notable difference between 
the two alloys is obtained. Both exhibit extended regions of fibrous 
morphology, comprising volume fractions of (0.91 ± 0.08) and (0.32 ±
0.12) of the pearlite in Alloys A and B, respectively. The volume-specific 
phase fraction of θ is (0.06 ± 0.01) for Alloy A and (0.21 ± 0.02) for 

Alloy B. Alloy B frequently exhibits regions of increasing interface 
spacing towards the colony boundaries, thus, at potentially late stages of 
the transformation before completion. Due to their low overall fraction 
of (0.02 ± 0.01), these regions were not included in the randomly 
selected micrographs to determine the volume-specific phase fractions.

To identify the constituting phases of both alloys after the pearlite 
treatment, transmission XRD experiments were performed. Addition
ally, the corresponding lattice parameters were determined. Due to large 
pearlite colony size, preferred orientation and intensities different from 
powder diffraction patterns were obtained. This obstructs quantification 
of phase fractions. All analyzed peaks were exclusively attributed to 
either α or θ, as shown in Fig. 3 and no evidence for any other carbide 
than θ or untransformed γ was found. The (211)θ and (112)θ peaks were 
considered to uniquely identify the carbide as θ. The lattice constants of 
both phases are summarized in Table 1. The results indicate a similar 

Fig. 3. Transmission XRD patterns of: a) Alloy A and b) Alloy B. The intensity is plotted as a function of 2Θ. Characteristic diffraction peaks corresponding to α are 
marked in red, while peaks associated with θ are highlighted in blue. All relevant peaks of θ are highlighted below the pattern, while the (211)θ and (112)θ peaks 
were used to uniquely identify the carbide. Note that due to the orthorhombic unit cell of θ individual sets of planes are indexed, while for cubic α the respective 
families of planes are indexed. The difference is highlighted by utilizing different parentheses.

Fig. 4. TEM bright field micrographs (a),c)) and corresponding TEM-SAED 
patterns (b), d)) of: a), b) fibrous regions from Alloy A and c),d) lamellar re
gion from Alloy B. The zone axes (ZA) in both b) and d) are [111]α ‖ [100]θ.
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chemical composition of α while a significant difference can be expected 
for θ.

Further characterization of the pearlite was done via TEM imaging 
and electron diffraction. Due to the large pearlite colony size, TEM 
specimens were taken from representative regions, i.e. a fibrous colony 
for Alloy A and a lamellar colony for Alloy B. Both lift outs were taken in 
regions of near constant interface spacing (73 ± 26 nm) and (104 ± 19 
nm), respectively. Bright field micrographs as well as the TEM-SAED 
patterns are shown in Fig. 4. The zone axes in both Fig. 4 a) and d) 
are parallel to the [100]θ direction following the lattice parameter 
convention, b > a > c for θ. The lift outs were chosen perpendicular to 
the long fiber axes for Alloy A (Fig. 4 a)) and the lamellar plane for Alloy 
B (Fig. 4 c)). In such a scenario, fibrous and lamellar colonies of interest 
cannot be distinguished from one another as both appear similar at the 
sample surface. They can only be distinguished after cutting a FIB trench 
and subsequent cross-sectional imaging. For both samples, the trans
mission XRD results regarding the constituting α and θ phases were 
confirmed by TEM-SAED patterns in Fig. 4 b) and d), respectively. 
Furthermore, the orientation relationship (OR) was determined. The 
investigated colonies of Alloys A and B both exhibit variants of the 
Isaichev OR with 〈111〉α ‖ 〈100〉θ and {121}α ‖ {011}θ, which is well 
established for pearlite [34]. Please note that Fig. 4 a) for Alloy A ex
hibits a twin site of the OR with a (011)θ habit plane instead of (011)θ as 
for Fig. 4 b). The θ twin variant is of compound character with the habit 
plane (011)θ, shear direction [011]θ and shear plane (100)θ. Further
more, the twin orientation can be achieved via a rotation of the θ matrix 
crystal around the [100]θ direction by 111.8◦. This equates to the angle 
between (011)θ and (011)θ in the θ unit cell.

The Isaichev OR might mistakenly be expressed by defining the habit 
plane according to {011}α ‖ {031}θ. This can be attributed to the very 
small angular mismatch (0.3◦) between the sets of lattice planes 
involved. However, the angular mismatch becomes more apparent for 
high indexed spots.

Samples for APT were selected in similar fashion like the TEM 
specimens, i.e., lift out via FIB in a fibrous colony for Alloy A and in a 
lamellar colony for Alloy B, both within regions of nearly constant 
interface spacing. In total, four tips were analyzed with two for Alloy A 
stemming from the same colony and two for Alloy B from different 
colonies. One of each alloy is discussed as an example. The remaining 
data agrees with the statements and discussion. The data is included in 
Fig. S2, Fig. S3 and Table S1 of the Supplementary Material. To allow for 
a more detailed assessment of the chemical composition, the local phase 
fractions were determined at the lift out position from SEM− SE micro
graphs. The local θ volume fraction of Alloy A is 0.05, while it is 0.19 for 

Alloy B. These values were then converted to the local molar phase 
fractions fm which are provided together with the values for α in Tables 2 
and 3 for Alloys A and B, respectively.

Two reconstructed tips are depicted in Fig. 5. Both show Mn and C 
enrichment coinciding in the same region, a θ fiber (Fig. 5a)) for Alloy A 
and lamella (Fig. 5b)) for Alloy B. The determined C content of θ in all 
tips (Table 2, Table 3 and Table S1 in the Supplementary Material) de
viates from the stoichiometric expectation, which may be explained by 
different phenomena. Possible scenarios are discussed in Ref. [35,36]. 
An additional aspect that could have affected the evaporation and, 
therefore, quantification of C is the difference in θ morphology. How
ever, as the focus of this work is the Mn partitioning, this matter is not 
discussed further here.

While Alloy A shows a Mn content of 21.8 at.% (vs. 2.8 at.% in the 
alloy) within θ, Alloy B exhibits 29.3 at.% of Mn (vs. 6.9 at.% in the 
alloy). Thus, Mn partitioning takes place during the pearlite reaction for 
both alloys, regardless of being located outside the P-LE region in the 
isothermal sections of Fig. 1. A more detailed overview of the local 
chemical compositions, including the C contents, are shown in Tables 2 
and 3 for Alloys A and B, respectively. The interface between α and θ was 
investigated for potential element segregation. Considering the spatial 
resolution limit of roughly 2 nm [31], all tips indicate practically sharp 
interfaces with no detectable segregation. The concentration profiles 
that were used for the analysis are shown in the Supplementary Mate
rial, Fig. S3 a,c) for the tips discussed in the main article and b), d) for 
the additional ones.

3.2. Local equilibrium models and reaction kinetics

The results presented in Sec. 3.1 show that pearlite formation can 
lead to significant Mn partitioning even when formed outside the P-LE 
regime. The P-LE and NP-LE regimes result directly from the Mn parti
tioning boundary lines for pro-eutectoid α and θ formation, see Fig. 1. 
These boundary lines originate from the LE design of the two reactions 
and describe the thermodynamic requirements of partitioning between 
α/γ and θ/γ, respectively. Taking pro-eutectoid α formation as an 
example: For each composition on the α partitioning boundary line, the 
LE predicts the same UMn within the forming α and the bulk γ. The 
forming α can thus dissolve the overall Mn content within the alloy, 
making Mn partitioning thermodynamically unnecessary. This condi
tion is met for all compositions below this partitioning boundary for a 
given isothermal section (NP-LE for α formation). In case of pro- 
eutectoid θ formation, the same holds true for all compositions to the 
right of the boundary (NP-LE for θ formation). Hence, composition and 
temperature should be selected to lie in the respective P-LE regime if Mn 
partitioning is to be guaranteed during the reaction. For pearlite for
mation, where both partitioning boundaries are applied simultaneously, 
a similar argument is possible. This can be attributed to the fact that 
during the transformation, the forming α and θ are in contact with γ at 
the reaction front and are therefore expected to form two independent 
LEs between α/γ and θ/γ, respectively. For a complete pearlite trans
formation (γ → α + θ in the two-phase-field), elemental partitioning 
associated with the LE at the reaction front must be accommodated 
entirely by the product phases α and θ. Hence, it is reasonable to assume 
that already fulfilling a single partitioning criterion for pearlite forma
tion inside the two-phase-field is sufficient to eventually achieve Mn 
partitioning between α and θ. In the present study, this is shown for the 
interesting region where the Mn partitioning criterion is fulfilled only 
for α. Consequently, possibilities of similar partitioning in the other 
regimes remain, i.e. the partitioning criterion is fulfilled for θ/γ but not 
for α/γ as well as the NP-LE regime with none of the two fulfilled. 
Following the prior argument, partitioning of Mn at either of the two 
interfaces must result in partitioned pearlite, if a complete trans
formation occurs and the overall Mn content exceeds its solubility in α. 
Within the NP-LE regime however, Mn partitioning between the two 
interfaces should be negligible and therefore finally also between α and 

Fig. 5. Reconstructed APT tip of: a) Alloy A with a θ fiber and b) Alloy B with a 
θ lamella. Fe is represented in red, Mn in blue and C in orange. The fiber and 
lamella are enriched in C and Mn. For α, the volume that was used to determine 
the chemical composition is illustrated via the black boxes. For θ, the analyzed 
volume was selected inside a Mn iso surface to avoid the effect of inter
face regions.
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θ. Modelling such a transformation demands extremely sharp concen
tration profiles. Bhadeshia [37] argues, that these profiles are physically 
questionable. Based on the theory of spinodal decomposition [38–41], 
he derived substantial energetic penalties for such strong concentration 
gradients, so much that they are unlikely to occur. Supporting this 
theoretical derivation is the lack of experimental evidence of these sharp 
concentration spikes at the interface, which are summarized in 
Ref. [42]. This raises doubts on the transition between the LE conditions 
and even whether NP-LE exists for reconstructive phase transformations 
[37].

While the concept of the partitioning regimes, especially with respect 
to the existence of NP-LE is questionable, the LE model by Hutchinson 
et al. [14] for pearlite formed within the α + θ two-phase-field remains 
promising when it comes to predicting its composition. As it was 
designed independent of the pro-eutectoid reactions, its application is 

not restricted to the partitioning regimes, as shown in Fig. 6 a) and b) for 
Alloys A and B, respectively. The design principle is based on what was 
first proposed by Hillert (the original Ref. is summarized and reproduced 
in Ref. [43]) and later independently by Kirkaldy [16] that for simul
taneous Mn and C partitioning, the driving force for C diffusion in γ 
ahead of the reaction front must be reduced to compensate for the orders 
of magnitude difference in diffusion coefficients of the elements. To 
achieve this condition for pearlite, Hutchinson et al. [14] demand that γ 
in contact with either growing θ or α are required to share the same C 
activity aγ

C. The γ compositions ahead of θ and α are located on the same 
C iso-activity line in Fig. 6 (blue dots on the C iso-activity line at the 
intersections with the dotted, metastable extensions). The forming θ and 
α are obtained from following the tie lines (blue, solid lines) connected 
to these γ compositions. As Hutchinson et al. [14] experimentally ob
tained a steady-state growth of pearlite within the α + θ, two-phase-field 

Fig. 6. Schematic design according to SCA-LE in isothermal sections: a) Alloy A at 600 ◦C and b) Alloy B at 540 ◦C. The illustration of the isothermal section is the 
same as for Fig. 1. The blue solid lines indicate tie lines while the blue dashed line is the line connecting θ and α forming during steady-state pearlite growth. The 
predicted enrichment of Mn in θ is: a) 8.0 at.% (vs. 2.8 at.% in Alloy A) and b) 35.0 at.% (vs. 6.9 at.% in Alloy B).

Fig. 7. Fe–Mn–C isotherms at: a) 600 ◦C and b) 540 ◦C. The illustration of the isothermal section is the same as for Fig. 1. The active tie lines (orange, full) as well as 
the line connecting (orange, dashed) the α and θ compositions are shown. The applied uncertainty for the composition of θ impacts both the position of the con
necting line as well as the γ/θ tie line. The possible positions of the connecting line are indicated by an orange box. For the endpoints of the γ/θ tie line, the possible 
range is indicated by black arrows and open data points (orange). Alloys A and B both lie considerably off the connecting line.
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with constant growth rate and interface spacing, an additional boundary 
condition regarding the overall composition of the growing pearlite was 
introduced. Namely, its composition must be consistent with the alloy 
composition. This can only be achieved when the connecting line (blue, 
dashed line) between the growing θ and α intersects the alloy compo
sition. This connecting line does not represent a tie line as the two 
growing phases are not in equilibrium with each other. In what follows, 
this design principle is referred to as steady-state, C activity-based local 
equilibrium condition (SCA-LE). As depicted in Fig. 6, the application of 
the SCA-LE design indicates an enrichment of Mn in θ during pearlite 
formation even though it is being applied to Alloys A and B outside the 
P-LE regime.

They experimentally validated predicted pearlite compositions via 
STEM-EDS [14]. In the present work, APT was chosen as it allows an 
increased quantification accuracy for both C and Mn [31]. To 
re-evaluate the viability of the SCA-LE method, its main design princi
ples are compared to the experimental data of Alloys A and B in the 
following. It is assumed that the experimentally determined composi
tions of α and θ (Tables 2 and 3 for Alloys A and B, respectively) 
correspond to their compositions during the reaction right after the re
action front has passed the region of interest. This assumption is based 
on the findings of Hutchinson et al. [14]. They determined the Mn 
content in partitioned Fe–Mn–C pearlite as a function of distance from 
the reaction front for a given transformation condition. In addition, 
pearlite colonies were analyzed at different stages of the transformation, 
i.e. after different hold times at the respective pearlite formation tem
perature. Both analyses suggest that when pearlite formation is per
formed in the two phase-field, the chemical composition of a specific 
region within a sample remains near constant even after extended hold 
times [14]. Since the pearlite treatment was terminated shortly after the 
complete transformation, a comparison between the SCA-LE model and 
post-transformation experimental LE data is viable. The APT data of the 
two product phases allows for a reconstruction of the γ/α and γ/θ tie 
lines, as each composition of the product phases may only be described 
by a single tie line. The validation will focus on whether the recon
structed tie line end points for the γ/α and γ/θ interfaces share the same 
C iso-activity and whether the connecting line between the α and θ 
compositions intersects the overall alloy composition.

For the γ/θ tie line reconstruction, the C content within the θ was set 
to 25.0 at.%. This was done via a count correction of the C ions and 
therefore the total amount of ions that were included in the APT analysis 
of θ. The resulting Mn content was then deliberately equipped with a 
conservative uncertainty of ±3.0 at.% to account for any inaccuracy 
introduced by the quantification of C. The α composition was not 
changed, however, as the determined composition does not lie exactly 
on the respective metastable phase-field extension, the reconstructed 
γ/α tie line slightly differs in its α composition. Fig. 7 shows the 
reconstructed tie lines as well as the connecting line for Alloys A and B in 
Fig. 7 a) and b), respectively. The compositions of all phases at the 
respective interfaces, as well as the C activities in γ aγ

C are appended to 
Tables 2 and 3 as the reconstructed data. To further assist with the 
analysis, the GE condition that might be achieved after an infinitely long 
hold time is also given in Tables 2 and 3 for both alloys.

Considering Tables 2 and 3, the γ in contact with α and θ do not share 
the same C activity for the two alloys. This remains true even when a 
conservative uncertainty of the θ composition is considered.

Furthermore, the connecting line between α and θ does not intersect 
the alloy composition for both alloys. Such a scenario is only possible if 
the composition of the forming pearlite does not correspond to the 
overall composition of the alloy, i.e., the reaction does not meet steady- 
state conditions. Hutchinson et al. [14] already noted this and included 
such a possibility when introducing the SCA-LE model. As the C 
iso-activity line, which determines the local equilibria at the reaction 
front in SCA-LE, is not required to intersect the alloy composition, C 
diffusion between γ at the interface and the bulk is possible (when a 

difference in C activity exists). Despite this, the transformation follows 
apparent steady-state conditions for most of the duration, with a near 
constant interface velocity and interface spacing [14]. This growth 
continues until the change in C content within the diminishing γ be
comes so drastic that an abrupt change in growth is required. In 
Fe–Mn–C pearlite, this may be expressed by a sudden increase or 
decrease in the interface spacing of the θ [14]. One aspect that must be 
mentioned in this context is that spacing alone is insufficient to describe 
this phenomenon. As C solubility in α and θ is either extremely small or 
at a stoichiometric 25 at.%, a drastic change in C content in the γ near 
the reaction front can only be accommodated by a shift in the product 
phase fractions. Additionally, an increase or decrease in interface 
spacing may be observed.

For the two cases depicted in Fig. 2, SCA-LE predicts that the activ
ities in bulk γ are higher than in the near-interface γ. Thus, a diffusion 
flux of C towards the interface would be possible during most of the 
growth for both alloys, potentially depleting the bulk γ in C. In contrast, 
the reconstructions of the experimental results indicate that the C ac
tivity in γ ahead of the growing α is larger than that ahead of θ, while the 
C activity of the bulk γ is larger than both for Alloy A and in between the 
two for Alloy B. To further investigate any possible bulk diffusion during 
the reaction, analyzing the local chemical composition of the product 
pearlite is a viable method. Of interest is the deviation of both the Mn 
and C content between the pearlite and the bulk γ, which is equal to the 
overall alloy composition for a large part of the reaction.

To determine the local composition of pearlite, both the recon
structed chemical composition as well as the phase fractions of the 
product phases are necessary and summarized for Alloys A and B in 
Tables 2 and 3, respectively. This allows for the actual composition of 
the pearlite to be calculated by: 

(
XC
XMn

)

=

⎛

⎝
Xα

C

Xα
Mn

Xθ
C

Xθ
Mn

⎞

⎠

(
fα
m

fθ
m

)

(3) 

Here, XY represents the total molar fraction of the element Y within 
the pearlite in the region of interest, XZ

Y is the molar fraction of Y in 
phase Z and fZ

m is the molar fraction of phase Z. For Alloy A, the local 
composition of the pearlite is XC = 1.3 at.% and XMn = (3.0 ± 0.2) at.% 
(vs. 2.9 at.% C and 2.8 at.% Mn in the alloy) and for Alloy B XC = 5.0 at.
% and XMn = (7.2 ± 0.6) at.% (vs. 2.9 at.% C and 6.9 at.% Mn in the 
alloy). For both cases, pearlite resembles the Mn content of the bulk γ 
(alloy composition), but not the C content. In the case of Alloy A, γ 
would become enriched in C during growth, while the C content in γ 
would have decreased in Alloy B. However, characteristic features in the 
microstructure suggesting such varying growth conditions were only 
observed in Alloy B. Here, depending on the orientation of the pearlite 
colonies to the surface, an increase in the lamellar spacing and a 
reduction in the θ fraction was observed. In Alloy A, no features corre
sponding to C enrichment of γ during growth were found. The reason for 
this is most likely the heterogeneity of the predominantly fibrous 
microstructure as the longitudinal axis of the fiber must be oriented 
parallel to the sample surface to clearly observe changes in spacing and 
phase fraction during growth.

These results were not consistently predicted by considering the C 
activity values of the SCA-LE method. The same holds true for the 
experimentally reconstructed SCA-LE data. Considering the deviation of 
the LE model from the present experimental data, SCA-LE in its current 
form does not seem suitable for accurate predictions in the investigated 
parameter space, ranging from 3 wt% Mn and 600 ◦C transformation 
temperature to 7 wt% and 540 ◦C, respectively. In addition to the un
derlying diffusion problem of simultaneous Mn and C partitioning, 
modelling pearlite formation in the two-phase-field specifically requires 
the consideration of two more aspects. The first one is the apparent 
steady-state character of the transformation. SCA-LE was developed 
with the goal of modelling a steady-state reaction [14]. This decision is 
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based on the two steady-state features of the reaction, namely the near 
constant growth rate and interface spacing (for most of the reaction). 
However, while appearing as steady-state in this regard, the reaction 
most likely exhibits constant bulk C diffusion to or away from the re
action front for a large set of parameters. While SCA-LE addresses the 
constant volume fraction during growth by the design of the connecting 
line intersecting the alloy composition, the C activity difference between 
interface and bulk γ in most cases will violate steady-state requirements 
as a constant diffusion flux is enforced. Another aspect is the occurrence 
of different θ morphologies, which are a prominent feature in the present 
alloys but rarely addressed in literature. The difference in curvature of 
fibrous and lamellar θ at the reaction front might be too large to be 
neglected and might affect the LEs. In summary, a more precise LE 
model could be developed if adequate considerations of the (quasi-) 
steady-state conditions and the interface curvature at the reaction front 
are incorporated.

3.3. Short time austenitization

Apart from the theoretical models to describe the Fe–Mn–C pearlite 
reaction, the APT results clearly show a significant Mn partitioning be
tween α and θ for both alloys. In order to validate if the respective Mn 
pattern is sufficient for the promising scheme introduced by Sun et al. 
[9], an STA treatment was performed. A successful STA treatment is 
considered an independent, statistically relevant proof of Mn parti
tioning, as the lamellar/fibrous α’ + γ microstructure cannot be syn
thesized without it. The heat treatment was conducted at 770 ◦C for 150 
s for both alloys and was concluded via oil quenching. Micrographs after 
the treatment can be seen in Fig. 8 a) and b) for Alloys A and B, 
respectively. For the given set of parameters, a complete transformation 
to γ was observed. The novel α’ + γ microstructure can be easily 
distinguished from the initial pearlite as there is a contrast inversion in 
both SEM− SE and SEM-BSE contrast. While in pearlite the minority 
phase θ appears bright, the minority phase γ appears dark. Both alloys 
largely retained their morphology when compared to the initial pearlite, 
i.e. both still show fibrous (highlighted by red arrows in Fig. 8 a)) as well 
as lamellar (highlighted by yellow arrows in Fig. 8) domains. However, 
both alloys also show regions with no distinct morphology (highlighted 
by blue arrows in Fig. 8). After a region was transformed to γ, any 
additional hold time can be considered as a homogenization, where the 
Mn pattern gradually dissolves. The process is expected to be fastest in 
regions of small lamellar spacing, as well as weak Mn pattern. A sig
nificant local Mn homogenization may therefore be achieved already 
during the transformation to γ. For a given pearlitic sample, this can be 
partially or completely avoided by choosing the STA temperature suf
ficiently high to allow for a fast transformation. An STA temperature 
only slightly above A3/ACM (C- and Mn-dependent lower temperature 
limits, at which α/θ will be entirely transformed to γ) may result in a 
slow transformation, which allows already transformed regions to be 

homogenized before the microstructure is entirely austenitic. Substan
tially homogenized regions are unable to retain the aspired morphology, 
as the peak Mn content is insufficient to stabilize γ.

4. Conclusions

Two model alloys were subjected to a pearlite treatment fulfilling the 
Mn partitioning criterion only for α, but not for θ and therefore outside 
the established P-LE and NP-LE regimes. After the pearlite formation, an 
STA treatment was applied. With respect to the initial research questions 
R1 to R3, the following conclusions can be drawn. 

R1: Even at low transformation temperatures and high Mn contents 
(540 ◦C and 6.9 at.%), a complete pearlite transformation is achieved 
with α and θ being the only constituting phases.
R2: Pearlite formation in the regime where the Mn partitioning 
condition is fulfilled only for α (and not for θ) still results in 
considerable Mn partitioning, indicating that partitioning occurs in a 
wider range of Mn and C contents as well as transformation tem
peratures than previously assessed in literature. Considering the 
similar composition and lattice constants of α in both alloys, it is 
likely that the low Mn equilibrium solubility of α is the decisive 
factor for the degree of partitioning between the two product phases. 
Thus, if the overall Mn content exceeds the solubility limit, notice
able Mn partitioning can be expected irrespective of predicted par
titioning regimes. The detailed analysis of experimental APT data on 
two Fe–Mn–C alloys, one with a low and one with a high Mn content, 
suggests that the reaction cannot be described using the SCA-LE 
method under the above conditions. The reconstructed tie lines do 
not share a common C iso-activity in γ. Furthermore, the reaction 
does not follow conventional steady-state conditions, as already 
indicated in Ref. [14]. Despite a quasi-steady-state growth for most 
of the reaction, the pearlite inherits the overall alloy composition 
only with respect to the Mn content. The C content may vary during 
growth, enabling a significant deviation of the phase fractions within 
the quasi-steady-state regions compared to the predicted LE and GE 
values.
R3: The chemical Mn pattern in both alloys is sufficiently strong to 
achieve the anticipated α’ + γ microstructure via STA from the initial 
pearlite. This provides independent proof of substantial Mn 
partitioning.
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Fig. 8. a) and b) show micrographs of Alloys A and B using SEM-BSE (Nital etching) contrast after the STA treatment, respectively. No untransformed regions were 
observed for either alloy. Dark regions are γ, while medium gray regions are α’. Lamellar morphology is marked by yellow, the fibrous by red arrows. The blue arrows 
indicate regions without retained morphology.
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