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A B S T R A C T

High-entropy alloys (HEAs) have been extensively investigated during the last two decades. While substantial 
progress has been made in understanding their phase stability, microstructure, and deformation mechanisms at 
room and cryogenic temperatures, the long-term creep behavior (>100 h) of HEAs at high temperatures (>0.6 
Tm, where Tm is the melting temperature) remains relatively underexplored. This knowledge gap is critical, as 
many engineering applications, including those for power generation and propulsion, require materials with 
good creep resistance to maintain structural integrity over extended service lifetimes. This review provides a 
focused and critical assessment of the current understanding of high-temperature deformation and creep 
behavior of HEAs, with particular attention paid to face-centered cubic HEAs and body-centered cubic refractory 
HEAs. The underlying deformation mechanisms governing their creep response and the influence of phase sta
bility at elevated temperatures are examined in detail. Recent studies reveal mechanistic differences between 
HEAs and conventional dilute alloys that do not always lead to improved creep resistance belying their initial 
promise. Based on these findings, we discuss the challenges in designing HEAs for high-temperature structural 
applications and outline future research directions that may lead to creep-resistant HEAs.

1. Introduction

The pursuit of materials with better mechanical properties is a con
stant endeavor in materials research. Among these, resistance to creep 
deformation is one of the most important considerations for structural 
materials intended to operate at elevated temperatures over prolonged 
periods of time. Conventional superalloys perform well up to about 
1100 ◦C in power generation and transportation roles due to their un
rivaled combination of relevant properties related to oxidation [1–3], 
fatigue [4–6], creep [7–12] and fracture toughness [13,14]. However, 
the need for materials that can operate at even higher temperatures 
while maintaining adequate creep properties has motivated research 
into alternative alloy systems [15,16].

High-entropy alloys (HEAs), which comprise multiple principal ele
ments in significant concentrations [17], have attracted considerable 
attention over the past two decades as a distinct class of materials. In this 
review, we define HEAs rather broadly and include under its umbrella 
both single- and multi-phase alloys comprising 3 or more principal el
ements, as well as those referred to as multiple principal element alloys 

(MPEAs) or compositionally complex alloys (CCAs) [18–23]. To date, 
HEA research has mostly focused on two families. The first family is the 
face-centered cubic (FCC) HEAs consisting of 3d-transition metals (V, Cr, 
Mn, Fe, Co, Ni, Cu) [17,24–26]. These alloys exhibit exceptional me
chanical properties at room and cryogenic temperatures; several ex
emplars have achieved excellent strength and ductility [27,28] as well 
as record-breaking fracture toughness [29–31]. However, single-phase 
FCC HEAs tend to lose strength significantly at elevated temperatures 
[27,32], which motivated the addition of (Al, Ti) to obtain multi-phase 
structures for improved strength (e.g., FCC-L12-B2 high-entropy alloys 
[33–36] and FCC-L12 high-entropy superalloys [37–41]).

The second family is the body-centered cubic (BCC) HEAs consisting 
of Ti, V, Cr, Zr, Nb, Mo, Hf, Ta, W [42–45]. Invented by Senkov et al. 
[45–47], these BCC HEAs are often termed refractory high-entropy al
loys (RHEAs) due to their high melting points and were expected to 
perform at temperatures beyond those of current Ni-based superalloys. 
Some RHEAs, such as the equiatomic MoNbTaWV alloy, can retain a 
very high compressive yield strength of ~500 MPa at 1600 ◦C [47]; 
however, it lacks tensile ductility [48,49]. Others such as the equiatomic 
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HfNbTaTiZr alloy are ductile and malleable [46] but have low yield 
strengths at elevated temperatures [50]. To increase strength, two ap
proaches have been followed: 1. Al and Zr have been added to the latter 
family to promote the formation of a BCC–B2 dual-phase structure 
[51–53], analogous to the FCC–L12 structure in conventional superal
loys. These two-phase RHEAs are sometimes referred to as refractory 
high-entropy superalloys (RHSAs); and 2. Oxide dispersion strength
ening (ODS) using Y2O3 particles to improve the creep resistance of both 
FCC [54–58] and BCC [59,60] HEAs. In this review, the creep properties 
of the above single-phase and multi-phase FCC and BCC HEAs are 
covered in detail. Other types of HEAs, such as hexagonal close-packed 
(HCP) HEAs consisting of Cd, Mg, Os, Re, Ru, Tc, Zn, Co, Be, Sc, Ti, Zr, Hf 
[61,62] and light-weight HEAs containing Li, Be, Mg, Al, Cr, Fe, Mn, Ti, 
V, Zr [63–65], have not demonstrated the desired combination of 
high-temperature capability and structural integrity and are therefore 
excluded from this review.

Creep deformation in pure metals and alloys typically progresses 
through three distinct stages: primary, secondary, and tertiary creep. 
Secondary creep is the most extensively studied stage because it typi
cally accounts for the largest portion of total creep strain (and thus creep 
life). In this stage, the creep rate reaches a minimum value which can 
sometimes remain constant for an extended period due to a dynamic 
equilibrium between work hardening and recovery [66–70], in which 
case it is also referred to as steady-state creep. In other cases, no real 
steady state is reached during secondary creep, and it is better described 
by a minimum creep rate. The steady-state or minimum creep rate 
(ε̇SS or min) as a function of the applied stress (σ) is typically described by 
the following power-law relationship [67,69–72]: 

ε̇SS or min =Aσn exp
(

−
QC

RT

)

, (1) 

where A is a material constant that includes the dislocation density and 
elastic properties, n is the stress exponent, QC represents the apparent 
activation energy for creep, R is the gas constant, and T is the absolute 
temperature. The governing creep mechanisms are often characterized 
by the stress exponent n and the activation energy QC, as summarized in 
Table 1. Additional creep mechanisms in multi-phase HEAs, captured 
under the term “dislocation-particle interactions”, will be discussed in 
the following sections that present their creep data.

Compared to the extensive investigations of the above creep mech
anisms in conventional dilute alloys, the history of creep studies in HEAs 
is relatively short and much remains to be understood. For example, the 
compositional complexity of HEAs can arguably be manifested as rugged 
potential energy landscapes that can influence phase stability [73–77], 
diffusion pathways [78–81], and defect energetics [82–86]. This raises 
fundamental scientific questions such as whether HEAs can exhibit su
perior creep resistance due to concentrated solid solution strengthening 

and severe lattice distortion, whether a concentrated solid solution with 
a rugged potential energy landscape and local composition fluctuations 
can slow down (or accelerate) dislocation kinetics and vacancy diffu
sion, and whether the high configuration entropy of HEAs can lead to 
enhanced phase stability during creep. It has been speculated that some 
of these factors can be beneficial for creep of HEAs [87–89], yet 
extensive creep data of single-phase HEAs have suggested that these 
hypotheses have either not been validated or the purported effects are so 
insignificant that their creep resistance often falls short of existing 
commercial alloys [90–92]. In comparison, limited work on some 
multi-phase HEAs [57,93] show intriguing hints of the potential to 
surpass their commercial counterparts by combining concentrated solid 
solution hardening and precipitate/dispersion strengthening. This re
view provides a detailed analysis of the deformation mechanisms and 
microstructural evolution of single-phase and multi-phase HEAs during 
creep, along with a critical evaluation of their suitability for 
elevated-temperature applications.

Numerous studies have investigated nanoindentation creep in HEAs 
[94–109]; however, the small deformation volumes involved lead to 
mechanisms that differ significantly from those in bulk samples. While 
the understanding gained from small-scale testing is scientifically 
important, nanoindentation creep is excluded from the scope of this 
review to keep the overall length manageable. Another exclusion is 
oxidation resistance, which is clearly a critical aspect of 
high-temperature materials; however, it has recently been comprehen
sively addressed elsewhere [110–114] and is therefore not covered here. 
We conclude our review with suggestions for future research directions 
aimed at advancing the fundamental understanding of high-temperature 
mechanical behavior and enhancing the creep resistance of HEAs.

2. Creep properties of FCC high-entropy alloys

2.1. Single-phase FCC high-entropy alloys

Initial investigations into the creep behavior of HEAs primarily 
focused on the single-phase FCC, equiatomic CrMnFeCoNi (the so-called 
“Cantor alloy” [24]) and its derivatives [87,88,92,115–125], which 
served as a model alloy system to evaluate the creep behavior in this 
novel class of materials. Important parameters for creep, including test 
temperatures, specimen microstructure, the stress exponent n, and the 
apparent activation energy for creep QC, are summarized in Table 2. For 
clarity, all alloy compositions in this paper are expressed in atomic 
percent, except in cases where equiatomic compositions are 
self-evident. This convention is adopted to eliminate ambiguity because 
several reported compositions in the literature are originally given in 
atomic ratios or weight percent. Secondary creep data as a function of 
applied stress, either directly from data tables in references or extracted 
using a plot digitizer, are provided in Supplementary Table 1 in the 
Appendix.

Most of these studies investigated the creep behavior of cold worked 
and recrystallized polycrystalline HEAs at intermediate temperatures 
(500–700 ◦C, corresponding to approximately 0.5–0.6 Tm) and high 
temperatures (700–1100 ◦C, or 0.6–0.85 Tm). That is, the investigations 
started with comparable, well-annealed, low-dislocation-density mi
crostructures. Generally, the activation energy for creep is in reasonable 
agreement with bulk tracer diffusivities of Cr, Mn, Fe, Co, Ni in a 
CrMnFeCoNi solid solution matrix, from which the arithmetic average 
activation energy for diffusion was determined to be 294-303 kJ/mol 
[89,126] and of Cr, Fe, Co, Ni in CrFeCoNi, which similarly yielded an 
activation energy of 280 kJ/mol [126].

At intermediate temperatures, stress exponents for CrMnFeCoNi 
exhibit a five-three-five power-law transition with increasing applied 
stress (Fig. 1a and b) before reaching power-law breakdown at still 
higher stresses (Fig. 1c) [87,88,116]. This phenomenon is widely 
observed in solid solutions when creep controlled by solute drag be
comes dominant at a specific combination of temperature and stress at 

Table 1 
Creep mechanisms and their characteristic stress exponent n and apparent 
activation energy QC. In the table, QSD refers to the activation energy for lattice 
self-diffusion, QGB the activation energy for grain boundary diffusion, and Q̃D the 
activation energy for lattice interdiffusion.

Creep mechanism n QC

Nabarro-Herring creep (through lattice diffusion) 1 ~ QSD

Coble creep (through grain boundary diffusion) 1 ~ 
QGB

Grain boundary sliding 2 ~ 
QGB

Solute-drag (Viscous glide of dislocations through diffusion of 
solutes at dislocation cores)

3 ∼ Q̃D

Dislocation climb-controlled creep 4-6 ~ QSD

Dislocation climb-glide-controlled creep (Power-law breakdown) 8- 
30+

≫ 
QSD

Dislocation-particle interaction 8- 
30+

≫ 
QSD
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which the dislocation mobility aligns with the solute diffusion rate 
[127]. However, this power-law transition is not observed at higher 
temperatures, as Fig. 1d shows a uniform stress exponent of 3.7 ± 0.1 
over the range 750-900 ◦C [92]. The stress exponent falls between those 
associated with dislocation climb-controlled creep and solute drag 
creep, which indicates that both mechanisms are involved.

It is important to examine the implications of a potential n = 3 solute- 
drag creep in HEAs, as the simple picture envisioned in conventional 
dilute alloys of solute atmospheres diffusing in a solvent matrix breaks 
down in equiatomic concentrated solid solutions, where “solutes” and 
“solvents” are ill-defined. One might initially hypothesize that the rate- 
controlling step for dislocation drag is either governed by the slowest 
diffusing element in the matrix, Ni, with an activation energy of 318 kJ/ 
mol [89], or by the element with the largest atomic size misfit, Cr, which 
can segregate at dislocation cores with a diffusion activation energy of 
293 kJ/mol [87]. However, the low measured activation energy for 
creep in this regime (<250 kJ/mol) does not support this hypothesis. 
Záležák et al. [119] conducted an important experiment to address this 
discrepancy by comparing the creep properties of polycrystalline 
CrMnFeCoNi with those of its single-crystal counterpart.

As shown in Fig. 2, creep tests conducted at 800 ◦C and 980 ◦C under 
both compression and tension consistently yielded a stress exponent of 
approximately 3-4 for polycrystalline CrMnFeCoNi, and a stress expo
nent of around 5-6 for single crystals. The aforementioned hypotheses 
cannot explain the n = 5 power-law behavior observed in single crystals, 
suggesting that this discrepancy is likely linked to grain-boundary ef
fects. It is reported that CrMnFeCoNi shows Class M behavior with 
normal primary creep and subgrain boundary formation during sec
ondary creep [92,119]. Therefore, it was argued that grain boundaries 
can enhance dynamic recovery by dislocation absorption at grain 
boundaries mediated by grain boundary diffusion, which accounts for 
the lower stress exponents and activation energies observed in 
CrMnFeCoNi compared to those associated with climb-controlled creep 
through the annihilation of dislocation dipoles (Fig. 2c). Interestingly, 
even if the grain boundary recovery mechanism appears widespread, it 
is not expected to significantly influence coarse-grained conventional 
alloys; rather, these alloys are affected only when they have ultrafine 
grain sizes, where creep is governed by grain boundary sliding with n =
2 and QC = QGB [128,129].

The above rationalization can account for most of the creep data in 

Table 2 
Creep parameters of single-phase FCC HEAs for different microstructural states and testing conditions. All compositions are expressed in atomic percent; equiatomic 
compositions are considered self-explanatory.

Alloy Loading Microstructure T (◦C) n QC (kJ/mol) Ref.

CrMnFeCoNi Tension FCC, RX 600 6.2 394 [115]

CrMnFeCoNi Tension FCC, RX 500-600 5-6 (med-hi σ) 261-275 [88]
8.9-14 (hi σ) 372-410

CrMnFeCoNi Tension FCC, RX 535-650 5.8-5.9 (med-lo σ) 305-319 [87]
2.6-3.2 (med σ) 236-249

CrMnFeCoNi Tension FCC, RX 500-700 3.1-3.3 (med σ) - [116]
4.8-6.4 (med-hi σ) 302

CrMnFeCoNi Tension FCC, RX 650-700 4.1-5.9 303 [117]

CrMnFeCoNi Tension FCC, RX 700 6 - [118]

CrMnFeCoNi Tension FCC, RX 750-900 3.6-3.8 219-236 [92]

CrMnFeCoNi Compression FCC, RX 800 3.3 - [119]
Compression FCC, SX 800 5.2
Tension FCC, RX 980 3.9
Tension FCC, SX 980 5.6

CrMnFeCoNi Tension FCC, SX 700-1100 5-6.8 - [120]

CrFeCoNi Tension FCC, RX 600-662.5 6.3 351-368 [121]

CrFeCoNi Tension FCC, RX 700 5.4 - [118]

CrFeCoNi Tension FCC, RX 650-725 5.4-6.8 295 [117]

CrCoNi Tension FCC, RX 550 3.4 - [122]

CrCoNi Tension FCC, RX 700-800 4.8-5.5 370 [123]

CrCoNi Tension FCC, RX 750-900 4.3-4.7 240-259 [124]
FCC, AM 5.7-6 320-331

​ ​ ​ ​ ​ ​
Ni42.5Co21.3Fe21.3V10.6Mo4.3 Tension FCC, RX 700 3.1 456 [125]

*Abbreviations: RX - recrystallized; SX - single crystal; AM - additively manufactured; hi - high; med - medium; lo - low.
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Table 2, except for some data of CrMnFeCoNi at intermediate temper
atures associated with high stress exponents and apparent activation 
energies [88]. This behavior can be explained either by power-law 
breakdown or by the interaction of dislocations with secondary phase 
particles. Phase decomposition resulting in secondary phases is known 
to occur in originally single-phase FCC HEAs after prolonged 
intermediate-temperature thermal exposures both in the absence [130] 
and presence of stress [87,117].

Fig. 3a–f shows the results of annealing experiments on CrMnFeCoNi 
at 700 ◦C, which reveals the formation of a Cr-rich σ phase that can 
provide particle strengthening [130]. As shown in Fig. 3g–l, further 
annealing at 500 ◦C reveals the decomposition of the FCC matrix into 
L10-NiMn, BCC-Cr, and B2-FeCo phases, which were observed in a 
long-term creep study at 600 ◦C [115]. The FCC phase stability is better 
in CrFeCoNi and CrCoNi, where the formation temperatures for Cr-rich σ 
phase and other phases are lower [117] compared to those of CrMnFe
CoNi. However, the formation of Cr-rich σ phase has been reported in a 
long-term creep study of CrFeCoNi from 600 to 650 ◦C, along with 
Cr23C6 carbides at the grain boundaries [121]. The influence of these 
secondary phases on creep cannot be ignored, as they consistently lead 

to higher stress exponents and apparent activation energies.
The comparison of the creep properties of CrMnFeCoNi with its 

quaternary and ternary derivatives, CrFeCoNi and CrCoNi, is given in 
Fig. 4. Fig. 4a–b demonstrates that recrystallized CrFeCoNi is stronger 
than CrMnFeCoNi, while Fig. 4c indicates that recrystallized CrCoNi 
possesses superior creep resistance to CrMnFeCoNi. These results are in 
line with the observation that quasi-static mechanical properties do not 
necessarily improve with the number of constituent elements (i.e., en
tropy), all else being equal. For example, the temperature-dependent 
yield strengths of binary to quinary alloys in the CrMnFeCoNi system 
follow complicated trends that depend on the type rather than number 
of constituent elements [131], which has been explained on the basis of 
volume misfits [132]. In addition, it was observed that increasing the 
number of principal elements can decrease the solidus temperature 
possibly due to weaker metallic bonding [133], which may also explain 
a decrease in creep resistance.

There are limited, but intriguing, effects of additive manufacturing 
on the creep properties of FCC HEAs. Notably, AM CrCoNi has greater 
creep strength than its wrought counterpart, as shown in Fig. 4c. Laser 
powder bed fusion (LPBF)-AM utilized in this study [124] introduces 

Fig. 1. Secondary creep strain rates of CrMnFeCoNi tested at different stresses at (a-c) intermediate temperatures and (d) high temperatures. The diagrams were 
taken from Refs. [87,88,92,116].

Fig. 2. Secondary creep data for single crystalline and polycrystalline CrMnFeCoNi tested (a) under compression at 800 ◦C and (b) under tension at 980 ◦C. A 
schematic illustrating the role of grain boundaries in creep is provided in (c). The images were taken from Ref. [119].
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numerous oxide dispersoids during processing (Fig. 5), which can 
interact with dislocations and increase creep resistance due to particle 
strengthening. This effect was used to rationalize the higher stress 
exponent and apparent activation energy for creep observed in the AM 
material [124]. These findings also motivate an oxide dispersion 
strengthening strategy, enabled by AM, to enhance creep performance, 
as discussed in the following section. In addition, elevated O and N levels 
were measured in AM CrCoNi relative to wrought material (e.g., O in
creases from 138 wt ppm to 563 wt ppm and N from 5 wt ppm to 38 wt 
ppm [124]). Interstitial O and N can contribute to solid solution 
strengthening. However, a significant fraction of O is incorporated into 
oxide dispersoids, and the N concentration remains too low to provide 
substantial strengthening. Accordingly, the net interstitial strengthening 
contribution is expected to be modest. Finally, AM followed by hot 
isostatic pressing (HIP) reduces the fraction of low-angle grain bound
aries (LAGBs) while increasing the proportion of high-angle grain 
boundaries (HAGBs) and twin boundaries (TB) while maintaining a 
similar overall grain size, which might explain the higher creep strength.

A final observation regarding the creep behavior of single-phase 
HEAs is the substantial improvement in creep resistance when de
rivatives of the CrMnFeCoNi system are alloyed with V and Mo, ele
ments known to significantly increase lattice distortion and the 
activation energy for diffusion [125]. Fig. 6 compiles available creep 
data for single-phase FCC HEAs for different temperatures and stresses 
that are normalized following the usual Mukherjee-Bird-Dorn approach 
[134]. The temperature-dependent elastic modulus, E(T), for CrMnFe
CoNi, CrFeCoNi, and CrCoNi are reported in Refs. [135,136]. For all 
other HEAs with unreported E(T) and QC, rough estimates of their values 

were obtained using a rule-of-mixture average. Caution is warranted 
here because the activation energy for diffusion of individual elements 
in an alloy can differ significantly from a weighted self-diffusion acti
vation energy [137], and, in turn, the activation energy for creep. In 
addition, the activation energy for creep in HEAs can be dominated by a 
small number of elements, even when present only in minor amounts. As 
a result, simple rule-of-mixture estimates may substantially misrepre
sent the true activation energy, but they are performed here due to the 
limited availability of data. Therefore, to enable fair comparisons of 
creep resistance, it is recommended that original creep data be used. It 
can be observed that all data for CrMnFeCoNi, CrFeCoNi, and CrCoNi 
collapse to follow a similar trend line, whereas Ni42.5C
o21.3Fe21.3V10.6Mo4.3 stands out with a significantly lower creep rate by 
1-2 orders of magnitude. Alloying with Mo can induce solute-drag creep 
with a stress exponent of 3, where viscous glide of dislocations is 
controlled by the diffusion of Mo, which results in a high measured 
activation energy of 456 kJ/mol.

2.2. Multi-phase FCC high-entropy alloys

Although the creep properties of single-phase FCC HEAs have been 
extensively studied, there is broad consensus in the literature that their 
creep resistance remains insufficient for high-temperature applications. 
Therefore, secondary phase strengthening must be pursued to enhance 
their performance under such conditions. To date, there are mainly four 
strategies to introduce a multi-phase structure into FCC HEAs: 1. 
Through alloying with Al to achieve an FCC/BCC dual phase structure, 
sometimes with ordered phases such as B2+L12 (similar to eutectic 

Fig. 3. Microstructure of CrMnFeCoNi HEA after annealing at (a-f) 700 ◦C for 500 days and (g-l) 500 ◦C for 500 days; (m) presents a schematic TTT diagram, 
hypothesizing the kinetics of phase decomposition at temperatures below 800 ◦C. The images were taken from Ref. [130].

Fig. 4. Secondary creep data for recrystallized (a) CrMnFeCoNi and (b) CrFeCoNi tested between 650 and 725 ◦C; and (c) shows a comparison among creep rates of 
recrystallized CrMnFeCoNi and CrCoNi as well as additively manufactured CrCoNi tested at 750 ◦C. The images were taken from Refs. [117,124].
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HEAs) [138–141]; 2. Through a similar alloying route as in Ni-based 

superalloys but with increased solute concentrations of Al, Cr, Co, and 
Fe and a reduced concentration of base Ni (i.e., high-entropy superal
loys, HESAs) [40,142]; 3. Through alloying with Mo and intermediate 
temperature exposure to form μ phase [143]; and 4. Through oxide 
dispersion strengthening (i.e., ODS-HEAs) [144–146]. The creep pa
rameters for multi-phase FCC HEAs are summarized in Table 3, and 
secondary creep data as a function of applied stress are given in Sup
plementary Table 2.

For Al-containing CrMnFeCoNi and derivatives, the stress exponents 
and activation energies for creep can vary drastically as a function of 
testing temperature and stress and are therefore less comprehensible 
than single-phase CrMnFeCoNi. At least part of the difficulty arises from 
the phase evolution during creep where the Al-rich BCC phase, NiAl B2 
phase, and Ni3Al L12 phase can form, coarsen, or dissolve depending on 
testing temperature and time [140]. Furthermore, the addition of Al can 
also increase the tendency for the decomposition of the FCC matrix to 
form Cr-rich σ phase [138,140]; for example, in the case of 
Al10.2Cr17.9Mn17.9Fe17.9Co17.9Ni17.9, the amount of σ in the FCC phase 
can reach 43% by volume when creep tested at 700 ◦C. These pre
cipitates can improve creep strength, but they decrease the time to 
rupture due to local stress concentration and easier crack and void for
mation [138,139]. Chen et al. [140] performed dedicated creep tests at 
different temperatures interrupted at various times to reveal the 
microstructural evolution in an Al6.8Cr23.3Fe23.3Co23.3Ni23.3 HEA. They 
illustrated the coarsening of B2 and L12 phases by comparing specimens 
deformed at 700 ◦C under 75 MPa for 50 h and 250 h, as shown in 
Fig. 7a–b. At 760 ◦C, the volume fraction of the L12 and the B2 phase was 
determined to be low for the specimen creep tested at 75 MPa for 20 h 
(Fig. 7c). However, Fig. 7d shows that complementary annealing tests at 
760 ◦C for 50 h reveal a large increase in volume fraction. These results 
highlight that it is not straightforward to interpret the stress exponents 

Fig. 5. Microstructure of AM CrCoNi crept to steady state at 1023 K and 80 MPa, showing planar slipping dislocations stopped by a grain boundary (arrows 1), 
generation of dislocations at an incoherent particle/matrix interface (arrow 2), and dislocation interactions with oxides such as bowing (arrow 3). The EDS image at 
the bottom right shows these particles are Cr-rich oxides. The images were taken from Ref. [124].

Fig. 6. Normalized secondary creep data for single-phase FCC HEAs. The 
dashed line separates the creep data for CrMnFeCoNi and its derivatives from 
those for Ni42.5Co21.3Fe21.3V10.6Mo4.3. The creep data were adapted from Refs. 
[87,88,92,115–125]. A comparison between the creep data of high entropy 
alloys and commercial alloys is given in the Discussion section.
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and activation energies for creep of Al6.8Cr23.3Fe23.3Co23.3Ni23.3 
(Fig. 7e–f); at high temperatures and high stresses, the minimum creep 
rate is elevated because rupture occurs quickly, preventing precipitates 
from reaching their equilibrium volume fraction. In contrast, the creep 
rate at lower temperatures and stresses for longer testing durations re
flects a competition between increasing precipitate volume fraction and 
precipitate coarsening. Therefore, the microstructure corresponding to 
the minimum creep rate at a given stress and temperature can vary 
significantly, so the extracted stress exponents and activation energies 
should be regarded as apparent parameters. Although they still provide 
meaningful quantitative descriptions, they cannot always be uniquely 
assigned to specific fundamental deformation mechanisms in complex 
alloys.

An ideal mechanistic study would pre-age samples to achieve equi
librium microstructures at the creep testing temperature prior to 
loading. However, in practice, most studies begin with metastable, su
persaturated solid solutions. Nevertheless, it may be concluded that 
multi-phase FCC HEAs strengthened through Al alloying can exhibit 
higher creep resistance than CrMnFeCoNi, primarily due to precipitation 
hardening, where the Orowan bowing mechanism is frequently 
observed [140,141].

The multi-phase processing strategy that yields an FCC + L12 (or γ +
γ′) structure in HEAs [40,142] is not reviewed in detail here, given its 

close resemblance to that of conventional Ni-based superalloys. As a 
result, the creep resistance of these HESAs is comparable to commercial 
superalloys, such as RENE’ 80 and NX-188 [40]. In addition, the tensile 
yield strength and creep resistance of HESAs remain lower than those of 
the CMSX series, which contain substantial amounts of refractory ele
ments [147–149]. Increasing the entropy of ideal mixing, defined as 
ΔSideal

conf = − R
∑N

i=1 xi ln xi, where R is the gas constant and xi is the 
molar fraction of component i of the FCC matrix in HESA design appears 
to have little impact on creep resistance; however, this strategy can help 
stabilize the γ + γ′ microstructure by suppressing the formation of 
detrimental topologically close-packed (TCP) phases at the expense of a 
slightly lower solvus temperature for the γ′ phase at 1199 ◦C [40]. 
Further compositional design of HESAs aimed at optimizing γ′ phase 
volume fraction and morphology, anti-phase boundary (APB) energy, 
and particle–matrix misfit must take full advantage of the vast literature 
available on superalloys instead of focusing on, and comparing with, 
only what is available in the HEA literature. It is also worth remem
bering that existing superalloys have been optimized over many de
cades, and it seems highly unlikely that the same set of alloying elements 
would produce HESAs (or other variants) that have better combinations 
of characteristics (including creep strength, rupture life, ductility, frac
ture toughness, oxidation resistance, fatigue properties, processability, 
and cost).

Table 3 
Creep parameters of multi-phase FCC HEAs for different microstructural states and testing conditions. All compositions are expressed in atomic percent; equiatomic 
compositions are considered self-explanatory.

Alloy Loading Microstructure T (◦C) n QC (kJ/mol) Ref.

Al7.5Cr18.5Mn18.5Fe18.5Co18.5Ni18.5 Tension FCC + BCC 600-700 4.2-4.9 (hi σ) 346-351 [138]
1.6-2.2 (lo σ) 254-262

Al10.2Cr17.9Mn17.9Fe17.9Co17.9 

Ni17.9

Tension FCC + BCC 600 5.8 182-193 [138]
650 3.5
700 2.8

Al9Cr9.1Mn27.3Fe45.5Co9.1 Tension FCC + BCC 650 5 182 [139]

Al6.8Cr23.3Fe23.3Co23.3Ni23.3 Tension FCC + B2 + L12 700 3 391-548 [140]
730 4.5
760 6.5

Al16.4Cr16.4Fe16.4Co16.4Ni34.4 Tension FCC + B2 + L12 700-900 3.5-4.4 393 (700-800 ◦C) [141]
62 (800-900 ◦C)

Ni36Al10Co25Cr8Fe15Ti6 Tension FCC + L12 750 10.8 486 [142]

Ni47.9Al10.2Co16.9Cr7.4Fe8.9Ti5.8 

Mo0.9Nb1.2W0.4C0.4

Tension FCC + L12 750-982 - 290 [40]

Cr19Fe19Co19Ni38Mo5 Tension FCC + μ phase 650 - - [143]
Cr18.5Fe14.8Co14.8Ni44.4Mo7.5

Cr18.8Fe12.5Co12.5Ni50.0Mo6.3

Y2O3-TiO2-CrMnFeCoNi Compression ODS-FCC 700-800 1.8 (lo σ) 210 [144]
13.2 (hi σ) 580

Y2O3-CrCoNi Tension ODS-FCC 750-900 6.4-6.7 335-367 [145]

C-CrMnFeCoNi Tension Carbide-FCC 600 3 (lo σ) - [146]
7 (hi σ)
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It has been shown above that the creep properties of single-phase 
FCC HEAs can significantly benefit from alloying with Mo despite Roz
man et al. [143] showing that intermediate temperature aging or creep 
testing can result in the formation of the Mo-rich μ phase (Fig. 8). In 
addition, Mo tends to react with carbon present as an impurity in the 
HEA to form Mo6C carbides at grain boundaries. The formation of these 
secondary phases increased the time to rupture by ~100 times 
compared to their single-phase counterparts without Mo. Out of the 
three Mo-containing compositions they designed, Cr18.5Fe14.8Co14.8

Ni44.4Mo7.5 shows favorable intragranular precipitation of μ phase with 
an area fraction of 0.057. This precipitation hardening effect offsets the 
reduction of solid solution hardening due to loss of Mo from the matrix. 
In addition, the formation of Mo6C carbides can strengthen the grain 
boundaries and prevent the μ phase from forming at grain boundaries, 
which causes grain boundary embrittlement as in superalloys [150]. 
Overall, the addition of Mo can enhance the creep resistance of 
CrFeCoNi-based HEAs to levels comparable to Inconel 625, whereas the 
base HEA exhibits creep behavior similar to that of austenitic stainless 
steels [143].

Dispersion strengthening offers an alternative approach to producing 
multi-phase alloys that leaves the HEA matrix largely unaltered by 
incorporating oxide or carbide dispersoids into the base alloy through 
rapid solidification processing [151–153] or additive manufacturing 
techniques [57,58,154]. Compared to precipitation hardening, disper
sion strengthening can remain effective at even higher temperatures, as 
it avoids issues related to precipitate coarsening and dissolution, though 
this comes at the cost of a more modest strengthening effect at inter
mediate temperatures. Dobeš et al. [144] fabricated ODS-CrMnFeCoNi 
by blending powders of pure elements and adding O2 gas, Y, and Ti to 
form ~0.3 wt% oxides during ball milling. The mechanically alloyed 
powder with oxides was then compacted by spark plasma sintering 
(SPS), which yielded finely dispersed oxides in CrMnFeCoNi with an 
ultrafine grain size of ~800 nm. After creep, the grain size remained 

stable due to oxide pinning of the grain boundaries. The creep data 
presented in Fig. 9 demonstrate that ODS significantly increases the 
creep resistance of CrMnFeCoNi, with improvements ranging from one 
to three orders of magnitude. The strengthening effect is more pro
nounced at higher temperatures. Additionally, a transition in the creep 
mechanism is observed between low and high stress regimes, as evi
denced by the evolution of the stress exponent from 1.8 to 13.2. The 
corresponding activation energies in the two regimes were reported to 
transition from 210 to 580 kJ/mol.

The high stress exponents and activation energies observed in ODS 
alloys are often attributed to the presence of a back stress on dislocations 
induced by particles [155–157]. The creep equation can be modified as: 

ε̇SS =Aʹ( σ − σp
)n exp

(

−
QC

RT

)

, (2) 

where σp is the back stress, and n is approximately that for the single- 
phase CrMnFeCoNi, which is 6.3 in this study. The threshold stress for 
ODS-CrMnFeCoNi was determined to be in the range of 25–35 MPa, 
which is quite substantial at 800 ◦C according to the creep data in Fig. 9. 
Creep deformation below this stress did not vanish entirely but instead 
transitioned to a different mechanism, characterized by a stress expo
nent of 1.8 and an activation energy of 210 kJ/mol. Although the stress 
exponent is similar to that for grain boundary sliding, Dobeš et al. [144] 
attributed this regime to Coble creep since the grain boundaries are 
pinned by oxide particles, and the modest tensile ductility reported for 
the ODS alloy in a separate study [55] does not support the occurrence of 
grain boundary sliding typically associated with superplasticity.

In addition to the conventional powder metallurgy route for pro
ducing ODS-HEAs, Smith et al. [58] demonstrated that LPBF-AM can 
also achieve a uniform dispersion of oxides within the HEA matrix. This 
is enabled by resonant acoustic mixing to coat a prealloyed CrCoNi 
powder with nanoscale Y2O3 particles (Fig. 10a–e). The AM material 
features elongated grains along the build direction as well as tensile 

Fig. 7. Microstructure of Al6.8Cr23.3Fe23.3Co23.3Ni23.3 (written as Al0.3CrFeCoNi in the paper) after creep testing: (a) 75 MPa at 700 ◦C for 50 h, (b) 75 MPa at 700 ◦C 
for 250 h, (c) 75 MPa at 760 ◦C for 20 h, and (d) after just annealing at 760 ◦C for 50 h. The red and white arrows indicate L12 and B2 phases, respectively. The 
minimum creep rate is plotted against applied stress in (e); and (f) shows an Arrhenius plot of the minimum creep rate against inverse temperature to extract the 
apparent activation energy. The images were taken from Ref. [140]. (For interpretation of the references to colour in this figure legend, the reader is referred to the 
Web version of this article.)
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residual stresses at the surface, as shown in Fig. 10f. HIP was employed 
to relieve the residual stress and further consolidate the samples, while 

preserving the elongated grain structure due to the pinning effect of the 
oxide particles on grain boundaries. This behavior contrasts with the 
oxide-free AM-CrCoNi described above, where recrystallization led to 
the formation of a high density of annealing twins.

Sahragard-Monfared et al. [145] studied the creep properties of this 
AM ODS-CrCoNi alloy. As shown in Fig. 11, the AM ODS-CrCoNi alloy 
exhibits a creep rate approximately one order of magnitude lower than 
that of AM CrCoNi and two orders of magnitude lower than wrought 
CrCoNi. Furthermore, it demonstrates superior creep resistance 
compared to the SPS ODS-CrMnFeCoNi alloy. This improvement is 
attributed to the inherently higher creep strength of the CrCoNi matrix 
compared to CrMnFeCoNi, as well as the retention of a high dislocation 
density during additive manufacturing.

Fig. 12 presents the TEM dislocation microstructure of HIP'ed and 
annealed AM ODS-CrCoNi, revealing a high dislocation density and 
extensive dislocation–particle interactions. Particle pinning effectively 
inhibits dislocation annihilation during annealing. After creep, distinct 
slip traces and continued dislocation–particle interactions were 
observed.

Smith et al. [57] further engineered the composition of AM 
ODS-CrCoNi and developed NASA GRX-810, an Y2O3 
dispersion-strengthened Ni31.9Co32.6Cr32.5Re0.5Al0.6Ti0.3Nb0.5W0.9C0.2 
(in at.%) alloy with minor additions of Al, Ti, and refractory elements for 
further solid solution strengthening. The matrix of the alloy remains 
mostly single-phase FCC with some (Nb,Ti)-carbides at grain boundaries 
that can increase grain boundary strength [158,159]. GRX-810 exhibits 
a remarkable enhancement in creep performance, as shown in Fig. 13, 

Fig. 8. CALPHAD results for Cr19Fe19Co19Ni38Mo5, Cr18.5Fe14.8Co14.8Ni44.4Mo7.5, Cr18.8Fe12.5Co12.5Ni50.0Mo6.3 (written as CrFeCoNi2Mo0.25, Cr1.25FeCoNi3Mo0.5, 
and Cr1.5FeCoNi4Mo0.5 in the paper, respectively) showing the formation of Mo-rich μ phase at intermediate temperatures. SEM-EDS confirms the existence of μ phase 
along with Mo6C carbides, Cr-rich σ phase, as well as Cr23C6 carbides. The images were taken from Ref. [143].

Fig. 9. Minimum creep rate as a function of applied stress for single-phase (SP) 
CrMnFeCoNi and ODS-CrMnFeCoNi. The image was adapted from Ref. [144].
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with a 2000-fold increase in creep rupture life compared to AM CrCoNi 
and a 200-fold increase compared to AM ODS-CrCoNi at 1093 ◦C under 
30 MPa. Furthermore, the creep rupture life at 1093 ◦C significantly 
surpasses that of many commercial 3D-printable Ni- and Co-based su
peralloys, including Haynes 230, Inconel 625, and Hastelloy X. Although 
GRX-810 does not yet match the creep strength of other superalloys (e. 
g., CMSX-10), whose creep rupture time can exceed 2000 h at stresses 
above 200 MPa at 1100 ◦C [149], its 3D printability presents advantages 
for rapid near-net-shape manufacturing, highlighting its potential for 
commercialization.

A comparative overview of the creep properties of multi-phase FCC 
HEAs is presented in Fig. 14. Admittedly, this compilation is less reliable 
than the single-phase FCC HEAs shown in Fig. 6, due to the ambiguity of 
the correct activation energy needed to normalize the creep rates for 
multi-phase materials. For example, use of the abnormally high 
apparent activation energies reported for ODS-HEAs or HESAs can lead 
to artificially high normalized creep rates. Conversely, use of the acti
vation energy of the matrix alone overlooks the temperature 

dependence resulting from dislocation–particle interactions. While the 
threshold stress model can partially address this issue by providing a 
more appropriate activation energy, it has not been applied in most of 
the existing studies. As a compromise, we adopt a rule-of-mixtures 
approach for the activation energies for diffusion and the temperature- 
dependent elastic moduli across all datasets. While this introduces 
some uncertainty, it does not obscure the clear trend that multi-phase 
alloys have enhanced creep resistance relative to single-phase HEAs. 
Notably, γ + γ′ HESAs exhibit fundamentally superior creep strength 
compared to all the other multi-phase FCC HEAs. Unsurprisingly, given 
the comparable melting points of superalloys and FCC HEAs, research on 
HEAs has yet to yield novel alloy design and processing strategies that 
can outperform γ + γ′ superalloys at operating temperatures below 
1100 ◦C.

Fig. 10. (a-c) SEM images of prealloyed CrCoNi powder coated with Y2O3, which resulted in (d, e) an ODS-CrCoNi alloy with uniformly dispersed Y2O3 particles after 
LPBF-AM; (f) shows that the alloy exhibits an equiaxed structure perpendicular to the build direction and an elongated structure along the build direction. Tensile 
residual stresses were measured in the as-built AM material, which were then eliminated by HIP'ing. The images were adapted from Ref. [58].

Fig. 11. (a) Steady-state creep rate as a function of applied stress for wrought CrMnFeCoNi, wrought CrCoNi, AM CrCoNi, and AM ODS-CrCoNi; (b) Comparison 
between the creep rates of the SPS ODS-CrMnFeCoNi reported by Dobeš et al. [144] and AM ODS-CrCoNi. The creep tests were carried out at 750 ◦C. The images were 
taken from Ref. [145].
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2.3. Elevated-temperature deformation mechanisms in FCC high-entropy 
alloys

Previous high-temperature tensile tests on CrMnFeCoNi revealed a 
steep decline in strength with increasing temperatures [32]. As shown in 
Fig. 15, the yield strength drops to approximately 100 MPa at 800 ◦C and 
an engineering strain rate of 10− 3 s− 1, regardless of grain size. The 
pronounced temperature dependence of strength is also evident in creep 
experiments. Gadelmeier et al. [120] utilized single crystals to demon
strate how the temperature dependence of solid solution strengthening 
influences the creep strength of CrMnFeCoNi, isolating the effects from 
grain boundaries. As shown in Fig. 16, a creep strength advantage of 80 
MPa over single-crystal Ni at 700 ◦C was observed, which diminishes to 
just 2 MPa at 980 ◦C. By 1100 ◦C, the solid solution hardening effect is 
entirely lost. These observations suggest that deformation in CrMnFe
CoNi is strongly thermally activated, with creep strength primarily 
governed by concentrated solid solution strengthening at intermediate 
temperatures. However, this strengthening effect diminishes signifi
cantly by 980 ◦C, partially due to the lowered solidus temperature of the 

alloy.
Zhang et al. [160] carried out a detailed mechanistic study on creep 

of CrMnFeCoNi at 800 ◦C using stress change creep experiments to 
determine key parameters that can characterize the rate-controlling 
deformation mechanisms, including the activation area and the Gibbs 
free energy of activation. This analysis is based on the thermally acti
vated dislocation glide description of plasticity by Kocks, Argon, and 
Ashby [161], where the strain rate is governed by the thermal activation 
of dislocations as they overcome rate-controlling obstacles under a given 
applied stress. This framework is consistent with classical creep mech
anisms such as climb-controlled or solute-drag creep. In all cases, plastic 
strain arises from dislocation glide, while the overall creep rate is gov
erned by the slowest step, whether it is dislocation climb, solute diffu
sion, or another process, that controls how quickly dislocations can 
bypass obstacles and continue to glide. Specifically, the strain rate can 
be defined as: 

ε̇SS = ε̇0 exp
(

−
ΔG
kBT

)

= ε̇0 exp
(

−
ΔF − σbΔa/M

kBT

)

, (3) 

Fig. 12. TEM microstructure of AM ODS-CrCoNi samples (a) annealed at 750 ◦C for 3.5h prior to creep testing and (b) creep tested at 750 ◦C under 80 MPa. The 
images were taken from Ref. [145].

Fig. 13. Comparison of the creep rupture life at 1093 ◦C of various AM high-temperature alloys. The image was taken from Ref. [57]. Note here that all mentioned 
alloys do not contain the γ’ phase for particle strengthening.
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where ε̇0 is a pre-exponential factor, ΔG is the Gibbs free energy of 

activation, kB is the Boltzmann constant, ΔF is the Helmholtz free energy 
of activation, M is the Taylor factor (3.06 for FCC), b is the magnitude of 
the Burgers vector, and Δa is the activation area. The quantity bΔa is 
often referred to as the activation volume, ΔV [161,162]. It can be 
observed from Eqn. (3) that the thermally activated dislocation glide 
model treats plastic deformation as a stress assisted, thermally activated 
process, where the total energy of activation, ΔF, is the sum of the 
thermal contribution, ΔG, and the contribution from the work done by 
the applied shear stress, σbΔa/M. In addition, Δa ≈ bΔl contains infor
mation about the length scale of inter-obstacle spacing Δl, since it can be 
physically interpreted as the area swept by the dislocation during the 
activation event.

As shown in Fig. 17, curvy dislocations were observed with copious 
evidence of solute pinning and inter-dislocation interactions. The acti
vation areas for creep at 800 ◦C in CrMnFeCoNi were determined to 
exhibit a magnitude of approximately 100 b2 and scale inversely with 
the applied stress. These findings are consistent with activation area 
measurements obtained at room and cryogenic temperatures [163–165] 
for the same material, indicating similar types of obstacles. This suggests 
that the primary deformation mechanisms for creep in CrMnFeCoNi are 
dislocation-solute interactions and forest dislocation interactions, which 
can be pictured schematically as shown in Fig. 17c.

Recently, Varvenne et al. [166] developed a solid solution 
strengthening theory for FCC HEAs by combining the conventional solid 
solution hardening mechanism with additional strengthening contribu
tions arising from the statistical distribution of local concentration 
fluctuations. The theory results in a theoretical strength of 318 MPa for 
CrMnFeCoNi from concentrated solid solution hardening at 0 K. Zhang 
et al. [160] performed mechanical separation of the flow stresses and 
activation areas resulting from solid solution hardening and forest 
dislocation hardening, which are shown in Table 4. The experimental 
value for the characteristic length scale of dislocation-solute interaction 
is ~40 nm, which is consistent with that obtained by Varvenne et al. in 
atomistic simulations [167]. It is important to note that the experi
mentally determined flow stress due to solid solution hardening at 
800 ◦C is significantly lower than the theoretical strength (i.e., a low 
σss/σ̂ ss), indicating substantial strength degradation at elevated tem
peratures. This observation is consistent with the relatively low 
stress-dependent ΔG of 111-141 kJ/mol, which reflects the thermal 
assistance required for dislocations to overcome resistance from solutes 
and forest dislocations. These findings are well aligned with the 
single-crystal study from Gadelmeier et al. mentioned above [120], 
which suggests that the pinning effect from concentrated solid solution 
hardening in CrMnFeCoNi weakens considerably at high temperatures. 
The detailed understanding of the elevated-temperature deformation 
mechanisms in CrMnFeCoNi can explain the limited creep resistance of 
3d-transition metal-based single-phase FCC HEAs, and the need for 
secondary phase strengthening. The high-temperature deformation 
mechanisms of multi-phase FCC HEAs that have been uncovered so far 
are consistent with those observed in conventional 
precipitation-hardened alloys and ODS alloys that are reviewed else
where [39,155,168–174]. To date, no novel elevated-temperature 
deformation mechanisms have been discovered in either single-phase 
or multi-phase FCC HEAs.

3. Creep properties of BCC refractory high-entropy alloys

3.1. Single-phase BCC refractory high-entropy alloys

The potential for high-temperature performance offered by BCC 
HEAs has attracted widespread research interests since the invention of 
refractory HEAs (RHEAs) by Senkov et al. [45]. The available creep 
parameters for BCC RHEAs are compiled in Table 5, and the detailed 
secondary creep data are provided in Supplementary Table 3 [90,91,
175].

One of the first RHEAs developed was MoNbTaWV, which retains a 

Fig. 14. Normalized secondary creep data for multi-phase FCC HEAs compared 
to their single-phase counterparts. The dashed line separates the creep data for 
HESAs from all the other multi-phase FCC HEAs. The data to create this plot 
were taken from Refs. [40,138–146]. A comparison between the creep data of 
high entropy alloys and commercial alloys is given in the Discussion section.

Fig. 15. Tensile stress-strain curves for CrMnFeCoNi from 77 K to 1073 K with 
a grain size of (a) 4.4 μm and (b) 155 μm. The images were taken 
from Ref. [32].

Fig. 16. Minimum creep rates as a function of applied stress for single-crystal 
CrMnFeCoNi and single-crystal Ni at 700, 980, and 1100 ◦C. The image was 
taken from Ref. [120].
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compressive yield strength above 400 MPa at 1600 ◦C [47]. Whether 
this will translate to high creep strength remains unknown because 
creep tests have been performed only to 900 ◦C [176]. Despite their 
impressive compressive strength at elevated temperatures, Kumar et al. 
[48] demonstrated poor tensile properties in a MoNbTaW RHEA: no 
tensile ductility is observed from room temperature up to 1200 ◦C, and 
the tensile strength remains below 70 MPa. Brittle oxide formation along 
grain boundaries was observed in this RHEA, which could lead to grain 
boundary embrittlement and degradation of tensile properties. Although 
this system has been shown to be deformable in single crystal micro
pillar tests [44,177,178], since tensile tests have not been performed on 
single crystals of this system, it remains an open question whether grain 
boundaries are the reason for brittleness or whether there are other 
contributing factors. To address this issue, Wang et al. [179] applied 
grain boundary engineering by doping the MoNbTaW RHEA with 
400-8000 ppm of boron. Atom probe tomography (APT) revealed that 
boron preferentially segregates to the grain boundaries, effectively 
replacing brittle oxides. This modification led to a significant 

improvement in the alloy's deformability in compression. However, 
tensile and creep data are not yet available to reveal the effectiveness of 
this strategy. In addition, this system is predicted to be intrinsically 
brittle at room temperature through first-principle electronic calcula
tions [180], which adds further difficulty to their direct application.

The second RHEA system developed by Senkov et al. [46], the 
HfNbTaTiZr system, did exhibit tensile ductility even at room temper
ature, a striking contrast to the brittle behavior of the MoNbTaWV 
system. The creep properties of HfNbTaTiZr were investigated by 
Gadelmeier et al. [90] and Liu et al. [91]. Their results are presented in 
Fig. 18, which reveal the inadequate creep resistance of HfNbTaTiZr at 
elevated temperatures. At 980 ◦C, CMSX-4 exhibits a creep strength 
approximately 25 times greater than that of HfNbTaTiZr to achieve a 
minimum creep rate of 10− 7 s− 1; this disparity increases to nearly 70 
times at 1100 ◦C [90]. In addition, phase decomposition at 980 ◦C 
(Fig. 18c) driven by the segregation of Zr and Hf from the matrix led to 
further cracking, which contributed to deterioration of creep ductility.

A more equitable comparison can be made between the creep 

Fig. 17. (a-b) TEM micrographs of the dislocation substructure during creep of CrMnFeCoNi at 800 ◦C; (c) Schematic diagram of the elevated-temperature 
deformation mechanism in CrMnFeCoNi, where dislocation-solute interactions and forest dislocation interactions co-determine the deformation rate; and (d) 
Operational activation areas of creep in CrMnFeCoNi at different applied stresses. The images were taken from Ref. [160].

Table 4 
Thermal activation parameters for dislocation-solute interactions and forest dislocation interactions in CrMnFeCoNi deformed at 800 ◦C [160].

σ (MPa) σss (MPa) σf (MPa) σ̂ss (MPa) σ̂f (MPa) Δass (b2) lss (nm) Δaf (b2) lf (nm)

160 64 96 318 140 164 42 373 95
130 60 70 114 460 117
100 55 45 47 1111 283
80 52 28 41 1284 327
60 48 12 25 2145 547

*Terms: σ is the applied stress. σss is the partitioned flow stress from solid solution hardening mechanism. σf is the partitioned flow stress from forest dislocation 
hardening mechanism. ̂σ ss is the theoretical strength of solid solution hardening at 0 K. ̂σ f is the theoretical strength of forest dislocation hardening at 0 K. Δass, lss, Δaf , 
and lf are the activation areas and inter-obstacle spacings of solid solution hardening mechanism and forest dislocation hardening mechanism, respectively.

Table 5 
Creep parameters of single-phase BCC RHEAs for different microstructural states and testing conditions. All compositions are expressed in atomic percent; equiatomic 
compositions are considered self-explanatory.

Alloy Loading Microstructure T (◦C) n QC (kJ/mol) Ref.

HfNbTaTiZr Tension BCC RX 980-1100 4.2 (hi σ) 273 [90]
2 (lo σ)

HfNbTaTiZr Tension BCC RX 1100-1250 2.5-2.8 258-288 [91]

Nb45Ta25Ti15Hf15 Tension BCC RX 900 4.1 253 [175]
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strength of the single-phase BCC HfNbTaTiZr RHEA and the single-phase 
FCC matrix of CMSX-4, the latter excluding the contribution of the ~65 
vol% L12 precipitates. Even after this adjustment, the RHEA still lags 
behind by a factor of three (Fig. 18a). Furthermore, the stress exponent 
and activation energy for HfNbTaTiZr near a minimum creep rate of 
10− 7 s− 1 is approximately 2 and 250 kJ/mol, respectively. Gadelmeier 
et al. [90] extrapolated the creep behavior of the recrystallized poly
crystalline HfNbTaTiZr to a single-crystal configuration, yet the alloy 
still exhibits a factor of two lower creep strength compared to the 
single-phase matrix of CMSX-4. At temperatures exceeding 1100 ◦C, the 
stress required to sustain a creep rate of 10− 7 s− 1 falls below 5 MPa. This 
highlights a critical limitation of single-phase BCC HfNbTaTiZr, which 
mirrors the challenge faced by single-phase FCC CrMnFeCoNi: a rapid 
degradation of strength at high temperatures and the insufficiency of 
solid solution strengthening alone to resist creep.

Sahragard-Monfared et al. [175] studied the creep behavior of a 
related RHEA, Nb45Ta25Ti15Hf15 (in at.%), at a lower temperature of 
900 ◦C. The corresponding creep data were compared with several 
studies discussed above and the results are shown in Fig. 19. 
Nb45Ta25Ti15Hf15 is projected to exhibit superior creep strength 
compared to HfNbTaTiZr (equiatomic) at 980 ◦C, as well as outperform 
the single-phase matrix of CMSX-4 and additively manufactured 
ODS-CrCoNi. Nevertheless, a significant performance gap remains be
tween the creep resistance of single-phase BCC RHEAs and γ + γ′ 
CMSX-4, highlighting the need for secondary phase strengthening stra
tegies in single-phase RHEAs.

Furthermore, the study revealed another critical challenge for 
RHEAs: their pronounced environmental sensitivity, as even trace 
amounts of oxygen can significantly degrade creep performance. As 
shown in Fig. 20, samples tested in ultrahigh-purity argon exhibited 
considerable variability in creep rates at lower applied stresses. This 
variability leads to a misinterpretation of the deformation mechanism as 
diffusional creep, due to an apparent stress exponent near unity. 

However, premature creep rupture was observed in the sample tested in 
argon, where the steady-state creep rate appeared artificially elevated 
due to the early onset of tertiary creep.

Detailed microstructural analysis (Fig. 20c–e) revealed substantial 
oxygen ingress even in ultrahigh-purity argon environments, with the 
formation of HfO2 along grain boundaries contributing to embrittlement 
and intergranular fracture. Under a stress of 100 MPa for 29h, oxygen 
penetrated the entire sample, resulting in intergranular fracture. In 

Fig. 18. Minimum creep rates for HfNbTaTiZr (a) at 980-1100 ◦C, showing a comparison with CMSX-4, a single-crystal Ni-based superalloy; (b) at 1100-1250 ◦C; and 
(c) phase decomposition during creep at 980 ◦C using SEM-EDS. Images (a) and (c) were taken from Ref. [90]and (b) from Ref. [91].

Fig. 19. Minimum or steady-state creep rates for Nb45Ta25Ti15Hf15 (NTTH) 
compared to HfNbTaTiZr (Senkov alloy), wrought CrCoNi, AM ODS-CrCoNi, 
CMSX-4, and the single-phase matrix of CMSX-4. All creep data were either 
taken at 980 ◦C or extrapolated to 980 ◦C using the reported activation en
ergies. The image was taken from Ref. [175].

M. Zhang et al.                                                                                                                                                                                                                                  Intermetallics 192 (2026) 109242 

14 



contrast, at 250 MPa for 4.5h, intergranular fracture was confined to the 
surface region, while the interior exhibited ductile fracture features. 
Notably, such degradation was absent in tests conducted under high 
vacuum, where the significantly lower oxygen partial pressure mini
mized environmental effects.

These findings underscore the inability of this RHEA to resist creep in 
oxidizing environments such as air, where oxidation becomes a domi
nant degradation mechanism. Given the generally poor oxidation 
resistance of many RHEAs [111,112,114], protective coatings are 
essential to shield RHEAs from environmental attack during 
high-temperature service. In parallel, alloy design that enhances the 
intrinsic oxidation resistance of the base RHEA is essential to ensure the 
material's integrity in the event of coating failure. Alternatively, recent 
observations on a ternary refractory Cr-Mo-Si alloy show potential to 
overcome this barrier [181]. It demonstrates both pesting resistance at 
intermediate temperatures of up to 800 ◦C as well as oxidation resistance 
at elevated temperatures up to 1100 ◦C, while simultaneously main
taining substantial compressive deformability at room temperature.

The overall normalized creep rates for BCC single-phase RHEAs are 
summarized in Fig. 21. The limited availability of data restricts the 
comparison to only HfNbTaTiZr and Nb45Ta25Ti15Hf15 RHEAs, where 
Nb45Ta25Ti15Hf15 appears stronger than its Senkov alloy counterpart.

3.2. Multi-phase BCC refractory high-entropy alloys

Since ductile single-phase BCC RHEAs experience a loss in high- 
temperature strength, similar to their FCC counterparts, it is necessary 
to seek multi-phase strengthening mechanisms. The creep parameters 
for multi-phase BCC RHEAs are compiled in Table 6, and the reported 

secondary creep data are given in Supplementary Table 4 [93,182,183].
The most widely adopted strategy involves designing a BCC-B2 dual- 

phase structure that imitates the FCC–L12 structure found in Ni-based 

Fig. 20. (a) Steady-state creep data and (b) creep curves for Nb45Ta25Ti15Hf15 tested in high-purity argon and high vacuum; (c) The SEM-EDS scan for a crept sample 
after rupture in argon; and (d-e) fractographs of crept samples tested in argon at 100 MPa for 29h and 250 MPa for 4.5h, respectively. The images were taken 
from Ref. [175].

Fig. 21. Normalized secondary creep data for single-phase BCC RHEAs. The 
creep data were adapted from Refs. [90,91,175]. A comparison between the 
creep data of high entropy alloys and commercial alloys is given in the Dis
cussion section.
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superalloys. As a result, these alloys are often referred to as refractory 
high-entropy superalloys (RHSAs). Fig. 22 shows the microstructure of 
Al10Nb20Ta16Ti30V4Zr20 (in atomic proportions) RHSA after isothermal 
annealing at 600 ◦C for 0.5-120 h [184]. The annealing induces spinodal 
decomposition of the high-temperature BCC phase, leading to the 
development of a continuous B2 matrix with discrete cuboidal BCC 
precipitates aligned along the <001> directions. The spinodal decom
position reflects an inherently unstable microstructure at this early 
stage, resulting in a continuous brittle phase and discrete ductile phase, 
which is an unfavorable configuration that limits overall ductility. 
Prolonged subsequent annealing at 600 ◦C can lead to the formation of 
necking constrictions along the B2 channels, ultimately pinching off 
these channels and rendering the BCC phase continuous, with discrete 
B2 precipitates. This phase inversion process improves the compress
ibility of the material, as the ductile BCC phase becomes continuous to 
allow long-range dislocation glide.

Fig. 22d–e demonstrates that the 120-h annealing at 600 ◦C enhances 
compressive ductility while maintaining high strength at 600 ◦C. While a 

dedicated creep study for the Al10Nb20Ta16Ti30V4Zr20 RHSA does not yet 
exist, Yang et al. [93] investigated the compressive creep properties of a 
BCC-B2 Ta27.3Mo27.3Ti27.3Cr8Al10 (in at.%, abbreviated as 
TMT-8Cr-10Al) RHSA (Fig. 23). The formation mechanism in 
TMT-8Cr-10Al is governed by nucleation and growth [185], in contrast 
to the spinodal decomposition reported for Al10Nb20Ta16Ti30V4Zr20. It 
has been shown that TMT-8Cr-10Al exhibits comparable creep resis
tance to CMSX-4 at approximately 1030 ◦C under stresses below 125 
MPa. Considering that the solvus temperature of the B2 precipitates in 
TMT-8Cr-10Al, which ranges between 1060 and 1070 ◦C, is significantly 
lower than the solvus temperature of the L12 phase in CMSX-4 at 
1280 ◦C, and the B2 phase fraction of around 20% is much smaller than 
the L12 fraction in CMSX-4, TMT-8Cr-10Al demonstrates remarkable 
creep strength as a polycrystalline material, outperforming the 
single-phase HfNbTaTiZr by orders of magnitude. However, the rela
tively high stress exponents of n > 10 measured at stresses above 125 
MPa lead to a significant increase in the creep rate, highlighting the need 
for a more detailed mechanistic study of stress dependence on 

Table 6 
Creep parameters of multi-phase BCC RHEAs for different microstructural states and testing conditions. All compositions are expressed in atomic percent.

Alloy Loading Microstructure T (◦C) n QC (kJ/mol) Ref.

Ta27.3Mo27.3Ti27.3Cr8Al10 Compression BCC + B2 1030 18.7 (hi σ) 390 [93]
4.3 (lo σ)

Al23.5Ti23.5V23.5 

Nb23.5Zr6

Compression B2 + Zr5Al3 + Nb2Al 800 3 256 [182]

Ti33.3Ta11.1Nb22.2Zr22.2Mo11.2 Tension BCC + Zr-rich precipitates 650-750 3.2-3.4 242-281 [183]

Fig. 22. Phase microstructure of 600 ◦C annealed Al10Nb20Ta16Ti30V4Zr20 for (a) 0.5 h, (b) 24 h, and (c) 120 h. The dark phase in the images in (a-c) is B2 and the 
light phase is BCC. In a related study, the compressive stress-strain curves for three processing conditions are shown: (1) as-cast and HIP'ed alloy, followed by 
homogenization at 1200 ◦C for 24 h with slow cooling; (2) the same process with additional annealing at 1400 ◦C for 20 min, followed by water quenching; and (3) 
the same process with further annealing at 600 ◦C for 120 h, also followed by water quenching. The results for room temperature compressive tests are shown in (d), 
and those for 600 ◦C tests are shown in (e). The images were taken from Refs. [184,186].
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dislocation interactions with matrix and precipitates. Furthermore, to 
surpass the creep properties of Ni-based superalloys, further optimiza
tion is required to enhance the B2 volume fraction and raise the solvus 
temperature. Currently, it is not known whether either can be accom
plished in the Al-containing RHEAs.

It is worth noting that most mechanical tests on RHSAs were con
ducted under compression. Similar to the single-phase MoNbTaWV 
system discussed earlier, RHSAs face the challenge of grain boundary 
embrittlement that significantly impairs their tensile properties. Kumar 
et al. [187] compared the compressive and tensile properties of a 
Al10Nb25Ta25Ti20Zr20 RHSA, revealing a strong contrast between the 
two. Fig. 24 shows that no tensile ductility was observed up to 1200 ◦C, 
with fracture strength falling below 50 MPa at elevated temperatures. 
The observed tensile brittleness was attributed to the formation of 

Al-Zr-rich precipitates at the grain boundaries, as well as local shearing 
in the precipitate-free zones near these boundaries, leading to brittle 
intergranular fracture. Future research efforts must address this issue, 
either through the fabrication of single-crystal BCC-B2 RHSAs or by 
employing grain boundary engineering techniques, such as doping with 
boron or carbon, to occupy grain boundary free volumes and prevent 
grain boundary segregation and precipitation.

Other multi-phase strategies to improve the creep resistance of BCC 
RHEAs are sparse, although precipitation hardening strategies for single 
principal component BCC systems (e.g., Cr-based superalloys [188]) 
have been widely applied with promising creep properties. Kral et al. 
[182] investigated the compressive creep behavior of an 
Al23.5Ti23.5V23.5Nb23.5Zr6 RHEA with a B2 matrix phase, coarse Zr5Al3 
precipitates, and Nb2Al sigma phase. However, the material is unlikely 

Fig. 23. (a) Minimum creep rates of Ta27.3Mo27.3Ti27.3Cr8Al10 RHSA compared with CMSX-4, HfNbTaTiZr, and NbMoCrTiAl; (b) the B2 phase fraction as a function 
of annealing temperature for 95h of annealing. The images were taken from Refs. [93].

Fig. 24. (a) Compressive and (b) tensile properties of the Al10Nb25Ta25Ti20Zr20 RHSA; (c) brittle intergranular fracture in a sample tensile tested at 1000 ◦C; and (d-i) 
SEM-EDS showing grain boundary segregation and a precipitate free zone immediately adjacent to the Zr-rich precipitate. The images were taken from Ref. [187].
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to exhibit tensile ductility due to the brittle B2 matrix and grain 
boundary precipitates. Feng et al. [183] fabricated a 
Ti33.3Ta11.1Nb22.2Zr22.2Mo11.2 RHEA by LPBF-AM, where the BCC matrix 
is strengthened by two types of Zr-rich continuous precipitates in the 
grain interior and at the grain boundaries. However, as shown in Fig. 25, 
neither of the two RHEAs exhibits a clear advantage in creep resistance 
compared to single-phase BCC RHEAs at elevated temperatures. This 
may be due to the low melting points and elastic moduli of some of the 
constituent elements, as well the small volume fraction (lower than 6%) 
of Zr-rich precipitates in Ti33.3Ta11.1Nb22.2Zr22.2Mo11.2, which likely 
provides insufficient strengthening.

3.3. Elevated-temperature deformation mechanisms in BCC refractory 
high-entropy alloys

Unlike FCC HEAs, deformation at lower temperatures in BCC RHEAs 
is mainly controlled by the glide of screw dislocations [162,189], 
although edge dislocations can sometimes be important [190–192]. 
Maresca and Curtin [193] developed a theory of screw dislocation 
strengthening in concentrated BCC solid solutions, attributing plastic 
deformation to mechanisms such as Peierls advancement, lateral kink 
glide, and the unpinning of cross-kinks, all of which are related to screw 
dislocations (Fig. 26). At elevated temperatures, the increased thermal 
activation can improve screw dislocation mobility and enable cross-slip, 
thereby making the cross-kink/dipole/jog unpinning mechanism 
dominant. Rao et al. [194] modified the Suzuki model [189,195,196] 
that describes dislocation-solute interactions at BCC screw dislocation 
cores. They proposed that plastic deformation is controlled by either 
cross-kink pinch-off under stress and thermal activation, resulting in the 
formation of debris in the form of vacancy or interstitial loops, or by jog 
dragging. In the jog-dragging mechanism, impinging cross-kinks drag 
the screw segment through the non-conservative motion of the edge 
components within the cross-kinks, which is facilitated by vacancy 
diffusion. Both mechanisms were directly observed in creep deformed 
Nb45Ta25Ti15Hf15 by Sahragard-Monfared et al. [175] using TEM, as 
shown in Fig. 27. Long, straight screw dislocations were observed on 
multiple {110} glide planes, accompanied by a high density of debris. 
Additionally, bowed segments were frequently observed, indicating jog 
pinning and suggesting that creep deformation is governed by jog 
dragging. It is noted that the dislocation substructure during creep in the 

BCC RHEA differs from that in FCC HEAs illustrated in Fig. 17. Based on 
these findings, Rao et al. [197] recently rationalized the creep defor
mation of Nb45Ta25Ti15Hf15 between 850 ◦C and 950 ◦C using the 
Rao-Suzuki screw dislocation glide model [194], achieving good 
agreement with experimental results.

Combined creep data and mechanistic analysis reveal that NbTaTiHf- 
based RHEAs exhibit insufficient creep resistance at elevated tempera
tures compared to Ni-based superalloy counterparts. This limitation 
arises from significantly reduced glide barriers for screw dislocations 
and lower activation energies for creep through cross-kink/jog unpin
ning/dragging. Notably, recent theoretical and experimental studies 
have demonstrated that edge dislocation glide can govern plastic 
deformation in some BCC RHEAs at elevated temperatures [192,198]. 
This behavior is attributed to the trapping of dislocations in statistically 
favorable random solute environments, which imposes intrinsically high 
energy barriers to edge dislocation motion, as manifested in the MoN
bTaWV system [198] and the NbTaTiV system [192]. Detailed mecha
nistic studies are still required to understand how edge dislocation glide 
control can affect the creep behavior in BCC RHEAs.

The elevated-temperature deformation mechanism of a BCC-B2 
Al10Nb20Ta16Ti30V4Zr20 RHSA at 600 ◦C was studied in detail by 
Couzinié et al. [199]. Dislocations with a/2<111> Burgers vectors are 
highly localized in slip bands, as illustrated in Fig. 28. A closer look 
using high-resolution STEM discloses the discrete nature of the bands, 
which form a zigzag morphology along {110} and {112} planes inter
mittently, suggesting frequent cross-slip. As a result, the overall band 
trajectory follows a direction in between the {110} trace and the {112} 
trace. The B2 precipitates strongly pin dislocations before being subse
quently sheared. This can potentially explain the power-law breakdown 
behavior in the creep study on Ta27.3Mo27.3Ti27.3Cr8Al10 by Yang et al. 
[93], where a high applied stress can lead to the buildup of back stress 
that allows the leading super-dislocation pairs to cut through the par
ticles. This behavior is frequently observed in Ni-based superalloys 
[200–202]. Back stress can be applied toward the threshold stress to 
rationalize the high creep stress exponent.

It is important to understand the evolution of the B2 phase under 
both temperature and stress that can strongly affect the creep behavior. 
Yang et al. [93] reported stress-induced precipitate coarsening and 
rafting behavior in Ta27.3Mo27.3Ti27.3Cr8Al10, as shown in Fig. 29. Creep 
deformation led to a greater increase in the B2 phase fraction compared 
to simple annealing at the same temperature and duration, indicating 
faster kinetics caused by higher defect densities in the deforming ma
terial. Although rafting in polycrystalline materials can be complex, 
N-type rafting (characterized by precipitate elongation perpendicular to 
the applied stress) was observed during compression. This behavior is 
attributed to the positive lattice mismatch between the B2 precipitates 
and the BCC matrix and can be translated to P-type rafting (precipitate 
elongation parallel to the applied stress) under tension.

4. Discussion and future prospects

Among HEAs for which creep data are available, none have 
demonstrated creep performance superior to Ni-based single-crystal 
superalloys in the tested temperature and strain-rate ranges. The com
parison of FCC HEAs with FCC-based commercial alloys is given in 
Fig. 30. Many single-phase FCC HEAs exhibit creep resistance compa
rable to that of 304 stainless steel, which is expected given their similar 
compositions and microstructures. This trend aligns with the fact that 
CrMnFeCoNi-based HEAs possess high-temperature tensile properties 
similar to those of austenitic stainless steels [27,28,32]. Some variants, 
such as CrCoNi or Mo-containing FCC HEAs, along with multi-phase 
Al-containing or ODS-FCC HEAs (excluding HESAs), demonstrate 
creep performance comparable to Ni-based alloys strengthened by 
M23C6 carbides, γ″, and δ phases, such as Inconel 625. Therefore, these 
alloys can at best target applications below ~1100 ◦C, comparable to the 
operating range of Ni-based superalloys. Nevertheless, a significant 

Fig. 25. Normalized secondary creep data for multi-phase BCC RHEAs 
compared to their single-phase counterparts. The creep data were adapted from 
Refs. [93,182,183]. A comparison between the creep data of high entropy alloys 
and commercial alloys is given in the Discussion section.
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performance gap remains when compared to high-volume-fraction 
γ′-strengthened superalloys, particularly single-crystal variants like 
CMSX-4. Among HEA-based systems, only γ + γ′ HESAs approach the 
creep performance of such superalloys, and as such, are arguably better 
categorized as superalloys rather than conventional HEAs under the 
original definition.

Notably, these γ + γ′ superalloys continue to outperform most BCC 
single-phase and multi-phase RHEAs in terms of creep strength, 
benefiting from a unique and highly effective strengthening mechanism 
that remains active to ~1100 ◦C. To assess the potential of RHEAs for 

higher-temperature applications, they must be creep tested at temper
atures well above 1100 ◦C and benchmarked against conventional re
fractory alloys such as TZM (Mo99.8Ti0.11Zr0.02C0.07, in at. %), W-Re, and 
WC3009 (Nb72Hf22.4W5.6, in at. %). It should be noted, however, these 
refractory alloys are only suitable for use in air or combustion envi
ronments with well-developed environmental barrier coating due to 
their poor oxidation resistance. Given the lack of creep data for RHEAs 
beyond 1100 ◦C, we have taken the approach of normalizing the existing 
creep data for all HEAs studied to date [8,203–206], and compared them 
with a few commercial alloys, as shown in Fig. 31. Caveats are identified 

Fig. 26. Schematic of screw dislocation glide-controlled deformation in single-phase BCC RHEAs. The image was taken from Ref. [193].

Fig. 27. STEM images of the dislocation substructure during creep at 900 ◦C in Nb45Ta25Ti15Hf15. (a-b) Show long straight screw segments on intersecting glide 
planes with a large number of debris; and (c-d) show screw dislocations pinned by jogs (indicated by black arrows). The image was taken from Ref. [175].
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for such an approach, however, as normalization of stress by E(T) and 
creep rate by exp (Qc /RT) can obscure actual creep rates at specific 
temperatures and stresses that are directly relevant to engineering ap
plications. For example, at 1200 ◦C, minimum creep rates for TZM alloy 
range from approximately 10− 7 to 10− 6 s− 1 under an applied stress of 
300 MPa. In contrast, achieving a similar creep rate in the single-phase 
BCC HfNbTaTiZr RHEA at the same temperature requires only 5–10 MPa 
of stress, representing a 30- to 60-fold reduction. However, the 
normalized creep rates for TZM appear higher than single-phase BCC 
RHEAs due to the significantly higher elastic modulus and activation 
energy for creep of Mo (330 GPa at room temperature, and 405 kJ/mol, 
respectively [207]) compared to those of HfNbTaTiZr (90.8 GPa [208] 
at room temperature and ~250 kJ/mol). Normalization, while useful 
from a scientific perspective, can give a false impression because what 
an engineer or designer needs to know is how long a given material can 
withstand a certain stress at a certain temperature before reaching 

unacceptably high strains (of order 1%). To address this limitation, 
Fig. 32 compares the actual creep rates of BCC RHEAs with those of 
commercial BCC alloys at a variety of temperatures. It is evident that 
TZM exhibits lower creep rates at 1200 ◦C than all currently tested BCC 
RHEAs, even at lower temperatures. However, direct comparison with 
Group IV-V RHEAs that do not contain Group VI elements may be 
inherently unfavorable due to their substantially lower solidus temper
atures. Notably, the Nb-based alloy WC3009 still demonstrates superior 
creep resistance compared with the currently developed ductile RHEAs 
derived from the HfNbTaTiZr system. This comparison highlights the 
barrier that BCC RHEAs have to overcome for creep-resistant 
applications.

Therefore, we foresee the future development of HEAs for creep- 
resistant applications to follow two primary directions. 

Fig. 28. (a-d) SEM images of the dislocation substructure after compression testing at 600 ◦C in Al10Nb20Ta16Ti30V4Zr20 and the corresponding crystallography; (e-g) 
high-resolution STEM images showing the zigzag nature of the deformation band; (h) STEM image of a deformation band; and (i-j) gives the STEM-EDS analysis that 
shows Ti segregation at the band core. The images were taken from Ref. [199].
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1. For applications below 1100 ◦C, research should prioritize the design 
of multi-phase FCC-based HEAs that offer a balance of high tough
ness and processibility with sufficient creep resistance at a reduced 
cost and lead time. That said, conventional Ni-base superalloys have 
been highly optimized over decades and there is a wealth of data 
available about their processing capabilities and properties. Signifi
cant cost savings will have to be demonstrated (or some other equally 
compelling reason) before multi-phase FCC HEAs attract industrial 
interest beyond the current academic interest.

2. For temperatures exceeding 1100 ◦C, where conventional superal
loys typically lose effectiveness, the focus should shift toward 
developing multi-phase RHEAs with both high-temperature strength 
and intrinsic oxidation resistance. Specifically, RHEAs containing 
Group IV elements are expected to exhibit poor creep resistance due 
to their lower solidus temperatures. In contrast, the high- 
temperature quasi-static strengths of several RHEAs generally in
creases with solidus temperature, particularly with higher Mo, W, 
and Ta content [210]. Many secondary phases in RHEAs have solvus 
temperatures between 800 ◦C and 1200 ◦C, so they provide little 
strengthening effects above 1100 ◦C; on the contrary, stress-assisted 
dissolution of these phases can accelerate creep. Therefore, designing 
RHEAs for high-temperature applications should focus on either 
single-phase compositions with inherently high strength or 
secondary-phase-strengthened versions with significantly higher 
solvus temperatures, such as Ru-containing alloys with high-solvus 
B2 precipitates [211,212] and oxide/carbide/nitride dispersion 
strengthening. In tandem, these alloys must be designed with robust 
thermal- and environmental-barrier coatings to ensure adequate 
protection during service, as sufficient oxidation resistance is 
essential for any prospective aeroengine application. Currently, 
tensile creep data above 1100 ◦C are extremely limited for BCC 
RHEAs, leaving their performance in the most relevant application 
temperature range largely unexplored. In particular, tensile creep 
data are scarce because many RHEAs exhibit brittleness and lack the 
damage tolerance required for sustained tensile loading at high 
temperatures. Therefore, priority should be given to conducting 
tensile creep tests on promising RHEA prototypes above 1100 ◦C to 
critically assess their potential for ultrahigh-temperature 
applications.

These two strategic directions are discussed in detail below:
Commercial single-crystal Ni-based superalloys (with a high amount 

of refractory elements) offer nearly unmatched creep resistance, com
bined with good toughness and oxidation resistance up to 1200 ◦C [9,
148,149,213], albeit with the use of scarce alloying elements, particu
larly Ta, Re, and Ru. In applications where extreme high-temperature 

performance is not essential, there may be opportunities to develop 
advanced processing strategies for multi-phase FCC HEAs that offer 
adequate creep resistance while enabling shorter prototype-to-product 
transition times and greater potential for commercial implementation. 
Although the total cost reduction in the GRX-810 ODS-FCC HEA dis
cussed above is not straightforward to assess due to the extra cost of 
powder production, it exemplifies a promising strategy that combines 
additive manufacturing with oxide dispersion strengthening to create 
high-strength structural materials potentially extending beyond the 
temperature capability of Ni-based single crystals. While the overall 
strength may be lower, similar to how MA754 compares with CMSX-4, 
the ODS approach retains its strength advantage up to ~1200 ◦C 
[214], where conventional γ′-strengthened superalloys lose effectiveness 
due to γ′ dissolution. In addition, the 3D-printability of ODS materials 
enables the rapid fabrication of near net-shape components, such as 
turbine blades, vanes, and rocket nozzles, for direct testing under 
application-relevant conditions [57,58,124,145,146,158]. Furthermore, 
AM can provide beneficial microstructures for creep properties, such as 
elongated grains along the build direction that resembles directionally 
solidified alloys [145], in-situ oxidation during laser-powder interaction 
that can incorporate nanoscale oxides that pin the grain boundaries and 
strengthen the material [124,215], as well as the high dislocation den
sity or cell structure that can also improve strength. A fundamental 
understanding of the processing–structure–property relationships 
arising from these prospects remains incomplete, with several critical 
aspects yet to be fully explored. For instance, it is critical to understand 
the thermal stability of dislocation cell structures as influenced by local 
compositional fluctuations and stacking fault energies, both of which are 
affected by the nominal alloy composition and AM processing parame
ters, and how these factors collectively impact creep resistance at 
elevated temperatures. Recent studies have shown that thermal expo
sure can eliminate the dislocation structures and elemental segregation 
introduced by AM, resulting in a reduction in yield strength and creep 
resistance [216]. This degradation can be mitigated through ODS that 
effectively pins defects and stabilizes the microstructure [57,145]. The 
same strategy also helps preserve the elongated grain structure by 
inhibiting recrystallization into an equiaxed morphology during 
annealing, HIP processing, or creep testing. Although ODS does not 
provide the same level of strengthening as the incorporation of higher 
than 60 vol% γ′ intermetallics, its capacity to maintain potentially 
favorable microstructures from AM should be fully leveraged.

BCC RHEAs may occupy a niche at temperatures beyond the opera
tional limits of Ni-based superalloys, where the primary research 
objective shifts toward developing alloys capable of outperforming 
commercial refractory alloys. Current application demands for 
ultrahigh-temperature structural materials, such as those used in turbine 

Fig. 29. SEM images of B2 precipitate morphology in Ta27.3Mo27.3Ti27.3Cr8Al10 after compression creep testing at 1000 ◦C for (a) 215 h, (b) 280 h, and (c) 330 h; as 
well as after heat treatment at (d) 215 h, (e) 280 h, and (f) 330 h; the B2 phase fraction as a function of creep testing or heat treatment time is shown in (g). The 
images were taken from Ref. [93].
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engines, rocket propulsion systems, and hypersonic vehicles, have 
driven the development of Nb-based and lightweight Mo-based alloys, 
each facing distinct advantages and challenges.

Niobium has a density of 8.57 g/cm3, comparable to that of Ni-based 
superalloys, making it an attractive base element for ultrahigh- 
temperature structural applications. Two prominent Nb-based alloys 
are C103 (Nb92.5Hf5.41Ti2.0, in at. %) and WC3009 (Nb75.1Hf19.2W5.6, in 
at. %). C103 exhibits a moderate yield strength of approximately 100 
MPa at 1300 ◦C [217], while WC3009 offers a significantly higher yield 
strength of around 200 MPa at the same temperature [218]. However, 
the widespread use of WC3009 is limited by its high cost due to the 
substantial Hf content. Recent advances in NbTaTi-based RHEAs have 
shown excellent room-temperature tensile strength and fracture tough
ness [192,219], and these alloys have also demonstrated compatibility 
with additive manufacturing processes [220,221]. Despite these 
strengths, alloys such as HfNbTaTiZr and Nb45Ta25Ti15Hf15 currently 
suffer from insufficient creep resistance at elevated temperatures. In 
addition, the oxidation resistance of these alloys is a significant concern 

[222,223]. Their creep performance could be improved through 
enhanced solid solution strengthening and more sluggish diffusion by 
incorporating minor amounts of Group VI elements (e.g., Mo, W), pre
cipitation strengthening via niobium silicides [224] (as most other 
precipitates have solvus temperatures that are too low), and ODS 

Fig. 30. Normalized secondary creep data for FCC HEAs considered in this 
review compared to select commercial alloy counterparts. The range of creep 
data for commercial alloys is indicated by shaded bubbles. The creep data for 
commercial alloys were adapted from Refs. [8,203,204].

Fig. 31. Normalized secondary creep data for BCC HEAs considered in this 
review compared to select commercial alloy counterparts. The range of creep 
data for commercial alloys is indicated by shaded bubbles. The creep data for 
commercial alloys were adapted from Refs. [205,206].

Fig. 32. Secondary creep data for single and multi-phase BCC RHEAs compared 
to commercial BCC alloys. The creep data were adapted from Refs. [90,91,93,
175,176,182,183,205,206,209].
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enabled by powder metallurgy or additive manufacturing. Building on 
prior success with AM ODS-CrCoNi alloys and leveraging the proven 
printability of NbTaTi-based compositions, AM ODS-NbTaTi-based al
loys represent a promising opportunity, particularly for applications 
where creep at or above 1100 ◦C is dominated by grain boundary 
diffusion. It is therefore prudent to envision the development of a 
multi-phase Nb-based RHEA with reduced Ta and Hf contents for lower 
cost and density, while targeting mechanical properties that match or 
exceed those of WC3009 at approximately 1300 ◦C. 
Environmental-barrier coating is mandatory for Nb-based alloys due to 
their poor oxidation resistance [225,226], which could require extensive 
efforts that are beyond the scope of the current review.

Molybdenum-based alloys exhibit excellent high-temperature 
strength and creep resistance. Among them, the widely used TZM 
alloy demonstrates a yield strength exceeding 300 MPa at 1300 ◦C 
[227]. However, its application is constrained by poor oxidation resis
tance and high density. The ongoing development of Mo–Si–B alloys has 
led to significant improvements in oxidation resistance, particularly 
through the application of borosilicate coatings via pack cementation 
[228,229]. These coatings enable self-healing, as Si and B in the alloy 
diffuse to damaged regions, thereby mitigating catastrophic oxidation 
and pesting [230]. Mo–Si–B alloys can also outperform TZM in creep 
resistance, with creep strengths around 200 MPa at 1300 ◦C for mini
mum creep rates in the range of 10− 7 to 10− 6 s− 1 [231]. Nevertheless, 
these alloys continue to suffer from limited tensile ductility at lower 
temperatures and relatively high density [232]. Recent efforts to 
incorporate substantial amounts of Ti have reduced the density of 
Mo–Si–B alloys to values below those of Ni-based superalloys while 
simultaneously enhancing creep resistance through solid solution 
strengthening within the Mo solid solution (Moss) phase and eliminating 
the pesting behavior [233–235]. Parallel studies on MoNbTi-based 
RHEAs have demonstrated plastic deformability through multiple 
dislocation glide pathways enabled by the rugged potential energy 
landscape in HEAs [82]. Despite these advances, an intrinsic trade-off 
remains unresolved: high oxidation and creep resistance require 
increased Si content and a reduced Moss volume fraction, while good 
tensile ductility favors lower Si content and a higher Moss fraction [236]. 
With the recent demonstration of their additive manufacturability 
[237–239], these alloys present new opportunities in terms of the design 
of compositionally graded structures with spatially varying Moss and 
silicide volume fractions toward balancing oxidation resistance, creep 
strength, and tensile ductility.

The development of next-generation BCC–B2 refractory high entropy 
superalloys depends heavily on identifying B2 phases with solvus tem
peratures exceeding 1300 ◦C. Current BCC–B2 with Al and Zr additions 
are limited to operating below ~1050 ◦C and fail to surpass the per
formance of Ni-based superalloys at these temperatures. Promising new 
systems, such as those that contain HfRu [240,241], ZrRu [242], and 
TaRe [243], have recently been reported to exhibit stable BCC–B2 
structures beyond 1300 ◦C, suggesting potential for high-temperature 
creep resistance via B2 strengthening. However, the high cost and 
limited availability of elements like Ru and Re may restrict their wide
spread application, reserving these materials for only the most 
demanding applications where extreme performance can justify the 
expense.

5. Summary

We present a systematic review and a critical assessment of the 
current research progress of creep properties in high-entropy alloys 
(HEAs), with emphasis on both face-centered cubic (FCC) and body- 
centered cubic (BCC) systems, including both single-phase and multi- 
phase variants. While it was initially hypothesized that the composi
tional complexity of HEAs would confer exceptional high-temperature 
performance through mechanisms such as concentrated solid solution 
strengthening, severe lattice distortion, and sluggish diffusion, extensive 

creep studies have largely negated these assertions at least in single- 
phase alloys. Single-phase FCC HEAs, such as CrMnFeCoNi and its de
rivatives, exhibit creep resistance comparable to conventional austenitic 
stainless steels, significantly short of the performance offered by Ni- 
based superalloys. Their elevated-temperature deformation is primar
ily governed by thermally activated dislocation glide and grain bound
ary recovery mechanisms, with clear evidence of strength degradation at 
higher temperatures.

Enhanced creep performance (mostly in compression) has been 
observed in multi-phase FCC HEAs through strategies such as precipi
tation strengthening (e.g., FCC + L12) and oxide dispersion- 
strengthening (ODS). Notably, AM ODS-CrCoNi and NASA's GRX-810 
represent major advances in creep-resistant HEAs, showing promising 
comparisons to commercial superalloys at temperatures approaching 
1100 ◦C. However, despite these improvements, γ + γ′ high-entropy 
superalloys (HESAs) still owe much of their creep resistance to well- 
established superalloy design principles rather than novel HEA- 
specific mechanisms.

On the BCC front, refractory HEAs (RHEAs) such as MoNbTaWV 
demonstrate good strength in compression, but their practical applica
bility is severely hindered by poor tensile ductility due to grain 
boundary embrittlement. Ductile RHEAs like HfNbTaTiZr offer tensile 
ductility but suffer from significantly reduced creep resistance. Multi- 
phase BCC alloys, especially BCC-B2 dual-phase RHEAs, have emerged 
as promising candidates for high-temperature applications. Alloys such 
as Ta27.3Mo27.3Ti27.3Cr8Al10 exhibit creep performance on par with 
CMSX-4 under lower stresses, yet limitations such as power-law break
down, grain boundary embrittlement, and the lower solvus tempera
tures of B2 phases remain major challenges. High-solvus-temperature 
BCC-B2 RHEAs are currently under development, but the cost of their 
constituent elements may be prohibitively high for all but the most 
demanding applications.

Overall, recent advances in HEA research underscore the critical role 
of secondary phase strengthening, grain boundary engineering, and 
maintaining stable microstructures in improving creep resistance at 
elevated temperatures. Despite their unique compositional complexity, 
HEAs have not yet revealed fundamentally new creep mechanisms and 
better creep properties compared to conventional alloys. Moving for
ward, progress will depend on thoughtful alloy design, guided by high- 
throughput computational screening and enabled by advanced pro
cessing methods, to optimize phase stability, dislocation behavior, and 
resistance to environmental degradation. These efforts are essential for 
unlocking the full potential of HEAs for structural applications under 
extreme environments.
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J. Mills, Multi-modal characterization of the B2 phase in the Ta-Re binary system, 
Acta Mater. 293 (2025) 121097.

M. Zhang et al.                                                                                                                                                                                                                                  Intermetallics 192 (2026) 109242 

28 

http://refhub.elsevier.com/S0966-9795(26)00096-8/sref234
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref234
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref234
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref235
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref235
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref236
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref236
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref237
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref237
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref237
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref238
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref238
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref238
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref239
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref239
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref239
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref240
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref240
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref240
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref241
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref241
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref241
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref242
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref242
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref243
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref243
http://refhub.elsevier.com/S0966-9795(26)00096-8/sref243

	Creep behavior of high-entropy alloys: A critical review
	1 Introduction
	2 Creep properties of FCC high-entropy alloys
	2.1 Single-phase FCC high-entropy alloys
	2.2 Multi-phase FCC high-entropy alloys
	2.3 Elevated-temperature deformation mechanisms in FCC high-entropy alloys

	3 Creep properties of BCC refractory high-entropy alloys
	3.1 Single-phase BCC refractory high-entropy alloys
	3.2 Multi-phase BCC refractory high-entropy alloys
	3.3 Elevated-temperature deformation mechanisms in BCC refractory high-entropy alloys

	4 Discussion and future prospects
	5 Summary
	CRediT authorship contribution statement
	Declaration of competing interest
	Acknowledgements
	Appendix A Supplementary data
	Data availability
	References


