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 A B S T R A C T

Ni diffusion in the equiatomic CoFeMnNiV high-entropy alloy is measured over an extended temperature range 
that covers both single-phase (face-centered cubic, FCC, solid solution) as well as two-phase (FCC solid solution 
+ 𝜎-phase) states. In addition, Ni diffusion experiments were performed on a single-phase 𝜎-alloy. The 𝜎-phase 
precipitation is found to affect significantly the self-diffusion kinetics in the FCC solid solution. The measured 
tracer diffusion coefficients follow an Arrhenius-type relationship when estimated in the single-phase solid 
solution, and a characteristic enhancement of the Ni diffusivity is observed at lower temperatures when the 
𝜎-phase precipitates during the diffusion annealing treatments. The enhancement is significantly suppressed 
when the alloy is pre-aged to approach a nearly equilibrium 𝜎-phase volume fraction at a given temperature. 
Since Ni volume diffusion in the 𝜎-phase was found to be similar to that in the FCC equiatomic counterpart, 
the observed diffusion enhancement is attributed to an excess vacancy concentration, generated during the 
growth of 𝜎-precipitates. This excess gets eliminated when approaching thermodynamic equilibrium, i.e., when 
precipitation ends. A simple model of the diffusion enhancement during precipitation is proposed.
1. Introduction

The dawn of the 21st century saw the development of a new class 
of materials known as high-entropy alloys (HEAs) or single-phase (solid 
solution) subsets of multi-principal element alloys [1,2]. This class of 
alloys originates from a novel alloying strategy, which explores the 
central regions of multi-dimensional phase diagrams utilizing five and 
more elements alloyed in equiatomic or near-equiatomic compositions. 
Because of the vast compositional space available, this alloying strategy 
offers a huge potential for developing novel alloys, often with superior 
properties [3].

The equiatomic CoCrFeMnNi alloy (known as Cantor alloy) and 
its derivatives were widely studied for their exceptional mechanical 
properties, especially at cryogenic temperatures [4–6]. Initially, it was 
believed that the Cantor alloy is a single-phase face-centered cubic 
(FCC) alloy, which led to a considerable amount of research [4,7–9]. 
Later, it was documented that secondary phases form below about 
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1073 K [10]. For example, annealing at 973 K for 500 days was 
shown to result in micrometer-large precipitates of a topologically 
close-packed (TCP) sigma (𝜎)-phase at grain boundaries [11]. This 
phase is known to precipitate in many engineering materials such as 
steels (Fe-based), superalloys (Ni and Co-based), and HEAs, during 
service at elevated temperatures [12]. The 𝜎-phase typically strength-
ens these alloys [13], but also leads to embrittlement, depletion of 
strengthening elements in the matrix and crack formation, all of which 
are detrimental to the performance of these alloys [14–17].

By studying single-phase FCC and equiatomic subsets of the Cantor 
alloy, Wu et al. [18,19] showed that alloys with higher Cr concen-
trations were stronger, suggesting that Cr is a potential solid solution 
strengthener in FCC solid solutions of the Co–Cr–Mn–Fe–Ni system. 
Given that V has an even larger atomic radius than Cr [20], some 
of the present authors hypothesized and demonstrated in a previous 
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work [21] that substituting Cr with V in CoCrFeMnNi to form CoFeMn-
NiV would result in superior solid solution strengthening. While this 
was experimentally confirmed, CoFeMnNiV was unexpectedly found to 
have a more advantageous strength/ductility combination than CoCr-
FeMnNi [21]. Regarding phase stability, both V and Cr are 𝜎-phase 
stabilizers [11,21,22], with V having a stronger effect, i.e., the 𝜎-phase 
solvus temperatures are around 1338 K [23] and 1073 K [10,11] in the 
CoFeMnNiV and CoCrFeMnNi alloys, respectively. Correspondingly, the 
𝜎-phase precipitation kinetics is significantly enhanced in CoFeMnNiV 
with precipitates seen after annealing at 1273 K for 1 h [21]. One may 
ask whether atomic diffusion in CoFeMnNiV is different with respect 
to that in, e.g., CoCrFeMnNi if both would be evaluated at the same 
temperatures and whether it can be considered as ‘‘sluggish’’ as it is 
often anticipated [24].

Diffusion in HEAs was already extensively investigated [25–29] and 
it was originally claimed by Tsai et al. [30] that diffusion in HEAs 
is sluggish. However, recent studies have shown that, while diffusion 
is indeed sluggish in some face-centered cubic (FCC) HEA systems, 
this statement cannot be generalized to all of them. In this context, 
Dash et al. [31] suggested a correlation between the degree of lattice 
distortions and diffusion kinetics in HEAs, i.e., sluggish diffusion is only 
observed in HEAs with small lattice distortions. In hexagonal close-
packed (HCP) HEAs with significant lattice distortions, tremendous 
diffusion enhancement (termed as ‘‘anti-sluggish’’ diffusion) was mea-
sured [32]. In body-centered cubic (BCC) HEAs with relatively large 
lattice distortions, volume diffusion was not found to be ‘‘sluggish’’ [33,
34].

As mentioned previously, substituting Cr with V is expected to result 
in higher lattice distortion as V has a larger atomic radius than Cr. 
It is thus worth to extend the existing tracer diffusion investigations 
to a further FCC system with increased lattice distortion. Therefore, 
the first aim of this paper is to investigate the diffusion kinetics in 
single-phase (FCC solid solution) CoFeMnNiV HEA at high temper-
atures. Furthermore, the influence of 𝜎-phase precipitation on the 
diffusion kinetics in CoFeMnNiV, which is prominent at temperatures 
below 1300 K [21], is evaluated. Simultaneously, a strong contribution 
of short-circuit diffusion, presumably of grain- or FCC/𝜎 interphase 
boundary diffusion is observed and carefully evaluated. The study is 
accompanied by measurements of Ni diffusion in a bulk 𝜎-phase alloy 
which are crucial for a reliable analysis of the diffusion behavior in a 
two-phase (FCC solid solution + 𝜎) mixture and a robust evaluation of 
the short-circuit diffusion contribution.

2. Experimental procedure

2.1. Processing and annealing of the equiatomic CoFeMnNiV alloy

The equiatomic CoFeMnNiV HEA was produced by vacuum induc-
tion melting and subsequently homogenized at 1473 K for 48 h. The 
cast rod, which initially had a diameter of 40 mm, was mechanically 
deformed by rotary swaging in several steps to reduce its diameter by 
60% to 17 mm. For further details concerning the alloy processing, 
please refer to Ref. [35]. The deformed rod was first machined on 
a lathe to 8 mm in diameter and then subjected to recrystallization 
annealing at 1353 K for 30 min. This state is henceforth referred to 
as the recrystallized condition (HT-0), which is initially single-phase 
FCC with a mean grain size of ∼60 μm [21], excluding annealing twin 
boundaries.

Discs with a thickness of 1.2 mm and a diameter of 8 mm were 
cut by spark erosion for diffusion experiments. They were wrapped in 
a Ta foil, encapsulated in quartz ampules in an Ar atmosphere (5N 
purity), and subjected to a pre-diffusion heat treatment at 1173 K and 
1073 K for 360 h. These states are further referred to as heat-treated 
I (HT-I) and heat-treated II (HT-II) conditions, respectively, which are 
two-phase FCC+𝜎 with 𝜎-area fractions of 0.19 for HT-I and 0.27 for 
HT-II (Table  1). The equilibrium composition of the 𝜎 phase was deter-
mined by SEM-EDS point analyses in the two-phase FCC+𝜎 alloys (HT-I 
and HT-II). The approximate composition Co20Fe21Mn18Ni12V29 (in 
at.%) was found not to vary significantly with annealing temperature.
2 
Table 1
Heat-treated states and corresponding 𝜎-phase area fractions prior to tracer 
diffusion experiments.
 State Annealing 

temperature 
(K)

Annealing 
time (h)

𝜎-phase 
fraction

 

 Recrystallized 
(HT-0)

– 0 0  

 Heat treated I 
(HT-I)

1173 360 0.19  

 Heat treated II 
(HT-II)

1073 360 0.27  

2.2. Synthesis of a bulk 𝜎-phase alloy

For comparative tracer diffusion measurements, a bulk 𝜎-phase 
alloy was prepared. To this end, the average composition of the nearly 
equilibrium 𝜎-precipitates was rounded to the nearest whole numbers, 
and 1 at.% V was added at the expense of Ni to ensure that the 
composition falls in the single-phase region of the phase diagram. This 
resulted in a nominal composition Co20Fe21Mn18Ni11V30 in at.%, for 
which pieces of pure metals (V, Mn, Fe, Co, and Ni, all with a purity 
better than 99.7 wt.%) were weighed appropriately. In the case of Mn, 
flakes were etched in a 10:1 diluted solution of nitric acid, to prevent 
formation of a new oxide layer prior to melting, thereby limiting the 
amount of oxide inclusions in the alloy. For the other metals, etching 
was unnecessary.

Pieces of the constituent elements were placed in the chamber of 
an AM/0.5 arc-melting device (Edmund Bühler GmbH), which was 
pumped to a pressure of 5 ⋅10−2 mbar and flooded with Ar. This process 
was repeated three times, followed by a high vacuum pumping stage 
to achieve a pressure of less than 5 ⋅ 10−5 mbar. The chamber was then 
flooded with Ar to a pressure of 600 mbar. Before melting, a small piece 
of Zr was melted to getter any residual oxygen in the chamber. The ele-
ments were then melted in a concave Cu mold to obtain a button after 
solidification. The button was flipped and remelted five times before 
it was finally melted and cast into a cuboidal Cu mold of dimensions 
50 × 27 × 23 mm3. The solidified button was cooled down slowly by 
progressively reducing the arc current. Still, the button cracked during 
final cooling to room temperature. However, this was inconsequential 
to subsequent characterization experiments,  see below, for which a 
specimen was cut from one of the halves. This piece was taken from a 
region that was in contact with the Cu mold and experienced the fastest 
cooling rate.

2.3. Characterization

Sample surfaces were prepared by mechanical and chemical polish-
ing to a mirror-like finish. Phase analyses of the Co20Fe20Mn20Ni20V20
and Co20Fe21Mn18Ni11V30 alloys were performed by X-ray diffraction 
(Siemens D5000) using Cu K𝛼 radiation (𝜆 = 0.154 nm). The X-
ray diffraction (XRD) patterns were measured in the Bragg Brentano 
geometry for the 2𝜃 interval from 30◦ to 100◦ with a step size of 0.02◦
and a dwell time of 20 s.

Backscattered electron (BSE) imaging and electron backscatter
diffraction (EBSD) were performed with a Jeol-7200F scanning electron 
microscope (SEM), while energy dispersive X-ray spectroscopy (EDS) 
was carried out with an FEI Nova NanoSEM 230R SEM.

Differential thermal analyses (Setaram Labsys TG-DSC) were per-
formed in high-purity Ar atmosphere, using a heating rate of 30 K/min, 
to study phase transformations in the Co20Fe20Mn20Ni20V20 alloy in 
different heat-treated conditions (HT-0, HT-I and HT-II) as well as for 
the as-cast Co Fe Mn Ni V  bulk 𝜎-phase alloy.
20 21 18 11 30
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Table 2
Temperature 𝑇  and time 𝑡 of the radiotracer diffusion experiments and determined diffusion coefficients 𝐷v of 63Ni. Some samples were heat-treated for the 
diffusion experiments at the specified temperatures 𝑇ℎ𝑡 for the times 𝑡ℎ𝑡. The states HT-0, HT-I, and HT-II are defined in Table  1. For completeness, the determined 
parameters of short-circuit diffusion, 𝛼, 𝛽, and 𝑃 = 𝑠 ⋅ 𝛿 ⋅𝐷gb, are listed as well. Here 𝛼 and 𝛽 are determined by Eqs. (2) and (3), respectively, and the so-called 
triple product 𝑃  is defined as the product of the segregation factor 𝑠, interface width 𝛿, and the interface diffusion coefficient 𝐷gb.

 State Heat-treatment Diffusion annealing 𝐷v 𝛼 𝛽 𝑃 = 𝑠 ⋅ 𝛿 ⋅𝐷gb  
 𝑇ℎ𝑡 𝑡ℎ𝑡 𝑇 𝑡 m2∕s s m3∕s  
 K 104 s K 104 s  
 

HT-0 – –

1423 2.16 6.62+0.44−0.45 × 10−15 2.09 × 10−5 0.88 1.40+0.10−0.11 × 10−19 
 1363 5.76 3.28+0.16−0.17 × 10−15 1.82 × 10−5 1.00 9.03+0.50−0.51 × 10−20 
 1273 8.64 3.09+0.77−0.78 × 10−16 4.86 × 10−5 3.63 1.15+0.16−0.17 × 10−20 
 1173 26.64 7.65+0.21−0.37 × 10−17 5.54 × 10−5 5.81 4.01+0.15−0.29 × 10−21 
 1173 10.8 1.50+0.50−0.29 × 10−16 1.97 × 10−4 14.15 5.40+0.85−0.52 × 10−21 
 1073 60.48 1.35+0.13−0.11 × 10−17 8.75 × 10−5 10.33 7.97+0.38−0.29 × 10−22 
 1073 3.6 2.76+0.21−0.10 × 10−17 2.51 × 10−4 29.63 1.63+0.10−0.10 × 10−21 
 1073 0.36 – 1.32 × 10−3 271.27 1.03+0.10−0.10 × 10−21 
 HT-I 1173 129.6 1173 26.64 4.56+0.67−0.26 × 10−17 7.17 × 10−5 7.16 2.27+0.11−0.21 × 10−21 
 1073 60.48 8.15+0.10−1.4 × 10−18 1.13 × 10−4 12.17 5.44+0.10−0.52 × 10−22 
 HT-II 1073 129.6 1073 60.48 1.91+0.42−0.10 × 10−17 7.35 × 10−5 13.23 8.83+1.05−0.39 × 10−22 
2.4. Radiotracer technique

The samples were metallographically prepared to obtain a smooth 
and mirror-like surface. The 63Ni radioactive isotope (68 keV 𝛽-decays, 
half-life of about 100 years) was available as a HCl solution, which 
was highly diluted to achieve a specific radioactivity of about 5 kBq/μl. 
About 10 kBq of the diluted 63Ni tracer was deposited on the samples 
and dried under a sodium vapor lamp. The samples were wrapped in 
Ta foils, sealed in quartz tubes in an Ar atmosphere, and subjected to 
various diffusion annealing treatments, as listed in Table  2.

After diffusion annealing treatments, the samples were radially 
reduced by about 1 mm to eliminate potential effects of surface and/or 
lateral diffusion. The samples were then sectioned using a precision 
mechanical plane-parallel grinder. The section thickness was deter-
mined by the weight loss of the samples after each grinding step 
using a high-precision microbalance (with an accuracy of ±0.1 μg for 
the average section weights of 1 mg or more). A liquid scintillation 
counter (TRI CARB 2910TR) was used to measure the radioactivity of 
each section. The measured penetration profiles correspond to relative 
specific radioactivity (background corrected) divided by the section 
mass, which is proportional to the tracer concentration in the section, 
𝐶̄(𝑥), plotted against the diffusion depth, 𝑥.

2.5. Secondary ion mass spectroscopy

The bulk 𝜎-phase ingot was cut into small pieces (approximately 
5 mm × 5 mm × 2 mm) by spark erosion and one face was polished 
to a mirror-like finish. A non-radioactive highly-enriched 64Ni isotope 
(natural abundance of about 0.93%) was used. A layer of 64Ni with 
an average thickness of 85 nm was deposited in a physical vapor 
deposition (PVD) device applying vacuum better than 10−5 mbar. The 
samples were then sealed in quartz ampules in a 5N high purity Ar 
atmosphere and were subjected to diffusion annealing at 1173 K for 
3 h, 1073 K for 1 h, and 973 K for 20 h. The annealing temperatures 
and times were selected after a few trial-and-error experiments based 
on the tracer diffusivities measured by the radiotracer technique in the 
CoFeMnNiV alloy while keeping the intended diffusion length under 
2 μm to obtain reliable data.

Ni diffusion was measured for the brittle bulk 𝜎-phase alloy us-
ing a time-of-flight secondary ion mass spectroscopy (ToF-SIMS V, 
IONTOF GmbH). The ToF-SIMS measurements were performed over a 
250 × 250 μm2 area in dual beam mode with a Cs+ (2 keV) sputter 
beam and a primary beam of Bi+ (25 keV) for the chemical char-
acterization of the crater. The resulting crater depth was measured 
3 
using a profilometer (Sensofar PL𝜇 Neox). To produce reliable volume 
diffusion coefficients, the region of interest was chosen to exclude any 
microstructure defects such as grain boundaries or cracks. A sample 
in the as-deposited state (no diffusion annealing) was also probed to 
establish a reference state.

3. Results

3.1. Characterization

3.1.1. X-ray diffraction of the single-phase and dual-phase alloys
The XRD analyses (see Fig.  1) revealed that the as-recrystallized 

alloy (HT-0) is single-phase FCC (space group Fm3̄m, Strukturbericht 
designation A1), the bulk 𝜎-alloy shows a single-phase tetragonal crys-
tal structure (P42/mnm, D8b), while the HT-I and HT-II conditions are 
two-phase, as evidenced by the presence of diffraction peaks belonging 
to the 𝜎- and FCC phases. The lattice parameters of the two phases were 
obtained from Rietveld refinement, and the associated uncertainties, 
estimated as ±0.001 nm, indicate the quality of the fit. The FCC-
phase lattice parameter remained essentially similar across all three 
conditions, with 𝑎 = 0.3610 nm for HT-0, 𝑎 = 0.3609 nm for HT-I, and 
𝑎 = 0.3608 nm for HT-II. A minor decrease of the lattice parameter of 
the FCC phase correlates with progressive V depletion in the matrix due 
to the 𝜎-phase precipitation.

The 𝜎-phase has lattice parameters of 𝑎 = 0.8843 nm, 𝑐 = 0.4588 nm
and 𝑎 = 0.8838 nm, 𝑐 = 0.4587 nm for HT-I and HT-II, respectively, 
while those of the bulk 𝜎-phase alloy are 𝑎 = 0.8845 nm, 𝑐 = 0.4585 nm. 
These minute variations in the lattice parameters also correlate with 
small variations of the composition, especially of the V content .

3.1.2. Microstructural and chemical characterization
The microstructure and distribution of elements in the CoFeMnNiV 

alloy after different heat treatments were studied by SEM and SEM-
EDS, respectively, as shown in Fig.  2. Here, we only show the Ni and 
V EDS elemental maps because they show the strongest partitioning to 
the FCC-matrix and 𝜎-precipitates, respectively. For the sake of com-
pleteness, the elemental EDS maps of Co, Fe, and Mn are shown in the 
Supplementary Material, Fig. S1. In the HT-0 state, the microstructure 
reveals a homogeneous distribution of the alloying elements in the 
matrix and the presence of a few oxides enriched in Mn and V, Figs. 
2(a) and  S1. These non-coherent oxides should not affect radiotracer 
diffusion measurements, as their volume fraction is below 0.3% by 
area [23]. In the HT-I state, Fig.  2(b) reveals a dual-phase microstruc-
ture with a Ni-rich (V-depleted) FCC matrix and V-rich (Ni-depleted) 
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Fig. 1. XRD patterns (using a log scale) of the CoFeMnNiV alloy in HT-0 
(single-phase FCC), HT-I and HT-II (two-phase FCC+𝜎) conditions and that 
of the bulk 𝜎-phase alloy. The indexed XRD peaks are marked.

Table 3
Compositions (in at.%) of different phases measured by SEM-EDS in the 
equiatomic CoFeMnNiV and bulk 𝜎-phase alloys. The data were averaged over 
more than 10 different positions within the given phases. The uncertainties 
associated with EDS are about ±0.5 at.%. Standard deviations were found to 
be below this threshold except for the 𝜎-phase in the HT-II state (±1.5 at.% 
for Ni and V), due to the fact that the information volume is very close to the 
size of the 𝜎-precipitates. 
 Sample Phase(s) Composition (at.%)
 Co Fe Mn Ni V  
 HT-0 FCC 19.7 20.2 20.0 20.0 20.1 
 HT-I Matrix (FCC) 20.0 20.4 20.2 21.2 18.2 
 +19% 𝜎 phase 19.6 21.5 18.2 12.3 28.4 
 HT-II Matrix (FCC) 20.6 20.3 20.6 20.7 17.8 
 +27% 𝜎 phase 20.1 21.3 18.5 12.4 27.7 
 bulk 𝜎 𝜎-phase 19.9 20.9 18.0 10.8 30.4 

𝜎-precipitates. These precipitates exhibit a coarse morphology and are 
mostly present along grain boundaries with a few precipitates within 
grains. In contrast, the dual-phase microstructure is much finer in the 
HT-II condition with a much higher number density of 𝜎-precipitates, 
Fig.  2(c). The compositions (in at.%) of the FCC and 𝜎-phases for the 
HT-0, HT-I, and HT-II conditions, which were determined by EDS point 
analyses, are given in Table  3.

The inverse pole figure (IPF) map in Fig.  3(a) reveals that the HT-0 
state of CoFeMnNiV is single-phase FCC without a dominant texture. 
The average grain size is ∼60 μm with several annealing twins (twin 
boundaries were excluded when evaluating the grain size). The twin 
density is rather low. These results are in good agreement with our 
previous work [23], in which we showed that, on average, there is 
one annealing twin boundary for every three grains. These features 
persist in the FCC matrix after prolonged annealing at 1173 K and 
1073 K, i.e., grain growth did not occur in the HT-I and HT-II states 
as evidenced in Figs.  4 and 5. Rounded 𝜎-allotriomorphs with differ-
ent crystallographic orientations were observed to form along grain 
boundaries. Figs.  3(b2) and (c2) show that portions of grain boundaries 
are completely covered by chains of 𝜎-allotriomorphs that grew into 
each other. Furthermore, thin disc-shaped precipitates have also formed 
within grains. Note that the precipitates are discs in 3D that appear as 
needles on 2D cross sections [12].

The microstructural evolutions during isothermal aging at 1173 and 
1073 K are shown in Figs.  4 and 5, respectively. At both temperatures, 
the 𝜎-phase area fraction increases over time. After 3 h (Fig.  4(a)), the 
4 
𝜎-phase precipitated almost exclusively at grain boundaries, whereas 
longer annealing (74 h, Fig.  4(b)) led to 𝜎-phase precipitation within 
grains. Prolonged annealing for 360 h resulted in the formation of a 
quasi-continuous film of 𝜎-phase along FCC grain boundaries with a 
few coarse 𝜎-discs within grains. This corresponds to the microstructure 
(Fig.  4(c)) of the HT-I condition prior to radiotracer diffusion.

After annealing at 1073 K for 10 h (Fig.  5(a)), 𝜎-allotriomorphs 
precipitated along grain boundaries. Additionally, many fine, submi-
crometer, disc-shaped 𝜎-precipitates are visible within grains. With 
increasing annealing time to 168 h (Fig.  5(b)), the disc-shaped 𝜎-
precipitates lengthened and impinged on each other to form an inter-
connected network. After 360 h (Fig.  5(c)), the network has slightly 
coarsened, i.e., the discs have become slightly thicker. This latter 
microstructure was selected as the starting condition for the radiotracer 
experiments corresponding to the HT-II state. The precipitation kinetics 
have been investigated in a separate study, and the detailed results will 
be reported elsewhere. At 1173 K, precipitation was found to start (1% 
completion) already after annealing for 20 min, the transformation is 
half completed after 40 h and precipitation ends (99%) after 300 h of 
annealing. At 1073 K, the precipitation kinetics are slower. It begins 
after 30 min, a half completion is reached after 50 h, and precipitation 
ends after approximately 360 h. The diffusion times were chosen to 
comply with the precipitation kinetics.

3.1.3. Microstructural and chemical characterization of the bulk 𝜎-phase 
alloy

The microstructure, crystallography, and chemical homogeneity of 
the as-cast 𝜎-phase alloy were characterized using BSE imaging, EBSD 
and EDS analyses. The overview BSE image in Fig.  6(a) reveals the pres-
ence of grains with different shades of gray, dark submicron particles 
and long cracks, indicating that the alloy is intrinsically brittle [36,37]. 
From the same region, an EBSD phase map was recorded and shown 
with a forward scatter detector (FSD) overlay in Fig.  6(b). Here, the 
black, red, and light blue pixels correspond to locations from which the 
Kikuchi patterns were unindexed, indexed as 𝜎-phase, and indexed as 
FCC phase, respectively. In Fig.  6(b), more than 99% of the scanned 
area was indexed as the 𝜎-phase, indicating that the regions with 
different shades of gray in Fig.  6(a) correspond to grains and subgrains 
of the 𝜎-phase with different crystallographic orientations.

An EDS area analysis of a large region with dimensions 60 × 48 μm2

yielded a composition of Co20Fe21Mn18Ni11V30 (see Table  3), which is in 
excellent agreement with the targeted one. A region of interest, which 
is marked with a yellow frame in Figs.  6(a) and (b), is magnified in 
Figs.  6(c1) and (c2), respectively. The high-resolution BSE image in 
Fig.  6(c1) shows that black and dark gray particles are embedded into 
the 𝜎-phase matrix. To identify the nature of these secondary phases, 
EBSD and EDS analyses were carried out on the same region, see Figs. 
6(c2,d,e) and (f), respectively. In Fig.  6(c2), the small blue particles 
were indexed as FCC-phase, while the matrix was indexed as 𝜎-phase. 
Representative Kikuchi patterns of the 𝜎 and FCC-phases are shown in 
Figs.  6(d) and (e), respectively. The EDS elemental maps in Fig.  6(f) 
show a homogeneous elemental distribution within the 𝜎-phase, while 
the FCC-phase is relatively enriched in Ni and correspondingly depleted 
in V. In the oxygen-elemental map in Fig.  6(f), the black particles in 
Figs.  6(a) and (c1) are found to be enriched in oxygen, suggesting that 
these are oxides.

In summary, the Co20Fe21Mn18Ni11V30 alloy consists mainly of 𝜎-
phase, which is chemically homogeneous, and the minor phases are 
oxides and FCC particles, which are highlighted in Fig.  6(c1) with green 
and light blue arrows, respectively.

3.1.4. Differential thermal analyses
Complete results of DTA analyses are shown in Fig. S2, Supple-

mentary Material. In Fig.  7, the relevant temperature interval between 
1300 K and 1650 K is highlighted. For the equiatomic CoFeMnNiV alloy 
in the HT-0, HT-I, and HT-II states, the endothermic peak at ∼1550 K 
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Fig. 2. EDS elemental maps of Ni and V in the CoFeMnNiV alloy: (a) HT-0 condition showing a homogeneous FCC matrix with dispersed oxide particles; (b) HT-I 
condition, highlighting the presence of V-rich 𝜎-phase along grain boundaries and within the FCC matrix; (c) HT-II condition, showing a pronounced presence of 
the V-rich 𝜎-phase along grain boundaries and within the FCC matrix.

Fig. 3. EBSD grain orientation maps of the equiatomic CoFeMnNiV alloy in the single-phase HT-0 state (a), two-phase HT-I condition (b1,b2), and two-phase 
HT-II state (c1,c2). The phase content in the microstructures is listed in Table  1. The grain orientations of the FCC phase are shown in (a,b1,c1), while those of 
the 𝜎-phase are displayed in (b2,c2). The corresponding color keys are indicated in stereographic triangles.

Fig. 4. SEM-BSE micrographs (atomic number and orientation contrast) illustrating the 𝜎-phase precipitation during isothermal aging at 1173 K. BSE images of 
the CoFeMnNiV alloy after annealing for 3 h (a), 74 h (b), and 360 h (c).
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Fig. 5. SEM-BSE micrographs (atomic number and orientation contrast) illustrating the microstructural evolution during annealing at 1073 K for 10 h (a), 168 h 
(b), and 360 h (c) at 1073 K. The BSE images reveal the formation of bright, V-enriched 𝜎-precipitates in a dark FCC matrix.

Fig. 6.  Microstructure of the 𝜎-phase alloy in the as-cast state. (a) BSE overview showing a polycrystalline microstructure with several cracks. (b) EBSD phase 
map with an FSD overlay where 𝜎 and FCC phases appear red and blue, respectively. The yellow-framed region in (a) is magnified in (c1), where minor phases 
can clearly be distinguished. An EBSD phase map from the same region in (c2) reveals the presence of blue FCC particles. Representative Kikuchi patterns of the 
(d) 𝜎-phase matrix and (e) FCC particles. (f) EDS elemental maps of V, Mn, Fe, Co, Ni, and O showing that the oxides and FCC precipitates are O and Ni-rich, 
respectively.  (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
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Fig. 7. Heat flow curves for the bulk 𝜎-phase, HT-0, HT-I, and HT-II conditions 
measured by DTA at a heating rate of 30 K/min.

corresponds to melting. In contrast, the bulk 𝜎-phase alloy exhibits two 
endothermic peaks at ∼1490 K and ∼1590 K. While the second peak 
corresponds to melting, a careful study of binary phase diagrams from 
the Co–Fe–Mn–Ni–V system indicates that the first peak corresponds to 
a 𝜎-to-BCC phase transformation. However, further work is required to 
fully confirm this.

3.2. Diffusion measurements

The measured penetration profiles for 63Ni diffusion in the initially 
single-phase FCC equiatomic CoFeMnNiV alloy (HT-0 state) are shown 
in Fig.  8 as ln 𝐶̄-vs.-𝑥 plots. Here, 𝐶̄(𝑥) is the layer tracer concentration, 
which is proportional to the measured relative specific activity, and 𝑥 is 
the penetration depth. The profiles determined at 1273 K, 1173 K and 
1073 K clearly reveal two distinct contributions (diffusion branches), 
e.g., there is a kink in the penetration profile obtained at 1073 K at 
𝑥 = 10 μm, Fig.  8. In contrast, this feature is less apparent in the 
profiles measured at 1423 K and 1363 K.1 At first glance, the transition 
from a two-branch to an apparent single-branch profile as temperature 
increases from 1273 K to 1363 K correlates with the solvus temperature 
of the 𝜎-phase, i.e., the alloy is two-phase FCC+𝜎 below 1338 K [23], 
and single-phase FCC at higher temperatures. However, the appearance 
of a second diffusion branch, extending down to about 100 μm in 
Fig.  8, might also indicate a significant contribution of short-circuit 
diffusion processes such as grain boundary (GB) diffusion, interphase 
boundary diffusion, and pipe diffusion, whose contributions are known 
to increase relative to bulk diffusion with decreasing temperature [38]. 
Therefore, a dedicated analysis is required to clarify this aspect, which 
will be presented in Section 4.4.

Having inspected the initial microstructure in the HT-0 state,
Fig.  3(a), we can conclude that the first branch, especially at elevated 
temperatures (≥ 1273 K), corresponds to direct volume diffusion in 
the FCC matrix (average grain size: ∼60 μm).2 At temperatures above 
1273 K, these are general high-angle grain boundaries (GBs) in the FCC 

1 The second branch is hardly visible at these high temperatures due to 
small values of the GB diffusion parameter 𝛽, 𝛽 < 1, as discussed in Section 4.4.

2 Volume diffusion in the 𝜎-phase as a second branch would correspond 
to a characteristic Gaussian-type contributions, i.e. − ln 𝐶̄ ∝ 𝑥2, in contrast 
to the observed ∼linear shape of the deeper branches in Fig.  8. However, 
a contribution of volume diffusion within the 𝜎-grains to the first branches 
cannot be excluded at this stage, see Section 3.2.2.
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Fig. 8. Penetration profiles for 63Ni diffusion in the initially single-phase FCC 
equiatomic CoFeMnNiV alloy (HT-0 state). The solid lines correspond to fits 
after Eq. (1). Due to a potential tracer evaporation and artificial grinding-in 
effects, the analysis does not include near-surface points at depths of less than 
several micrometers.

matrix. At lower temperatures and with increasing diffusion time, the 
FCC GBs become increasingly decorated with 𝜎-precipitates, Figs.  3(b2) 
and (c2), and interphase boundaries, i.e., the FCC/𝜎 interfaces might 
additionally contribute to the short-circuit diffusion transport.

The present penetration profiles are analyzed using a formal GB-
diffusion model [39], and subsequent analysis will justify the correct-
ness of this approximation. The analysis of the GB diffusion problem 
in a polycrystalline material depends crucially on the given kinetic 
regime. After Harrison [40], the present measurements are performed 
in the so-called B-type kinetic regime. In this case, a tracer atom dif-
fuses fast along GBs with a following leakage to the crystalline volume 
and a final random walk within the grains at slower rates. According 
to the results of Le Claire’s analysis [41] of the exact solution by 
Suzuoka [42] of the corresponding GB diffusion problem, the logarithm 
of the tracer concentration due to GB diffusion decays with the depth 
raised to the power of 6/5th. The total tracer concentration due to a 
combination of bulk and GB diffusion is approximated by, 

𝐶̄(𝑥) = 𝐴 exp
(

− 𝑥2

4𝐷v𝑡

)

+ 𝐵 exp

[

−
(

𝑥
𝐿gb

)6∕5
]

, (1)

with 𝐴 and 𝐵 being the fitting parameters. Here, the relative depth of 
GB diffusion, 𝐿gb, is related to the GB diffusivity, i.e., the triple product 
𝑃 = 𝑠 ⋅ 𝛿 ⋅𝐷gb [43], where 𝑠, 𝛿, and 𝐷gb are the segregation factor, the 
GB width, and the GB diffusion coefficient, respectively. The validity of 
the B-type kinetics conditions and the exact expression for 𝐿gb depends 
on the values of the parameters 𝛼, 

𝛼 = 𝑠𝛿
2
√

𝐷v𝑡
, (2)

and 𝛽, 

𝛽 = 𝑃
2𝐷v

√

𝐷v𝑡
. (3)

The B-type kinetics regime holds if 𝛼 < 0.1 and 𝐿2
gb = 𝑃

1.308

√

𝑡
𝐷v

 for 
𝛽 > 104 [43]. For 𝛽 < 2, i.e., at the two highest temperatures, see Table 
2, Eq. (1) is not suitable [43] and the exact Suzuoka solution [42] was 
used. In the present work, the segregation factor for GB self-diffusion, 
i.e., the ratio of Ni concentration within the interface to that in the bulk 
near a GB, is close to unity, 𝑠 ≈ 1.
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Fig. 9. Ni bulk diffusion coefficients, 𝐷v, in the CoFeMnNiV alloy in HT-
0 (black triangles), HT-I (red triangles) and HT-II (blue triangle) states 
as function of the inverse absolute temperature 1∕𝑇 . The shorter diffusion 
annealing treatments at 1173 K and 1073 K for the initial HT-0 state are 
represented by black open triangles. The measured diffusion coefficients in the 
HT-0 state, filled black triangles, reveal an upward trend in the corresponding 
Arrhenius-type dependence below 1273 K, dotted line. An extrapolation of the 
high-temperature data is indicated by a dashed line. The temperature intervals 
corresponding to single-phase (FCC solid solution) and two-phase (FCC+𝜎) 
equilibria are indicated with yellow and blue backgrounds, respectively. The 
statistical uncertainties of single measurements are within the symbol size if 
not explicitly shown. The diffusion times are specified indicating an exhaustion 
of the relative diffusion enhancement observed at lower temperatures. (For 
interpretation of the references to color in this figure legend, the reader is 
referred to the web version of this article.)

A remark is due here. In this formal analysis, we assumed a com-
bination of bulk and GB diffusion. Due to the 𝜎-phase precipitation, 
a certain contribution of interphase boundary diffusion, i.e., diffusion 
along the FCC/𝜎 boundaries, might be expected too, see Section 4.4. 
The corresponding analysis depends strongly on the bulk diffusivities 
in the FCC and 𝜎-phases [43], which have to be evaluated. The general 
structure of Eq. (1) holds, but modifications of the expressions for 
the diffusion parameters might be required, especially for the effective 
length of interphase boundary diffusion. For simplicity, these correc-
tions will be discussed below, together with the estimation of the 
𝜎-phase contribution to the diffusion behavior. Fortunately, as the 
analysis will demonstrate, the adopted simplifications do not affect the 
derived data in a significant manner.

3.2.1. Volume diffusion in the CoFeMnNiV alloy
Eq.  (1) (or the exact Suzuoka solution at the two highest tempera-

tures) was used to fit the penetration profiles in Fig.  8 and the volume 
diffusion coefficients of Ni were determined, Table  2. The 𝐷v values 
evaluated for the HT-0 state are drawn as filled black triangles in 
the 𝐷v-vs.-1/𝑇  plot shown in Fig.  9 (adopting a logarithmic scale for 
the diffusion coefficients). An upward curvature in the Arrhenius-type 
coordinates is obvious, indicated by the dotted line in Fig.  9). This 
tendency is schematically visualized by drawing a linear Arrhenius-type 
approximation of the three highest data points and its extrapolation to 
lower temperatures, dashed line in Fig.  9.

This behavior advocates a relative enhancement of the Ni diffusion 
rate at lower temperatures within the two-phase temperature range 
with respect to the single-phase high-temperature data. To elucidate the 
reasons for the volume diffusion enhancement at 1173 K and 1073 K in 
8 
CoFeMnNiV, dedicated time-dependent diffusion measurements were 
performed, see Fig.  10.

In particular, two types of experiments were performed at 1173 K, 
see the penetration profiles in Fig.  10(a):

(i) the initially single-phase FCC microstructure (0% of 𝜎, HT-0 
state), which is metastable at 1173 K, was annealed for 3 and 
74 h, during which the 𝜎-phase particles precipitated and grew;

(ii) the initially two-phase (19% of 𝜎) microstructure (HT-I state), 
corresponding to the equilibrium state at 1173 K, was further 
diffusion-annealed for 74 h.

At 1073 K, the following diffusion measurements were performed, 
see the concentration profiles in Fig.  10(b):

(i) the initially single-phase FCC microstructure (0% of 𝜎, HT-0 
state), which is metastable at 1073 K, was annealed for 1, 10, 
and 168 h;

(ii) the initially two-phase (27% of 𝜎) microstructure (HT-II state), 
corresponding to the equilibrium state at 1073 K, was diffusion-
annealed for 168 h;

(iii) the initially two-phase (19% of 𝜎) microstructure (HT-I state) 
was diffusion-annealed for 168 h. During this experiment, the 
microstructure is slightly unstable, and the 𝜎-phase area fraction 
is expected to increase from 19 % to 27%.

These diffusion experiments were designed to capture the atomic 
transport with and without the concomitant precipitation of the 𝜎-
phase at different stages of the precipitation.

The penetration profiles, shown in Fig.  10, again reveal a two-
branch character and they were fitted using Eq. (1). The results are 
summarized in Table  2 and shown in Fig.  9. In order to highlight the 
diffusion time-dependence of the determined volume diffusion coeffi-
cients, they are shown in Fig.  11 as functions of the initial state and 
the annealing time.

At 1173 K, the volume diffusion coefficient determined in the HT-
0 state is found to decrease with increasing diffusion time from 3 h 
to 74 h. It is even lower if diffusion is measured in the equilibrated 
microstructure (HT-I state), see Fig.  11. In other words, the diffusion en-
hancement associated with 𝜎-phase precipitation gradually decreases, 
compare the open and filled black triangles in Fig.  9, and vanishes in 
the HT-I state, in which precipitation was complete before diffusion 
annealing. In fact, the corresponding tracer diffusion coefficient, red 
triangle in Fig.  9, agrees well with the high-temperature Arrhenius 
dependence, dashed line.

At 1073 K, the diffusion behavior is qualitatively similar, i.e., the 
diffusion coefficient decreases with increasing diffusion time in the 
state HT-0, compare open and filled black triangles in Fig.  9. The 
prolonged pre-annealing at 1173 K (HT-I state) also decreases the mea-
sured bulk diffusion coefficient at 1073 K (red triangle, HT-II state). A 
prolonged pre-annealing treatment at 1073 K (blue triangle in Fig.  11) 
slightly reduces the tracer diffusion coefficient at 1073 K with respect 
to the diffusion rate measured for the HT-0 state applying a short 
annealing time (open black triangle). However, the value is similar 
(even slightly higher) than that measured in the HT-0 state applying 
a long annealing time (filled black triangle). All values measured at 
1073 K exceed the diffusion rate corresponding to the extrapolation of 
the high-temperature diffusion data shown by a black dashed line in 
Fig.  9 or as blue dashed line in Fig.  11.

3.2.2. Diffusion in the bulk 𝜎-phase alloy
Since the 𝜎-phase appears in the CoFeMnNiV alloy at low tem-

peratures, diffusion in it has to be evaluated independently for a 
further analysis. The successfully synthesized bulk 𝜎-phase allows such 
diffusion experiments. However, the conventional radiotracer diffusion 
method cannot be applied to the bulk 𝜎-phase due to the presence 
of multiple cracks in the alloy, which would provoke artifacts and 



A. Burla et al. Acta Materialia 317 (2026) 122543 
Fig. 10. Penetration profiles of 63Ni tracer diffusion measured at 1173 K (a) and at 1073 K (b) for different diffusion times in HT-0 (single-phase FCC, black), 
HT-I (FCC+19% 𝜎, red) and HT-II (FCC+ 27% 𝜎, blue) conditions and the corresponding fit after Eq. (1).  (For interpretation of the references to color in this 
figure legend, the reader is referred to the web version of this article.)
Fig. 11. Tracer diffusion coefficients measured at 1173 and 1073 K using dif-
ferent diffusion times (indicated) and varying the initial state. The dashed lines 
correspond to the tracer diffusion coefficients estimated by an extrapolation of 
the high-temperature data, the dashed line in Fig.  9. The error bars indicate 
the estimated accuracies of the measured diffusion coefficients.

falsify the results of any layer-averaging method. We utilized a ToF-
SIMS analysis in order to circumvent this problem. However, it is worth 
noting that the accessible tracer penetration depths, i.e., √𝐷v𝑡, are 
limited to a few hundreds nanometers in the depth-profiling mode. 
This implicitly imposes limitations on the temperature window of the 
corresponding diffusion measurements, since reasonable diffusion times 
range from a fraction of an hour to several weeks. As a result, the 
diffusion measurements in the 𝜎-phase were conducted at temperatures 
below 1200 K.

A Ni grain, highly-enriched (> 95%) with the 64Ni isotope, was 
evaporated on top of the bulk 𝜎-phase sample, whose microstructure 
is shown in Fig.  6. After suitable annealing treatments, see Table  4, 
depth distributions of Ni were analyzed using ToF-SIMS. As an example, 
the depth distributions of the 64Ni isotope for the as-deposited and 
diffusion-annealed (1073 K for 1 h) states are shown in Fig.  12. The 
penetration profiles measured at 1173 K and at 973 K are shown 
in Supplementary Material, Fig. S4. Crack-free areas were carefully 
selected for all such measurements. In order to account for potential 
irregularities during sputtering, the 64Ni signal was normalized on that 
of the main Ni isotope, 58Ni, and the ratio 64Ni/58Ni was plotted.
9 
Fig. 12. Depth distribution of the relative intensity, 64Ni/58Ni, measured with 
ToF-SIMS, showing the as-deposited layer (zero-profile, triangles) and the 
diffusion profile obtained after annealing at 1073 K for 1 h in the bulk 𝜎-phase 
(circles). The solid lines represent the corresponding fits after Eq. (4).

Table 4
Temperature 𝑇  and time 𝑡 of the 64Ni tracer diffusion experiments in the bulk 
𝜎-phase alloy and the determined diffusion coefficients 𝐷v. 
 𝑇 𝑡 𝐷v  
 K ℎ m2∕s  
 1173 3 4.3+1.0−2.0 × 10−17  
 1073 1 7.7+1.3−1.4 × 10−18  
 973 20 1.27+0.26−0.25 × 10−18 

The SIMS profiles were approximated using the following expres-
sion, 

𝐶̄ = 𝑎0 erfc
(𝑥 − 𝑥0

𝜎

)

+ 𝑎1 exp
(

−𝑥
𝛾

)

+ 𝑎𝑏𝑐𝑔 , (4)

with 𝑎0, 𝜎, 𝑎1, 𝛾, and 𝑎𝑏𝑐𝑔 being the fit parameters. 𝑎𝑏𝑐𝑔 corresponds 
to the residual concentration of the 64Ni isotope in the alloy (due to 
the presence of about 0.9% of 64Ni in natural Ni) normalized on that 
of 58Ni (about 68% in natural Ni), which determines the background 
value of the SIMS signal. The first term in Eq. (4) (complementary 
error function) approximates the distribution of the deposited isotope 
(including its diffusion-induced broadening) and the second one (the 
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exponentially decaying function) corresponds to a profile distortion due 
to the sputtering-induced effects, e.g., see Ref. [44]. The parameter 
𝜎 in the erfc function (the first term in Eq. (4)) was determined in 
the as-deposited (𝜎 = 𝜎0) and diffusion-annealed (𝜎 = 𝜎1) states, 
and the volume diffusion coefficients were estimated from the relation 
𝜎21 = 𝜎20 + 4𝐷v𝑡.

The determined volume diffusion coefficients of 64Ni in the bulk 
𝜎-phase alloy are listed in Table  4 and shown in Fig.  13(a). A direct 
comparison of the bulk diffusion data in Tables  2 and 4 as well as 
Fig.  13(a) suggests that the Ni diffusion rates measured by the ToF-
SIMS analysis for the bulk 𝜎-phase and by the radiotracer technique for 
the single-phase FCC and two-phase FCC+𝜎 alloys are at least within 
the same order of magnitude. Within this comparison, the isotope 
effect [45] due to the usage of the 63Ni and 64Ni isotopes can safely 
be neglected, since the required corrections are below 𝑓64(

√

𝑚64∕𝑚63 −
1) [45], and thus below 1%. Here, 𝑓64 is the correlation factor for 
vacancy-mediated diffusion of the 64Ni isotope and 𝑚64 and 𝑚63 are 
the masses of the 64Ni and 63Ni isotopes, respectively.

4. Discussion

4.1. Justification of the correctness of our previous analyses to estimate bulk 
diffusivities in the FCC phase

The measured bulk diffusion coefficients in the two-phase FCC+𝜎
states in Table  2 are, in fact, weighted averages of the corresponding 
volume diffusion coefficients in the FCC and 𝜎-phases. Depending on 
the microstructure, diffusion time, and the partitioning factors, the sim-
ple model proposed by Hart [46] or a more elaborated, e.g., Maxwell–
Garnett approach [47] might be used to correlate the measured ef-
fective diffusion coefficients with the diffusivities in the constituent 
phases, e.g., see the analyses by Kalnin et al. [48] or by Li et al. [49]. 
These analyses were simplified by assuming stationary, not evolving 
two-phase microstructures. In the present study, the fraction of the 
𝜎-phase evolves during the course of the diffusion experiments, even 
changing the connectivity of the different phases, which demands a 
more sophisticated consideration. Since the diffusion coefficients deter-
mined in the CoFeMnNiV alloy and in the bulk 𝜎-phase alloy are similar 
within the same order of magnitude (e.g., at 1073 K in Fig.  13(a)), the 
required corrections to the reported bulk diffusion coefficients in the 
disordered FCC solid solutions can be estimated to vary from about 
−50% (if the Ni diffusion rate in the 𝜎-phase would significantly be 
enhanced with respect to that in the FCC phase) to +20% (if the 
diffusion rate in the 𝜎-phase would be frozen).3 Based on the results 
shown in Fig.  13(a), the lower-bond uncertainty, i.e., −50%, can be 
significantly decreased. Indeed, the Ni diffusion coefficient in the 𝜎-
phase hardly exceeds that in the FCC solid solution at 1173 K, since 
the measured diffusion rate in the two-phase mixture was found to 
decrease with increasing diffusion time (and simultaneously increasing 
the 𝜎-phase fraction). Therefore, the uncertainty in the Ni diffusion 
data can be estimated as ±15%, which is typical for the radiotracer 
diffusion method [50]. More importantly, the bulk diffusion data in 
Table  2 represent very reasonable approximations of the Ni diffusion 
rates in the FCC solid solution.

The similar rates of Ni bulk diffusion in the CoFeMnNiV alloy and 
the bulk 𝜎-phase resemble the behavior reported for the CoCrFeMnNi 
Cantor alloy and the corresponding Cr-rich 𝜎-phase [51], as indicated 
by the corresponding Arrhenius curves that are represented by green 
and red lines in Fig.  13(a), respectively. To differentiate the two 𝜎-
phases, we will refer to the former as 𝜎(V-based) and the latter as 

3 The upper-bond estimates can be derived from a very crude approxima-
tion of the measured effective diffusion coefficient 𝐷𝑒𝑓𝑓  in a stable two-phase 
microstructure as 𝐷𝑒𝑓𝑓 = (1 − 𝑓 )𝐷𝐹𝐶𝐶 + 𝑓𝐷𝜎 after Hart [46]. Here 𝑓 is the 
volume fraction of the 𝜎 phase.
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𝜎(Cr-based). These 𝜎-phases feature the same crystallographic structure 
but differ in chemical composition, and likely, in site occupancies of 
their respective sublattices [37].

The similar values of the diffusion coefficients in the FCC and 𝜎
phases correlate with similar packing densities of the two lattices. Note 
that the radiotracer diffusion measurements in the AlCoCrFeNiTi0.2
compositionally complex alloy substantiated significantly lower dif-
fusion rates in the corresponding 𝜎-phase with respect those on the 
constituting BCC (in fact B2-ordered) phase [49].

4.2. Temperature dependence of Ni bulk diffusion in the FCC solid solution

The Arrhenius diagram in Fig.  9 shows a clear distinction between 
the high- and low-temperature diffusion behaviors in the CoFeMnNiV 
HEA in its HT-0 state. At high temperatures, where the alloy is single-
phase FCC, the diffusion coefficients follow a well-defined Arrhenius 
relationship. This indicates that atomic transport in this regime is 
governed by equilibrium point-defect concentrations and by a single 
thermally activated diffusion mechanism. In contrast, at lower temper-
atures, especially at 1173 K and 1073 K, where precipitation of the 
𝜎-phase becomes pronounced, see Figs.  4 and 5, the measured diffusion 
coefficients, see filled black triangles in Fig.  9, are significantly en-
hanced relative to the Arrhenius extrapolation of the high-temperature 
data, which is represented by a dashed line.

To shed light on this intriguing behavior, time-dependent diffu-
sion measurements at low temperatures were performed. Experiments 
conducted at 1173 K in the HT-I state with an equilibrated microstruc-
ture, yielded diffusion coefficients that are consistent with the high-
temperature Arrhenius extrapolation, red triangle in Fig.  9. However, 
measurements in the HT-0 state, where the 𝜎-phase particles evolve 
during the diffusion experiment, exhibit systematically enhanced dif-
fusion rates with respect to the high-temperature extrapolation (open 
black triangle) potentially due to an excess vacancy concentration. 
These observations indicate that the transient enhancement of diffusion 
at 1173 K is associated with ongoing 𝜎-phase precipitation, whereas in 
an equilibrated microstructure the vacancy concentration corresponds 
to the thermal equilibrium.

The time-dependent diffusion measurements at 1073 K reveal dis-
tinct behaviors across the different heat treated states (Fig.  11). The 
measurements in the HT-0 state, performed for different annealing 
times, show that the determined volume diffusion coefficients in the 
FCC phase remain approximately similar, varying by about a factor of 
two at most for the diffusion times used. The measurement in the HT-I 
condition yielded the lowest diffusion rate. Interestingly, in the HT-
II state, i.e., under equilibrated conditions, the diffusivity is relatively 
enhanced with respect to that value and is closer to the diffusivities 
measured in HT-0 state.

In Fig.  13(a), the expected temperature dependence of the near-
equilibrium bulk Ni diffusivity in the FCC CoFeMnNiV solid solution 
is represented by a black line that was fitted to four experimental 
data points, i.e., the three data points measured above 1200 K in the 
HT-0 state and the 1173-K data point determined in the HT-I state. 
We argue that these data points represent intrinsic, near-equilibrium 
diffusion properties of Ni in the FCC solid solution. An Arrhenius-type 
approximation of these data in the temperature range of 1423 K – 
1173 K is given by:
𝐷Ni

v =
(

2.50+17−2.2
)

× 10−4

× exp
(

−
(287 ± 22) kJ∕mol

𝑅𝑇

)

m2∕s . (5)

At 1073 K, the measured Ni diffusion rates in FCC CoFeMnNiV 
(determined in both HT-I and HT-II states) exceed the predictions 
according to Eq. (5) by a factor of three to ten (Fig.  9). The dispersion 
of the data is larger than the typical uncertainty of bulk diffusion, 
estimated at ±15% [50]. Therefore, it is safe to conclude that there is 
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Fig. 13. Ni volume diffusion in the equiatomic CoFeMnNiV alloy (at 1173 K and 1073 K, only measurements corresponding to (pre-aged) fully precipitated 
microstructures were considered) and in the Co20Fe21Mn18Ni11V30 𝜎-phase as a function of (a) the inverse, 1∕𝑇 , and (b) inverse homologous, 𝑇𝑚∕𝑇 , temperatures. 
Here, 𝑇𝑚 is the solidus temperature of the corresponding alloy. In (a), the diffusion data for the 𝜎(V-based) alloy (stars) almost coincide with the measured Ni 
diffusion coefficients in the CoFeMnNiV HEA (black triangles, with the open triangles representing measurements at 1073 K). For comparison, the Ni volume 
diffusion rates determined in the CoCrFeMnNi alloy and its 𝜎(Cr-based)-phase counterpart are shown with green solid and red dashed–dotted lines, respectively. 
The black dashed line corresponds to the Arrhenius-type extrapolation of the temperature dependence established at higher temperatures (black solid line). . (For 
interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
a kink in the Arrhenius dependence of Ni bulk diffusion in CoFeMnNiV 
at about 1173 K.

In Fig.  13, the Ni diffusion rates measured in the present CoFeMn-
NiV alloy at presumably near-equilibrium conditions are compared to 
those reported in the literature for Ni diffusion in the equiatomic CoCr-
FeMnNi alloy [25,52] with respect to the inverse absolute temperature, 
1∕𝑇 , and the inverse homologous temperature, 𝑇𝑚∕𝑇 , scales. Here, 𝑇𝑚
is the solidus temperature of the corresponding compound, determined 
by DTA in Fig.  7. Several features are noteworthy:

• At the same absolute temperatures in their single-phase state (FCC 
solid solution), i.e., above ∼1338 K for CoFeMnNiV and above 
∼1073 K for CoCrFeMnNi [22], the Ni diffusion rate in CoFeMn-
NiV exceeds that in CoCrFeMnNi by a factor of two to three at 
1423 K and 1363 K. In the two-phase region for CoFeMnNiV, 
this enhancement is slightly larger, but of a similar magnitude 
within the accuracy of the tracer diffusion measurements. The 
enhanced diffusion rates in CoFeMnNiV with respect to those in 
CoCrFeMnNi at least correlate with elevated lattice distortions in 
the former.

• Both CoFeMnNiV and CoCrFeMnNi feature kinks in the cor-
responding Arrhenius-type temperature dependencies at about 
1100 K to 1150 K, Fig.  13(a). The kink is however at a slightly 
higher homologous temperature in CoFeMnNiV than in CoCr-
FeMnNi, Fig.  13(b).

• At the same absolute temperature, Ni bulk diffusion in the 𝜎(V-
based) alloy is faster than in the 𝜎(Cr-based) one, though these 
diffusion rates are similar on the homologous temperature scale.

The kink might be related to a different composition of the V-
depleted FCC solid solution after decomposition and/or to the appear-
ance of short-range order in the alloy, similarly to the behavior seen 
in the CoCrFeMnNi alloy by Smekhova et al. [53]. These two factors 
might also be related.

In the Cantor alloy (CoCrFeMnNi), the kink of the green line in Fig. 
13 was alternatively discussed in terms of a potential 𝜎(Cr-based)-phase 
precipitation and/or short-range ordering below about 1100 K [52]. 
A characteristic change of dominant vacancy environments in the 
CoCrFeMnNi alloy below 1000 K was indeed observed using element-
specific extended X-ray absorption fine structure (EXAFS) measure-
ments [53]. In CoCrFeMnNi, a preferential Mn–vacancy binding was 
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seen at high temperatures of 1300 K, whereas an increased concentra-
tion of Ni atoms in the nearest vicinity of the vacancies was observed 
at 973 K [53]. Similar measurements for the CoFeMnNiV HEA might 
provide further insights into a potential evolution of the short-range 
order, including the vacancy environment.

We conclude that the Arrhenius-type approximation of Ni diffusion 
in CoFeMnNiV, Eq. (5), is limited to the temperature range of 1423 K – 
1173 K, and an enhancement of the Ni diffusion rates in the FCC solid 
solution with respect to that dependence at lower temperatures cannot 
be excluded even at equilibrium conditions in the CoFeMnNiV alloy 
with an equilibrated two-phase microstructure, i.e. without an excess 
vacancy concentration.

4.3. Precipitation-induced diffusion enhancement in FCC solid solution

The nucleation of disc-shaped 𝜎-phase precipitates within the FCC 
solid solution is related to the fact that there is a good match between 
the FCC and 𝜎-lattices at a special semi-coherent interface, i.e., when 
the basal {001}-plane and the ⟨11̄0⟩-direction of the 𝜎-phase are parallel 
to the close-packed {111}-plane and close-packed ⟨11̄0⟩-direction of the 
FCC-phase [54], respectively. Basically the same orientation relation-
ships are found in the present case, too, see the texture analysis in 
Supplementary Material, Fig. S3. During growth, the 𝜎-discs lengthen 
at a much faster rate than they thicken, owing to the larger mobility 
of their incoherent edges compared to that of the semi-coherent broad 
faces [12].

The volumetric, 𝛥𝑉 ∕𝑉 , and lattice misfits, 𝜀, associated with the 
precipitation of 𝜎-discs are estimated using the room-temperature lat-
tice parameters of the FCC and 𝜎-phases determined by XRD (see 
Section 3.1.1): 

𝛥𝑉 ∕𝑉 =
(1∕30)𝑎2𝜎𝑐𝜎 − (1∕4)𝑎3FCC

(1∕4)𝑎3FCC
, (6)

𝜀𝑟 =
𝑎𝜎 − (

√

2∕5)𝑎FCC
(
√

2∕5)𝑎FCC
. (7)

and 

𝜀ℎ =
𝑐𝜎 − (2∕

√

3)𝑎FCC
(2∕

√

3)𝑎FCC
. (8)

Here, 𝑎𝜎 and 𝑐𝜎 are the lattice parameters of the 𝜎-phase, 𝑎FCC is the 
lattice parameter of the FCC-matrix, 𝜀  and 𝜀  are the lattice misfits 
𝑟 ℎ
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Fig. 14. Schematic presentation of the volumetric effects by disc-like 𝜎-phase precipitation. A disc of radius 𝑅 + |𝜀𝑟| and thickness 𝐻 − |𝜀ℎ| is cut in the matrix 
(black dashed lines) and a 𝜎 precipitate of radius 𝑅 and thickness 𝐻 is inserted (red solid lines). The orientation relationship is indicated for the flat (001)-oriented 
facet of the 𝜎-precipitate, which is parallel to the (111) plane of the FCC matrix [54]. As a result, there is an excess free volume in the matrix at the tip of the 
precipitates, which gives rise to vacancy generation. These vacancies then diffuse to sinks, e.g. to dislocations or the flat surfaces of the precipitates where the 
matrix is compressed. The blue line sketches a possible vacancy path of length 𝐿.  (For interpretation of the references to color in this figure legend, the reader 
is referred to the web version of this article.)
along the ⟨11̄0⟩ and ⟨111⟩ directions of the FCC-phase, respectively (Fig. 
14).

Although the overall formation of the 𝜎-phase is associated with 
a net volumetric expansion of 𝛥𝑉 ∕𝑉  = 1.7 ± 1.2 % and that the 𝜎-
phase lattice is 𝜀ℎ = 10 ± 1 % larger than that of the matrix along 
the [001]𝜎 direction of the 𝜎-discs, the lattice of the 𝜎-phase along 
the broad semi-coherent faces of the precipitates is shorter than that 
of the matrix by 𝜀𝑟 = −2.1 ± 0.4 % along the ⟨11̄0⟩ direction. The 
exact value depends on the crystallographic direction within the (001) 
plane of the 𝜎 phase, though it is negative. In other words, during the 
FCC-to-𝜎 transformation, a unit volume expands along the direction 
perpendicular to the disc-shaped precipitates (along the [001] direction 
of the 𝜎-phase and [111] direction of the FCC-phase) and shrinks along 
the radial directions of the discs. The schematic in Fig.  14 illustrates 
this anisotropy of the volumetric effect due to the 𝜎-phase formation. 
Disc-shaped precipitates with the diameter 2𝑅 and thickness 𝐻 are 
considered, see Section 3.1.2. We are considering this anisotropy of the 
volumetric effect during 𝜎-phase growth as the main factor which can 
lead to a vacancy concentration, 𝑐𝑉 𝑎 = 𝑐𝑒𝑞𝑉 𝑎 + 𝑐𝑒𝑥𝑉 𝑎, different from the 
equilibrium value 𝑐𝑒𝑞𝑉 𝑎, i.e., to an excess vacancy concentration, 𝑐𝑒𝑥𝑉 𝑎, 
affecting the atomic diffusion rate, 

𝐷∗′ =

(

1 +
𝑐𝑒𝑥𝑉 𝑎

𝑐𝑒𝑞𝑉 𝑎

)

𝐷∗ , (9)

where 𝐷∗ is the tracer diffusion coefficient corresponding to the equi-
librium conditions.

We believe that the volume change due to 𝜎-phase precipitation 
affects mainly the diffusion in the FCC-phase due to its more disordered 
state, as compared to that of 𝜎. Therefore, diffusion in the FCC-matrix 
is further discussed.

Potentially, several dominant mechanisms can be suggested to 
explain the observed diffusion enhancement. As alternative scenar-
ios driven by the 𝜎-phase precipitation one may consider (i) non-
equilibrium vacancy generation; (ii) short-circuit transport via trans-
formation induced dislocations; (iii) GB or interphase boundary (IPB) 
contribution; (iv) changes in the chemical composition; (v) short-range 
ordering, or (vi) influence of mechanical stresses due to the volume 
change. Definitely, all these processes can be coupled and contribute 
to different extent to the observed behavior. Though, it is instructive 
to elucidate and quantify a prevalent mechanism.

It is important to highlight that not only a diffusion enhancement, 
but its transient, non-monotonic time dependence have to be explained.
12 
First, the effect of hydrostatic stress induced by volume change 
during precipitation should be taken into account [45]. According to 
the analysis of the misfit presented above, the FCC-matrix is under com-
pression at the vicinity of broad interfaces and in tension in the vicinity 
of edges of 𝜎 precipitates. The increased vacancy concentration can thus 
be expected at the edges and may lead to a diffusion enhancement. 
However, simple estimates indicate that a 10-fold diffusion acceleration 
would have required a stress of several GPa in the FCC-phase, which 
seems unrealistic at 1073 and 1173 K.

In principle, an apparent increase in volume diffusivity might arise 
from enhanced short-circuit transport via dislocation networks, grain 
boundaries or interphase boundaries at lower temperatures, i.e. sce-
narios (ii)-(iii) above. However, such a scenario has to fulfill the 
A-type diffusion kinetics conditions; otherwise, a distinct short-circuit 
contribution would be detected in the penetration profiles under the 
B-type kinetics. Simple geometric considerations further indicate that 
the grain size would need to be below ∼10 μm to allow a significant 
overlap of the diffusion fluxes from opposite GBs, which is inconsistent 
with the experimentally observed average grain size exceeding 10 μm 
(Fig.  3). Moreover, such an effect would be expected to persist under 
the prolonged annealing treatment, which is not observed.

Changes in composition, scenario (iv), certainly influence the tracer 
diffusivities; however, the previous results on the Cantor alloy sys-
tem [55,56] indicate that the variations in atomic diffusivities remain 
marginal for deviations within ±3% from the equiatomic composition. 
Furthermore, such diffusion enhancement would remain permanent 
after approaching equilibrium, in contrast to the transient behavior 
observed here. A transient enhancement of the effective diffusion co-
efficient with subsequent its degradation has been reported by Rick-
man [57], performing kinetic Monte-Carlo simulations of diffusion in a 
binary alloy with a strong segregation tendency of one component to 
linear or planar defects. Though, the enhancement was relatively small, 
below 20%, and it was explained by segregation-induced effective 
‘‘screening’’ of the obstacles by fast diffusing atoms from the slower 
ones. The effect was seen only for intermediate defect densities [57], 
which correspond to the dislocation densities of about 1014 to 1015 m−2, 
by far larger than the dislocation density in a well-annealed polycrystal. 
Thus, one may expect a certain impact from the segregation of V atoms 
at GBs on Ni diffusion, but this phenomenon cannot solely explain the 
observed diffusion behavior.

Short-range ordering (SRO) has also been proposed as a factor in-
fluencing diffusion in the high-entropy alloys [53,58,59]. Nevertheless, 
ordering is generally expected to reduce diffusivity due to increased 
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correlation effects on atomic jumps [60,61], and such effects would 
likely persist once established equilibrium is reached.

In summary, this analysis supports the scenario that the observed 
non-monotonic evolution of the diffusion enhancement is most likely 
induced by a transient variation of the vacancy concentration during 
the microstructural evolution, i.e. by non-equilibrium vacancy produc-
tion.

Therefore, we also consider the excess vacancies generated in the 
FCC-phase at the incoherent edges of 𝜎-precipitates due to a decrease 
in local volume as a dominant scenario. We assume that this volume 
deficit is compensated for by the generation of an equivalent excess 
volume in the form of excess vacancies. Then, the number of excess 
vacancies 𝑁𝑒𝑥

𝑉 𝑎 produced per unit volume of the FCC-phase by 𝑁𝜎 -
precipitates of the same mean volume 𝑉 𝜎 due to a volume contraction 
|𝛿𝑉 𝜎

| is, 

𝑁𝑒𝑥
𝑉 𝑎 = 𝑁𝜎 ×

|𝛿𝑉 𝜎
|

𝛺𝑉 𝑎
, (10)

where 𝛺𝑉 𝑎 is the vacancy formation volume. The volume contraction 
is related to the mean volume as |𝛿𝑉 𝜎

| = |𝜀𝑟| × 𝑉
𝜎
.

We assumed here that the nucleation stage is relatively short and 
corresponds to very first instances of the diffusion annealing treat-
ment. Therefore, the precipitate total volume evolves only due to their 
growth, i.e., 𝑁𝜎 ≈ 𝑐𝑜𝑛𝑠𝑡. Thus, at the edges, an excess free volume is 
continuously generated during precipitate growth that is assumed to 
result in vacancy emission during precipitates’ lengthening. Consider-
ing that 𝜎-precipitates are discs of radius 𝑅 and thickness 𝐻 (Fig.  14) 
and that their lengthening is much faster than their thickening (𝐺 =
𝑑𝑅
𝑑𝑡 ≫ 𝑑𝐻

𝑑𝑡 , where 𝐺 is the lengthening rate), 𝐻 can be considered as 
almost constant during the diffusion experiment. Therefore, the mean 
precipitate volume, 𝑉 𝜎

, evolves as 
𝑑𝑉 𝜎

𝑑𝑡
= 2𝜋𝑅𝐻𝐺. (11)

The excess vacancy concentration (in at.%) is 
𝑐𝑒𝑥𝑉 𝑎 = 𝑁𝑒𝑥

𝑉 𝑎𝑉𝑚∕𝑁𝐴 = 𝛺𝑁𝑒𝑥
𝑉 𝑎, (12)

where 𝑁𝐴 is the Avogadro number, while 𝛺 and 𝑉𝑚 are the average 
atomic volume and molar volume of the FCC solid solution, respec-
tively. The rate of vacancy generation due to 𝜎-phase precipitation is 
then obtained by 
(𝑑𝑐𝑒𝑥𝑉 𝑎

𝑑𝑡

)𝜎

= 2𝜋𝑅𝐻|𝜀𝑟|𝑁
𝜎 𝛺
𝛺𝑉 𝑎

𝐺 . (13)

The governing equation that accounts for excess vacancy generation 
due to the 𝜎-phase precipitation, their diffusion, and annihilation at 
available sinks (plane facets of the precipitates, residual dislocations, 
and grain boundaries) is simply 
𝑑𝑐𝑒𝑥𝑉 𝑎
𝑑𝑡

= 𝐷𝑉 𝑎∇2𝑐𝑒𝑥𝑉 𝑎 − 𝑐𝑒𝑥𝑉 𝑎 × 𝑆 +
(𝑑𝑐𝑒𝑥𝑉 𝑎

𝑑𝑡

)𝜎

(14)

where 𝑆 represents the effective vacancy sink strength. A steady-state 
solution of Eq. (14) is well known from the irradiation theory [62,63] 
and allows to roughly estimate the corresponding concentration of the 
excess vacancies, 

𝑐𝑒𝑥𝑉 𝑎 ≈

( 𝑑𝑐𝑒𝑥𝑉 𝑎
𝑑𝑡

)𝜎

𝑆
≈
(𝑑𝑐𝑒𝑥𝑉 𝑎

𝑑𝑡

)𝜎
𝐿2

𝐷𝑉 𝑎
(15)

where 𝐿 is the mean distance to the sinks. Introducing Eq. (15) into 
Eq. (9), we finally estimate the diffusion enhancement due to excess 
vacancies produced by the 𝜎-phase precipitation, 
𝐷∗′

𝐷∗ = 1 +
2𝜋𝑅𝐻|𝜀𝑟|𝑁𝜎𝐺

𝐷∗ 𝐿2 = 1 +
2𝑓 |𝜀𝑟|
𝑅𝐷∗ 𝐺𝐿2 (16)

where 𝑓 is the volume fraction of 𝜎-phase. Independent measurements 
of size of 𝜎-phase precipitates after heat treatment at 1073 K revealed 
that their radius 𝑅 and thickness 𝐻 are within the ranges ≃ 1−4 μm and 
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≃ 0.3−0.8 μm, respectively, and their volume density 𝑁𝜎 ≃ 5× 1017−
5 × 1016 m3. Moreover, their growth rate 𝐺 could be estimated to be 
≃ 10−11 m∕s. Using the volume fraction of 𝜎-phase 𝑓 = 0.27 (Table 
3) and 𝐷∗ ≃ 2 × 10−18 − 2 × 10−17 m2/s for 1073 K (Fig.  9), simple 
estimates at 1073 K using the right part of Eq. (16) suggests that 
a diffusion enhancement by a factor of 2 to 11, consistent with our 
experimental values, is obtained if the mean distance to vacancy sinks 
𝐿 = 10 μm. This mean free path of vacancies seems reasonable, as 
it may correspond to the mean distance between dislocations in non-
strained material (for a typical dislocation density of 1010 m−2). It is 
worth noting however that 𝐿 is an effective parameter of the model and 
may therefore account for additional vacancy sinks, such as interfaces 
and grain boundaries.

Eq. (16) allows as well a simple parameter check of the diffusion 
enhancement. Using its left part, one can see that for sub-micron 
precipitates, the diffusion enhancement is negligible, 𝐷∗′∕𝐷∗ ≈ 1. 
Micron-sized precipitates most efficiently produce vacancies. Later on, 
the vacancy production diminishes due to precipitate impingement and 
dominance of globular growth. In this latter case, most of the interfaces 
become incoherent, which provides a high density of sinks, where 
vacancies can annihilate. As a result, the excess vacancy concentration 
gets eliminated.

Eq.  (15) approximates the point defect concentration at steady-state 
conditions. This approximation is very reasonable, since the precipi-
tates do not grow significantly during the time needed to approach 
the stationary vacancy concentration, which can be estimated as 𝜏𝑉 𝑎 ≈
⟨𝐿⟩2∕𝐷𝑉 𝑎 ≈ 10−2 s at 1073 K. Since the vacancy generation term, 
(

𝑑𝑐𝑒𝑥𝑉 𝑎∕𝑑𝑡
)𝜎 , is in fact time-dependent, the vacancy supersaturation 

becomes time-dependent, too. Therefore, the averaged tracer diffusion 
coefficient, ⟨𝐷∗

⟩, determined experimentally is given by 

⟨𝐷∗
⟩ = ∫

𝑡

0
𝐷∗′(𝜏)𝑑𝜏, (17)

where 𝑡 is the diffusion time. Phase-field modeling may be used to 
refine the model and estimate the time-dependent diffusion acceler-
ation. However, the time evolution of the vacancy excess (and of 
the corresponding diffusion enhancement) can be understood from 
Eq. (16).

The elaborated model correlates the specific volumetric effect re-
lated to the 𝜎-phase precipitation with the measured diffusion en-
hancement. The impact of secondary phase formation on point defect 
concentration is well-known, e.g., in the case of oxidation, the atomic 
flux towards the oxide scale may involve a counterflow of vacancies 
into the substrate [64]. Moreover, the presence of non-equilibrium 
point defects (vacancies and self-interstitials) due to irradiation consid-
erably affects the rate of diffusive phase transformations [65,66]. Our 
study provides further insights into the interrelation of atomic diffusion 
and diffusive phase transformation. Typically, equilibrium diffusion 
coefficients are used to model the secondary phase precipitations [22,
67]. We have found that non-equilibrium vacancies might be produced 
during precipitation. This affects the atomic diffusion rates, which in 
turn enhances the precipitation rates.

The interpretation of the observed diffusion enhancement remains 
tentative before a direct measurements of the vacancy concentra-
tion during precipitation, for example via positron annihilation spec-
troscopy. However, such measurements at 1073 K (about 0.67 𝑇𝑚) are 
at least not straightforward, as equilibrium vacancy concentrations 
below 10−6 are expected [68]. The transient nature of the diffusion 
enhancement is a key characteristic, which significantly constrains 
the range of possible underlying mechanisms and the present analysis 
elucidates a transient generation of non-equilibrium vacancies is a most 
plausible one.
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4.4. Impact of GB precipitates and a continuous network of precipitates 
within grains on short-circuit diffusion

The measured penetration profiles, Figs.  8 and 10, indicate a sig-
nificant contribution of short-circuit diffusion in our experiments. In 
addition, we showed that the volume diffusion rates in the FCC solid 
solution and the 𝜎-phase alloy are similar. This similarity greatly sim-
plifies the interpretations. In particular, it implies that distinguishing 
between the matrix and the precipitates is not necessary for a correct 
extraction of the volume and short-circuit diffusion data from the pene-
tration profiles. Consequently, well-known models for GB- or interphase 
boundary diffusion can be applied directly, without the need to develop 
specific frameworks. A proper analysis was required for a rigorous 
separation of the corresponding contribution of volume diffusion, as 
discussed in Section 4.2 using Eq. (1).

Depending on the temperature and the diffusion time, several mi-
crostructural features might potentially contribute to tracer penetration 
exceeding the typical depths for direct volume diffusion, i.e., greater 
than 5√𝐷v𝑡:

• stationary GBs (low- and high-angle GBs and/or special, low-𝛴
GBs);

• moving GBs;
• dislocations via pipe diffusion;
• interphase boundaries, i.e., diffusion along the FCC/𝜎 (matrix/
precipitate) boundaries;

• combination of different short-circuit pathways such as semi-
coherent interphase boundaries with trailing misfit dislocations.

The shape of the penetration profile, i.e., the decay of the tracer 
concentration with the penetration depth, 𝑥, is characteristic of a given 
diffusion mechanism. Therefore, the latter is carefully analyzed in the 
following to elucidate the type and configuration of short circuits that 
contribute to diffusion.

Dislocation diffusion cannot explain the deep branches of the pen-
etration profiles because the corresponding profiles must decay linearly 
with depth (contrary to the observed 6/5th power dependence). Most 
importantly, the corresponding slope has to be time-independent [43], 
which is in strong contradiction to the results of the time-dependent 
diffusion measurements shown in Fig.  10.

Moving GBs can also be excluded since the 𝜎-precipitates ef-
fectively pin GBs, and no ‘‘ghost’’ lines (seen in the case of mov-
ing GBs [69]) were found by a careful microstructure inspection. 
Again, the slopes of the penetration profiles are predicted to be time-
independent [43], in disagreement with the present results.

Moving interphase boundaries. During the 𝜎-phase precipitation, 
the allotriomorphs continuously thicken, resulting in a motion of the 
interphase boundaries. Following the theory developed for tracer dif-
fusion along moving GBs [43], the motion of interphase boundaries 
would produce linear profiles against the penetration depth. Even 
though the diffusion profiles are nearly linear in Fig.  10, GB diffusion 
decays with the depth raised to the power of 6/5th, see Eq. (1). Since 
the short-circuit diffusion branches were measured over more than 
three orders of magnitude of decrease of the tracer concentration, a 
systematic curvature in the ln 𝐶̄-vs.-𝑥 coordinates is prominent. Thus, 
the motion of interphase boundaries does not explain the penetration 
profiles and can be ruled out.

We conclude that stationary GBs and/or interface boundaries (or 
their combination) dominate the deeper branches of the penetration 
profiles. This conclusion is further supported by a characteristic evo-
lution of the penetration profiles measured at the same temperature 
for different diffusion times for the state HT-0, Fig.  10. Since about 
the same amount of the radioactive solution was applied to the sample 
surface, the residual activity remains almost unchanged, and the short-
circuit branches progressively become shallower and shift to higher 
activities. This corresponds to an increasing amount of tracer atoms 
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Fig. 15. Triple products determined for Ni GB diffusion in the HT-0 (black 
triangles), HT-I (red triangles) and HT-II states (blue triangle). The temperature 
intervals corresponding to single-phase (FCC solid solution) and two-phase 
(FCC+𝜎) equilibria are indicated by yellow and blue backgrounds, respectively. 
The shaded area corresponds to an Arrhenius approximation of the short-
circuit diffusion rates in CoFeMnNiV alloy during 𝜎-phase precipitation. For 
comparison, triple products for Ni GB diffusion in CoCrFeMnNi HEA [70] is 
shown with a green line.

diffusing in the sample via short-circuits in the B-type kinetics regime, 
compare the profiles shown by black symbols in Fig.  10.

Since the diffusivities in the low-angle GBs are significantly lower 
than those in the general high-angle GBs [39], the latter ones serve 
likely as the dominant paths for short-circuit diffusion. A large fraction 
of high-angle GBs is corroborated by the EBSD analysis, Fig.  3(a). These 
are general high-angle GBs which govern the deep tracer penetration 
at elevated temperatures corresponding to the single-phase FCC solid 
solution region. In Fig.  15, the determined triple products are presented 
as a function of the inverse absolute temperature.

Below about 1360 K, the GBs become progressively covered by 
𝜎-allotriomorphs. Nevertheless, the determined triple products follow 
roughly the same Arrhenius dependence indicated schematically by the 
shaded area in Fig.  15. We may deduce that the rates of GB diffusion, 
𝑃 = 𝑠 ⋅ 𝛿 ⋅𝐷gb, in the FCC matrix are similar to the rates of interphase 
boundary (FCC/𝜎) diffusion, 𝑃𝑖𝑝𝑏 = 𝑠𝑖𝑝𝑏 ⋅ 𝛿𝑖𝑝𝑏 ⋅ 𝐷𝑖𝑝𝑏. The GB diffusion 
experiments performed in precipitated microstructures, i.e., in the HT-
I and HT-II states, are only slightly smaller than those determined by 
experiments for initial precipitate-free conditions. Even time-dependent 
measurements provide reproducibly similar short-circuit diffusion data, 
open and filled black triangles in Fig.  15.

Another argument supports the conclusion that interphase bound-
aries are important for short-circuit diffusion at lower temperatures. 
According to the GB diffusion theory [39,43], the ratio of the pre-
factors in Eq. (1), 𝐵∕𝐴, scales with the area density of the short-circuit 
paths. For example, in a polycrystalline material, 𝐵∕𝐴 ∝ 𝛿∕𝑑, where 
𝑑 is the grain size. A careful inspection of the penetration profiles in 
Fig.  10, indicates that the ratio 𝐵∕𝐴 is larger by an order of magnitude 
for diffusion in the precipitated microstructures (HT-I and HT-II states) 
compared to those measured in the initial HT-0 state, especially for the 
short annealing times. We conclude that the density of short-circuits 
must increase dramatically in states HT-I and HT-II compared to HT-
0. This increase correlates with the appearance of a nearly continuous 
network of 𝜎-precipitates within grains after prolonged annealing treat-
ments, see Figs.  4 and 5. From the perspective of interphase boundary 
diffusion, the formation of a precipitation network is equivalent to a 
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grain refinement from about 100 μm down to 5 to 10 μm, i.e., by a 
factor of 10, in excellent agreement with the diffusion experiments.

The analysis suggests that the diffusion rates for Ni atoms along 
the high-angle GBs within the FCC matrix and those along the FCC/𝜎
interfaces are not very different. Indeed, the triple products 𝑃  for Ni 
diffusion measured in the FCC alloy with pristine FCC/FCC boundaries, 
yellow shaded temperature interval in Fig.  15, turned out to be similar 
to those determined in the state with numerous 𝜎-phase precipitations 
at the GBs, i.e. basically along the FCC/𝜎 interfaces, the gray shaded 
area in Fig.  15. The similarity of the diffusion rates is supported by 
in fact unique Arrhenius-type temperature dependence for the whole 
dataset of the 𝑃  values.

Spatially resolved isotope mapping was performed using the highly-
enriched 64Ni natural isotope and the ToF-SIMS analysis in order to 
distinguish the diffusion contributions of the general high-angle GBs 
within the FCC matrix and of the FCC/𝜎 interphase boundaries. The 
applicability of this method has recently been demonstrated, e.g., for 
an eutectic high-entropy alloy [71]. However, due to relatively low 
intensities of the recorded 64Ni signal and a corresponding large scatter 
of the data points, no noteworthy contrast between the GB (FCC/FCC 
interfaces) and IPB (FCC/𝜎) diffusion behaviors was observed, making 
a quantitative separation of the respective contributions difficult. How-
ever, this results supports indirectly our conclusion that the diffusion 
properties of the high-angle GBs within the FCC matrix are similar to 
those of the FCC/𝜎 interphase boundaries.

In Fig.  15, the triple products of Ni diffusion in CoFeMnNiV are 
compared with those measured in CoCrFeMnNi by Vaidya et al. [70], 
see green line. While bulk diffusion of Ni is retarded in CoCrFeMnNi 
with respect to that in CoFeMnNiV, a reverse relation is clear for 
GB and interphase boundary diffusion in these alloys. The atomistic 
reasons of this phenomenon have still to be elucidated as well as a 
detailed understanding of the FCC/𝜎 interphase structure. For exam-
ple, recent ab-initio studies on the FCC/𝜎 interfaces in comparatively 
simpler Fe–Cr system [72] have already demonstrated the complexity 
associated with describing the atomic and energetic characteristics 
of such interfaces. In compositionally complex high-entropy alloys, 
the additional chemical disorder and local compositional variations 
at the interface [73] result in specific structure–property relations 
influencing, e.g., the interface diffusion rates [74].

5. Summary and conclusions

Ni diffusion in an equiatomic CoFeMnNiV high-entropy alloy, which 
is prone to 𝜎-phase precipitation at moderate temperatures, is mea-
sured in an extended temperature interval covering both single-phase 
(FCC solid solution) and two-phase (FCC + 𝜎) regions. The mea-
surements are accompanied by Ni diffusion measurements in a bulk 
𝜎-phase alloy, which was synthesized with the composition of the 𝜎-
precipitates determined by SEM/EDS. The following main conclusions 
can be formulated:

• Replacing Cr in the equiatomic Cantor alloy by V to form the 
CoFeMnNiV alloy leads to a dramatic enhancement of 𝜎-phase 
precipitation. This shows that V stabilizes the 𝜎-phase more ef-
fectively than Cr.

• When the alloys are single-phase FCC, the Ni bulk diffusion 
coefficient measured at a given temperature in the CoFeMnNiV 
alloy is larger within a factor of two to three than that in the 
Cantor alloy. This enhancement correlates with increased lattice 
distortions by V substitution of Cr as it was discussed by Zhang 
et al. [34].

• The Ni diffusion rates in the equiatomic CoFeMnNiV HEA and 
the corresponding bulk 𝜎-phase alloy are found to be compa-
rable. This finding resembles that observed previously in the 
Co–Cr–Fe–Mn–Ni system [51].
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• In CoFeMnNiV, at temperatures below 1338 K, 𝜎-phase precip-
itation occurs. The bulk Ni diffusion rates measured in these 
conditions exceed those predicted by a linear Arrhenius-type 
extrapolation of the high-temperature data. A similar kink in 
the Arrhenius plot was also reported previously for the Cantor 
alloy [52].

• This relative diffusion enhancement in CoFeMnNiV is interpreted 
in terms of the generation of non-equilibrium vacancies dur-
ing precipitation of the 𝜎-phase. The conclusion is corroborated 
by the time-dependence diffusion measurements at 1173 K and 
1073 K. At 1173 K, the Ni bulk diffusion coefficient in a prelim-
inary equilibrated microstructure (HT-I state) agrees nicely with 
the extrapolation of the high-temperature diffusion data.

• Time-dependent measurements at 1073 K even in equilibrated mi-
crostructure yield the Ni diffusion coefficients enhanced with re-
spect to the Arrhenius dependence elaborated from high-
temperature experiments.

• A short-circuit diffusion contribution is consistently observed for 
Ni diffusion in the CoFeMnNiV alloy, especially at low tempera-
tures. At the same absolute temperatures, short-circuit diffusion of 
Ni in CoCrFeMnNi is found to be faster than that in CoFeMnNiV, 
whereas a reverse relationship holds for the corresponding bulk 
diffusivities.

• The short-circuit diffusion contribution in CoFeMnNiV is inter-
preted in terms of both grain boundary and interphase boundary 
(FCC/𝜎) diffusion, which are found to feature similar rates.

The present work shows that the precipitation of TCP phases like 
𝜎 can influence the bulk diffusion rates in the matrix. Depending 
on the volumetric effect by precipitation and potentially on the co-
herency relations, the diffusion rates in the matrix might significantly 
be enhanced, giving rise to strong coupling of the transformation and 
diffusion rates.
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