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Kurzfassung

Kupferbasierte, bleifreie lichtabsorbierende Halbleitereröffnen einen möglichen neuen Weg
zu Dünnschichtphotovoltaik indem sie die wesentlichen Vorteile der Halogenidperowskite,
durch die sie inspiriert wurden, erhalten: Lösungsprozessierbarkeit, starke optische Absorp-
tion und Defekttoleranz. Gleichzeitig adressieren sie zwei grundlegende Einschränkungen der
vorherrschenden organischen Bleihalogenidfamilie: das Vorhandensein von toxischem Blei
und die Verwendung flüchtiger organischer A-Platz-Kationen. Der Ersatz organischer Kationen
durch ein anorganisches Metallkation ist nicht lediglich eine durch Stabilitätsüberlegungen mo-
tivierte Substitution; er verändert die Chemie des Gitters, die Defektlandschaft und die Mecha-
nismen, welche die Ladungsträgererzeugung und -extraktion bestimmen. In dieser Arbeit wird
Kupfer gezielt als Designelement betrachtet: als kleines, redoxaktives Kation, das verschiedene
Koordinationsumgebungen, einschließlich Zwischengitterplätzen, besetzen und dadurch Phasen
stabilisieren kann, die für Perowskite mit organischen Kationen nicht zugänglich sind. Die
hier entwickelte zentrale These lautet, dass das optoelektronische Verhalten kupferbasierter,
bleifreier, perowskitinspirierter Halbleiter durch intrinsische Zwischengitterdefekte bestimmt
wird. Ihre funktionellen Eigenschaften ergeben sich daraus, wie Kupfer in defektreiche Git-
ter eingebaut, innerhalb dieser umverteilt und dort immobilisiert wird, und nicht aus einer
idealisierten Ausgangsstruktur. Eine weitere wesentliche Motivation dieser Arbeit ist die ko-
rrekte Zuordnung der entsprechenden Kristallphasen. Die Arbeit zeigt, dass die verbreitete
Praxis, Kupfer-Pniktogen-Iodide vorwiegend anhand ihrer chemischen Formel den Struktur-
familien „Rudorffit/Caswellsilverit“ zuzuordnenirreführend sein kann: Zusammensetzungen,
die in einer rudorffitähnlichen stöchiometrischen Form dargestellt werden können, weisen im
Festkörper nicht zwangsläufig das kanonische Koordinationsmotiv auf.

Diese Arbeit entwickelt daher eine einheitliche Struktur-Eigenschaft-Bauelement-Beziehung,
in der die Phasenidentität experimentell bestimmt und anschließend unmittelbar mit ener-
getischer Unordnung, der Ausrichtung der Bandkanten und dem photovoltaischen Verhalten
verknüpft wird. Die Dünnschichtverarbeitung, insbesondere unter lösungsbasierten Bedingun-
gen bei geringen Temperaturen, führt zu Mikrostrukturen, die sich nicht zuverlässig erfassen
lassen, wenn eine Strukturfamilie allein aus der Zusammensetzung abgeleitet wird. Für die
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Kurzfassung

hier untersuchten Systeme zeigen Beugungs- und Mikrostrukturanalysen, dass Phasen mit der-
selben nominalen Stöchiometrie unterschiedliche Gitterstrukturen und Defektkonfigurationen
annehmen können. Aus diesem Grund betrachtet diese Arbeit die experimentelle Bestimmung
des Strukturmotivs und der Defektmikrostruktur als notwendigen Schritt, bevor Materialeigen-
schaften mit der Leistungsfähigkeit photovoltaischer Bauelemente in Beziehung gesetzt und
Designregeln formuliert werden.

Die zentrale These wird anhand zweier repräsentativer Iodidsysteme entwickelt, die durch lö-
sungsbasierte Niedertemperaturverfahren hergestellt wurden. In Cu3xBi1−xI3 zeigt die Struk-
turanalyse ein Bi–I-Gerüst, das überschüssiges Kupfer auf Zwischengitterplätzen aufnimmt.
Dadurch wird das Material nicht als einfaches Mitglied einer übernommenen Strukturfamilie,
sondern als ein durch Zwischengitterbesetzung bestimmter Halbleiter neu eingeordnet. Diese
durch Zwischengitterbesetzung ermöglichte Phasenbildung führt zu einer Bandlücke von 1,66
eV, thermischer Stabilität bis 333 °C und reproduzierbarem photovoltaischen Verhalten, wobei
Dünnschichtbauelemente Spitzenwirkungsgrade von 0,65 % erreichen. Für Cu3SbI6 löst eine
vergleichbare Neubewertung eine seit Langem bestehende Unklarheit: Die Schichten bilden
kein wohlgeordnetes „Rudorffit“-Gerüst, sondern einen von CuI abgeleiteten, stapelungeord-
neten Festkörper, in dem Antimon über defektassoziierte Umgebungen eingebaut wird. Die
resultierende Mikrostruktur ist intrinsisch metastabil, wird bereits durch geringe thermische
oder mechanische Einwirkungen leicht umgeordnet und weist eine hohe direkte Bandlücke von
2,32 eV mit ausgeprägten Bandkantenausläufern auf. Trotz dieser Unordnung erreichen in-
vertierte Solarzellen einen Wirkungsgrad von 1,02 %. Dies zeigt, dass die Leistungsfähigkeit
letztlich durch die Kontrolle der Mikrostruktur und nicht allein durch die nominale Zusam-
mensetzung begrenzt wird.

Um die Designregeln über Iodide hinaus zu verallgemeinern, analysiert die Arbeit außerdem die
lichtabsorbierende Materialklasse von Cu3BiS3 (Wittichenit). Dessen starke Absorption und in-
direkte Bandlücke von 1,4 eV machen das Material zu einem vielversprechenden sulfidischen
Kandidaten für die Dünnschichtphotovoltaik. Über Halogenide und Sulfide hinweg ergibt sich
eine konsistente Schlussfolgerung: Phasenselektivität, die Regulierung von Zwischengitter-
und anderen Defekten sowie das Grenzflächenmanagement bestimmen maßgeblich die Bauele-
menteigenschaften. Indem intrinsische Zwischengitterdefekte und Defektmikrostrukturen als
gezielt nutzbare Werkzeuge der Materialentwicklung und nicht als zu beseitigende Nachteile
betrachtet werden, stellt diese Arbeit einen kohärenten Rahmen für die zukünftige Entwicklung
stabiler und effizienter kupferbasierter, bleifreier, perowskitinspirierter Solarzellen bereit.
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Abstract

Copper-based, lead-free absorbers, inspired by halide perovskites, promise a route to thin-film
photovoltaics that retains the key advantages of the perovskite solar cell paradigm: solution pro-
cessability, strong optical absorption, and defect tolerance, while mitigating two fundamental
limitations of the dominant organic–lead halide family: the presence of toxic lead and the use of
volatile organic A-site cations. Replacing organic cations with an inorganic metal cation is not
merely a substitution motivated by stability; it reshapes the chemistry of the lattice, the defect
landscape, and the mechanisms that govern charge carrier generation and extraction. In this
thesis, copper is treated as a purposeful design element: a small, redox-active cation that can
occupy multiple coordination environments, including interstitial sites, and thereby stabilize
phases that are inaccessible to organic-cation perovskites. The central claim developed here is
that the optoelectronic properties of copper-based, lead-free, perovskite-inspired semiconduc-
tors is governed by native interstitials – their functional properties emerge from how copper
is incorporated, redistributed, and immobilized within defect-rich lattices rather than from an
idealized parent structure. Another key motivation for this work is the widespread practice of
assigning copper–pnictogen iodides to “Rudorffite/ Caswellsilverite” structure families based
primarily on chemical formula. The thesis shows why this shortcut can be misleading: compo-
sitions that can be written in a Rudorffite-like stoichiometric form do not necessarily realize the
canonical coordination motif in the solid state.
This work establishes the phase identity of the thin films experimentally and examines how their
structures influence energetic disorder, band-edge alignment, and solar cell device performance.
Thin films, particularly when processed from solution at low-temperature conditions, yield mi-
crostructures; thus, the crystal structure formed in a thin film cannot be inferred solely from
its nominal stoichiometry. In the systems studied here, diffraction and microstructural analyzes
show that phases with the same nominal stoichiometry can adopt different lattice structures and
defect configurations. For this reason, experimental determination of the structural motif and
defect microstructure is a necessary step before relating material properties to photovoltaic de-
vice performance and before formulating design rules.
The central thesis is developed through two representative iodide systems fabricated by low-
temperature solution processing. In Cu3SbI6, structural analysis shows that the films do not
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Abstract

form a well-ordered Rudorffite framework but instead adopt a CuI-derived stacking-disordered
structure in which antimony is incorporated through defect-associated environments. The re-
sulting structure is intrinsically metastable, readily reorganizing under mild thermal or mechan-
ical perturbations, and exhibits a direct band gap of 2.32 eV with pronounced band-edge tailing.
Despite this structural disorder, inverted solar cells based on these films reached a power conver-
sion efficiency of more than 1 %, demonstrating photovoltaic functionality while highlighting
the need for improved control of phase formation and microstructure. The structural analysis
of Cu3xBi1−xI3 reveals a Bi-I framework that accommodates excess copper on interstitial sites,
identifying the material as an interstitially stabilized semiconductor rather than a conventional
member of an established structure family. This interstitial-enabled phase exhibits a 1.66 eV
band gap, thermal stability up to 333°C, and reproducible photovoltaic performance, yielding
thin-film solar cells with peak efficiencies of 0.65 %.
To generalize the design rules beyond iodides, the thesis critically consolidates the absorber
landscape of Cu3BiS3 (Wittichenite), whose strong absorption and 1.4 eV indirect band gap
make it an attractive sulfide counterpart to the copper-pnictide halides. Across halides and
sulfides, a consistent message emerges: phase selectivity, point-defect regulation, and interface
management dominate the optoelectronic properties that influence device outcomes. By treating
native interstitials and defect microstructures as engineering handles rather than imperfections
to be eliminated, this work provides a coherent framework for designing copper-based, lead-free
perovskite-inspired solar cells.
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1 Introduction

1.1 Motivation and problem statement

Photovoltaics (PV) has moved from a niche technology to a central contributor to electric-
ity generation, driven by sustained cost reduction, large-scale manufacturing, and deployment
across a wide range of climates and applications. Recent global deployment data highlight both
the pace of growth and the scale of the remaining challenge: in 2024, worldwide cumulative
PV capacity exceeded 2.2 TW and annual additions surpassed 600 GW, marking another record
year for PV commissioning [1, 2]. The same sources report that PV supplied more than 10 %
of global electricity consumption for the first time in 2024 [1]. These developments reinforce a
broad consensus that PV will continue to expand rapidly, but they also sharpen the scientific and
technological question of which absorber materials can support the next phase of growth, par-
ticularly for applications where low-temperature processing, light weight, and new form factors
offer decisive advantages.
Against this background, metal-halide perovskites have emerged as a disruptive class of semi-
conductors because they combine strong optical absorption with the prospect of manufacturing
by scalable coating and printing methods. The acceleration in certified device performance
over the past decade has been documented by independent tracking efforts on power conversion
efficiency. For example, the U.S. National Renewable Energy Laboratory (NREL) maintains
a “best research-cell efficiencies” chart as shown in 1.1 that compiles independently verified
record efficiencies across photovoltaic technologies and shows that perovskite-based architec-
tures have reached the same performance as established thin-film technologies and have enabled
very high-efficiency tandem concepts [3]. In parallel with these efficiency gains, perovskite
semiconductors have attracted attention far beyond photovoltaics, reflecting the broader rele-
vance of their optoelectronic and defect-chemical properties.
However, the most promising and operationally advanced perovskite absorbers, to date, have
largely relied on lead-containing compositions and organic cations. Both aspects motivate in-
tensive research into alternative, lead-free, fully inorganic absorber families. Lead raises en-
vironmental and health concerns that become increasingly consequential as the technology ap-
proaches large-area module deployment and end-of-life management. Quantitative studies have
demonstrated that lead release can occur rapidly in scenarios relevant to real-world operation if
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encapsulation fails or modules are damaged. For instance, aqueous exposure experiments re-
port that a substantial fraction of the lead in unencapsulated perovskite devices can be leached
on short time scales under rainfall-like conditions [4]. Reviews that synthesize broader leach-
ing datasets further conclude that encapsulation alone does not eliminate risk if water ingress
occurs, and that additional mitigation concepts (e.g. sequestration layers) are often required to
reduce potential lead release [5]. The detailed potential environmental and human health haz-
ards associated with lead-based perovskite photovoltaic technology are shown schematically in
Figure 1.2. Complementing these materials-level observations, systems-oriented assessments
emphasize that the higher solubility of lead species in perovskite modules relative to many in-
cumbent PV technologies necessitates careful risk evaluation and the development of testing
and mitigation standards as the technology matures [6]. Field-relevant studies are now emerg-
ing that explicitly target outdoor leaching and soil-impact scenarios, underscoring that lead
management is not only a laboratory issue but a practical consideration for deployment [7].
In addition to lead, the presence of organic cations with halides introduces intrinsic stability
challenges for many hybrid perovskite compositions. These challenges are not reducible to a
single degradation pathway; rather, they reflect the combined effects of moisture, illumination,
heat, and bias stress on a comparatively soft and chemically reactive lattice. A comprehensive
stability perspective is provided by reviews that attribute part of this vulnerability to the or-
ganic component, halides, and low formation energies, which together can facilitate chemical
and structural degradation under technologically relevant stressors [8]. Mechanistic work on
methylammonium lead iodide (MAPbI3), for example, has identified decomposition routes that
produce volatile species under illumination and elevated temperature, linking device stability
to both encapsulation requirements and compositional choices [9]. These insights have helped
drive the search for absorber materials that retain the attractive optoelectronic features of halide
perovskites while removing lead and reducing (or eliminating) dependence on volatile organic
sublattices.
Copper-based, lead-free, perovskite-inspired absorbers represent one such concept. Here, cop-
per is not simply a benign substitute for an organic cation; it is an electronically active ion that
can occupy multiple coordination environments and can stabilize non-stoichiometric lattices
under low-temperature thin-film processing. In this thesis, copper is deliberately chosen in or-
der to enable fully inorganic compounds in which functional optoelectronic properties emerge
from a defect-rich structural landscape. A concrete example is provided by Cu3xBi1−xI3, where
X-ray diffraction analysis supports a description in which copper is incorporated on intersti-
tial sites within a Bi–I framework, and where thin films exhibit a solar-relevant band gap and
measurable photovoltaic effect [10]. Importantly for the broader motivation of this work, the
same study explicitly illustrates that nominal stoichiometry alone does not uniquely determine
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1 Introduction

Figure 1.2: Potential environmental and human-health hazards linked to lead-perovskite photovoltaic technology
across its lifecycle, along with relevant regulatory frameworks and assessment procedures. Figure from [5]
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1.1 Motivation and problem statement

the structural motif: low-temperature synthesis can yield occupation of interstitial sites whose
optoelectronic response cannot be inferred reliably from a formula label [10].
The emphasis on interstitial incorporation and native defects places this dissertation within a
broader scope in photovoltaic materials science: the performance of a thin-film absorber is of-
ten determined by the energetics, densities, and mobilities of native defects, not only by the
ideal crystal structure. In lead-halide perovskites, the notion of “defect tolerance” has been
used to rationalize why high device performance can be achieved despite significant defect
densities. Yet, careful analyses also stress that defect tolerance does not imply defect irrele-
vance: defect-mediated nonradiative recombination still limits performance and motivates ex-
tensive defect-passivation efforts [11]. More generally, modern defect theory identifies specific
chemical and structural features that influence whether dominant intrinsic defects are shallow
(defects close to the valence or conduction-band edge) or deep (defect levels farther inside the
band gap and can trap carriers or promote non-radiative recombination). Shallow defects lie
close to the valence- or conduction-band edges, whereas deep defects introduce levels farther
within the band gap, where they can trap charge carriers and promote non-radiative recombina-
tion. These studies also emphasize that favorable electronic defect physics cannot be predicted
from composition alone [12]. These considerations become particularly important in lead-free,
perovskite-inspired semiconductors, where replacing Pb-based halide frameworks changes the
band-edge orbital character, bonding, and structural motifs. As a result, their defect landscapes
can differ markedly from those of the best-performing lead-halide perovskites.
This thesis is motivated by the view that, for copper-based, lead-free absorbers, progress toward
efficient and stable photovoltaic devices requires a framework in which (i) structural identity is
established experimentally for the phases formed under thin-film processing conditions and (ii)
optoelectronic properties are interpreted through the lens of native defects, including intersti-
tials and defect-stabilized microstructures. The central question addressed in this dissertation
can therefore be stated as follows: How do native defects—particularly copper interstitials and

defect-derived microstructures—govern the optoelectronic properties and photovoltaic perfor-

mance of copper-based, lead-free, perovskite-inspired absorbers, and which control parame-

ters offer practical levers for improving device functionality while preserving the benefits of

low-toxicity, low-temperature processing?

The subsequent sections of the Introduction develop the context for this question by (1) posi-
tioning perovskite-inspired absorber concepts relative to established PV technologies, (2) moti-
vating copper as a structurally and electronically versatile cation in lead-free halide frameworks,
and (3) outlining how defect chemistry and microstructure control can be treated as design op-
portunities rather than unavoidable limitations.
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1 Introduction

1.2 From lead-halide perovskites to perovskite-inspired absorbers

The motivation outlined in Section 1.1 naturally leads to a broader materials question. How can
the key advantages of lead-halide perovskites be retained while overcoming their toxicity and
intrinsic stability limitations? Answering this requires distinguishing between (i) the specific
ABX3 metal-halide perovskite structure that underpins the most efficient hybrid devices and
(ii) a wider set of perovskite-related and perovskite-inspired solids that share structural motifs,
bonding characteristics, and processing routes, but do not necessarily adopt the ideal ABX3

lattice [13, 14].

1.2.1 From lead replacement to perovskite-inspired design

An obvious approach to “lead-free perovskites” is to replace Pb2+ with other divalent cations
while maintaining an ABX3 topology. In practice, this strategy can preserve some structural
features but introduces new constraints, including altered orbital character, different defect en-
ergetics, and in some cases additional chemical instability. As a result, a significant amount
of lead-free researches have expanded beyond strict ABX3 substitution and into a wider design
space of perovskite-related and perovskite-inspired materials [13, 14]. In this dissertation, the
term perovskite-inspired is used in this broad and pragmatic sense: materials that can be pro-
cessed in perovskite-like thin-film workflows and that are built from related polyhedral building
blocks, yet may differ in dimensionality, ordering, or connectivity compared to the ideal ABX3

lattice.
Several structure families recur across the perovskite-inspired literature and are particularly
relevant to lead-free absorber discovery. One important class comprises defect-ordered and

low-dimensional derivatives of the perovskite lattice, often discussed for compositions such
as A3B2X9 (commonly with B = Bi or Sb). Such compounds can be viewed as perovskite-
related in the sense that they preserve BX6 octahedra but reorganize their connectivity and/or
incorporate ordered vacancies, which frequently reduces the structural dimensionality relative to
3D ABX3 frameworks [14]. A second class is cation-ordered double perovskites with formulas
such as A2B’B”X6, where heterovalent substitution replaces two Pb2+ sites by a monovalent
and a trivalent cation (e.g., Ag+/Bi3+) while retaining a perovskite-derived octahedral network
[13, 15]. A third perovskite-related family is vacancy-ordered “double perovskites” of the type
A2BX6, such as Cs2SnI6, in which half of the B-site (Sn) positions are vacant in an ordered
pattern. Consequently, the BX6 octahedra are separated from one another rather than forming
a continuous corner-sharing network, which weakens inter-octahedral electronic coupling and
can constrain charge carrier transport compared with three-dimensional ABX3 perovskites [13,
14, 16].
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1.3 Why copper? Inorganic cation selection and defect-driven optoelectronics

The emergence of Cs2AgBiBr6 as a benchmark lead-free double perovskite illustrates both the
promise and the limitations that motivate continued exploration beyond simple composition
rules. Slavney et al. showed that this Bi-containing double perovskite can exhibit long pho-
toluminescence lifetimes and improved environmental robustness compared to typical hybrid
lead-halide perovskites [15]. At the same time, the absorption onset and bandgap energy of
Cs2AgBiBr6 constrain its performance as a single-junction solar absorber, focusing attention
on bandgap engineering, defect control, and device-architecture optimization [17]. This combi-
nation of strengths and bottlenecks has helped clarify a broader lesson for lead-free perovskite-
inspired photovoltaics: replacing lead is not sufficient; the structural motif, dimensionality, and
defect landscape must collectively support efficient charge-carrier generation and extraction.

1.2.2 Positioning copper-based absorbers within the perovskite-inspired landscape

Copper-based, lead-free absorbers occupy a distinctive position within this broader perovskite-
inspired design space. In contrast to ABX3 hybrids where the A-site is typically electronically
inert, copper is a chemically versatile cation that can participate directly in lattice stabilization
and defect formation. In perovskite-inspired silver/copper pnictohalides, for example, the liter-
ature explicitly highlights that composition–structure–property relationships cannot be inferred
from a single structure label, and that multiple structure types may occur across closely related
chemistries [18]. This makes copper-based systems particularly suitable for a thesis centered on
native-defect-mediated optoelectronics: they offer a realistic path to fully inorganic, lead-free
thin films, but they also require an understanding of defects and microstructure to interpret their
optoelectronic properties.
Rather than treating “lead-free” as a purely compositional constraint, the following sections
develop the idea that lead-free, copper-containing absorbers must be understood as defect-
chemical solids whose functional optoelectronic properties emerge from the interplay of struc-
tural motifs, dimensionality, and native defect populations. Section 1.3 narrows this discussion
to the specific role of copper as an enabling (and electronically active) cation in lead-free halide
frameworks, preparing the ground for the defect and interstitial-centered perspective developed
throughout the remainder of the thesis.

1.3 Why copper? Inorganic cation selection and defect-driven
optoelectronics

Section 1.2 introduced the transition from lead-halide perovskites to a broader design space
of perovskite-inspired absorbers and emphasized that, in this expanded materials landscape,
structure must be established experimentally rather than inferred from composition. The present
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1 Introduction

section narrows the discussion to the specific question that motivates this dissertation: why

copper as the inorganic cation, and how does that choice connect directly to defect-mediated
optoelectronic properties in lead-free photovoltaics?

1.3.1 Copper and silver as group-IB cations in pnictohalides: similarities and
differences

Many lead-free perovskite-inspired iodides explored for photovoltaics fall into the broader class
of group-IB/group-VA halides (often termed silver/copper pnictohalides), where A+ is Cu+

and/or Ag+ and B3+ is Bi3+ and/or Sb3+. A key message from field-wide assessments is that
these compositions support a range of structure types and dimensionalities, and that composition
alone does not uniquely specify the lattice that forms in thin films [18, 13]. This is precisely the
regime where the cation choice becomes inseparable from microstructure control and defect-
mediated device losses.
Copper and silver share some chemical features that make both attractive for lead-free iodide
absorbers: both can occur as monovalent cations in iodide-rich environments, and both allow
the construction of fully inorganic lattices that can be processed from solution in perovskite-
like thin-film workflows. For example, AgBiI4 has been established as a lead-free absorber
candidate and has been explored in thin-film solar cells [19, 20]. Likewise, mixed Cu/Ag/Bi
iodides such as Cu2AgBiI6 have been identified as stable, inorganic, lead-free semiconductors
with photovoltaic relevance, including applications where wide-bandgap absorbers are advan-
tageous [21, 22].
The decisive differences between Cu+ and Ag+ become apparent when the discussion shifts
from “can a phase form?” to “which defects and microstructures are likely under thin-film con-
ditions?” A simple but informative descriptor is ionic size: Shannon radii indicate that Cu+

is substantially smaller than Ag+ across common coordination environments [23]. This size
contrast provides a structural rationale for why Cu+ can more readily participate in compact co-
ordination polyhedra and can occupy interstitial-type sites in some iodide frameworks, whereas
Ag+ more often favors octahedral coordination environments. Importantly, this statement is
not meant as a rigid rule: it is a geometrical constraint that influences which local motifs are
accessible at low temperature and, therefore, which defect configurations and metastable mi-
crostructures can be stabilized during film formation.

1.3.2 Why copper is inherently defect-relevant: native defects, self-doping, and
disorder

The same site flexibility that broadens the accessible structure space also implies that copper-
based iodides are naturally discussed in the language of defect physics. A useful reference point
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1.3 Why copper? Inorganic cation selection and defect-driven optoelectronics

is CuI itself, which is widely studied as a p-type semiconductor in optoelectronics and trans-
parent electronics. First-principles work has shown that native point defects in CuI, particularly
copper vacancies, can have low formation energies and can act as shallow acceptors, provid-
ing a mechanism for intrinsic p-type conductivity without extrinsic dopants [24]. Reviews on
CuI further emphasize that its electrical properties are tunable over a wide range through defect
and microstructure control, making it a model case for “defect-enabled” electronic functionality
[25]. While absorber layers for photovoltaics are not designed to be degenerate conductors, the
CuI example illustrates a general principle that carries over to copper-based perovskite-inspired
absorbers: native defects can dominate the electronic landscape and can determine the effective

doping and recombination.
For lead-free pnictohalides, defect-mediated properties are frequently discussed in terms of (i)
energetic disorder and band-tail states near the absorption edge, (ii) microstructure-dependent
recombination pathways, and (iii) processing-induced metastability that modifies defect con-
figurations over time. Comparative studies and reviews of Cu/Ag–Bi–I semiconductors em-
phasize that their photovoltaic outcomes depend strongly on phase purity, microstructure, and
defect/disorder management rather than nominal composition alone [18, 26]. In silver bis-
muth iodides, for example, recent combined experimental and theoretical investigations have
focused explicitly on how different silver–bismuth–iodide compositions and defect landscapes
influence electronic structure and photovoltaic relevance [27]. These studies provide a useful
comparison point: whereas silver-based phases can offer chemically stable, fully inorganic lat-
tices, copper-containing analogues introduce an additional degree of freedom in the form of
non-stoichiometric copper occupancy (including interstitial configurations), which can be ad-
vantageous for phase formation and tunability but also demands a structural interpretation of
defects.

1.3.3 Copper vs. silver: practical and mechanistic implications for lead-free
photovoltaics

The comparison between Cu+ and Ag+ can therefore be summarized at two complementary
levels.
Practical level (materials selection): copper is far more abundant and typically less expensive
than silver at the scale relevant for terawatt deployment, a point reflected in global production
statistics and commodity summaries [28]. This does not make silver unusable, but it strengthens
the case for copper-centered absorber concepts if the goal is a broadly scalable, lead-free thin-
film PV platform.
Mechanistic level (structure and defects): Ag+-based absorbers such as AgBiI4 demonstrate
that perovskite-inspired, lead-free iodides can be realized as stable thin films and integrated
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1 Introduction

into devices [19, 20]. However, the smaller size and coordination flexibility of Cu+ (rela-
tive to Ag+) [23] increases the range of local environments accessible to copper during low-
temperature film formation, including the possibility of interstitial incorporation and defect-
stabilized microstructures. Evidence across copper-containing pnictohalides shows that these
copper-specific structural degrees of freedom can control dimensionality and network motif
[29] and can directly manifest as interstitial copper in photovoltaic absorbers [10]. Conse-
quently, copper-based lead-free absorbers should be approached as systems where optimizing
PV performance is inseparable from controlling defect chemistry and microstructure.

1.3.4 Extending the copper–pnictogen design space beyond halides: Cu3BiS3 as a
sulfide benchmark

While the discussion above has focused on iodide-based, perovskite-inspired pnictohalides,
where Cu+ enables fully inorganic absorber lattices, and where microstructure and native de-
fects strongly influence photovoltaic outcomes, it is equally instructive to ask whether the same
cation-choice logic remains relevant when the anion chemistry is changed. In this dissertation,
this broader perspective is provided by Cu3BiS3 (CBS), an orthorhombic copper–bismuth sul-
fide (wittichenite) that preserves the central materials premise of the thesis (Cu–Bi, lead-free,
thin-film-compatible) while replacing the iodide sublattice with a sulfide framework. Cu3BiS3

therefore serves as a chemically adjacent, yet electronically and structurally distinct, reference
point for understanding copper-governed optoelectronics in lead-free absorbers.
Cu3BiS3 has been investigated as a photovoltaic absorber because thin films can combine strong
visible-light absorption with optical band gaps in the solar-relevant range, with reported values
of 1.2–1.6 eV depending on deposition route and sulfurization techniques. A recent solution-
based precursor route yielded nanocrystalline Cu3BiS3 films with absorption coefficients up to
105 cm−1 in the visible and a direct optical bandgap extracted near 1.55 eV, whereas, earlier
studies typically reported bandgaps of 1.3—1.45 eV for films prepared by sputtering, elec-
trodeposition, or co-evaporation [30, 31, 32]. Beyond optical metrics, Cu3BiS3 has also been
characterized with photoelectron spectroscopy to establish band-edge energetics and surface-
sensitive electronic structure; such measurements provide a device-relevant basis for discussing
interface alignment and loss channels in Cu3BiS3 heterojunction concepts [33].
From a processing standpoint, Cu3BiS3 is an important complement to iodide pnictohalides
because its thin films have been produced by a wide range of scalable methods, including
(reactive) sputtering, co-evaporation followed by sulfurization, electrodeposition routes, and
chemical-bath deposition, and recent work has expanded the set of solution-based strategies
beyond classical bath deposition [31, 30, 32]. The resulting literature establishes Cu3BiS3 as
a lead-free absorber that combines the interplay of phase purity, grain structure, and intrinsic
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electronic states remains decisive for functional performance, even though the underlying lattice
is not a “perovskite” structure. Within the narrative of this thesis, Cu3BiS3 therefore provides
a controlled extension: it retains copper as the enabling cation but places it in a sulfide envi-
ronment, allowing copper-driven structure–property relationships to be discussed across anion
chemistries rather than within iodides alone.
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2 Fundamentals

2.1 Crystal Symmetry, Space Groups, and Relevant Crystal Structures

The orbital pathways that set the bandgap, the interstitial sites available to foreign cations, and
the formation energies of native defects all trace back to one thing: where the atoms are in the
crystal lattice, and how the coordination polyhedra connect. In conventional semiconductors,
identifying the phase also identifies the main crystallographic structure. Copper pnictohalides,
however, are more structurally complex. The same chemical composition can crystallize in sev-
eral closely related structural frameworks with overlapping diffraction patterns, similar nominal
compositions, and markedly different optoelectronic properties. Consequently, reliable struc-
tural assignment is essential for establishing meaningful structure–property relationships and
forms the basis for the discussions throughout this thesis.

2.1.1 Unit Cells, and the 14 Bravais Lattices

A crystal is an infinite, three-dimensionally periodic arrangement of atoms whose translational
symmetry is captured by a Bravais lattice – one of the 14 distinct space-filling lattice geometries
that tile Euclidean space by translation alone. Each lattice is fully characterized by three vectors
a, b, c and the interaxial angles α, β, γ, whose metric and angular constraints define one of the
seven crystal systems: triclinic, monoclinic, orthorhombic, tetragonal, trigonal, hexagonal, and
cubic [34, 35].
The unit cell is the repeating volume element that, when translated, regenerates the full crystal.
Its content can be reduced to the asymmetric unit, which is the smallest set of atomic positions
from which the complete structure is generated by the symmetry operations of the space group.
Rietveld refinement is a whole-pattern fitting method used to refine a crystal-structure model
against powder diffraction data. Starting from an assumed phase, space group, and atomic
arrangement, the method calculates a diffraction pattern and adjusts structural and profile pa-
rameters, such as lattice constants, atomic positions, occupancies, displacement parameters,
background, and peak shape, to obtain the best agreement with the measured pattern. Because
the structural model is defined by the asymmetric unit, Rietveld refinement uses this unit as the
fundamental crystallographic description of the structure. The complete crystal structure is then
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generated by applying the symmetry operations of the space group. This provides the natural
irreducible structural description of a crystalline compound [36].
Beyond pure translations, crystals can carry point symmetry operations: proper rotation axes
(C), mirror planes (m), inversion centers (ı̄), and improper rotation axes (S). The set of all point
operations compatible with three-dimensional periodicity defines the 32 crystallographic point

groups. Pairing these with the 14 Bravais lattice types – and accounting for the possible posi-
tions of symmetry elements relative to the lattice – yields the 230 space groups, the exhaustive
classification of three-dimensional crystal symmetry [34, 35].

Figure 2.1: Structural motifs used to introduce close-packed halide frameworks and basic defect concepts. (a,b)
Three-layer fragments of hexagonal close packing (HCP, ABAB...) and cubic close packing (CCP, ABCABC...).
(c,d) Extended HCP and CCP stacking sequences. (e) Tetrahedral and octahedral voids formed between close-
packed anion layers. (f) Representative point defects in an ionic lattice. (g,h) Wurtzite and zincblende ZnS struc-
tures, shown as HCP- and CCP-derived tetrahedral frameworks relevant to the discussion of CuI polytypes. Panels
adapted from [37, 38]

2.1.2 Close-Packed Iodide Frameworks and Interstitial Site Logic

Many halide semiconductors are most readily understood by considering the anion sublattice
first. Iodide ions are large and polarizable and, in many structures, stack into a close-packed
framework into which the cations occupy the available interstitial sites. Two ideal close-packed
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sequences dominate, as shown in Figure 2.1. Cubic close packing (CCP) follows an AB-
CABC. . . stacking sequence and forms a face-centered cubic anion lattice. Hexagonal close
packing (HCP) follows an ABAB. . . stacking sequence and forms a hexagonal anion lattice.
Both pack one octahedral void and two tetrahedral voids per anion, but the connectivity between
neighboring voids differs – a fact that matters when trying to figure out which cation sits where.
From a structural perspective, filling all octahedral voids yields rock salt (NaCl), depending on
the stacking. Whereas filling half the tetrahedral voids yields zincblende or wurtzite. Identical
local coordination, different long-range stacking – which is exactly why the energy difference
between CCP and HCP is often tiny in group-IB halides, and why stacking faults create coherent
polytypic domains whose diffraction signals mimic a second polymorph [39, 37, 40].
For copper pnictohalides, this has practical consequences. A diffraction peak suggesting a
hexagonal CuI phase may equally arise from stacking-fault polytypism inside a dominantly
cubic CuI-like matrix. Conversely, the absence of a fully ordered ternary pattern does not imply
that the material is a simple binary mixture; cations can sit in interstitial or defect-complex sites
within the host. The question is: which voids are occupied by which cations, and to what degree
of order?

2.1.3 Caswellsilverite and Rudorffite Families

Caswellsilverites (named after Dr. Caswell Silver) or Rudorffites (named after Dr. Walter
Rüdorff) belong to the same structural material category. These families are layered ternary
halides with the generic formula A3M2X9 or A2MX4 (A = Cu+, Ag+, K+; M = Bi3+, Sb3+;
X = I−, Br−, Cl−), derived from the CdI2 or NaVO2-type framework through ordered cation
substitution [41, 42, 43].
In the Caswellsilverite type, the structural arrangement depends on the A-site cation size, where
one octahedral layer sits on top of another octahedral layer in the lattice. Smaller cations
(K+, Rb+; K3Bi2I9 prototype) yield layered defect-perovskite structures, while larger cations
(Cs+, MA+) favor 0D structures in space group P63/mmc (No. 194) with isolated face-sharing
[Bi2I9]

3− dimers and monovalent cations in the interlayer positions for charge balance [44, 45].
The space group is typically P63/mmc (No. 194) or R3̄m (No. 166) depending on the order of
stacking layers [44, 46]. The Rudorffite type Ag3BiI6 is closely related, but monovalent cations
partially fill octahedral sites inside the halide layers, producing a more three-dimensionally con-
nected polyhedra network [47, 48]. The two types differ in where exactly the A-site cations sit,
and how they are stacked [49].
Both families have band gaps in the 2.0–2.5 eV range for A3M2X9 compounds, while Ag–Bi–I
rudorffites such as Ag3BiI6 show lower direct gaps around 1.79–1.83 eV; the full family spans a
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Table 2.1: Structural questions used to connect crystallographic assignment with the interpretation of optoelec-
tronic and device properties in copper pnictohalide thin films.

Structural question What it distinguishes Why it matters here

Which stacking se-
quence is present?

Cubic γ-CuI-like ccp stacking,
hexagonal β -CuI-like hcp stack-
ing, or layered BiI3-type motifs.

The stacking sequence deter-
mines which structural model
should be used to interpret the
diffraction pattern. This is
important because CuI poly-
types and stacking faults can
give similar diffraction sig-
natures, making phase as-
signment from peak positions
alone ambiguous.

Which interstitial or co-
ordination sites are oc-
cupied?

Tetrahedral Cu+ sites, octahe-
dral Bi3+/Sb3+ sites, or additional
Cu+ in interstitial or intercalated
positions.

Site occupancy defines
whether copper acts only as
a central cation or also as
an interstitial species. This
distinction is central to the
interpretation of copper-rich
phases such as Cu3xBi1−xI3.

Is the cation network
continuous?

A connected octahedral
Caswellsilverite/Rudorffite-type
framework versus a CuI-derived
or defect-associated structure.

Network connectivity affects
whether the material should
be discussed as a true, well-
defined structure or as a struc-
turally distinct copper iodide-
derived phase. This changes
how its transport and defect
properties should be inter-
preted.

Is the structure ordered,
faulted, or disordered?

Long-range ordered domains ver-
sus stacking-faulted, broadened,
or locally disordered structures.

Structural disorder can
broaden diffraction peaks
and complicate phase assign-
ment. It is also relevant when
discussing band-edge tailing,
metastability, and possible
recombination pathways, but
these links must be tested
experimentally rather than
assumed from composition
alone.
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wide range relevant for indoor photovoltaics, LEDs, and radiation detection [50, 51]. Quantum
confinement in layered geometries increases exciton binding energies and can boost photolumi-
nescence quantum yield [52, 53]. Their relatively wide bandgap energy make them less suitable
for outdoor single-junction cells. The search for narrow bandgap energy derivatives – including
the copper antimony iodide phases studied here – follows directly from this consideration.

2.2 Point Defects in Semiconductors

Thin-film semiconductors often contain structural imperfections such as vacancies, interstitials,
antisites, and stacking faults. In halide semiconductors, these defects can be especially rele-
vant because the lattices are relatively soft, ions can be mobile, and defect formation energies
can be low. Such defects may influence carrier concentration, reduce recombination lifetime,
and contribute to features such as band-edge tailing in optical absorption. The following sec-
tion introduces the defect-physics concepts used in this thesis to relate structural disorder to
optoelectronic behavior.

2.2.1 Classification of Point Defects

As shown in Figure 2.1(f), point defects are classified by their structural character:

1. Vacancies: Missing atoms from regular lattice sites (e.g., VBi, VI in BiI3).

2. Interstitials: Atoms in sites that are empty in the ideal structure (e.g., Cui, Bii).

3. Substitutional defects: Foreign atoms on host sites (e.g., SbBi, AgCu).

4. Antisites: Host atoms on the wrong sublattice (e.g., BiI , IBi).

5. Complexes: Two or more defects bound together (e.g., VBi–VI, Cui–VBi).

Each defect type can occur in different charge states by exchanging electrons with the surround-
ing crystal. For example, a bismuth vacancy in BiI3 may be neutral or negatively charged, such
as V 0

Bi, V−
Bi , V 2−

Bi , or V 3−
Bi . Which charge state is most stable depends on the Fermi-level position,

i.e., the electron chemical potential within the band gap, usually referenced to the valence-band
maximum. The stable charge state determines whether the defect behaves as an acceptor, donor,
or carrier-trapping center [54, 55].
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2.3 Semiconductor Physics of Thin-Film Photovoltaics

Band model

In an isolated atom, electrons can occupy only discrete energy levels determined by their quan-
tum states. According to the Pauli exclusion principle, no two electrons can occupy the same
quantum state simultaneously. When multiple atoms approach each other, the electrons of
neighboring atoms begin to interact. Their wavefunctions overlap, causing each original dis-
crete energy level to split into N separate levels when N atoms are involved, in order to satisfy
the Pauli exclusion principle. In a crystal, the atomic density is typically on the order of 1022 to
1023 atoms per cm3 [56, 57]. As illustrated in Figure 2.2, a very large number of energy levels
form, with small energy separations merging into continuous energy bands. These bands pos-
sess a finite energy width and are separated by bandgaps, which represent no states. The width
of the energy bands depends on the atomic orbitals from which they originate. Outer electron
orbitals overlap more strongly than inner orbitals, whose electrons are more tightly bound to
the nucleus. Consequently, outer orbitals split into broad energy bands at larger interatomic dis-
tances than inner orbitals. At a certain interatomic distance, the system reaches an equilibrium
state at which the potential energy is minimized.

Figure 2.2: Formation of energy bands for an increasing number of atoms [57].

At a temperature of 0 K, no electrons are in excited states, and the bands are filled, starting from
the lowest energy levels up to a certain energy level, above which all states remain unoccupied

18
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[56]. If the highest occupied energy state lies within a partially filled band, the material is
classified as a metal. In semiconductors and insulators, the energy bands are either completely
filled or completely empty. The highest-energy band in which all states are occupied is called
the valence band, while the lowest-energy empty band is referred to as the conduction band.
Electrons in the conduction band are mobile and therefore contribute to electrical conductivity.
In semiconductors, electrons can be thermally excited from the valence band into the conduction
band as the temperature increases. In insulators, the gap between the valence and conduction
bands is much larger, such that the amount of thermally excited electrons is negligible before
the material is destroyed at high temperatures. As a result, insulators exhibit very low electrical
conductivity.
When electrons in a semiconductor are excited into the conduction band, they leave behind
an empty state in the valence band. This empty state can be treated as a quasiparticle with a
positive charge equal in magnitude to the charge of an electron and is referred to as a hole.
The excitation of an electron from the valence band into the conduction band thus creates an
electron–hole pair.
The probability that an electron occupies a specific energy state is given by the Fermi-Dirac
distribution:

fe(E) =
1

1+ e(E−EF )/kBT
, (2.1)

where E is the energy of the state, kB is the Boltzmann constant, T the absolute temperature
and EF the Fermi energy [58]. At thermal equilibrium, the Fermi energy corresponds to the
electron electrochemical potential expressed in units of energy, describing the energy at which
the occupation probability is 1

2 . The Fermi level does not correspond to an actual energy state.
In intrinsic semiconductors, it is located within the gap between the valence band and the con-
duction band. The occupation probability for a hole, an empty state, can be calculated by

1− fe(E) =
1

1+ e(EF−E)/kBT
(2.2)

At T = 0 K, the Fermi-Dirac distribution is a step function, with the step occurring at the Fermi
energy EF . As shown in Figure 2.3, at temperatures above 0 K, the sharp step at the Fermi
energy broadens, and the occupation probability approaches 1 at low energies and 0 at high
energies. Therefore, excited electrons predominantly occupy states near the lower edge of the
conduction band, whereas holes accumulate at the upper end of the valence band.
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Figure 2.3: Fermi-Dirac distribution at different temperatures T3 > T2 > T1 > T0 = 0 K [59].

Generation and Recombination

As described in the previous section, electron-hole pairs can be generated thermally. In addition
to thermal generation, free charge carriers can be introduced electrically through carrier injec-
tion from contacts or generated optically through photon absorption. The latter process is the
most relevant for solar cells. Incident photons can either be reflected at the surface, absorbed
within the material, or transmitted. Absorption can only occur if the energy of the incident
photons E = hν , where h is the Planck constant and ν is the photon frequency, is equal to or
greater than the bandgap energy of the semiconductor [60]. In this case, an electron is excited
into the conduction band, thereby generating an electron–hole pair. If the photon energy ex-
ceeds the bandgap, the excess energy is dissipated as heat because the excited electron rapidly
thermalizes to the conduction band minimum. These transitions must satisfy both energy and
crystal-momentum conservation. In direct semiconductors, this condition is satisfied automati-
cally because the conduction band minimum and the valence band maximum occur at the same
momentum in reciprocal space. In indirect semiconductors, however, these extrema are located
at different momenta. Therefore, an additional phonon is required to provide the necessary
momentum for the transition. As a result, near-band-edge absorption is significantly less likely
in indirect semiconductors, which generally requires thicker absorber layers for efficient light
absorption. The optical generation rate in cm−3s−1 is expressed as

G(x) =
∫

λ2

λ1

gsp(x,λ )dλ . (2.3)
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This equation describes an integration over a wavelength spectrum λ2 −λ1 of the spectral gen-
eration rate gsp which is given by

gsp = Φ0(λ )α(λ )e−α(λ )x, (2.4)

with the incident photon flux density Φ0 , the absorption coefficient α(λ ), and penetration depth
x [61]. Therefore, the optical generation depends on the material, the intensity and wavelength
of the incident radiation and the penetration depth within the material.

The opposite process of generation is recombination, in which an electron transitions from
the conduction band to a free state in the valence band. In solar cells, recombination is regarded
as a loss mechanism. Recombination can occur both within the bulk of the material and at the
surface. For bulk recombination, three basic types can be distinguished: Radiative band to band
recombination, trap-assisted Shockley-Read-Hall recombination and Auger recombination.
Radiative recombination describes the direct recombination of an electron in the conduction
band with a hole in the valence band. The excess energy is released as a photon. The corre-
sponding recombination rate depends on the electron and hole carrier densities and is commonly
written as

Rrad = B(np−n2
i ),

where n and p are the electron and hole concentrations, ni is the intrinsic carrier concentration,
and B is the radiative recombination coefficient. Under illumination or injection, this is often
approximated as Rrad ≈ Bnp, showing that the recombination probability increases with both
electron and hole density. Radiative recombination is most efficient in direct-band-gap semi-
conductors, where the band-edge transition can conserve momentum without phonon assistance
[62].
Defects, such as vacancies or dislocations, can create allowed energy states within the bandgap.
Electrons and holes can be trapped in these states and recombine from there. Trap states located
near the center of the band gap are the most efficient recombination centers, as they can capture
both electrons and holes with comparable probability [60]. The excess energy is released in
the form of phonons, hence, this process is non-radiative. The recombination rate is directly
proportional to the trap density. For efficient solar cells, the trap density should therefore be as
low as possible [61].
Auger recombination is a three-particle process in which the energy released during the recom-
bination of an electron–hole pair is transferred to another charge carrier, either an electron in
the conduction band or a hole in the valence band. The excited charge carrier is promoted to
a higher-energy state and subsequently relaxes back toward the respective band edge. During
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this relaxation process, the excess energy is transferred to the lattice in the form of phonons.
As multiple particles are involved, Auger recombination occurs primarily at high charge-carrier
densities.
Additional traps states can be located at the surface of a crystal or at crystal grain boundaries,
where the periodic lattice structure is disrupted and unsaturated valence bonds, known as ’dan-
gling bonds’, are present. This can lead to a high density of trap states and, consequently, a high
recombination rate at the surface or at grain boundaries. To counteract this, surfaces can be
passivated to eliminate or reduce dangling bonds. Alternatively, the grain size can be increased,
thereby reducing the total number of grain boundaries within the material.
All recombination mechanisms reduce the charge carrier lifetime, which is defined as the av-
erage time that excess charge carriers exist before recombining. Closely related to the charge
carrier lifetime is the diffusion length, which describes the average distance that charge carriers
can travel before recombination occurs. It is given by

L =
√

Dτ, (2.5)

where D is the diffusivity in m2s−1 and τ is the charge carrier lifetime [61]. The diffusion
length also decreases as the recombination rate increases. Both the charge carrier lifetime and
the diffusion length are important parameters for solar cells and should be as high as possible
to achieve efficient charge carrier extraction and high device performance.

2.3.1 Solar Cells

Figure 2.4: Relevant transport energies of the functional materials throughout a thin film solar cell.

Solar cells are devices that convert the energy of incident radiation to electrical energy. To
achieve this, the charge carriers generated by photon absorption must be separated and collected
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at the electrodes. The structure of a solar cell depends on the type of the light-absorbing layer,
also referred to as the photo-active layer. The photo-active layer can be intrinsic, n-type, or p-
type. Non-intrinsic conductivity can arise either by intentional doping or by native defects such
as vacancies, which alter the concentration of free charge carriers by donating or accepting
electrons. A typical structure of thin film solar cells with intrinsic absorber layers is shown in
Figure 2.4. It consists of two electrodes, a hole transport layer (HTL), an electron transport layer
(ETL), and the photo-active layer located between them. When the absorber is brought into
electrical contact with the selective transport layers, their energy levels adjust, producing band
bending and a built-in potential across the device. Under illumination, electrons and holes move
according to gradients in their electrochemical potentials. These electrochemical potentials
are represented by the electron and hole quasi-Fermi levels. The ETL and HTL then provide
selective pathways for extracting electrons and holes, respectively. Efficient electron transport
to the electrode requires the conduction band minimum of the electron transport layer to be
energetically below that of the absorber layer. Furthermore, efficient electron extraction requires
favorable energy-level alignment between the electrode and the electron transport layer, such
that the contact presents little or no barrier to electron transfer. Under these conditions, the
contact behaves ohmically, minimizing contact resistance and facilitating charge collection.
Ideally, the valence band maximum of the electron transport layer lies below that of the absorber
layer, thereby forming an energy barrier for holes that prevents them from moving towards the
electrode and recombining with the collected electrons. Analogous considerations apply to the
hole transport layer and the opposite electrode to ensure efficient hole extraction while blocking
electrons.

Figure 2.5: Illustration of the band diagram of a p-n-heterojunction. Charge carriers generated in the depletion
region are separated and transported to the electrodes.
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In the case of non-intrinsic absorber layers, separation of charge carriers can be achieved by
forming a p-n junction between an n-type and a p-type semiconductor. The large charge carrier
concentration gradient between the two layers causes electrons to diffuse from the n-type semi-
conductor to the p-type semiconductor, while the holes diffuse in the opposite direction [61].As
a result, a depletion region forms between the two layers and an electric field is created that
separates generated charges. If the p-n junction is formed between differently doped regions of
the same semiconductor material, it is referred to as a homojunction. If two different materials
are used, this is referred to as heterojunction. In heterojunctions, discontinuities in the energy
bands arise because the two materials generally possess different bandgaps and band-edge ener-
gies. An example of a p–n heterojunction band diagram is shown in Figure 2.5. Depending on
the band alignment between the absorber and the transport layers, energetic barriers can form at
the interfaces, impeding efficient charge-carrier extraction to the electrodes. This must be taken
into account when selecting an ETL/HTL to be combined with the photo-active layer. Both
layers can either be connected directly to suitable electrodes, or be combined with additional
electron or hole transport layers.

Figure 2.6: Equivalent circuit of a solar cell.

The equivalent circuit shown in Figure 2.6 describes the electrical characteristics of a solar cell.
The ideal current source represents the charge carriers generated under illumination. Diode D1

is an ideal diode connected in parallel to the current source. It originates from the p-n junction
and describes the behavior of the solar cell in the dark. To account for losses caused by non-
radiative recombination, a non-ideal diode D2 is also connected in parallel. The series resistance
Rs describes all series resistances in the device, including the resistances of all layers, the contact
resistances, and non-zero resistances of the electrodes. Leakage currents are accounted for via
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the alternative current path through resistance Rp. The current flowing through an external load
resistance is then given by

IL =I01

(
exp

(
q(V − I(Rs +RL))

kBT

)
−1

)
+ I02

(
exp

(
q(V − IL(Rs +RL))

n2kBT

)
−1

)
+

V − IL(Rs +RL)

Rp
− Iph,

(2.6)

with voltage V between the electrodes, Boltzmann constant kB, temperature T , ideality factor
n2, saturation currents I01 and I02 and photo generated current Iph [61]. The first term describes
the dark current ID1, the second term describes the current through D2, whilst the current IRp

through Rp is described by the third term. Key parameters of a solar cell can be obtained
or derived from the J-V characteristic curve which is shown in Figure 2.7. The short-circuit

Figure 2.7: J-V characteristics of a solar cell in the dark and illuminated [61].

current density JSC corresponds to the intersection of the curve with the current-density axis
and describes the current density under short-circuit conditions, where the load resistance is
RL = 0 and therefore V = 0. Under open-circuit conditions, no current flows through the device;
that is, the current density is zero. In this case, the open-circuit voltage VOC is measured. The
highest conversion efficiency is achieved at the operating point where the product of current
and voltage, i.e., the power, is at its maximum. This point is referred to as the maximum power
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point at current density Jmp and voltage Vmp. The ratio between the maximum power and the
product of JSC and VOC is defined as the fill factor FF of a solar cell:

FF =
JmpVmp

JSCVOC
(2.7)

The fill factor is an important parameter for evaluating the quality of a solar cell and is directly
related to the power conversion efficiency. The power conversion efficiency is defined as the
ratio of the electrical power generated by the solar cell to the incident optical power [61]:

η =
Pmax

Pin
=

JmpVmp

Pin
=

JSCVOCFF
Pin

(2.8)

Another important parameter is the external quantum efficiency EQE(λ ), which describes the
ratio between the number of electron-hole pairs generated and collected at the electrodes and the
number of incident photons [61]. It can be measured in a spectral response measurement setup,
in which the solar cell is irradiated by monochromatic light while the resulting photocurrent is
measured. The EQE is then calculated as follows:

EQE(λ ) =
Iph(λ )

eΦph(λ )
, (2.9)

using the photocurrent Iph, the elementary charge e and the incident photon flux Φph. To deter-
mine the incident photon flux, a calibrated reference photodetector or solar cell with a known
EQE can be used:

Φph(λ ) =
Iph,re f (λ )

eEQEre f (λ )
(2.10)

Substituting this in Equation 2.9 gives:

EQE(λ ) = EQEre f (λ )
Iph(λ )

Iph,re f (λ )
(2.11)

By measuring the photocurrent Iph(λ ) and Iph,re f (λ ), the EQE can be determined.
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3.1 Experimental Methods

Unless noted otherwise, all synthesis and device fabrication steps were performed inside a
nitrogen-filled glovebox (O2 < 1 ppm, H2O < 1 ppm). All solutes, polymers, and solvents
were of reagent grade or higher purity and were obtained from commercial suppliers without
further purification.

3.1.1 Copper Antimony Iodide (Chapter 4)

Substrate Cleaning

Glass substrates (16× 16 mm2) bearing pre-patterned indium tin oxide (ITO) electrodes were
cleaned by sequential sonication in acetone, mechanical scrubbing with plastic swabs and glass
cleaner, rinsing with isopropanol (IPA), and blow-drying with nitrogen gas. ITO substrates were
subsequently treated in an oxygen plasma for 5 minutes to remove organic residues and improve
surface wettability prior to the deposition of transport layers.

Powder Synthesis of Cu3SbI6 (β–CuI:Sb)

Solid copper(I) iodide (CuI; Thermo Scientific, 98%) and antimony(III) iodide (SbI3; Sigma-
Aldrich, 98%) were combined in a 3:1 molar ratio and dissolved in a hot binary solvent mixture
of dimethyl sulfoxide and N,N-dimethylformamide (DMSO:DMF, 1:1 v/v) at 70◦C with con-
tinuous stirring for 2 hours. The resulting solution was filtered through a 0.45 µm polytetraflu-
oroethylene (PTFE) syringe filter. For powder preparation, the filtered solution was drop-cast
onto cleaned glass substrates and dried at 50◦C for 96 hours. The dried Cu–Sb–I was collected
by carefully scraping the glass surface. Intentional grinding was avoided, as mechanical treat-
ment induces mechano-thermal energy dissipation sufficient to cause phase segregation of the
metastable Cu–Sb–I framework.

Thin-Film Fabrication of Cu3SbI6 (β–CuI:Sb)

Filtered Cu–Sb–I precursor solution (70 µL, filtered through 0.45 µm PTFE) was spin-coated
onto HTL-coated substrates and thermally annealed at 55◦C for 10 minutes. The annealing
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temperature was kept below 100◦C to preserve the integrity of the metastable Cu–Sb–I frame-
work. Films for atomic force microscopy (AFM) characterization were deposited on cleaned,
oxygen-plasma-treated ITO substrates using the same procedure.

Solar Cell Fabrication (Chapter 4)

Inverted thin-film solar cells were fabricated on ITO-coated glass substrates. Two hole-transport
layer (HTL) configurations were evaluated. In the first configuration, poly(3,4-ethylenedioxy-
thiophene):poly(styrene sulfonate) (PEDOT:PSS; Clevios P VPAl 4083) films of 30 ± 4 nm
thickness were deposited by spin-coating an aqueous dispersion at 4000 rpm for 30 s and dry-
ing at 130◦C for 20 minutes. In the second configuration, 12± 2 nm thick tungsten subox-
ide (WO3−x) films were deposited from nanoparticle dispersion (Avantama) by spin-coating
(60 µL), 3000 rpm, ramp 1000 rpm s−1, 30 s) and annealing at 120◦C for 10 minutes. The
Cu3SbI6 absorber layer was deposited onto the HTL surface as described above.
The electron transport layer (ETL) comprised [6,6]phenylC71butyric acid methyl ester (PC71BM;
Lumtec, ≥ 99.8%, 2 wt% in anhydrous chlorobenzene; Sigma-Aldrich, 99.8%), spin-coated in
two steps (50 µL filtered through 0.45 µm PTFE): 1000 rpm for 30 s (ramp: 1000 rpm s−1)
followed by 4000 rpm for 10 s (ramp: 1000 rpm s−1). A bathocuproine (BCP; Sigma-Aldrich,
0.5 g L−1 in anhydrous ethanol) buffer layer was then spin-coated at 4000 rpm for 15 s (ramp:
2000 rpm s−1). Silver back electrodes (100 nm) were thermally evaporated in high vacuum
(< 3× 10−6 mbar) at 1 Å s−1 for the first 10 nm and 2 Å s−1 for the remaining 90 nm. The
complete device architecture was ITO / WO3−x (12 nm) or PEDOT:PSS (30 nm) / β–CuI : Sb /
PC71BM / BCP / Ag (100 nm).

3.1.2 Copper Bismuth Iodide (Chapter 5)

Substrate Cleaning

Glass substrates (16×16 mm2) bearing pre-patterned ITO electrodes were cleaned by sequential
sonication in acetone, mechanical scrubbing with plastic swabs and glass cleaner, rinsing with
IPA, and blow-drying with nitrogen gas. Cleaned ITO substrates were treated in an oxygen
plasma for 15 minutes prior to HTL deposition.

Powder Synthesis of Cu3xBi1−xI3 (CBI)

Solid copper(I) iodide (CuI; Thermo Scientific, 98%) and bismuth(III) iodide (BiI3; Thermo
Scientific, 99.99%) were combined in a 3:1 molar ratio and dissolved in a hot binary solvent
mixture of DMSO:DMF (17:3 v/v) at 70◦C with continuous stirring overnight. The solution
was filtered through a PTFE syringe filter. For powder preparation, the filtered solution was
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drop-cast onto cleaned glass substrates (cleaned as described above) and dried at 50◦C for 96
hours. The dried material was collected by scraping and subsequently ground in a marble mortar
to obtain a fine powder suitable for diffraction and thermal analysis.

Thin-Film Fabrication of Cu3xBi1−xI3

Filtered CBI precursor solution (90 µL) was spin-coated onto HTL-coated substrates and ther-
mally annealed at 60◦C for 10 minutes. The influence of annealing temperature on the film
morphology was investigated over the range 60− 150◦C; 60◦C was identified as the optimal
condition for continuous film coverage.

Solar Cell Fabrication (Chapter 5)

[2-(3,6-Dimethoxy-9H-carbazol-9-yl)ethyl]phosphonic acid (MeO–2PACz; TCI Chemicals, ≥
98%, 2 mmol L−1 in anhydrous absolute ethanol; H2O < 0.003%; VWR) was filtered through a
0.22 µm PTFE membrane and spin-coated (50 µL, 3000 rpm, ramp 1000 rpm s−1, 30 s) onto ITO
substrates, followed by thermal annealing at 100◦C for 10 minutes. A poly[bis(4-phenyl)(2,4,6-
trimethylphenyl)amine] (PTAA; 1-Material, 0.4 wt% in anhydrous toluene; H2O < 0.001%;
Sigma-Aldrich) solution was spin-coated onto the MeO–2PACz layer (60 µL, 5500 rpm, ramp
2000 rpm s−1, 40 s) and annealed at 100◦C for 10 minutes. To improve wettability of the
hydrophobic PTAA surface, the PTAA-coated substrates were briefly rinsed with anhydrous
DMF (H2O < 0.005%) immediately before CBI deposition. CBI precursor solution was then
deposited as described above.
PC71BM (Lumtec, ≥ 99.8%, 2 wt% in anhydrous chlorobenzene; Sigma-Aldrich, 99.8%) was
spin-coated (45 µL) in two steps: 1000 rpm for 30 s (ramp: 1000 rpm s−1) followed by 4000 rpm
for 10 s (ramp: 1000 rpm s−1). BCP (Sigma-Aldrich, 0.5 g L−1 in anhydrous ethanol) was
spin-coated at 4000 rpm for 15 s (ramp: 2000 rpm s−1). Silver back electrodes (100 nm) were
thermally evaporated in high vacuum (< 3× 10−6 mbar) at 1 Å s−1 for the first 10 nm and
2 Å s−1 for the remaining 90 nm. The complete device architecture was ITO / MeO–2PACz /
PTAA / CBI / PC71BM / BCP / Ag (100 nm).

3.1.3 Copper Bismuth Sulfide (Chapter 6)

Substrate Cleaning

Fluorine-doped tin oxide (FTO)–coated glass substrates were cleaned by sequential sonication
in deionized water (10 min), mechanical brushing with glass cleaner on both sides, sonication in
acetone (10 min), and sonication in isopropanol (10 min). After each sonication step, substrates
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were blow-dried with nitrogen. Cleaned substrates were stored under nitrogen atmosphere;
substrates stored for more than one week were re-cleaned before use.

TiO2 Electron Transport Layer

An anatase TiO2 electron transport layer was deposited by a solution-based process using tita-
nium isopropoxide (TTIP) as the precursor. TTIP was dissolved in anhydrous absolute ethanol
to a molarity of 0.3 M. The solution was spin-coated onto cleaned FTO substrates (50 µL,
3000 rpm, ramp 1000 rpm s−1, 90 s). Films were dried at 50◦C for 10 minutes and subse-
quently calcined at 450◦C for 1.5 hours on a preheated hotplate with a temperature ramp. Prior
to Cu3BiS3 deposition, TiO2 films were irradiated with UV radiation (intensity 100 mW cm−2)
to remove surface organic contamination. All TTIP processing was performed under nitrogen
atmosphere. Residual TTIP solution was wiped from substrate edges after spin-coating to ex-
pose the underlying FTO for electrical contacting.

Thin-Film Fabrication of Cu3BiS3 (CBS)

Cu3BiS3 thin films were synthesized by solution processing using metal nitrate precursors
and thiourea as the sulfur source. Copper(II) nitrate (Cu(NO3)2) and bismuth(III) nitrate
(Bi(NO3)3) were weighed to achieve a Cu:Bi:thiourea molar ratio of 3:1:7. Excess thiourea rela-
tive to the stoichiometric amount (3:1:3) was included to ensure complete coordination of metal
ions and compensate for sulfur loss during annealing. The metal nitrates were co-dissolved in
a DMF/DMSO solvent blend (4:1 v/v) at a nominal concentration of 1 mmol Cu(NO3)2 and
0.33 mmol Bi(NO3)3 per mL, with stirring for 30–60 minutes. Thiourea (2.33 mmol mL−1)
was dissolved separately in the same solvent blend and combined with the nitrate solution; the
mixture was stirred continuously for one hour until a clear light-green color was obtained, in-
dicating complex formation. The combined solution was filtered and used within 1–2 days to
prevent bismuth oxynitrate precipitation.
Spin-coating was performed at 2500 rpm for 45 s (ramp: 1000 rpm s−1) using 80 µL of the
precursor solution per layer. Each layer was immediately annealed at 165◦C for 15 minutes on
a preheated hotplate. Multiple layers were coated sequentially to increase total film thickness;
the standard device used five layers. All spin-coating and annealing steps, except for weighing
of metal nitrate precursors, were performed under nitrogen atmosphere. Additional morpho-
logical experiments employed doctor-blade coating and diluted precursor solutions (dilution
ratios 1:0.33, 1:0.66, and 1:1 v/v, solution:solvent) to investigate processing-dependent crystal
growth.
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Solar Cell Fabrication (Chapter 6)

Solar cells were assembled using the device architecture FTO / TiO2 / Cu3BiS3 / Au. Gold
top electrodes were deposited by thermal evaporation at 0.5 Å/s. A post-fabrication annealing
step at 270◦C was applied to improve photovoltaic performance; this temperature lies within
the high-temperature polymorphic regime of Cu3BiS3 (above the second phase transition near
191◦C) and its effects on device performance and phase composition are discussed in Chapter
6.

3.2 Characterization Methods

3.2.1 Powder X-Ray Diffraction (PXRD)

Powder X-ray diffraction (PXRD) was used to identify crystalline phases, determine lattice pa-
rameters, and perform quantitative phase analysis of Cu–Sb–I and Cu–Bi–I powder samples, as
discussed in Chapters 4 and 5. The PXRD measurements and Rietveld refinements for these
two materials were carried out by Dr. Daniel M. Többens and Prof. Dr. Susan Schorr at
Helmholtz-Zentrum Berlin (HZB). In PXRD, monochromatic X-rays of wavelength λ irradiate
a polycrystalline specimen. Constructive interference of the elastically scattered X-rays occurs
when the Bragg condition nλ = 2d sinθ is satisfied, where n is an integer, d is the interplanar
spacing for a given set of crystallographic planes (hkl), and θ is the glancing angle. By scan-
ning the detector over 2θ , a diffraction pattern is recorded whose peak positions and relative
intensities are characteristic of the crystal structure and phase composition.
Bragg–Brentano geometry is a common reflection geometry for powder X-ray diffraction, in
which a flat specimen is positioned at the center of the diffractometer circle, and the X-ray
source and detector move in a coupled θ–2θ configuration, so that diffraction is recorded from
lattice planes that satisfy the Bragg condition at each angle. PXRD data were collected on
a Bruker D8 diffractometer in Bragg–Brentano geometry using Cu–Kα1,2 radiation. Rietveld
refinement was performed using the FullProf Suite, employing the Thompson–Cox–Hastings
pseudo-Voigt peak profile function and anisotropic peak broadening modeled by symmetry-
adapted spherical harmonics. Phase identification was assisted by comparison with calculated
diffraction patterns from structural data in the Inorganic Crystal Structure Database (ICSD) us-
ing Mercury 3.6 software. The quality of each refinement was assessed by the weighted resid-
ual factor Rwp, the expected residual Rexpected, and the goodness-of-fit χ2 = (Rwp/Rexpected)

2.
Refined quantities included lattice parameters, atomic fractional coordinates, site occupancy
factors (SOFs), and isotropic atomic displacement parameters.
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Figure 3.1: Constructive interference of X-rays in crystals and schematic representation of an X-ray diffractometer
[63].

3.2.2 Grazing-Incidence X-Ray Diffraction (GI-XRD)

Grazing-incidence X-ray diffraction (GI-XRD) was used to determine the phase composition
and lattice parameters of thin films. In GI-XRD, the incident X-ray beam is fixed at a small
glancing angle ω to maximize the path length within the thin film and minimize signal from the
underlying substrate, while the detector scans over 2θ . This geometry is particularly suited to
thin polycrystalline films, which are often thinner than the X-ray penetration depth at conven-
tional Bragg–Brentano incidence angles.

Rietveld Refinement

X-ray diffractometers provide only discrete intensity data points as a function of the diffraction
angle θ . Rietveld refinement is a mathematical method used to determine a model function that
best reproduces the measured diffraction pattern. The Rietveld method fits the entire diffraction
pattern simultaneously and requires structural models for all crystalline phases present in the
material[64]. Consequently, completely unknown or novel phases cannot be refined without
prior structural information. Furthermore, several additional parameters must be known or
estimated to achieve an accurate refinement. The refinement is based on a non-linear least-
squares approach, in which the difference between the calculated and experimentally observed
diffraction intensities is minimized:

Sy = ∑
i

wi|yio − yic|2 → min, (3.1)

where yio are observed points, yic are calculated points and wi are weighing factors[64]. In order
to assess the quality of the refinement, figures of merit can be used, including the weighted
residual Rwp

Rwp =

√
∑i wi(yio − yic)2

∑i wi(yio)2 , (3.2)
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and the goodness of fit

GOF =

√
∑

n
i wi(yio − yic)2

n− p
, (3.3)

where n is the number of measurement points and p is the number of refined parameters. In
addition, the difference curve between the measured and calculated intensities is typically eval-
uated in order to assess the quality of the refinement.

3.2.3 Scanning Electron Microscopy (SEM)

Scanning electron microscopy (SEM) was used to characterize the microstructure and surface
characteristics of powder samples and thin films. In SEM, a focused primary electron beam is
rastered across the sample surface. Interactions between the primary electrons and the spec-
imen generate secondary electrons (SE), which carry information on surface topography, and
backscattered electrons (BSE), which yield compositional contrast proportional to the mean
atomic number. A photomultiplier-tube-based through-lens detector (TLD) capable of detect-
ing both SE and BSE signals was used in conjunction with an electromagnetic immersion lens
for high-resolution imaging.
SEM measurements were carried out on a Nova NanoSEM 450 instrument (FEI Deutschland
GmbH) at an accelerating voltage of 15 kV with an electron beam diameter of 4 nm. Powder
samples were mounted on sample holders using double-sided carbon adhesive tape.

3.2.4 Transmission Electron Microscopy: HRTEM, STEM-HAADF, and EDX

High-resolution transmission electron microscopy (HRTEM), scanning transmission electron
microscopy with a high-angle annular dark-field detector (STEM-HAADF), and energy-dispersive
X-ray spectroscopy (TEM-EDX) were used to characterize the local crystallographic structure,
lattice spacings, and elemental distribution within samples. In HRTEM, phase contrast of the
transmitted electron beam is exploited to image atomic columns and lattice fringes at sub-
angstrom resolution, enabling direct measurement of interplanar d-spacings. Selected-area
electron diffraction (SAED) was performed to confirm crystal structure and determine zone-
axis orientations of individual domains. SAED patterns were indexed using the CrysTBox
diffractGUI software (version 2.21), which applies the RANSAC (Random Sample Consensus)
algorithm to fit a regular reciprocal lattice to the detected diffraction spots, computes zone-axis
orientations, and quantifies angular and d-spacing residuals.
HRTEM measurements were conducted by Dr. Martin Peterlechner (LEM, KIT) performed on
a FEI Titan3 80–300 microscope operating at 300 kV, equipped with an image Cs-corrector and
a TVIPS XF416 camera. STEM-HAADF imaging and TEM-EDX mapping were carried out
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on a FEI Tecnai Osiris instrument operating at 200 kV, using a Super-X four-quadrant silicon-
drift EDX detector. EDX data analysis was performed with Bruker Esprit 2.3 software and
the HyperSpy Python package. HRTEM image analysis was performed using Gatan Digital
Micrograph.

3.2.5 Thermogravimetric and Differential Thermal Analysis (TGA/DTA)

Figure 3.2: Measurement setup for TGA and DTA.

Thermogravimetric analysis (TGA) and differential thermal analysis (DTA) were used to simul-
taneously determine the thermal stability, decomposition temperatures, and solid-state phase-
transition temperatures of the compounds. In TGA, the sample mass is recorded continuously
as a function of temperature; mass-loss events indicate decomposition or evaporation of volatile
species. DTA simultaneously records the temperature difference between the sample and an in-
ert reference under identical heating conditions; endothermic and exothermic events, including
solid-state phase transitions and chemical reactions, manifest as peaks in the DTA signal.
TGA/DTA measurements were performed using a Netzsch Jupiter F449 simultaneous thermal
analyzer. Samples were heated from room temperature to 900◦C at a controlled ramp rate
of 3 K min−1, held at 900◦C for 15 minutes, and cooled at the same rate. A correction run
was performed prior to each sample measurement under identical conditions using an empty
crucible to establish an instrument baseline and eliminate systematic measurement artifacts.
All measurements were conducted under a flow of pure nitrogen gas at 80 mL min−1.

3.2.6 Ultraviolet–Visible–Near-Infrared Spectrometry (UV-Vis-NIR)

Absorption, transmission, and reflection are key parameters for materials used in thin-film so-
lar cells. The relevant spectral range includes ultraviolet (UV) radiation, visible light (Vis),
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Figure 3.3: Schematic measurement setup for UV-Vis-NIR Spectroscopy. Optics like lenses, concave mirrors, and
depolarizers are omitted for clarity.

and near-infrared radiation (NIR). UV-Vis-NIR spectroscopy is used to determine absorption,
transmission, or reflection of samples as a function of the wavelength within this spectral range.
The measurement setup is illustrated in Figure 3.3. A rotating wheel with mirrored segments
divides the output of a monochromator that scans the desired wavelength range into alternating
sample and reference beam paths. Between these segments, the beam is blocked completely.
The depolarized sample beam is directed and focused onto the sample, and the position depends
on the quantity being measured. For absorption measurements, the sample is placed at an angle
inside an integrating sphere (position 2⃝). The sample beam enters the sphere through a slit,
illuminating the sample. The detector is located at the bottom of the sphere and collects all
radiation that passes through the sample or is reflected by it, since the inner surface of the inte-
grating sphere is coated with a highly reflective material. Only a small portion of the radiation
is diffusely reflected out of the sphere through the entrance slit. The difference between the
signal from the sample beam and the signal from the reference beam, which does not strike the
sample, thus corresponds to the radiation absorbed by the sample, since the incident radiation
can either be reflected, transmitted or absorbed. The absorbed fraction is referred to as the ab-
sorptance, while the transmitted fraction is called the transmittance. In optical spectroscopy,
the absorptance is often expressed logarithmically as the absorbance, defined as the logarithm
of the transmittance:

A =− log10

(
I
I0

)
=− log10(T ), (3.4)

where A is the absorbance, I0 is the incident intensity, I is the transmitted intensity and T is
the transmittance. To measure the transmittance, the sample is placed in front of the integrating
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sphere (position 1⃝), so that reflected and absorbed radiation are not collected by the detector.
For reflection measurements, the sample is positioned behind the integrating sphere (position
3⃝).
Optical band gaps were extracted from Tauc plots constructed as (αhν)n vs. hν , where α is the
absorption coefficient, h is Planck constant, ν is the photon frequency, and n = 2 for direct-gap
semiconductors and n = 0.5 for indirect-gap semiconductors. The linear region of the Tauc plot
above the absorption onset is extrapolated to zero yield to obtain the optical band-gap energy Eg.
UV-Vis-NIR absorbance measurements were carried out on an Agilent Cary 5000 spectrometer
featuring a double-beam optical setup.
In this thesis, absorption spectra were measured using a Cary 5000 UV–Vis–NIR spectrometer
from Agilent Technologies equipped with an integrating sphere.

3.2.7 Photoluminescence Spectroscopy (PL)

In photoluminescence spectroscopy, a sample is irradiated, exciting electrons in the semicon-
ductor to higher energy states via absorption. The generated charge carriers rapidly thermalize
to the band edges, transferring the excess energy to the lattice. Subsequent radiative recombi-
nation results in photon emission. Information about recombination mechanisms and defects
can be deduced from the emitted radiation, known as photoluminescence. Photoluminescence
can be divided into intrinsic and extrinsic photoluminescence. Intrinsic photoluminescence
originates from direct band-to-band recombination, whereas extrinsic photoluminescence arises
from recombination processes involving defects or impurities within the semiconductor [65]. In
single-crystalline materials with low defect density, intrinsic photoluminescence dominates and
is already observable at room temperature.
To measure extrinsic photoluminescence, it is often necessary to operate at very low tempera-
tures, where thermal carrier excitation and peak broadening due to lattice vibrations are reduced.
At low temperatures, excited electron–hole pairs form bound states through Coulomb attraction,
known as excitons. These excitons are not stable at higher temperatures because they dissociate
into free charge carriers. In high-purity semiconductors, excitons can diffuse freely through the
crystal before recombining. Such excitons are referred to as free excitons, and their radiative
recombination results in emission close to the bandgap energy, often dominating the photolu-
minescence spectrum in single-crystalline materials at low temperatures. As the temperature
increases, free excitons dissociate more rapidly due to thermal energy, producing free charge
carriers that can subsequently recombine either radiatively or non-radiatively.
In crystals with significant defect concentrations, the emission is often dominated by bound
excitons. Bound excitons are free excitons that become localized at defect or impurity sites,
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resulting in emission at energies below the band-gap energy. At low temperatures, the thermal
energy is insufficient to ionize these localized states, allowing bound excitons to remain stable
and recombine radiatively. Another recombination mechanism is donor-acceptor pair recombi-
nation, in which donor defects provide electrons while acceptor defects capture them. Donors
and acceptors are spatially separated, and the recombination of an electron at a donor and a
hole at an acceptor occurs via tunneling. The energy of the emitted photon then depends on the
distance between the donor and acceptor sites [66]. Emission from donor–acceptor pair recom-
bination can often be observed at higher temperatures than bound-exciton emission, since more
thermal energy is required to ionize these states.
The photoluminescence measurements were carried out using a FS5 spectrofluorometer from
Edinburgh Instruments with the cuvette holder attached to the integrating sphere module SC-
30. For low-temperature PL, a near-infrared-sensitive setup consisting of a Fourier transform
infrared spectrometer (Bruker Vertex 80) with a nitrogen-cooled germanium detector and a 10
mW continuous-wave laser diode at 375 nm. A Cryomech PT403 pulse tube cryocooler was
used to cool the sample down to 3.2 K.

3.2.8 White Light Interferometry

White-light interferometry is an optical measurement technique that uses the interference of
broadband light to map the topography of the samples under investigation. Light from a non-
coherent light source is split into a reference beam and a sample beam. These beams can inter-
fere if the optical path difference between them is in the order of the short coherence length of
the broadband light. The resulting constructive and destructive interference signals are detected
by a detector. By vertically scanning either the objective or the sample, intensity fluctuations
are recorded as a function of the scan position. The position of maximum interference contrast
corresponds to the local surface height at each measured point. Repeating this process for many
points on the sample surface, corresponding to the detector pixels, enables reconstruction of a
precise height profile and, thus, the surface topography [67]. This measurement technique re-
quires sufficient surface reflectivity and tilt correction. Furthermore, it is sensitive to vibrations,
and the lateral resolution is limited by the wavelength of the light. In this thesis, a Plu neox
white-light interferometer from Sensofar atop an anti-vibration stage was used.

3.2.9 Photoelectron Spectroscopy Yield in Air (PESA)

Photoelectron spectroscopy yield in air (PESA) was used to determine the ionization potentials
(IP) of thin films, which in semiconductors are close to the valence band maximum (VBM)
energy referenced to the vacuum level. To determine the ionization potential, a sample is irradi-
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Figure 3.4: Measurement principle of photoelectron spectroscopy yield in air (PESA) [68].

ated with UV light of varying frequency. If the photon energy exceeds the ionization potential
or work function, photoelectrons are emitted from the sample surface. These photoelectrons
are accelerated towards the suppressor grid Gs, ionizing oxygen molecules along their path.
After entering the open counter, the generated oxygen ions are drawn towards the anode A by
a high voltage VA. Near the anode, the electrons detach from the oxygen ions and are further
accelerated, eventually triggering an electron avalanche through collisions and ionization of
surrounding molecules. The resulting electrons are collected at the anode and detected as pulse
signals by the electron-counting circuit. As soon as a pulse is detected, the grid voltages are ad-
justed to suppress the avalanche effect and to neutralize the generated positive ions. During this
period, no additional photoelectrons can enter the counter. The system then returns to its initial
state, allowing the next measurement cycle to begin. The energy of the incident UV photons is
increased over time, and the square root of the electron count is plotted as a function of this pho-
ton energy. From this plot, the threshold energy is determined by extrapolating the linear region
to zero, yielding the work function or ionization potential of the sample [69]. The photoelec-
tron yield Y as a function of photon energy E follows the power-law relation Y 1/n ∝ (E − IP),
where n = 2 for a three-dimensional density of states (fitted with a power number of 0.5). The
IP is extracted from the threshold energy at which the linear fit extrapolates to zero yield. The
electron affinity (EA) is then estimated as EA = IP−Eg, where Eg is the optical band gap from
UV-Vis-NIR measurements.
PESA measurements were performed on a RIKEN KEIKI AC-2E photoelectron spectrometer.
Photoelectron yields were corrected for lamp intensity prior to fitting.

3.2.10 Atomic Force Microscopy (AFM)

Atomic force microscopy is a high-resolution measurement technique that allows investiga-
tion of thin-film surface topography by scanning the sample surface with a very sharp tip. It
can achieve a vertical spatial resolution of 0.1 nm and a lateral resolution of 1 nm [71]. The
measuring principle is illustrated in Figure 3.5. The tip is attached to a cantilever that scans
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Figure 3.5: Measurement principle of atomic force microscopy (AFM). Figure adapted from [70].

across the sample surface. Interactions between the sample and the tip cause the cantilever to
deflect. This deflection is measured by a laser that is focused onto the cantilever and reflected
onto a four-quadrant photodiode. The difference signal between the upper and lower quadrants
provides information about the vertical deflection of the cantilever, while the difference signal
between the left and right quadrants indicates the lateral torsion of the tip. These differential
signals serve as inputs for a feedback control loop, and the response depends on the selected
measurement mode.
In contact mode, the tip is moved across the sample surface while remaining in continuous
contact. During the measurement, the cantilever deflection is kept constant by the feedback
loop. The corresponding control signals are used to calculate the height, resulting in a surface
topography map of the sample.
In dynamic tapping mode, the cantilever, and therefore the tip, is oscillated. In this case, in-
teraction with the surface dampens the oscillation, and the feedback loop keeps the oscillation
amplitude constant [71]. As in contact mode, the resulting control signals translate into a to-
pography of the sample surface. Since the tip is not in continuous contact with the sample, the
risk of tip or sample deformation is minimized while still maintaining atomic resolution [72].
AFM measurements were performed on a Bruker Dimension Icon atomic force microscope
located inside a nitrogen-filled glovebox, enabling characterization of air-sensitive thin films
without atmospheric exposure. RMS roughness (Rq) was extracted from scan areas matched to
the scale of the film morphology. Average grain sizes in films were determined by statistical
analysis of grain boundary positions in AFM images.

3.2.11 Confocal Raman Spectroscopy

Confocal Raman spectroscopy was used to probe the local vibrational modes and bonding envi-
ronments of powder and thin films, and to distinguish these materials from their binary precur-
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sors. In Raman spectroscopy, incident photons interact inelastically with molecular vibrations
or lattice phonon modes, generating scattered photons shifted in energy by characteristic vi-
brational frequencies. Confocal optics restricts the probe volume to a diffraction-limited spot,
enabling spatially resolved spectral maps across heterogeneous sample areas.
Confocal Raman measurements were performed on a WITec alpha300 R instrument equipped
with a UHTS300 spectrometer (300 mm focal length) and a Zeiss microscope. Excitation was
provided by 488 nm and 532 nm lasers operated via adjustable TruePower modules in the range
0.4−1.1 mW (measured at the sample surface). Single-spot spectra were collected using 50×
(NA = 0.75) and 100× (NA = 0.90) objectives with 600 g mm−1 and 1800 g mm−1 gratings,
yielding spectral resolutions better than 3 cm−1 and 1 cm−1, respectively. Typical single-spot
acquisition times were 5–10 s with 5–10 accumulations (600 g mm−1 grating) or 30–50 s with 2
accumulations (1800 g mm−1 grating). Raman scattering was detected with a back-illuminated
CCD camera.
Spatially resolved Raman maps were recorded using a 100× objective and 600 g mm−1 grating
over 100µm× 100µm areas with a step size of 1 µm, producing 10,000 spectra per map with
an acquisition time of 7 s per spectrum. Data processing was performed with WITec Project
Plus v. 7.0 software and included cosmic-ray removal and polynomial background subtraction.
Raman maps were generated using TrueComponent analysis and by tracking maximum peak
intensities of selected bands.

3.2.12 X-Ray Fluorescence Spectroscopy (XRF)

X-ray fluorescence spectroscopy (XRF) was used to determine the bulk elemental composi-
tion and average stoichiometry of powder samples. The measurements were carried out by Dr.
Yvonne Tomm and Prof. Dr. Susan Schorr at Helmholtz-Zentrum Berlin (HZB) In XRF, a
primary X-ray beam ejects core-shell electrons from atoms in the sample. Characteristic fluo-
rescence X-rays are emitted as outer-shell electrons fill the resulting vacancies; the energies and
intensities of these characteristic X-rays identify the elements present and allow quantification
of their relative concentrations. XRF provides an area-averaged compositional measurement
and cannot resolve nanoscale phase heterogeneity. Measurements were performed on a Bruker
M4 Tornado instrument. Compositional analysis was repeated at multiple positions (up to 10
points) across each powder sample to assess spatial uniformity; results are reported as mean
values with standard deviations.
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3.2.13 Stylus Profilometry

Stylus profilometry was used to measure the thicknesses of all thin films. In this technique, a
diamond-tipped stylus is mechanically dragged across a step edge created by scratching through
the film to the underlying substrate. The vertical displacement of the stylus is recorded as a
function of lateral position; the height step at the scratch edge provides the film thickness. Mul-
tiple measurements at different positions on each sample were averaged to obtain representative
thicknesses values. Film thickness measurements were performed on a Bruker Dektak XT sty-
lus profilometer.

3.2.14 Solar Cell Characterization: Current Density–Voltage Curves and External
Quantum Efficiencies

(a) (b)

Figure 3.6: Solar cell design and current-flow geometry. (a) Top view of a substrate with structured electrodes.
The red area marks one solar cell with a photo-active area of 10.5mm2. (b) Schematic of the current flow in the
solar cell [73].

To characterize solar cells electrically, the J-V characteristics were measured both in the dark
and under illumination. The current density J can only be determined if the area of the solar
cell is known. Figure 3.6a shows the solar cell design and architecture comprising a substrate
with a structured transparent conductive oxide (TCO) layer, either indium tin oxide (ITO) or
fluorine-doped tin oxide (FTO), the solar cell stack, and a structured top electrode. The elec-
trode structures are designed such that the top and bottom electrodes overlap to form four solar
cell pixels in the center of the substrate, each with a photo-active area of 10.5 mm2. The solar
cell layers must be scraped off at the edges before the top electrode is deposited. The solar cells
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can then be contacted at the edge of the substrate for J-V measurements, as illustrated in Figure
3.6b. A sweeping voltage is applied to the contacts and the resulting current is measured.
To obtain comparable and meaningful results, the solar cells must be illuminated by a source
with a spectrum closely resembling the solar spectrum. For this purpose, a solar simulator with
a 300 W xenon short-arc lamp (AX-LightLine, Sciencetech) was used in this work. It is certified
to replicate the ASTM G 173 Air Mass 1.5 (AM 1.5) reference spectrum, which represents the
terrestrial solar spectral irradiance at a solar incidence angle of 37°[74]. The spectrum of the
solar simulator and the reference spectrum are plotted in Figure 3.7. As both the spectrum and
irradiance of the lamp fluctuate initially, the lamp is ignited at least 20 minutes before the start
of the measurements. The desired irradiance of 1000 W/m2 is set using a silicon reference cell
(Newport 91150-KG5). When measuring solar cells with the design described above, the edge
of the substrate is shaded by a mask so that only the photo-active pixels are illuminated.

Figure 3.7: Reference ASTM Global AM 1.5 spectrum and emission spectrum of the AX-LightLine solar simulator
by Sciencetech.

From J–V measurements under illumination, the following photovoltaic figures of merit were
extracted: open-circuit voltage (VOC), short-circuit current density (JSC), fill factor (FF), and
power conversion efficiency (PCE). External quantum efficiency (EQE) spectra were recorded
to determine the wavelength-resolved photocurrent response of each device. The EQE is defined
as the fraction of incident photons at each wavelength that are converted to collected electrons.
The photocurrent density JEQE integrated over the solar spectrum was calculated from the EQE
spectrum and compared with JSC from J–V measurements for verification. In order to measure
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the EQE, a spectral response setup was used in this work. This setup consists of a 450 W
xenon high-pressure lamp (LSH601, LOT Oriel) and a Czerny–Turner-monochromator (Omni-
λ300, LOTOriel) for generating monochromatic light. In addition, a chopper (C-995, Terahertz
Technologies) was used to modulate the light and allow for lock-in amplification. The setup
was calibrated to a reference UV-enhanced Silicon pin photodiode (Newport 818-UV-20925)
with a known spectral response, leading to a known illumination intensity for the measurement.
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4.1 Background

4.1.1 Copper–Pnictogen Iodides in the Lead-Free Halide Landscape

Although lead-free perovskite and perovskite-inspired semiconductors have advanced consider-
ably in structural characterization and device development, environmental instability and non-
radiative recombination continue to limit their photovoltaic performance [75, 76]. These short-
comings have spurred growing research into perovskite-inspired materials (PIMs), often based
on Sb3+ and Bi3+, which exhibit lower or no toxicity compared to lead-based compounds
[76, 18, 77]. Among PIMs, fully inorganic Caswellsilverites – formed from group IB (Cu,
Ag) and group VA (Sb, Bi) halide compositions – have been reported and are often referred to
as “Rudorffites” [76, 18, 77].
Caswellsilverites exhibit the general stoichiometry AaBbXy with charge balance y= (a+3b)/z,
where z is the oxidation state of X. Within this class, silver–bismuth iodides have been exten-
sively studied, including AgBiI4, Ag2BiI5, Ag3BiI6, and Ag2BiI7 [76]. Replacing silver with
copper at the A site is an appealing strategy owing to the greater abundance and typically lower
cost of copper [78]. Replacing bismuth with antimony at the B site offers another compositional
handle: Sb3+ carries a smaller ionic radius (0.76 Å) than Bi3+ (1.03 Å), influencing structural
dimensionality, and antimony is substantially cheaper and more earth-abundant than bismuth
[23]. The lighter Sb3+ also reduces the contribution of relativistic spin–orbit coupling, shift-
ing the conduction band minimum to higher energies relative to Bi3+ analogs. This also leads
to a blue-shift of the absorption onset toward wide bandgap energies, thereby increasing the
potential for higher open-circuit voltage in indoor or tandem applications [79, 80].
The structural framework of Caswellsilverites consists of a layer of octahedrally coordinated B-
site cations (Sb3+ or Bi3+) surrounded by anions, atop another layer of octahedrally coordinated
monovalent A-site cations (Cu+ or Ag+) within a three-dimensional layered network. This
requirement for octahedral coordination of both cations is the defining structural criterion that
distinguishes true Caswellsilverites from other ternary halides with similar stoichiometry but
fundamentally different coordination environments.
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4.1.2 Prior Work on Copper Antimony Iodide

Copper antimony iodide with the nominal composition Cu3SbI6 is the only copper–antimony
iodide compound reported in the literature to date. Previous studies have explored its use in
photovoltaic devices and resistive-switching memory, routinely classifying it as a “Rudorffite”
[77, 81, 82]. However, these classifications were largely based on stoichiometric composi-
tion rather than on detailed structural characterization. The assumption that Cu3SbI6 adopts
a Caswellsilverite structure was grounded in the expectation that the 3:1 cation ratio and the
presence of a trivalent pnictogen would naturally lead to octahedral coordination of Sb3+.
Theoretical calculations by Pishtshev and Karazhanov predicted that Cu3SbI6 should crystallize
in a rhombohedral structure (space group R3̄m) with a bandgap suitable for photovoltaic appli-
cations [83]. However, experimental validation of this prediction has been lacking. The few
experimental reports that included X-ray diffraction data showed complex patterns that were
not fully indexed or refined, leaving the true crystal structure ambiguous. This gap between the-
oretical prediction and experimental characterization has hindered a fundamental understanding
of the structure–property relationships of the material.

4.1.3 Structural Considerations: CuI Polymorphs and Polytypism

Copper(I) iodide has two well-characterized polymorphs: γ-CuI (zincblende-type, cubic, space
group F4̄3m) and β -CuI (wurtzite-type, hexagonal, space group P6̄m2) (see Chapter 2). The
γ-phase adopts cubic close packing (ABC stacking), whereas the β -phase adopts hexagonal
close packing (AB stacking) [84, 85]. The energy difference between these stacking sequences
is small and stacking faults are common in CuI [39].
Polytypism is the phenomenon in which a material exhibits multiple structural variants (poly-
types) differing only in the stacking sequence of structurally similar layers. In CuI, polytypism
arises naturally from the low energy cost of stacking faults, leading to coherent intergrowth of
β -CuI and γ-CuI domains within a single crystallite. X-ray diffraction patterns of polytypic CuI
show reflections from both polymorphs, with relative intensities depending on the proportion
and coherence length of each polytype [37].
Introducing foreign cations into the CuI lattice can stabilize specific stacking sequences or in-
troduce additional disorder. If Sb3+ occupies substituted sites within the CuI framework, charge
compensation requires the formation of Cu+ vacancies. The resulting defect structure – consist-
ing of substitution-type Sb3+ and compensating Cu+ vacancies – could preferentially stabilize
certain stacking faults, leading to a defect-stabilized polytypic microstructure. This mecha-
nism would produce a material that is structurally distinct from both pure CuI and octahedrally
coordinated Caswellsilverites, despite sharing a similar stoichiometric formula with the latter.
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Motivation for Structural Clarification

Classifying Cu3SbI6 as a Caswellsilverite has significant implications for interpreting its prop-
erties and for the design strategies used to optimize its performance. If the material adopted a
true Caswellsilverite/Rudorffite-type structure, both Cu+ and Sb3+ would be incorporated into
an iodide-based octahedral cation framework.
This thesis addresses this fundamental question through comprehensive structural character-
ization that combines powder X-ray diffraction with Rietveld refinement, selected-area elec-
tron diffraction (SAED), high-resolution transmission and scanning transmission electron mi-
croscopy (HRTEM/ STEM), energy-dispersive X-ray spectroscopy (EDX), Raman spectroscopy,
and thermal analysis. This structural reclassification provides the foundation for further under-
standing the material.

4.2 Results and Discussion

4.2.1 Thermal Stability

Figure 4.1: (a) TGA and DTA of a Cu-Sb-I powder sample during heating up to 900 °C and, for reference, TGA
of SbI3 and CuI. SbI3 evaporates beyond 250 °C. The DTA of Cu-Sb-I shows the phase transition of CuI, which
remains after the early thermal destabilization of the Cu–Sb–I framework. (b) Raman spectra of unground Cu–Sb–I
powder.1

Thermogravimetric analysis (TGA) and differential thermal analysis (DTA) were conducted to
assess the thermal stability of Cu–Sb–I powder samples alongside the binary precursors CuI and
SbI3. Pure SbI3 evaporates beyond 250 ◦C. CuI remains nearly mass-stable up to a substantially
higher temperature of approximately 620 ◦C and undergoes only major mass loss near the high-
temperature end of the scan. During heating, CuI shows two phase transitions that have been
1 This was measured by Dr. K. Garbev (ITC, KIT).
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widely reported in the literature [84, 85]: the γ-phase (adopting the zincblende-type structure) is
found below 369 ◦C, the β -phase (adopting the wurtzite-type structure) occurs between 369 ◦C
and 407 ◦C, and the α-phase (in a superionic structure) prevails above 407 ◦C.

Figure 4.2: Disordered phase segregation can be observed at the 100 and 101 Bragg peaks of the β -CuI phase
influenced by thermal and/or mechanical interference.2

The TGA curve (Figure 4.1a) shows that the Cu–Sb–I compound exhibits a thermal signature
distinctly different from those of the binary iodide precursors. In particular, an early loss in mass
begins below 100 ◦C – substantially lower than the onset of mass loss of either binary precursor.
A subtle DTA feature in the same temperature regime accompanies this initial mass loss. This
can be attributed to the early destabilization of Sb occupying metastable sites within the Cu–
Sb–I framework that are less thermally stable than either binary precursor, thereby leaving a
bulk CuI-rich matrix to undergo its known phase transitions at higher temperatures. The mass
loss continues slowly towards higher temperatures, and this trend does not match the properties
of a mere mixture of CuI and SbI3; instead, it indicates that a Cu–Sb–I framework has formed
but is not stable at elevated temperatures, thereby limiting the processing temperature without
degradation to well below 100 ◦C.
Thermal sensitivity below 100 ◦C is a critical constraint for processing and device integra-
tion. Conventional powder-processing techniques such as grinding in a mortar and pestle, rou-
tinely used to homogenize precursor powders and improve thin-film quality, induce sufficient

2 Measured by Dr. D. M. Többens (Helmholtz-Zentrum Berlin).
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mechano-thermal energy dissipation to trigger phase segregation in the Cu–Sb–I compound.
Repeated friction events can create short-lived local hot spots, even when the bulk sample re-
mains near ambient temperature [86]. This mechano-thermal fragility is directly observable in
Raman spectroscopy (Section 4.2.2) and X-ray diffraction measurements, where ground sam-
ples exhibit enhanced spectral features associated with phase-segregated CuI and SbI3. Be-
cause of this effect, all subsequent experiments described here were performed deliberately on
unground powder.
Post-deposition annealing – commonly used to enhance grain growth and reduce defect density
in lead-halide perovskites – is not a viable strategy for Cu–Sb–I. Furthermore, the sensitivity to
mechanical stress raises concerns about long-term operational stability under thermal cycling
or mechanical vibration in real-world photovoltaic applications. Figure 4.2 shows the analysis
of the Cu-Sb-I crystalline phase before and after grinding, demonstrating a substantial effect on
the phase composition of the sample. For this reason, subsequent experiments were conducted
without grinding the powder.

4.2.2 Vibrational Properties of Cu–Sb–I

Raman spectroscopy is a sensitive probe of local bonding environments and vibrational modes,
making it an ideal technique for distinguishing among structural motifs in copper–antimony
iodides. The Raman spectrum of unground Cu–Sb–I powder, as shown in Figure 4.1b, is dom-
inated by intrinsic Cu–Sb–I fingerprints. The band at 93–95 cm−1 is assigned to the Cu–Sb–
I framework, more precisely to vibrations produced by bridging iodide [87]. The feature at
115 cm−1 is attributed to another characteristic lattice mode of Cu–Sb–I, which lies close to
the reported feature of high-temperature β -CuI (at 120 cm−1) [88, 84]. The spectrum also
shows features in the 124–148 cm−1 regime that overlap with the transverse-optic (TO) and
longitudinal-optic (LO) phonon modes of γ-CuI, previously reported near 124–131 cm−1 and
140–148 cm−1 respectively [89, 90]. A very subtle shoulder feature at approximately 162 cm−1

is assigned to residual SbI3, in agreement with the symmetric stretching mode of the cis-Sb–I
unit and with the strongest Raman mode of bulk SbI3 (the Eg symmetric Sb–I stretching vibra-
tion at 160.6 cm−1 reported by Hsueh et al. [91]). The presence of CuI-derived modes relates
to a CuI-based host lattice.
Upon grinding, the Raman spectrum undergoes significant changes (Figure 4.3). Raman map-
ping was performed on ground powder samples using 10,000 local Raman spectra recorded
over a 100× 100 µm2 area. The data were decomposed into three principal components la-
beled Minor, Major, and Intermediate, based on the cumulative area each component covered.
The most significant observation relative to the unground spectrum is the pronounced evolution
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Figure 4.3: (a) Raman map distribution of the components from the ground powder sample derived from 10,000
local Raman spectra recorded over an area of 100 × 100 µm2, and (b) corresponding components labeled as
Minor (in red), Major (in green), and Intermediate (in blue) based on the cumulative area each of the components
covered.3

of spectral weight in the 145–170 cm−1 region. After grinding, the major and intermediate
components show a markedly enhanced and broadened feature spanning 145–170 cm−1, en-
compassing the γ-CuI LO mode near 140–148 cm−1 as well as the SbI3 Ag and Eg stretching
modes near 139 cm−1 and 162–168 cm−1 respectively [91]. Simultaneously, the 115 cm−1 Cu–
Sb–I lattice mode becomes noticeably broader in the ground sample, reflecting a probable loss
of local structural coherence in the Cu–Sb–I framework upon mechanical perturbation. The spa-
tial distribution of the 115 cm−1 Cu–Sb–I marker shows comparatively limited spatial drift in
its maximum band intensity, whereas the 165 cm−1 feature displays a more heterogeneous dis-
tribution, confirming disordered phase segregation induced by mechano-thermal interference.
Raman spectroscopy, therefore, provides direct evidence that the Cu–Sb–I compound is metastable
and readily undergoes phase segregation under mechanical or thermal perturbation.

4.2.3 Compositional Analysis by X-Ray Fluorescence

The stoichiometric composition was examined after TGA/DTA and Raman spectroscopy indi-
cated the formation of a Cu–Sb–I network distinct from the binary precursors. X-ray fluores-
cence (XRF) spectroscopy was used to determine the elemental composition of Cu–Sb–I thin
films. Ten measurement points were selected randomly across different regions of the film to
assess compositional homogeneity. The results are summarized in Table 4.1.

3 This was measured by Dr. K. Garbev (ITC, KIT).
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Spectrum Cu (at.%) Sb (at.%) I (at.%) Cu/Sb

Point 1 38.39 13.77 47.85 2.79

Point 2 41.16 13.62 45.23 3.02

Point 3 43.00 12.88 44.12 3.34

Point 4 37.79 14.43 47.78 2.62

Point 5 44.36 12.82 42.82 3.46

Point 6 42.46 13.11 44.43 3.24

Point 7 45.77 12.06 42.17 3.79

Point 8 43.39 12.90 43.70 3.36

Point 9 40.61 13.73 45.66 2.96

Point 10 38.93 13.69 47.37 2.84

Mean 41.59 13.30 45.11 3.14

Std. dev. 2.68 0.67 2.04 –

Rel. std. dev. (%) 6.5 5.03 4.52 –

Conf. interval 0.87 0.22 0.66 –

Table 4.1: XRF compositional analysis of Cu–Sb–I thin films. Atomic percentages and Cu/Sb ratios are reported
for ten measurement points, along with the mean, standard deviation, and confidence interval. Measured by Dr. Y.
Tomm (Helmholtz-Zentrum Berlin).

The average composition is Cu: 40(5) at.%, Sb: 14(1) at.%, and I: 46(4) at.% – almost matching
the Cu:Sb atomic ratio of 3:1 with which the synthesis began. The relative standard devia-
tions (6.5% for Cu, 5.03% for Sb, 4.52% for I) indicate reasonable compositional homogeneity,
though some spatial variation remains. XRF provides an averaged elemental picture of the com-
pound produced and does not necessarily capture compositional changes or secondary phases
on the nanoscale. This deviation may arise from: (1) preferential evaporation of volatile an-
timony species during film drying; (2) incomplete incorporation of Sb3+ into the CuI lattice;
or (3) phase-separated CuI domains contributing to the copper signal without corresponding
antimony. The XRF data alone cannot distinguish among these scenerios, but when combined
with the structural evidence presented in the following sections, the results again hint at a CuI-
derived host lattice in which Sb3+ incorporation at substitution-type sites is slightly below the
nominal 3:1 Cu:Sb ratio.
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4.2.4 Crystal Structure Determination

To explore whether the Cu–Sb–I powder forms the desired Caswellsilverite structure, pow-
der X-ray diffraction (P-XRD) measurements were conducted. The diffraction pattern (Fig-
ure 4.4a) reveals a multi-phase composition consisting mostly of cubic γ-CuI in space group
F4̄3m (ICSD 33726) [91] along with 27.7(5) wt% of trigonal β -CuI in space group P3̄m1

(ICSD 78429) [85]. The pattern lacks the characteristic reflections expected for both octa-
hedrally coordinated cations, Cu+ and Sb3+ in a layered three-dimensional framework. Thus,
this structure doesn’t represent a Caswellsilverite or Rudorffite.
The β -CuI polymorph is only thermodynamically stable above 369 ◦C. Its appearance in the
Cu–Sb–I compound synthesized at 55 ◦C, therefore, cannot be interpreted as equilibrium bulk
β -phase formation. Instead, it is better understood as non-equilibrium, fault-stabilized poly-
typism: γ-CuI with zincblende-type structure (cubic) differs from β -CuI with wurtzite-type
structure (hexagonal) primarily by the stacking sequence of close-packed iodide layers, so that
a high density of stacking faults can generate coherent hexagonal stacking segments that pro-
duce diffraction patterns similar to β -CuI [39]. Such fault-stabilized polytypism is expected as
a natural consequence of rapid, low-temperature nucleation in a system in which the free-energy
difference between the zincblende and wurtzite polytypes is negligible relative to thermal en-
ergy at room temperature [40, 92].
Rietveld refinement was performed using the FullProf Suite, employing the Thompson–Cox–
Hastings pseudo-Voigt profile function and anisotropic peak broadening modeled by symmetry-
adapted spherical harmonics. Notably, the diffraction pattern shows no separately crystallized
antimony iodide phase; Sb must therefore reside either in diffraction-weak local environments,
in the surface-bound fine fraction, or at low occupancy within the CuI-derived framework. Re-
fining Sb into γ-CuI was numerically unstable and always resulted in physically meaningless
numerical values. For the β -CuI phase, there are indications in the diffraction pattern that
minor amounts of antimony are indeed incorporated into the structure, hereafter denoted as β -
CuI:Sb. The refined β -CuI:Sb lattice parameters (a = 4.26826(11) Å, c = 7.03472(26) Å) are
somewhat smaller than the lattice parameters of neat β -CuI in the literature (a = 4.279(2) Å,
c = 7.168(7) Å) [85], with a significant reduction of 1.9% along the c-axis. This contrasts with
the γ-CuI phase, whose lattice parameter does not differ significantly from literature, indicating
a difference in chemical composition.
Charge-balanced partial replacement of Cu+ by Sb3+ resulted in decreased residuals and thus
a better fit of the XRD data. However, any direct Rietveld refinement of the site-occupancy
factors led to numerical instability and divergence. This is the result of the already high degree
of disorder in the crystal structure of β -CuI, where Cu is located on two partially occupied split
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Figure 4.4: (a) Rietveld refinement of the P-XRD pattern of Cu–Sb–I powder showing the two-phase fit comprising
γ-CuI (F4̄3m) and β -CuI:Sb (P3̄m1). (b) Crystal structure of β -CuI:Sb showing the split Cu/Sb sites on Wyckoff
positions 2d and the CuI hexagonal framework, but with additional occupancies due to partial replacement of
3 Cu+ by one Sb3+. Adapted from [93]

Atom Wyckoff pos. x y z Biso (Å2) s.o.f.

I 2d 1/3 2/3 0.2470(40) 1.26(13) 1.0

Cu1 2d 1/3 2/3 0.6126(40) 2.72(40) 0.4

Sb1 2d 1/3 2/3 0.6126(40) 2.72(40) 0.0333

Cu2 2d 1/3 2/3 0.8492(40) 2.72(40) 0.4

Sb2 2d 1/3 2/3 0.8492(40) 2.72(40) 0.0333

Table 4.2: Refined structural parameters of β -CuI:Sb (space group P3̄m1). Lattice parameters: a= 4.26826(11) Å,
c = 7.03472(26) Å. Bragg R-factor = 3.75%. The "s.o.f." denotes the site occupancy factor.

sites close to each other (Wyckoff sites 2d in space group P3̄m1), which is further increased
by the cation replacement (Figure 4.4b). The best fit of the XRD data was obtained manually
for an effective stoichiometry close to Cu0.8Sb0.067I (β -CuI:Sb) instead of β -CuI, yielding a
stoichiometry of Cu6−3xSbxI6, where x ≤ 1 when considering 6CuI units. In this picture, the
structure of β -CuI:Sb contains Cu vacancies (V ′

Cu in Kröger–Vink notation) together with Sb
substitutional defects (Sb••Cu), providing a charge-balanced defect model in agreement with the
bulk Cu:Sb ratio found in XRF [93].
The refined crystal structures are summarized in Tables 4.2 and 4.3.
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Atom Wyckoff pos. x y z Biso (Å2) s.o.f.

I 4a 0 0 0 2.33(5) 1.0

Cu 4c 0.25 0.25 0.25 3.28(12) 1.0

Table 4.3: Refined crystal structure of γ-CuI (space group F4̄3m). Lattice parameter: a = 6.05235(7) Å. Bragg
R-factor = 1.24%.

Any Sb not accounted for within the β -CuI:Sb crystallites may reside in the structurally disor-
dered, nanoscopic surface fraction that is not resolved by XRD but is still counted by XRF.
The Rietveld refinement results demonstrate that the Cu–Sb–I compound is best described as a
two-phase mixture of β -CuI and γ-CuI polytypes with Sb3+ accommodated at substitution-type
sites within the β -CuI:Sb fraction. The coexistence of both polymorphs is characteristic of poly-
typism. Altogether, the following picture emerges: the bulk stoichiometry matches Cu3SbI6 as
determined by XRF, while Rietveld refinement of the XRD data indicates that only a fraction of
the Sb is incorporated substitutionally into the β–CuI framework at Cu sites. The remaining Sb
is inferred to reside in a structurally disordered surface fraction that Bragg diffraction cannot re-
solve. The absence of reflections corresponding to both octahedrally coordinated cation sites, a
defining characteristic of the Caswellsilverite structure, is another critical finding. We therefore
conclude that this compound is not a Caswellsilverite (as interpreted in previously reported lit-
erature for Cu3SbI6), but best described as a CuI-derived, defect-stabilized phase, in which the
bulk composition and local Sb incorporation together account for the Cu3SbI6 stoichiometry.
Throughout this dissertation, the material is therefore denoted as β–CuI:Sb.

4.2.5 Microstructure and Electron Microscopy

Scanning electron microscopy (SEM) images (Figure 4.5a–d) reveal large crystallites decorated
by an abundant fine fraction of sub-micron fragments adhering to their surfaces. At intermediate
magnification, large crystallites are visible and are assigned to the β -CuI:Sb and γ-CuI phases
identified by PXRD. Whether γ-CuI also incorporates substituted Sb cannot be determined from
the present data, as Sb refinement into γ-CuI was numerically unstable. At higher magnification,
the granular crust resolves into irregular fragments and compact submicron clusters that adhere
to the larger crystallites, producing a rough, interface-rich surface.
The high-resolution Transmission Electron Micrograph (HRTEM) micrograph (Figure 4.5e)
was collected from thin-edge regions of the large crystallites. Well-defined lattice fringes with
an interplanar spacing of d = 3.70 Å are characteristic of the (100) lattice plane distance in
β -CuI, confirming locally crystalline structures. The selected-area electron diffraction (SAED)
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Figure 4.5: (a–d) SEM images of Cu–Sb–I powder at increasing magnification, showing large crystallites covered
by a sub-micron fine fraction. (e) HRTEM micrograph with lattice fringes at d = 3.70 Å characteristic of the (100)
plane of β -CuI. (f) SAED pattern indexed along the [101] zone axis of β -CuI:Sb.

pattern (Figure 4.5f, Table 4.4) provides direct crystallographic validation of the polytypic CuI
framework inferred from P-XRD. The SAED pattern exhibits discrete reflections resolved along
the [1̄01] zone axis of the β -CuI:Sb structure. The diffraction spots were analyzed with the
CrysTBox diffractGUI software (version 2.21) using a RANSAC algorithm [94]. The total
angular deviation between the experimental pattern and the ideal lattice orientation is 0.72◦,
and the d-spacing standard deviation is 0.0007 nm, confirming excellent agreement with the β -
CuI structure. The coexistence of sharp diffraction spots and weak diffuse halos is interpreted
as the signature of nanocrystalline domains.
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Figure 4.6: TEM-EDX analysis for elemental mapping of a β -CuI:Sb crystallite showing the spatial distributions
of Cu, Sb, and I, and confirming the heterogeneous Sb distribution contrasts with the more uniform Cu and I
signals.4

Zone axis [1̄01]

Total angular distance 0.72◦

d-spacing STDEV 0.0007 nm

Table 4.4: SAED analysis parameters for the (β -CuI:Sb) powder along the [1̄01] zone axis. The low angular
distance and d-spacing STDEV confirm excellent agreement with the β -CuI structure.

TEM coupled with energy-dispersive X-ray spectroscopy (EDX) analysis (TEM-EDX), as
shown in Figure 4.6, confirmed the elemental distribution within the crystals. Cu and I are

4 Measurements conducted by Dr. M. Peterlechner (LEM, KIT).
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distributed uniformly across the grains, consistent with a CuI host lattice. The Sb distribution
seems heterogeneous, with regions of higher and lower Sb concentration. In combination with
XRF and the absence of a separately crystallized antimony iodide phase in the XRD pattern,
this suggests that at least part of the Sb is associated with the structurally disordered, surface-
bound fine fraction rather than being uniformly incorporated into the crystallites. Altogether,
the following picture emerges: the bulk stoichiometry matches Cu3SbI6 (XRF), a fraction of Sb
is incorporated into the β -CuI crystal structure at substitution-type sites (Rietveld refinement),
and the remainder resides in a structurally disordered surface fraction that Bragg diffraction
cannot resolve.

4.2.6 Optoelectronic Properties

Optical Absorption and Bandgap Determination

For efficient solar energy conversion, photovoltaic absorbers should combine strong optical
absorption with an electronic structure that supports charge-carrier generation and extraction.
In thin-film solar cells, the absorber bandgap sets the principal accessible spectral range, while
the sharpness of the absorption edge and the character of the photoluminescence provide insight
into the degree of energetic disorder near the band edges. These properties can be extracted from
UV–Vis absorption spectra, and photoluminescence (PL) spectra; and all these informations
were collected from spin-coated β -CuI:Sb thin films deposited on glass substrates (Figure 4.7a).
Both measurements confirm that β -CuI:Sb is a wide-bandgap semiconductor with a distinct
optical onset and a broadened near-edge emission response. The primary absorption onset is
at approximately 550 nm, consistent with the PL peak wavelength, and a finite low-energy tail
extends below the nominal band edge. Such band-tail absorption indicates a degree of energetic
disorder, in agreement with the broader structural picture established above, in which β -CuI:Sb
is not an ideal single-phase semiconductor but a CuI-derived, defect-perturbed system with local
structural heterogeneity.
To determine the dominant optical onset, the absorption data were analyzed using the direct-
bandgap Tauc relation, (αhν)2, where α is the absorption coefficient, h is Planck’s constant,
and ν is the photon frequency. A linear fit to the absorbance at the edge, shown in Figure 4.7b,
yields a direct optical bandgap of Eg = 2.32±0.02eV. This absorption is blue shifted against
Bi3+ as it is generally expected for Sb3+-based compounds, due to reduced spin–orbit coupling
and a higher conduction band minimum in antimony-based systems [79, 80].
The PL spectrum peaks close to the absorption onset but is substantially broadened. The broad
near-edge emission is interpreted as recombination across a distribution of local band-edge en-
vironments, rather than as originating from a single sharply defined transition [95]. In halide
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Figure 4.7: (a) UV–Vis absorption and PL spectra of β -CuI:Sb thin films on glass. The primary absorption onset
at approximately 550 nm is indicated, along with the broadened PL emission near the band edge. (b) Tauc plot
(αhν)2 vs. hν for β -CuI:Sb thin films, yielding a direct optical bandgap of Eg = 2.32(2) eV from the linear
extrapolation to the photon-energy axis. Adapted from [93].

semiconductors, such broadening is commonly associated with energetic disorder and charge-
carrier–phonon coupling, and in this material, it is consistent with the structurally heteroge-
neous, stacking-disorder (polytypism) framework established by diffraction and vibrational
analysis [96, 24, 97].
The wide bandgap of β -CuI:Sb has both advantages and disadvantages for photovoltaic appli-
cations. The Shockley–Queisser limit for a 2.32 eV single-junction solar cell under AM1.5G
illumination is approximately a power conversion efficiency of 18%, compared to 33% for the
optimal bandgap of 1.34 eV for lead-halide perovskites [98]. The reduced photocurrent result-
ing from the wide bandgap is a fundamental limitation, though the wider bandgap is potentially
attractive for indoor photovoltaic applications or as a wide-gap component in tandem solar cells.

Valence Band Maximum and Band Alignment

The ionization potential (EIP) of β -CuI:Sb thin films was determined by photoelectron spec-
troscopy in air (PESA) measurements as shown in Figure 4.8. The photoelectron yield as a
function of incident photon energy was fitted using a square-root law, yielding EIP = 5.02 eV.
The electron affinity was calculated from the ionization potential and the bandgap: EEA =

EIP −Eg = 5.02− 2.32 = 2.70 eV. These vacuum-referenced energies form the basis for se-
lecting and evaluating charge-carrier transport layers in the device architecture are discussed
below.
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Figure 4.8: Photoelectron spectroscopy in air (PESA) measurements of Cu3SbI6 thin films for the determination
of the valence band maximum (VBM) energy. The photoelectron yield as a function of incident photon energy
was fitted using a square-root law, yielding the ionization potential (IP). The extrapolated onset energy provides
the VBM energy relative to the vacuum level, which is critical for evaluating band alignment with transport layers
in photovoltaic device architectures.

4.2.7 Thin-Film Quality

Figure 4.9: Atomic Force Micrographs show the topography of Cu3SbI6 deposited on (a) PEDOT:PSS, and (b)
WO3−x.

The processing-window constraints established by the thermal analysis (Section 4.2.1) are the
same that govern thin-film morphology. The morphology of β -CuI:Sb thin films is critical
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Figure 4.10: Optical microscopy images of the quality of Cu3SbI6 thin-films as a function of annealing temperature.
(a) 55°C, (b) 65°C, and (c) 75°C.
After annealing at 55°C and 65°C, the films retain a similar appearance, but the samples annealed at 65 °C exhibit
a higher density of pinholes. In contrast, annealing at 75°C produces more transparent thin-films, accompanied by
islet formation, indicating that temperature alone can measurably alter the phase/defect landscape of this material.

determining device performance, as pinholes, incomplete coverage, and rough surfaces can lead
to shunt pathways, increased recombination, and reduced fill factors. Atomic force microscopy
(AFM) and optical microscopy were employed to characterize thin-film quality as a function of
deposition conditions and substrate choice.
AFM measurements (Figure 4.9) reveal that β -CuI:Sb films deposited on WO3−x exhibit a
smoother, more uniform surface with Rq = 1.7 nm and an average grain size of 251(37) nm. In
contrast, β -CuI:Sb atop PEDOT:PSS exhibits substantially higher roughness, Rq = 9.2 nm, and
a smaller average grain size of 143(21) nm. The quality difference reflects the distinct surface
energies and wetting properties of the two substrates, with the β -CuI:Sb grain size depending
strongly on the underlying charge-carrier transport layer.
Optical microscopy images (Figure 4.10) show the evolution of film quality as a function of
annealing temperature. Films annealed at 55 ◦C and 65 ◦C retain a similar appearance, but a
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higher density of pinholes is observed in the 65 ◦C samples. In contrast, annealing at 75 ◦C
renders the film noticeably more transparent with islet formation, showing that temperature
alone can measurably alter the phase/defect landscape of this material. This behavior is consis-
tent with the thermal analysis (Section 4.2.1) and Raman spectroscopy (Section 4.2.2), which
showed that β -CuI:Sb is thermally unstable above 100 ◦C. Annealing at 55 ◦C provides the
best compromise between film quality and thermal stability.

4.2.8 Solar Cell Integration and Device Performance

To investigate the solar light-harvesting capabilities of β–CuI:Sb, thin films were integrated into
solar cells in the device architecture: ITO / WO3−x (12±2 nm) or PEDOT:PSS (30±4 nm) / β–
CuI:Sb / PC71BM / BCP / Ag (100 nm). In both architectures, ITO serves as the transparent con-
ducting electrode, WO3−x or PEDOT:PSS as the hole-transport layer (HTL), β–CuI:Sb as the
light-absorbing layer, PC71BM (phenyl-C71-butyric acid methyl ester) as the electron-transport
layer (ETL), BCP (bathocuproine) as a buffer layer, and Ag as the back contact (Figure 4.11(a)).
Figure 4.11(b) summarizes the most relevant transport energies of the semiconductors and elec-
trodes.
Figure 4.11(c) shows the J–V characteristics of representative WO3−x-based devices mea-
sured in the dark and under 1-sun illumination (AM1.5G). Under illumination, the solar cells
exhibit an average power conversion efficiency (PCE) of 0.92 ± 0.10%, with the best de-
vice reaching PCE = 1.02% – the highest reported for any solution-processed ternary cop-
per pnictohalide. Across 16 devices, the average open-circuit voltage is VOC = 0.46± 0.11V
(best device: 0.57V), the average short-circuit current density JSC = 2.67 ± 0.22mAcm−2,
and the average fill factor FF = 48 ± 14%. The short-circuit current density of the cham-
pion device, JSC,best = 2.89mAcm−2, is in close agreement with the photocurrent density of
JEQE = 2.82mAcm−2 calculated from the external quantum efficiency (EQE, Figure 4.11(d)).
The EQE peaks in the visible wavelength regime and rolls off toward longer wavelengths. With
an optical bandgap of 2.32 eV, β -CuI:Sb cannot be responsible for a photocurrent response
extending to 700 nm; in accordance with broad experience from metal-halide perovskite solar
cells, the long-wavelength EQE tail beyond 550 nm is attributed to photocurrent contributions
from PC71BM [99].
The J–V curves measured in ascending and descending scan directions show similar JSC and
FF but exhibit different VOC. The scan-direction-dependent hysteresis is tentatively attributed to
ionic interfacial charge redistribution during the J–V scan, analogous to mechanisms commonly
discussed for metal-halide perovskite solar cells [100].
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Figure 4.11: (a) Device architecture: ITO / WO3−x / β -CuI:Sb (or Cu3SbI6) / PC71BM / BCP / Ag. (b) Energy-
level diagram illustrating band alignment across the device stack. (c) J–V curves of representative WO3−x-based
devices in the dark and under 1-sun AM1.5G illumination, measured in ascending and descending scan directions.
(d) External quantum efficiency (EQE) spectrum of the champion device; the integrated photocurrent JEQE =
2.82 mA cm−2 is indicated. Adapted from [93]

Figure 4.12: JV characteristics and parameters of the champion device from ITO / PEDOT:PSS / β -CuI:Sb /
PC71BM / BCP / Ag architecture.

62



4.3 Conclusion and Outlook

For reference, J–V statistics for β -CuI:Sb solar cells comprising a PEDOT:PSS transport layer
are shown in Figure 4.12, yielding a champion PCE= 0.77%. The lower performance compared
to WO3−x-based devices can be attributed to a less favorable band alignment and a smaller grain
size owing to the acidic nature of PEDOT:PSS when is used as the HTL. Although this efficiency
surpasses the previous PCE record of 0.50% for the similar architecture [77].

4.3 Conclusion and Outlook

This chapter has presented a comprehensive characterization of copper antimony iodide (Cu3SbI6,
denoted asβ -CuI:Sb), from its crystal structure to its optoelectronic properties and photovoltaic
performance. The central finding is that β -CuI:Sb is not a Caswellsilverite (Rudorffite) with oc-
tahedrally coordinated Sb3+, as has been routinely assumed in the literature, but a CuI-derived,
defect-stabilized polytypic lattice (β -CuI:Sb) in which Sb3+ occupies substitution-type sites
charge-compensated by Cu+ vacancies. This structural reclassification, established through
Rietveld refinement of powder XRD data, SAED analysis, HRTEM, TEM-EDX mapping, and
Raman spectroscopy, fundamentally reframes how the material’s properties should be under-
stood.
The defect-stabilized polytypic microstructure of β -CuI:Sb gives rise to several key charac-
teristics. First, the material exhibits thermal instability above approximately 100 ◦C and is
susceptible to mechano-thermal phase segregation upon grinding. This fragility imposes severe
constraints on processing conditions. Second, the material exhibits a direct bandgap of 2.32 eV,
wider than the optimal bandgap for single-junction solar cells under AM1.5G illumination but
potentially attractive for indoor photovoltaics or tandem architectures. Third, the material ex-
hibits significant band-edge disorder, as evidenced by the sub-gap absorption tail and broadened
PL emission, which contributes to voltage losses through increased nonradiative recombination.
The correlation between microstructure and photovoltaic parameters suggests that the dominant
native-defect ensemble in β -CuI:Sb is linked to both its structural arrangement and its electronic
behavior. In this picture, substitutional Sb••Cu defects are charge-compensated by V ′

Cu acceptors.
The V ′

Cu defects may contribute shallow acceptor states and support intrinsic p-type character,
while Sb3+ incorporated at distorted tetrahedral sites may introduce Sb 5p-derived conduction-
band character and local strain, contributing to band-edge tailing. In addition, coherent β /γ-CuI
polytype disorder may introduce planar interface states and transport anisotropy, which could
contribute to losses in open-circuit voltage and fill factor. Further numerical and theoretical
modeling is required to verify these proposed structure–defect–property relationships.
Integration of β -CuI:Sb into thin-film solar cells yielded a champion power-conversion effi-
ciency of 1.02%, the highest reported to date for this material. While this represents a proof-of-
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concept demonstration that β -CuI:Sb can function as a photovoltaic absorber, the efficiency is
far below the theoretical potential, and substantial improvements in film quality, defect passiva-
tion, and interface engineering will be required. On the structural side, controlled substitution
of Cu sites with aliovalent cations could reduce V ′

Cu density, suppressing the driving force for
structural degradation and expanding the processing window. On the device side, passivating
V ′

Cu defects at grain boundaries through surface treatments or interfacial interlayers should re-
duce nonradiative recombination losses.
These limitations motivate a parallel exploration of the closely related copper bismuth iodide
system. Replacing Sb3+ with Bi3+ at the pnictogen site addresses several structural constraints
encountered here. Bi3+ (ionic radius 1.03 Å in octahedral coordination) is substantially larger
than Sb3+ (0.76 Å) and is less likely to compete for the same tetrahedral sites as Cu+ in a CuI-
derived host; its incorporation follows a chemically distinct mechanism based on a BiI3-derived
octahedral framework. In an attempt to explore the structural and thermo-mechanical stability,
the copper bismuth iodide system is further investigated in the next chapter.
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5.1 Background and Motivation

5.1.1 The Cu–Bi–I Phase Space and Its Photovoltaic Relevance

Bismuth is one of the most studied post-transition metals for lead-free perovskite-inspired pho-
tovoltaics, in large part because Bi3+ is an ns2 lone-pair cation analogous to Pb2+ and sup-
ports comparable lone-pair-driven structural chemistry [101]. The electronic similarity un-
derpins interest in a range of Bi-containing halide compounds, including defect-ordered per-
ovskites such as Cs3Bi2I9, cation-ordered double perovskites such as Cs2AgBiX6 (X = Br, I),
and Caswellsilverite-type Ag–Bi–I phases, including AgBiI4, Ag2BiI5, Ag3BiI6, and Ag2BiI7

[76, 102]. A comprehensive critical review of bismuth-containing perovskite-inspired absorbers
by Ünlü et al. identifies several recurring limitations across these material families: bandgaps
frequently exceeding 2.0 eV, large exciton binding energies (> 100meV), strong structural
anisotropy, and modest carrier transport properties. These factors collectively constrain achiev-
able photovoltaic efficiencies, despite often favorable optical absorption characteristics such as
narrow bandgap energies [14].
Compounds such as AgBiI4, Ag2BiI5, Ag3BiI6, and related silver-bismuth iodides have been
explored as lead-free photovoltaic absorbers because their octahedral metal-iodide networks
conceptually resemble the metal-halide frameworks that make lead-halide perovskites effective
semiconductors [19, 76, 18]. Replacing Ag+ with Cu+ is attractive from an abundance and cost
perspective, but it is not structurally trivial. The smaller ionic radius and different coordination
preference of Cu+ (tetrahedral coordination, whereas Ag+ prefers octahedral coordination) can
redirect crystallization away from the silver analog, especially at high Cu:Bi ratios.
The most established ternary copper bismuth iodide in the Caswellsilverite-related literature is
CuBiI4, in which Cu and Bi occur in a 1:1 ratio [103]. Higher Cu contents have also been
proposed for Caswellsilverite-type compositions, including Cu3BiI6 [104, 29]. However, pre-
cursor stoichiometry alone does not establish the crystal structure. A composition may satisfy a
charge-balanced formula of the type AaBbXy without forming the octahedral coordination envi-
ronment for both cation sublattices that is required for a true Caswellsilverite-type structure. A
crystallographically resolved Cu–Bi–I phase with a Cu:Bi ratio greater than 2 has not yet been
reported in the published literature.

65



5 Copper Bismuth Iodide (Cu–Bi–I)

The motivation for studying CBI is therefore threefold. First, it extends the copper-based lead-
free absorber library to a Cu-rich Cu–Bi–I composition with a solar-relevant optical gap. Sec-
ond, it tests the central principle of this thesis that crystal structure must be determined ex-
perimentally before optoelectronic properties can be interpreted. Third, it provides structural
evidence for a Cu–Bi–I compound with Cu:Bi > 2, allowing the proposed Cu3BiI6 composition
to be assessed against the structural requirements of a Caswellsilverite-type phase.

5.2 Results and Discussion

5.2.1 Phase Composition and Crystal Structure

Powder X-ray diffraction (PXRD) with Rietveld refinement (Figure 5.1a) in Bragg–Brentano
geometry (Cu Kα radiation, 2θ from 5◦ to 100◦) revealed that the as-synthesized material ob-
tained from a 3:1 Cu:Bi precursor solution is multi-phase. The dominant crystalline component,
accounting for 56(1) wt%, is α-CuI (ICSD 33727), is identified by characteristic sharp reflec-
tions in the ⟨111⟩ directions with anisotropic broadening along ⟨100⟩. A second phase, con-
stituting 35(1) wt%, corresponds to a previously undescribed rhombohedral phase with space
group R3̄ (trigonal), derived from the BiI3 parent structure (ICSD 26083) via interstitial incor-
poration of Cu+. The refined unit cell parameters of this new phase are a = 7.5171(2)Å and
c = 20.7458(10)Å. An additional minor component with weak reflections at 2θ = 12.5◦ and
25.2◦ may be attributed to CuBiI4 or a closely related phase. The Rietveld refinement yielded
satisfactory quality indicators (Rwp = 5.8%, Rexpected = 3.6%, χ2 = 2.7), with residuals pri-
marily attributable to the anisotropic broadening of the 00ℓ reflections of the CBI phase, which
is numerically challenging to model fully with symmetry-adapted spherical harmonics. This
anisotropic broadening, confined to the 00ℓ reflections, is diagnostic of stacking fault disorder
along the crystallographic c-axis rather than of limited crystallite size, indicating that while in-
dividual layers are well ordered, long-range stacking periodicity is disrupted across domains as
shown in Figure 5.1b. This layered structure is similar to that of BiI3 (Figure 5.1c), which is
two-dimensional and consists of sheets of edge-sharing BiI6-octahedra. In BiI3, some octahedra
in the layers are empty, forming □I6-octahedra with □ indicating a vacancy.
The closest structural analog identified in the literature is CrGeTe3 (Figure 5.1d), which also
crystallizes in a space group R3̄ with similar lattice parameters. In CrGeTe3, the Ge atom is
positioned near, but not exactly at, the trigonal-planar face of the octahedra, shifted slightly
inward to achieve tetrahedral coordination with three Te atoms and an additional Ge atom. No
compound with the CBI structure, that is, with a cation in strict threefold planar coordination
at the face of an empty octahedron within a layered metal-halide framework, has been reported
previously, thereby establishing CBI as a new structural prototype. For this reason, the most
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Figure 5.1: (a) Rietveld refinement of the P-XRD pattern of CBI. For (CuBiI4), only observed peaks were included.
(b) Crystal structure of Cu3xBi1−xI3, (c) structure of BiI3, and (d) structure of CrGeTe3. (e) Comparison of the
structure of BiI3 and Ag3BiI6. Adapted from [10]
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accurate descriptor for this phase is “BiI3 with interstitial Cu atoms,” a notation that preserves
the topology of the primary building unit while explicitly indicating the nature and location of
the Cu species [105].
Fig 5.1(e) displays the comparison of BiI3 and Ag3BiI6 structures [106]. Ag3BiI6 adopts the
Caswellsilverite structure type with space group R3̄m. The lattice parameter c is similar to that
of the BiI3 cell, but the a-b base is only half as wide. Because of this smaller basal plane and
the higher symmetry, all octahedra within a layer are symmetry-equivalent, in contrast to the
BiI3 structure. The topology of the individual layers, however, is identical: BiI6 octahedra are
connected into threefold rings by shared edges. The interior of each ring forms a tetrahedral
space that is unoccupied. There are two fundamental differences between these structure types:

1. In the Caswellsilverite structure, the octahedra in all layers are occupied, whereas in the
BiI3-type structure, every second octahedral layer is unoccupied, separating the occupied
Bi–I layers and interrupting connectivity along the stacking direction.

2. The stacking of the layers is different. In BiI3, columns of face-sharing octahedra extend
along the crystallographic c-axis. Parallel to these columns, the tetrahedra are stacked
to form columns of trigonal bipyramids. In the Caswellsilverite structure, the layers are
shifted relative to each other, such that in each layer the outward faces of the octahedra
are capped by face-sharing tetrahedra. This produces stacks along c of the sequence
octahedron–upward tetrahedron–downward tetrahedron–octahedron.

The structural solution for the CBI phase merits careful discussion, as it unambiguously dis-
tinguishes this compound from the Caswellsilverite family. The BiI3 parent structure con-
sists of edge-sharing BiI6 octahedra forming two-dimensional sheets stacked along the c-axis.
Within each sheet, two symmetrically independent octahedral sites exist at Wyckoff positions
3b (0,0,1/2) and 6c (0,0,z), with z = 0.16. In the parent BiI3 lattice, the 6c site is occupied
by Bi3+, while the 3b site is vacant. The layers are also separated by entirely empty interlayer
spaces, making the structure strongly two-dimensional.
In CBI, Rietveld refinement of difference Fourier maps based on the BiI3 structural model
places interstitial Cu+ at the 6c Wyckoff position (0,0,z) with z = 0.41, which geometrically
corresponds to the trigonal faces connecting two adjacent empty octahedra within the BiI3 layer.
Each Cu+ at this position is bonded to three I− atoms in the same plane, forming a triangular
arrangement, a threefold planar (trigonal-planar) coordination that is highly unusual for Cu+,
which more commonly adopts linear, tetrahedral, or octahedral coordination in halide envi-
ronments. Critically, attempts to refine Cu+ in octahedral coordination, as would be expected
for a Caswellsilverite, or in tetrahedral coordination, as found in Bi1.5Cu1.44I6 (ICSD 114003),
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yielded site occupation factors that refined to negligibly small or negative values, providing di-
rect evidence against these coordination models. The Caswellsilverite topology, which requires
cations at A-sites to coordinate octahedrally with halide anions within a fully occupied layered
framework, is therefore structurally incompatible with the CBI phase studied here.
Rietveld refinement of atomic occupancies under the constraint of overall charge neutrality
yields a mean composition of Cu0.72Bi0.76I3, with x = 0.24 in the general formula Cu3xBi1−xI3.
The partial occupation of the Bi site (s.o.f. = 0.827±0.009) and the Cu interstitial site (s.o.f. = 0.518±
0.009) reflect both the non-stoichiometric nature of the compound and the partial replacement
of Bi3+ by Cu+ on the Cu interstitial site, which serves as a mechanism of local charge com-
pensation. It is better understood as a defect-stabilized BiI3-derived host in which positive Cu•i
interstitials and negatively charged cation vacancies V ′′′

Bi contribute to charge balance.
This structural assignment has two implications. First, the precursor ratio and nominal formula
suggest a Caswellsilverite-like compound, but the actual product is an interstitially modified
BiI3 framework. Second, it shows that the native interstitial is not a secondary defect superim-
posed on an otherwise ideal lattice. The interstitial defines the lattice that forms. Without Cu+

occupying the trigonal faces of the empty octahedra, the experimentally observed CBI phase
would not be structurally distinct from BiI3.

5.2.2 Microstructure, Electron Microscopy, and Vibrational Property

Scanning electron microscopy (SEM) of as-synthesized CBI powder (as shown in Figure 5.2a)
confirms that the CBI phase grows as crystalline structures preferentially elongated along a
single axis, consistent with the anisotropic c-axis stacking of the layered structure. Both
micrometer-scale rods and nanometer-scale rod-like features were observed, the latter particu-
larly visible in the outer regions of larger particles. The SEM micrograph of the outer crystalline
area, shown in Figure 5.2b, highlights the faceted morphology and domain boundaries charac-
teristic of the crystalline phase. The observed surface texture and grain distribution confirm the
presence of well-developed crystallites in the outer regions of the sample.
High-resolution transmission electron microscopy (HRTEM) imaging (Figure 5.2c) of individ-
ual CBI micro/nanorods confirmed locally high crystallinity, with a d-spacing measurement of
d(402̄) = 1.60Å in good agreement with the rhombohedral lattice parameters from Rietveld re-
finement. The selected-area electron diffraction (SAED) patterns (Figure 5.2d) acquired along
the [1̄25] zone axis and indexed using the CrysTBox software showed sharp, well-defined spots
with negligible diffuse scattering or streaking, indicating the absence of significant stacking
disorder at the local scale within individual rods. SAED also yields x = 0.16 for Cu3xBi1−xI3,
indicating a composition of Cu0.48Bi0.84I3, consistent with the Rietveld-derived average but re-
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Figure 5.2: (a) The SEM micrograph of the powder sample shows µm-sized Cu3xBi1−xI3 micro/nanorods in the
center. Smaller crystalline grains are visible toward the edge of the particle, (b) enlarged view of those smaller
crystalline grains from the outer crystalline area, (c) HRTEM analysis of Cu3xBi1−xI3 shows the d-spacing corre-
sponding to the (402̄) plane, and (d) the indexed SAED pattern displaying crystallographic plane. Adapted from
[10].

flecting intra-sample compositional heterogeneity. The absence of a fixed stoichiometry, com-
bined with the high degree of partial site occupation and stacking disorder, underscores that
CBI is best understood as an interstitially stabilized, non-stoichiometric phase rather than a
compound with a definitive stoichiometric formula. The total angular deviation of the fitted
SAED lattice from the ideal orientation was 0.88◦, and the d-spacing standard deviation across
multiple planes was 0.0005 nm, confirming the high quality of the local structural model. The
apparent discrepancy between local crystalline order in HRTEM/SAED and long-range stacking
disorder in PXRD is attributed to local structural order within individual rods combined with
stacking faults in the powder ensemble. The rods can therefore appear well ordered locally,
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Figure 5.3: Transmission electron microscopy (TEM) coupled with energy-dispersive X-ray spectroscopy (EDX)
analysis of Cu3xBi1−xI3. Elemental mapping images show the spatial distribution of Cu, Bi, and I across the grains,
confirming homogeneous incorporation of Cu within the BiI3 lattice.1

while variations in layer between adjacent stacked regions can reduce long-range periodicity
and cause anisotropic peak broadening.
Energy-dispersive X-ray spectroscopy (EDX) elemental mapping acquired by STEM-HAADF
(Figure 5.3) on a representative grain confirmed homogeneous spatial co-distribution of Cu, Bi,
and I throughout the grain interior. No evidence of phase segregation into pure Cu or Bi-rich
domains was detected at the TEM probe length scale, supporting the interpretation that Cu is
genuinely incorporated within the BiI3 framework rather than forming a separate nanoscale CuI
phase dispersed within the BiI3 matrix.
The vibrational properties are assessed using the Raman spectra of CBI thin films on glass
(as displayed in Figure 5.4). Raman spectroscopy also provides phase-identification evidence
in this context: the spectrum shows two additional peaks at 118 cm−1 and 183 cm−1 that are
absent from the individual precursor compounds CuI and BiI3, confirming that a new vibrational
environment is created by Cu interstitial incorporation and ruling out the possibility that the
optical response arises from a simple physical mixture of precursors. The peak at 151 cm−1

may be attributed to a modified Bi–I stretching mode perturbed by the local lattice distortion
introduced by the Cu+ interstitials.

1 Measurements conducted by Dr. M. Peterlechner (LEM, KIT).
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Figure 5.4: Raman spectra of (a) CuI, republished from He and Zhang [107]; (b) BiI3, republished from Yang et
al. [108]; and (c) Cu3xBi1−xI3, this work.

5.2.3 Thermal Stability and Phase Transitions

Following the structural investigation, the material properties of Cu3xBi1−xI3, which are cru-
cial for its application in solar cells, were examined. Any novel light-harvesting semiconductor
must exhibit a minimum thermal stability against decomposition to withstand the conditions in
various climates and under solar illumination. Combined thermogravimetric analysis (TGA)
and differential thermal analysis (DTA) of as-synthesized CBI powder, as displayed in Fig-
ure 5.5 were conducted from room temperature to 900◦C in a nitrogen atmosphere. The TGA
curve shows negligible mass loss up to 333◦C, establishing this as the practical thermal sta-
bility threshold for the compound. This value is substantially higher than the stability limit of
the CuI polytypic composite identified for copper antimony iodide (β -CuI:Sb), where struc-
tural reorganization was already observable below 100◦C, and it compares favorably with the
decomposition temperatures of many organic–inorganic hybrid halide perovskites. From an en-
gineering perspective, a 333◦C stability threshold ensures that CBI absorber films can withstand
any reasonable low-temperature thin-film deposition condition. Above 333◦C, sequential mass
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Figure 5.5: (a) TGA (red) and DTA (blue) of Cu3xBi1−xI3 during heating of the sample up to 900 ◦C. (b) More
detailed DTA during heating (blue) and cooling (green) from 50 ◦C to 300◦C. The peaks at 260◦C during cooling
and 277 ◦C during heating can be attributed to a phase change.

losses are observed. The first, centered near 440◦C, corresponds to a loss of 42.5 wt%, consis-
tent with the decomposition of the BiI3 component and release of I2 (theoretical mass fraction
of I from BiI3: 253.80/589.68gmol−1 = 43%). A second mass loss of 56 wt% between 580◦C
and 790◦C is attributed to CuI decomposition, as trace copper was recovered in the TGA cru-
cible after measurement completion. The Bi–I framework is the thermally labile component
that decomposes first, while the residual CuI phase is more stable at higher temperatures.
High-resolution DTA reveals more nuanced thermal behavior in the 50− 300◦C range, where
TGA shows no significant mass loss. The DTA trace shows a sharp endothermic peak at 277◦C
on heating and a corresponding exothermic peak at 260◦C on cooling, with negligible thermal
hysteresis. The proximity of these temperatures and the absence of accompanying mass change
identify this event as a reversible first-order phase transition, most likely a structural rearrange-
ment or order–disorder transition within the interstitial sublattice of the CBI phase. Although
the nature of this transition has not been characterized at the structural level by high-temperature
diffraction in this work, the DTA data indicate that CBI can undergo a reversible phase change
below its decomposition threshold. This has practical implications for device stability: if the
phase transition involves redistribution of the interstitial Cu+ population, it could modulate the
concentration of defect states.

5.2.4 Optical Properties and Electronic Structure

The UV–Vis absorption spectrum of a representative spin-coated CBI thin film (Figure 5.6a)
shows a primary absorption onset at 715 nm, corresponding to a band-edge energy of 1.73 eV.
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5 Copper Bismuth Iodide (Cu–Bi–I)

A direct bandgap of Eg = 1.66eV was determined from the Tauc plot [(αhν)2 vs. hν ], consis-
tent with direct allowed optical transitions at the band edge. The 1.66 eV bandgap is notable in
several respects. First, it falls close to the Shockley–Queisser optimum of approximately 1.3 eV
for single-junction solar cells, lying within the regime where the power conversion efficiency
limit exceeds 30%. Second, this value is substantially narrower than the bandgap of pristine
BiI3 (1.8–1.9 eV), indicating that interstitial Cu incorporation actively modifies the band-edge
electronic structure of the Bi–I host. Third, it represents a significant and favorable contrast
with the 2.32 eV bandgap of copper antimony iodide (Cu3SbI6), which severely limits pho-
tocurrent generation in that system [98]. A secondary absorption feature was observed near
430 nm, corresponding to a photon energy well above the primary bandgap. This sub-primary
absorption edge does not correspond to any characteristic energy of either precursor compound
(α-CuI absorbs only in the UV above 3.0 eV; pristine BiI3 absorbs in the visible below its band
edge) and can be attributed to sub-bandgap optical transitions involving interstitial- or vacancy-
derived defect states within the CBI band structure. Defect-induced sub-bandgap absorption
of this type has been discussed theoretically and experimentally in the context of interstitial
and vacancy states in metal oxide semiconductors and, more recently, in Cu-containing halide
systems [109]. The photoluminescence (PL) spectrum of CBI thin films at room temperature
(Figure 5.6b) shows a single emission peak centered at λPL = 725nm (1.71 eV). For reference,
the PL of pristine BiI3 under identical excitation conditions is centered at 650 nm (1.91 eV).
The 75 nm (0.20 eV) redshift induced by Cu+ interstitial incorporation constitutes a qualitative
indicator of how substantially the band-edge electronic structure is modified relative to the par-
ent compound. The PL emission at 725 nm closely matches the absorption onset at 715 nm and
the EQE spectral edge near 725 nm in the corresponding solar cells (Section 5.2.6), establish-
ing a self-consistent picture in which the relevant optical and photovoltaic transitions occur at
the same energy scale. The PL peak is slightly redshifted compared to the absorption edge,
which may arise from lattice thermalization (electron–phonon coupling) or from a slight Stokes
shift associated with localized emission from interstitial-perturbed band-tail states, as has been
documented for layered metal halides under focused laser excitation [110].
Photoelectron spectroscopy in air (PESA) measurements, as shown in Figure 5.7, on CBI thin
films yielded an ionization potential (IP) of 5.29 eV relative to the vacuum level, which defines
the valence band maximum (VBM) energy. Combined with the 1.66 eV direct bandgap, this
places the conduction band minimum (CBM) at approximately 3.55 eV below the vacuum level.
The VBM energy of 5.29 eV is well matched to the IP values of the hole transport layers (HTLs)
employed in the solar cell architecture, including MeO-2PACz (5.30 eV) and PTAA (5.25 eV),
thereby ensuring efficient hole extraction from the absorber [10, 111, 112]. The CBM at 3.55 eV
is well matched to the LUMO of PC71BM (3.50 eV), which serves as the electron transport layer
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Figure 5.6: (a) Absorption spectrum of Cu3xBi1−xI3. Inset: Tauc plot of the absorption, showing a direct bandgap
of Eg = 1.66eV. (b) Photoluminescence spectrum of Cu3xBi1−xI3 with reference to the absorption of BiI3 at room
temperature. Adapted from [10].

(ETL). This energy-level alignment is near ideal for a non-inverted or conventional inverted
architecture.

5.2.5 Thin-Film Morphology and HTL-Dependent Film Quality
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Figure 5.7: Photoelectron spectroscopy in air (PESA) measurements of Cu3xBi1−xI3 thin films for determination
of ionization potential (IP).
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The integration of CBI into solar cell devices requires forming continuous, uniform thin films
on top of the hole transport layer (HTL). Different HTLs present chemically distinct surface
environments to the depositing CBI solution, and AFM characterization reveals that surface
wettability critically governs film quality and morphology (Figure 5.8). To evaluate the role of
the HTL surface in CBI film formation, four HTL configurations were compared: PEDOT:PSS,
MeO-2PACz, PTAA, and a PTAA bilayer on top of MeO-2PACz.

(a)

(c) (d)

(b)

Figure 5.8: AFM images showing the topography of Cu3xBi1−xI3 deposited on (a) PEDOT:PSS, (b) MeO-2PACz,
(c) PTAA, and (d) PTAA on top of MeO-2PACz. The film homogeneity is satisfactory atop PEDOT:PSS and rather
poor atop either MeO-2PACz or PTAA due to wetting issues. The film roughness was minimized, and the resulting
device performance was maximized, using a bilayer of PTAA and MeO-2PACz, as shown in (d). Adapted from
[10]

On PEDOT:PSS, CBI formed a non-homogeneous surface coverage with isolated islets, which
can be attributed to poor wetting affinity between the DMSO/DMF-based CBI precursor and
the hydrophilic PEDOT:PSS surface. On MeO-2PACz and PTAA individually, which present
hydrophobic phosphonic acid and aromatic amine surfaces, respectively, CBI forms discon-
tinuous patches with RMS roughness values of 13.3 nm and 12.0 nm, reflecting poor wetting
on hydrophobic surfaces. The most favorable morphology is achieved on a bilayer of PTAA
atop MeO-2PACz: this configuration reduces the RMS roughness to 5.4 nm and provides com-
plete coverage of the photoactive device area, as confirmed by AFM analysis across multiple
substrate positions. The improved wetting is attributed to solvent-induced modification of the
PTAA surface, consistent with reports that solvent pre-washing or post-treatment can improve
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Figure 5.9: Film topography evolution of Cu3xBi1−xI3 thin films as a function of annealing temperature: (a) 60 ◦C,
(b) 120 ◦C, and (c) 150 ◦C. SEM images reveal that as annealing temperature increases, isolated domains and
crystalline islets begin to form, indicating thermally driven recrystallization. The development of inhomogeneous
surface features at elevated temperatures is consistent with enhanced grain growth and partial phase separation,
directly impacting thin-film coverage and device performance.

PTAA wettability and morphology [113]. Therefore, the effect is assigned to changes at the
PTAA overlayer rather than to a change in the underlying MeO-2PACz layer.
A further morphological variable is the annealing temperature applied after CBI deposition,
which is shown in Figure 5.9. SEM imaging on samples annealed at 60◦C, 120◦C, and 150◦C
reveals that above 120◦C, discrete crystalline islets form at the film surface. This is perhaps due
to thermally driven recrystallization of local micro/nano-rods as discussed earlier. At 60◦C,
the film coverage is continuous and homogeneous at the micrometer scale. This temperature-
dependent morphological evolution is consistent with the DTA observation of no structural
events below 260◦C, but it demonstrates that even at temperatures well below the phase tran-
sition threshold, thermal reorganization of the film microstructure can introduce morphological
heterogeneity that degrades device performance. For this reason, 60◦C was identified as the
optimal annealing temperature, balancing adequate crystallinity with morphological continuity.

5.2.6 Photovoltaic Device Performance

CBI thin films (thickness: 110(5) nm) were integrated into inverted solar cell devices with the
architecture: ITO / MeO-2PACz (30 nm) / PTAA (10 nm) / CBI (110 nm) / PC71BM (65 nm)
/ BCP (8 nm) / Ag (100 nm) (Figure 5.10a). This architecture was inspired by the standard
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inverted lead-halide perovskite device stack and was adopted here because the energy level
alignment is well matched to the IP and EA of CBI (Figure 5.10b). PTAA serves as electron
blocking/hole-transport layer, while PC71BM serves as the electron transport layer and BCP as
the exciton-blocking interlayer before the Ag electrode.
Under simulated AM 1.5G illumination (1 sun, ASTM E927), (Figure 5.10c) an average PCE of
0.47% was obtained across 14 solar cells. The champion device yielded a PCE of 0.65%, with
VOC = 0.53V, JSC = 2.54mAcm−2, and FF = 34%. Forward and reverse J–V sweeps show
negligible hysteresis (PCE, VOC, and JSC are essentially identical in both scan directions), indi-
cating that ion migration and interfacial charging effects are minimal under the operating condi-
tions of these devices. The flat saturation of the dark current in the reverse bias regime confirms
a sufficiently shunt-free absorber layer. The EQE spectrum (Figure 5.10d) shows photocurrent
generation extending to approximately 725 nm, matching the PL emission maximum and the op-
tical absorption onset, and confirming that the photovoltaic response derives from the CBI phase
and not from the co-present α-CuI phase, whose 3.0 eV bandgap renders it inactive in the visi-
ble range. The integrated photocurrent from the EQE, JEQE = 2.41mAcm−2, closely matches
the JSC from the J–V measurement (2.54 mA cm−2), validating the self-consistency of the char-
acterization. The EQE signal well beyond the PL peak wavelength of pristine BiI3 (650 nm)
independently confirms that the photoactive material is the Cu-intercalated phase rather than
unreacted BiI3.
Despite the favorable energy alignment, the champion device efficiency of 0.65% and the low
fill factor (FF = 34%) indicate that significant losses remain. The slope of the J–V curve
under illumination and the FF magnitude are consistent with strong bimolecular (radiative)
and/or trap-mediated non-radiative recombination. Given the multi-phase nature of the ab-
sorber (35 wt% CBI dispersed within 56 wt% α-CuI), it is plausible that grain boundaries be-
tween these phases introduce recombination-active interfaces. Additionally, the incomplete
substrate coverage observed for certain HTL configurations introduces shunting pathways and
non-uniform collection. The low JSC relative to the available photon flux at λ < 725nm sug-
gests that not all absorbed photons contribute efficiently to photocurrent generation. One pos-
sible contributing factor is the presence of α-CuI within the absorber layer, which may reduce
the effective photoactive volume of the CBI phase. A path toward improved device perfor-
mance, therefore, requires either the elimination of the CuI co-phase or the conversion of a
larger fraction of the precursor into the CBI phase, which presently appears to be constrained
by the kinetics of interstitial site occupation during crystallization from solution.
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Figure 5.10: (a) Architecture of the Cu3xBi1−xI3 solar cells. (b) Relevant charge-carrier transport energies of the
individual layers in the device architecture, including PEDOT:PSS. (c) J–V curve of the champion solar cell in
the dark and under illumination, measured in forward and reverse directions. (d) The external quantum efficiency
(EQE) shows photocurrent generation up to 740 nm, matching the optical bandgap of Cu3xBi1−xI3. [10]

5.3 Conclusions

This chapter has characterized Cu3xBi1−xI3 (CBI) as a previously undescribed, non-stoichiometric,
interstitially stabilized semiconductor in which Cu+ occupies trigonal-planar coordination en-
vironments within the layered BiI3 octahedra framework. Rietveld refinement, HRTEM/SAED,
Raman spectroscopy, TEM-EDX elemental mapping, and optical characterization collectively
establish that CBI is structurally distinct from the Caswellsilverite family, despite its nomi-
nal compatibility with the Caswellsilverite stoichiometric formula. The average composition
Cu0.72Bi0.76I3, with interstitial Cu+ at the 6c Wyckoff site of the R3̄ space group, defines a new
structural phase type with no known crystallographic prototype.
The key findings are:

(1) CBI provides an experimentally characterized case in which native interstitial defects
(Cu•i ) are responsible not only for stabilizing a metastable phase topology but also for
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fundamentally reshaping the optoelectronic properties of the host material: the 0.20 eV
bandgap reduction relative to BiI3, the sub-bandgap trap absorption at 430 nm, and the
photoluminescence redshift to 725 nm are all directly attributable to the presence and
coordination chemistry of interstitial Cu+.

(2) The comparison with copper antimony iodide (Chapter 4) demonstrates that swapping
the host lattice and interstitial species within the copper–pnictogen–iodide family yields
qualitatively different band gaps and structural outcomes, thereby providing a materials-
design principle based on interstitial site control.

(3) The demonstration of a peak PCE of 0.65% in thin-film solar cells confirms that the CBI
phase is genuinely photoactive and that its bandgap of 1.66 eV is accessible for photo-
voltaic energy conversion, even in an incompletely optimized device architecture.

Notwithstanding these advances, CBI, as studied here, exhibits important limitations that con-
strain its immediate photovoltaic utility. The low fill factor (34%), modest JSC (2.54 mA cm−2),
and VOC of 0.53 V all indicate substantial recombination losses, attributable in part to the high
density of trap states associated with the interstitial and vacancy defects identified crystallo-
graphically. The co-presence of the photovoltaically inactive α-CuI majority phase (56 wt%)
dilutes the absorber contribution and introduces potentially recombination-active phase bound-
aries. The inability, under the conditions studied, to synthesize CBI thin films without the α-CuI
co-phase represents a fundamental processing constraint that remains unresolved.
More broadly, CBI inherits the limitations characteristic of iodide-based absorbers as a class.
Halide frameworks are thermodynamically susceptible to decomposition through moisture-
driven hydrolysis, producing I, and the reversible phase transition at 260− 277◦C introduces
a thermal sensitivity that, while well above any relevant device operating temperature, may
nonetheless cause a gradual change in defect populations under accelerated aging. The volatil-
ity of I2 as a decomposition product and the tendency of iodide-based films to undergo recrys-
tallization at even moderate annealing temperatures, as demonstrated by the 120◦C onset of
islet formation, are intrinsic to the halide framework and are not addressable by optimizing Cu
interstitial chemistry alone. These stability concerns are not unique to CBI but are shared across
the copper–pnictogen–iodide family, including the Cu3SbI6 polytypic composite examined in
Chapter 4.
The recognition of these halide-specific limitations motivates a logical extension of the ma-
terials design framework developed in Chapters 4 and 5: the replacement of iodide (I−) by
sulfide (S2−) as the anion framework. Sulfide frameworks generally offer substantially higher
thermodynamic stability against moisture-driven decomposition than their halide counterparts.
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6.1 Background

The preceding two chapters established that the optoelectronic behavior of copper-based, lead-
free halide semiconductors is governed primarily by native defects and structural disorder rather
than by idealized parent structures. In Cu3SbI6, the target ternary phase does not crystallize as
a well-ordered Caswellsilverite-type framework but assembles into a defect-stabilized poly-
typic composite, designated β -CuI:Sb, in which antimony occupies substitution-type tetrahe-
dral sites within a mixed β/γ-CuI host. In Cu3xBi1−xI3 (CBI), the layered BiI3 octahedral
framework accommodates interstitial Cu+ at the 6c Wyckoff site, yielding a non-stoichiometric
phase whose optical and electronic properties deviate substantially from those of the parent BiI3

host. Across both systems, interstitial and substitution-type defect ensembles govern band-edge
energies, sub-gap absorption, photoluminescence redshift, and ultimately the photovoltaic fig-
ures of merit accessible in thin-film devices.
These findings from iodide frameworks raise a natural and consequential question: do the
same structure–property relationships, specifically the primacy of native defects and processing-
dependent structural disorder over nominal stoichiometry, persist when the anion sublattice is
changed from iodide to sulfide? The transition is motivated by well-established physicochem-
ical differences between halide and chalcogenide frameworks. Iodide frameworks are thermo-
dynamically susceptible to moisture-driven hydrolysis, and Cu–I and Bi–I bonds are predom-
inantly ionic and readily disrupted by ambient humidity. The CuI-derived phases studied in
Chapters 4 and 5 both exhibit limited thermal stability: β -CuI:Sb begins to phase-segregate
near 100 ◦C, and CBI undergoes an irreversible structural change above 260 ◦C. Replacing
iodide with sulfide directly addresses this limitation because Cu–S and Bi–S covalent bonds are
substantially stronger than their iodide analogs, conferring superior thermochemical stability
against both moisture and thermal degradation.
Within the copper–bismuth–sulfide chemical space, Cu3BiS3 (wittichenite) is the most exten-
sively documented stoichiometric ternary compound and the direct structural analog of the
bismuth-containing phases examined in Chapter 5. Wittichenite is a naturally occurring mineral
first described from the Wittichen locality in Germany [114] and subsequently characterized as
an orthorhombic semiconductor with an indirect band gap of 1.4–1.5 eV and an absorption
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coefficient exceeding 104 cm−1 [115, 116]. These properties make Cu3BiS3 an energetically
competitive absorber for single-junction thin-film photovoltaics and have motivated sustained
research on thin-film synthesis via both vacuum and solution routes [115, 117, 118, 119, 120,
121, 122, 30]. At the same time, the device literature reveals a stark gap between the material’s
intrinsic optical quality and its photovoltaic performance: the best reported power conversion
efficiencies for solution-processed Cu3BiS3 remain below 1% and are achieved only with a cad-
mium sulfide (CdS) buffer layer, a toxic component that contradicts the central motivation for
using a non-toxic, earth-abundant absorber [123, 124].

6.1.1 Cu3BiS3 in the Lead-Free Absorber Landscape

The photovoltaic absorber landscape for lead-free, solution-processable thin-film semiconduc-
tors includes several chemically distinct families. Bismuth-based halides and pnictohalides,
including the systems studied in Chapters 4 and 5, form one branch. Copper-based chalco-
genides constitute a complementary branch whose chemical diversity, structural richness, and
superior ambient stability make them attractive for practical deployment.
Theoretical investigations have confirmed the photovoltaic promise of Cu3BiS3. Density func-
tional theory (DFT) calculations by Kumar and Persson predicted an indirect band gap of ap-
proximately 1.4 eV and high optical absorption efficiency, with the band edges determined by a
hybridized manifold of Cu 3d, Bi 6s, and S 3p states [116]. A subsequent study by Kehoe et al.
using hybrid DFT examined the band alignments and electronic structure of the isostructural se-
ries Cu3MCh3 (M = Sb, Bi; Ch = S, Se) and confirmed that Cu3BiS3 is the most promising can-
didate for photovoltaic applications within that series owing to its near-optimal direct-to-indirect
gap relationship and favorable effective masses [125]. X-ray photoelectron spectroscopy and
hard X-ray photoelectron spectroscopy measurements by Whittles et al. established that the
valence band maximum of Cu3BiS3 is dominated by Cu 3d–S 3p antibonding states at -5.0
eV below the vacuum level, and that the ionization potential and electron affinity are suitable
for alignment with common n-type electron transport layers [126]. These experimental band
alignments provide the energetic foundation for selecting rational device architectures.

6.1.2 Crystal Structure of Wittichenite

The crystal structure of Cu3BiS3 was determined (as shown in Figure 6.1) by Matzat using
single-crystal X-ray diffraction [127] and independently confirmed by Kocman and Nuffield
[128]. The compound adopts an orthorhombic structure with space group P212121 (No. 19 in
the International Tables for Crystallography). Kocman and Nuffield reported lattice parameters
of a = 7.70 Å, b = 10.41 Å, and c = 6.74 Å, whereas Matzat reported a = 7.723 Å, b = 10.395
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Figure 6.1: The crystal structure of Cu3BiS3 [127].

Å, and c = 6.716 Å [128, 127]. In this structure, bismuth occupies a single crystallographically
distinct site in a distorted coordination environment, while copper occupies three symmetry-
inequivalent sites within a sulfide framework. The structural motif comprises BiS3 pyramidal
units and CuS3 and CuS4 polyhedra, reflecting the chemically distinct roles of the stereochem-
ically active Bi3+ 6s2 lone pair and the d10-configured Cu+ cations [125, 129]. This structural
complexity is relevant for the optical properties of Cu3BiS3. The stereochemically active Bi3+

6s2 lone pair is associated with asymmetric Bi–S coordination, while the distorted Cu–S polyhe-
dra influence the Cu 3d–S 3p states near the valence-band edge. Published electronic-structure
studies show that the valence-band edge contains mainly Cu 3d and S 3p character, whereas
the conduction-band edge is dominated by Bi 6p and S 3p states; optical absorption is therefore
linked to transitions between these hybridized states [126].
An important aspect of the wittichenite structure is its thermal polymorphism. Makovicky doc-
umented two successive phase transitions on heating: a first transition to a Pnma or Pn21a

structure at 118.5 ± 2 ◦C, followed by a transformation to a second Pnma polymorph at approxi-
mately 191 ◦C [130]. Above 135 ◦C, the material enters a regime of enhanced ionic conductivity
and has been classified as a solid electrolyte [130]. This sequence of phase transitions has di-
rect consequences for solution-based thin-film synthesis: annealing temperatures routinely em-
ployed in prior literature (240–300 ◦C) fall within or beyond the high-temperature polymorphic
regime, meaning that the as-deposited films may not return to the room-temperature P212121

phase on cooling unless the quench rate and chemical potential are carefully controlled. This
structural consideration connects directly to the processing-dependent crystal growth behavior
documented in Section 6.3.
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6.1.3 Optoelectronic Properties and Photovoltaic Motivation

The optical properties of Cu3BiS3 thin films have been studied by several groups, yet a consen-
sus on the precise band gap remains elusive. Reported values range from 1.10 to 1.72 eV, with
the spread attributable in part to differences in film microstructure, secondary-phase content,
and the choice of optical analysis method [115, 117, 118, 120, 121]. A recurring methodolog-
ical issue is the application of the Tauc formalism to films whose microstructure deviates from
the idealized, homogeneous, single-phase limit for which the Tauc plot was originally derived
[131]. The native structural disorder inherent to polycrystalline films, including grain bound-
aries, voids, and secondary phases, introduces sub-gap optical contributions that can skew the
linear extrapolation to the energy axis and yield erroneously low or high band-gap estimates. In
this context, thermally evaporated Cu3BiS3 with 1.4– 1.5 eV indirect bandgap is the most reli-
able reference, supported by the theoretical band-structure data of Whittles et al. [126]. Carrier
mobilities reported from electrical measurements span 1–100 cm2 V−1 s−1, with most values
falling within the 1–10 cm2 V−1 s−1 range [118, 120, 126, 132].
The p-type character of Cu3BiS3 films has been consistently reported across synthesis routes
[115, 118] and is mechanistically attributed to the low formation energy of copper vacancies
(V ′

Cu) under copper-poor conditions, in direct analogy with the V ′
Cu acceptor population identi-

fied as the dominant native defect in the CuI-derived phases of Chapters 4 and 5. In the Cu–S
and Bi–S coordination environment of wittichenite, the valence band maximum is set by an
antibonding combination of Cu 3d and S 3p states. V ′

Cu creates charge-transition levels that are
resonant with or just above the valence band edge, making it an effective shallow acceptor rather
than a deep recombination center [126]. This property distinguishes Cu3BiS3 from many binary
sulfide absorbers, where sulfur vacancies (V ••

S ) act as deep midgap traps, and is the electronic
basis for the material’s relatively benign defect tolerance.
Photoluminescence studies of Cu3BiS3 thin films by Yakushev et al. identified emission peaks
at sub-band-gap energies attributable to donor–acceptor pair (DAP) recombination, suggesting
the simultaneous presence of donor and acceptor defect populations within the gap [133]. Pan
et al. reported additional PL features in electrodeposited films consistent with localized recom-
bination states near the band edge [134]. The coexistence of donor and acceptor defects within
the Cu3BiS3 crystal structure is consistent with the Cu–S and Bi–S chemistry: bismuth at its
crystallographic site can, under non-stoichiometric conditions, form Bi••Cu antisites or interstitial
configurations that act as donors, while V ′

Cu and possible CuS antisites (Cu′S) constitute the ac-
ceptor population. Correlating these competing defect types with photovoltaic figures of merit
is a primary goal of the following sections.
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6.1.4 Existing Solar Cell Literature and Performance Gap

Despite the material’s favorable band gap and optical absorption, photovoltaic devices based
on Cu3BiS3 have achieved only modest performance to date. Estrella et al. were among the
first to report Cu3BiS3 thin films formed by solid-state reaction of CuS and bismuth. Semicon-
ducting optical behavior was confirmed, but no complete device characterization was provided
[115]. Gerein and Haber demonstrated a one-step synthesis of Cu3BiS3 by RF sputtering and
confirmed optical and electrical properties consistent with a photovoltaic absorber [117]. An
evaporation-derived device with the architecture ITO/CdS/Cu3BiS3/Ag showed diode-like J–V
characteristics but lacked quantified fill factor, efficiency, or short-circuit current density, leav-
ing its photovoltaic functionality undemonstrated [119].
The highest power conversion efficiency reported in the Cu3BiS3 literature, 1.7%, was achieved
in a device with a molybdenum back contact and a ZnO/ZnO : Al front electrode. However,
the absorber layer in that study contained additional secondary phases alongside Cu3BiS3 [135].
For phase-pure Cu3BiS3, the best efficiencies have been achieved in spin-coated films deposited
on molybdenum-coated glass and paired with a CdS buffer layer: Li et al. reported a best
PCE of 0.48% with Ag doping, while the undoped reference achieved 0.2% with a fill factor
of 45%, VOC = 233 mV, and JSC = 2.9 mAcm−2 [123, 136]. Fang et al. investigated the
effect of thiourea dosage on film properties and solar cell performance, providing EQE spectra
as supporting evidence for Cu3BiS3-derived photocurrent [124]. More recently, Rath et al.
demonstrated solution-processed Cu3BiS3 solar cells with interfacial modification and reported
improvements in charge generation properties, though they still relied on CdS as the buffer layer
and achieved efficiencies below 1% [30].
A critical survey of this literature reveals two important shortcomings that motivate the ap-
proach taken in the present chapter. First, except for Rath et al. [30], reported EQE spectra
either do not align with the absorption spectra [124] or are absent entirely, leaving the origin of
the photocurrent, whether from Cu3BiS3 or from the photoactive Bi2S3 secondary phase, un-
resolved. Second, every reported high-efficiency Cu3BiS3 device employs CdS, which is itself
an efficient absorber in the visible spectral range and whose photovoltaic contribution to J–V
and EQE characteristics may have been systematically underestimated in prior reports. The
present chapter directly addresses this ambiguity by attempting to achieve phase-pure Cu3BiS3,
that too via low-temperature solution processing, and intentionally excluding CdS from the de-
vice architecture and using EQE measurements to unambiguously attribute photocurrent to the
Cu3BiS3 absorber.
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6.2 Results and Discussion

6.2.1 Optical Absorption and Stoichiometry Dependence

Absorption spectra of Cu3BiS3 films on quartz glass confirm semiconducting optical behav-
ior across all stoichiometric variants investigated: absorption below the band edge is very low,
and a steep absorption onset is followed by strong absorption above the band edge at shorter
wavelengths. The reference sample prepared at the nominal Cu:Bi = 3:1 stoichiometry displays
a well-defined onset, followed by a region of gradually rising absorption, which is qualita-
tively consistent with an indirect-gap semiconductor, in which the density-of-states ramp at the
absorption edge is gentler than in direct-gap materials. The material does not exhibit a flat
below-gap absorption plateau, distinguishing it from samples with high defect density or heavy
secondary-phase contamination.
Systematic variation of the Bi content across Cu:Bi ratios of 3:0.6, 3:0.8, 3:1 (reference), 3:1.2,
and 3:1.4 produces a monotonic shift in the absorption onset (Figure 6.2a): copper-rich vari-
ants (3:0.6, 3:0.8) display the latest onset (highest effective gap), while bismuth-rich variants
(3:1.2, 3:1.4) show progressively earlier onsets. The 3:1.4 sample exhibits a particularly ex-
tended linear absorption slope spanning approximately 400 nm, a spectral signature associated
in the literature with elevated sub-gap absorption from defects. The partial contribution of film
thickness changes to the observed total absorbance is noted: stylus profilometry measurements
indicate that the two-layer film thickness increases from approximately 115 nm for the 3:0.6
variant to approximately 145 nm for the 3:1.4 variant, partly because a higher bismuth nitrate
concentration directly increases the total precursor mass per unit volume of solution.

(a) (b)

Figure 6.2: Absorption spectra of Cu3BiS3 thin films with varying precursor stoichiometry: (a) bismuth concen-
tration variation and (b) copper concentration variation [137].
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The dependence of the absorption onset on Bi concentration is interpreted as a composition-
driven shift of the effective optical gap, arising from two nonexclusive mechanisms. First,
excess bismuth may stabilize a Bi-rich secondary phase, most plausibly Bi2S3, as detected by
Rietveld refinement in the reference sample. Its narrower gap (approximately 1.3 eV) con-
tributes additional below-gap absorption. Second, Bi3+ more than the stoichiometric Cu3BiS3

requirement may enter the crystal structure as Bi′Cu antisite defects (Bi substituting on a Cu
site) or as interstitial configurations that introduce defect states near the valence or conduction
band edges, effectively narrowing the observed optical gap. The latter mechanism would be
directly analogous to the interstitial Cu+ incorporation identified in CBI (Chapter 5), in which
off-stoichiometric cation incorporation reshapes the absorption spectrum without changing the
material’s phase.
Over the Cu:Bi range of 2.6:1 to 3.4:1, the Cu content yields a qualitatively different response
(shown in Figure 6.2b). No systematic trend in absorption onset is observed for the copper-
poor variants (2.6:1 and 2.8:1), consistent with the relatively minor compositional change from
the reference. By contrast, the copper-rich variants (3.2:1 and 3.4:1) display a clear blue shift
of the absorption onset and a flattened above-gap absorption slope, the latter indicating phase
formation distinct from wittichenite. Powder samples synthesized under the same copper-rich
conditions exhibit color changes from the characteristic black of Cu3BiS3 to dark green (3:1.2
variant) and reddish-brown (3:1.4 variant), indicating the plausible formation of copper-rich
sulfides such as Cu2S or CuS. These observations indicate that the phase purity of Cu3BiS3 in
the DMF/DMSO precursor system is highly sensitive to the Cu:Bi precursor ratio. The sulfur-
precursor amount was fixed at 7 in both series. Based on both UV–Vis plots, Cu:Bi = 3:1:7
was selected as the most suitable ratio for further investigation. This sample showed a clear
absorption edge and a steady increase in absorption at photon energies above the band gap.
In comparison, Bi-rich samples showed an earlier absorption onset. The most Bi-rich sample
also showed a broad absorption tail below the band gap. Cu-rich samples showed a shift of the
absorption edge toward shorter wavelengths and a flatter absorption response at photon energies
above the band gap. These results support selecting 3:1:7 Cu:Bi:S under the tested conditions.

6.2.2 Phase Identification and Lattice Parameters

The optical trends of Section 6.2.1 cannot identify the phases present. Grazing-incidence X-ray
diffraction (GI-XRD) was therefore used to determine phase identification and lattice param-
eters directly. Two films on quartz glass, of two and four spin-coated layers, were measured
at Helmholtz-Zentrum Berlin on a PANalytical X’Pert Pro MPD diffractometer with Cu-Kα1,2

radiation (λKα1 = 1.54056 Å, λKα2 = 1.54439 Å) at a fixed incident angle of ω = 0.5◦. Both pat-
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terns index throughout the orthorhombic Cu3BiS3 cell and were refined by the Le Bail method
(Figure 6.3).1

Le Bail refinement (developed by Armel Le Bail) differs from the Rietveld method in its treat-
ment of reflection intensities. In Rietveld refinement, the integrated intensities are calculated
from the structure factors of an atomic model. In Le Bail refinement, no atomic structural
model is required; instead, the observed intensity is iteratively partitioned among the reflections
permitted by the selected unit cell and space group while the lattice parameters, peak-profile
parameters, zero-point correction and background are refined. The lattice parameters are there-
fore as reliable as a Rietveld result, but no atomic positions, occupancies or weight fractions
follow from the fit. Decoupling intensity from structure is an advantage here, since preferred
orientation and the shallow sampling depth of the grazing geometry distort relative intensities
in thin films and would otherwise bias the cell.
The structural model was the Cu3BiS3 structure in space group P212121 (No. 19), all atoms
on Wyckoff 4a sites [127]. This modification is appropriate for films annealed at 165◦C, well
below the transformation to Pnma near 190◦C. The refinement yields a = 7.674(2) Å, b =

10.394(4) Å and c = 6.694(2) Å for the two-layer film and a = 7.676(2) Å, b = 10.402(4) Å
and c = 6.699(2) Å for the four-layer film, corresponding to 533.9 Å3 and 534.9 Å3. Both
lie roughly 1 % below the single-crystal volumes [128, 127], and the deviation is anisotropic:
a is contracted by 0.6 % and c by 0.3 %, whereas b matches the literature value. This can
be attributed to the residual compressive stress from the thermal expansion mismatch with the
rigid quartz substrate during cooling from the anneal. The four-layer cell lies closer to the bulk
values along all three axes, indicating partial relaxation as the film thickens.
As Figures 6.3a and 6.3b show, the quartz substrate contributes a broad amorphous feature
near 21◦ (2θ ) that is considerably more intense for the two-layer film than for the four-layer
film, where it is markedly attenuated. This attenuation reflects the reduced substrate signal as
additional spin-coated layers build a denser, more compact absorber. Rietveld refinement of
the GI-XRD pattern from the four-layer film on quartz yields a near-phase-pure composition
of (98.8±0.6)% Cu3BiS3 and (0.6±0.4)% Bi2S3. The weighted-profile residual Rwp, which
measures the weighted difference between the observed and calculated diffraction profiles, is
7.6 %. The goodness of fit, GOF = Rwp/Rexp, is 1.2, indicating that the calculated pattern
describes the measured data with a residual close to the statistically expected value. Because
the refined amount of Bi2S3 is close to the instrumental detection limit, the actual Bi2S3 content
may be lower. This value is nonetheless recorded as an upper bound on phase purity, and as a

1 Measurements and refinements were carried out by Prof. Dr. S. Schorr and R. Schwiddessen (Helmholtz-Zentrum
Berlin).
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(a)

(b)

Figure 6.3: Le Bail refinement of the GI-XRD patterns of (a) two-layer and (b) four-layer Cu3BiS3 thin films on
quartz glass, measured at ω = 0.5◦ with Cu-Kα1,2 radiation.
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reminder that the chemical potential at the grain boundaries may depart from stoichiometry in
precursor metal-enriched microenvironments.

6.2.3 Differential Thermal Analysis of the Cu3BiS3 Precursor System

Thermogravimetric analysis (TGA) was performed simultaneously with Differential Thermal
Analysis (DTA) on the same dried precursor film to quantify the mass losses accompanying
each thermal event and to cross-validate the chemical assignments of the DTA features. The
overall weight loss from room temperature to 900 °C is approximately 37%, yielding a ther-
mally stable residual of approximately 63% of the initial sample mass, which is attributed to
the Cu3BiS3 product phase and residual non-volatile inorganic components. The weight-loss
profile comprises four partially resolved regimes whose temperature boundaries correspond di-
rectly to the thermal events identified in the DTA trace. An initial mass loss of approximately 8
wt% between elevated room temperature and 200 °C is attributed to the progressive evaporation
of residual DMF and DMSO from the precursor matrix. A secondary loss of approximately 5
wt%, extending to 300 °C, is associated with the onset of thiourea decomposition, as reported
by Mahto et al. [138]. The most pronounced mass-loss step, spanning 300–450 °C and ac-
counting for approximately 17 wt%, coincides with a cluster of sharp DTA endotherms in this
region and is attributed to multi-step gaseous release accompanying the concurrent decompo-
sition of thiourea and the metal nitrate precursor salts, which may be attributed to the loss of
physisorbed water, surface hydroxyl groups, and precursor residues [138]. A shallow plateau
near 450–500 °C marks the temporary completion of dominant volatile-release events. A fur-
ther minor mass loss of approximately 3 wt% between 500 and 700 °C is consistent with the
sulfur-reduction processes identified in the second thermal stage reported by Mahto et al. for
synthesized Cu3BiS3 nanostructures [2]. Above 700 °C, the residual weight loss is attributed
primarily to material decomposition, as identified by Mahto et al. for Cu3BiS3 nanostructures
[138].
Differential thermal analysis (DTA) was performed on the dried precursor material to deter-
mine the sequence and nature of the thermal events during the conversion of the copper nitrate,
bismuth nitrate, and thiourea precursors to the Cu3BiS3 phase. In DTA, the sample temper-
ature is continuously compared with that of an inert reference; endothermic processes within
the sample cause a negative deflection of the DTA signal, while exothermic processes cause
a positive deflection. The measured DTA heating curve is shown in Figure 6.4. The curve is
characterized by a series of overlapping negative deflections that rise from the baseline, indi-
cating that the thermal conversion of the precursor system occurs through multiple sequential
and partially concurrent endothermic processes rather than a single transformation event. This
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multi-step character is expected, given that the precursor film contains residual solvent (N,N-
dimethylformamide, b.p. at 153 ◦C; dimethyl sulfoxide, b.p. at 189 ◦C), thiourea as a solid
sulfur source, and the two metal nitrate salts, all of which undergo chemically distinct thermal
transformations at different temperatures [139, 140, 141].
At the lowest temperatures accessible in the measurement, the DTA signal begins to deviate
from the baseline in the endothermic direction. This early deflection is attributable to the pro-
gressive evaporation and desorption of residual solvent species retained within the dried pre-
cursor film after spin coating. Both DMF and DMSO have appreciable vapor pressures below
their boiling points and can be trapped within the dense precursor matrix in quantities that are
not completely removed during the room-temperature drying step [139]. Solvent evaporation
from a porous or dense solid is a diffusion-limited process, so the onset temperature and breadth
of the corresponding DTA feature depend on the film morphology and the heating rate rather
than on a sharp thermodynamic transition. This explains the broad, gradually evolving charac-
ter of the initial region of the DTA curve. Incomplete removal of the solvent before annealing
has practical implications for the nucleation of Cu3BiS3: residual DMF or DMSO molecules
coordinated to the metal nitrate precursors may suppress nucleation at lower temperatures by
stabilizing dissolved metal species, thereby raising the threshold temperature for phase forma-
tion [139, 142].
The intermediate-temperature region of the DTA curve shows a sequence of more sharply de-
fined endothermic dips, attributed to the multi-stage thermal decomposition of thiourea and the
concurrent decomposition of the metal nitrate salts. The thermal decomposition of thiourea
(SC(NH2)2) is well documented to proceed in multiple overlapping steps beginning at approx-
imately 180 ◦C, producing gaseous products such as ammonia (NH3) and isothiocyanic acid
(HNCS), in varying proportions depending on the heating rate and atmosphere [140, 141]. Each
decomposition step releases sulfur-containing reactive species into the local reaction environ-
ment of the metal nitrates. The coincidence of sulfur release from thiourea decomposition with
the thermal destabilization of the metal nitrate anions creates a reactive atmosphere in which
Cu+ and Bi3+ cations are available for immediate sulfidation. The multiple overlapping DTA
dips in this region, therefore, most likely reflect the convolution of thiourea decomposition steps,
metal nitrate reduction and sulfidation, and the onset of Cu3BiS3 nucleation, each contributing
an endothermic signature at a slightly different characteristic temperature [140, 141, 138].
The DTA events at elevated temperature, reflected in the broader shoulder beyond the sharpest
dips, are consistent with structural reorganization within the newly formed Cu3BiS3 crystal-
lites. As established by Makovicky from in-situ variable-temperature X-ray diffraction, the
room-temperature P212121 polymorph of Cu3BiS3 undergoes a first phase transition at 118.5
◦C to a modulated Pnma polymorph, followed by a second transition to an unmodulated, high-
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Figure 6.4: TGA and DTA curves for Cu3BiS3. The heating profile shows multiple partially overlapping endother-
mic events rather than a single conversion event, consistent with residual solvent evaporation, thiourea decom-
position, metal nitrate decomposition, sulfidation, CuBiS nucleation, and structural reorganization of the forming
wittichenite phase.

temperature Pnma polymorph at 191 ◦C [130]. Above approximately 135 ◦C, copper atoms
within the wittichenite structure transition from a stationary to a mobile state, conferring solid-
electrolyte behavior on the compound [130]. Under continuous heating, these two transitions
would each produce a DTA thermal event superimposed on the broader decomposition back-
ground. Their coincidence with the temperature range of thiourea decomposition makes it likely
that the multiple dip features observed in Figure 6.4 include contributions from structural rear-
rangements of the forming wittichenite phase as well as from precursor decomposition. Analo-
gous multi-feature DTA profiles during the solvothermal formation of Cu3BiS3 from thiourea-
containing precursor systems have been reported using a choline chloride/thiourea deep eutectic
solvent, where the successive DTA features were attributed to the stepwise release of sulfur from
the thiourea decomposition products and the temperature-dependent formation and anisotropic
growth of the ternary sulfide nanostructures [138].
The multi-stage thermal profile established by the TGA and DTA curves provides a rational-
ization for the synthesis conditions employed in this work and for the post-annealing behavior
documented in Section 6.3. The standard annealing temperature of 165 ◦C falls within the tem-
perature window between the solvent evaporation regime and the onset of complete thiourea
decomposition: at this temperature, sufficient sulfur has been liberated from thiourea to initiate
Cu3BiS3 nucleation and produce a crystalline film as confirmed by GI-XRD (Section 6.2.2),
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but the conversion is incomplete and a residual population of Cu and Bi precursor species may
persist at grain boundaries. The post-annealing temperature of 270 ◦C, which lies beyond the
second Cu3BiS3 phase transition at 191 ◦C and within the ionic conductor regime, provides
a thermodynamic driving force sufficient to complete sulfidation of any remaining precursor
species, reduce the residual defect density, and allow copper redistribution within the wittichen-
ite crystal structure, consistent with the improved device performance observed after this treat-
ment [130, 143]. Mechanochemically prepared Cu3BiS3 has been reported to remain thermally
stable up to approximately 550 K (277 ◦C) without decomposition or phase loss [143], which
provides an upper bound above which annealing risks sulfur volatilization or irreversible struc-
tural change. The 270 ◦C post-annealing temperature used in this work is therefore positioned
deliberately within the optimal processing window: above the second polymorph transition to
ensure complete conversion and cation redistribution, yet below the reported thermal stability
boundary to preserve the wittichenite phase integrity.

6.2.4 TEM and SAED Analysis of Cu3BiS3

Transmission electron microscopy (TEM) and selected-area electron diffraction (SAED) were
employed to characterize the local microstructure and crystallinity of the solution-processed
Cu3BiS3 material at the nanoscale. These measurements complement the ensemble phase anal-
ysis obtained by GI-XRD by providing spatially resolved structural information from individual
crystallites and confirming the crystalline nature of the material at length scales below those
sampled by diffraction. The HRTEM image and the corresponding SAED pattern are shown in
Figure 6.5.
The HRTEM image (Figure 6.5, left panel) reveals a periodic lattice fringe pattern that extends
coherently across the imaged domain. The regularity and high contrast of the fringes, which
are resolved at a scale of a few angstroms consistent with the scale bar of 5 Å, are character-
istic of a well-ordered crystalline region in which the atomic columns are favorably oriented
with respect to the electron beam direction, producing an amplitude contrast image that re-
flects the projected crystal potential. The absence of clearly visible amorphous patches, grain
boundary interruptions, or regions of incoherent contrast within the imaged area indicates a high
degree of intra-grain crystallinity. This observation is consistent with the confirmed P212121

orthorhombic wittichenite phase assignment and refined lattice parameters established by Ri-
etveld refinement in Section 6.2.2, and with the lattice fringe spacings reported for Cu3BiS3

nanocrystals in the literature [144]. Taken together with the AFM results of Section 6.2.5, the
HRTEM data establish that the columnar crystallites comprising the film are individually well-
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Figure 6.5: HRTEM image and selected-area electron diffraction pattern of solution-processed Cu3BiS3. The
HRTEM image (on the left panel) shows coherent lattice fringes and d-spacing corresponding to the (020) plane.
The SAED pattern consists of concentric diffraction rings indexed to orthorhombic wittichenite Cu3BiS3; the
corresponding measured and theoretical spacings are listed in Table 6.1.2

crystallized at the atomic scale, even though the macroscopic film morphology is characterized
by deep inter-columnar voids.
The SAED pattern (Figure 6.5, right panel) consists of multiple concentric diffraction rings
centered on the transmitted beam, with distinct rings annotated by arrows at several radial posi-
tions (scale bar: 5 nm−1). The appearance of continuous rings rather than discrete spots is the
diffraction signature of a polycrystalline sample in which many crystallites with random ori-
entational distribution contribute to the electron diffraction pattern simultaneously, consistent
with the randomly oriented grain microstructure established by AFM [129]. The multiplicity
of well-resolved rings at different radii confirms that the crystallites scatter coherently at sev-
eral distinct interplanar spacings, demonstrating long-range structural order. The observed ring
spacings are consistent with the characteristic d-spacings of the Cu3BiS3 orthorhombic wit-
tichenite structure, which displays prominent powder-diffraction reflections distributed broadly
between d = 4.5 Å and d = 1.5 Å for the P212121 space group with the refined lattice parameters
a = 7.67 Å, b = 10.40 Å, c = 6.70 Å [128]. The SAED pattern was indexed using CrysTBox
ringGUI. The measured ring positions were converted into reciprocal spacings and compared
with theoretical reflections of orthorhombic wittichenite Cu3BiS3, as summarized in Table 6.1.
The indexed rings correspond to the (001), (201), (231), (304), (253), and (062) reflections.
Except for the innermost low-g ring, the measured and theoretical d-spacings agree closely,

2 Measurements were conducted by Dr. M. Peterlechner (LEM, KIT).
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Reflection (hkl) gtheor. / nm−1 gmeas. / nm−1 dtheor. / nm dmeas. / nm

(001) 0.958 1.069 1.044 0.935

(201) 3.107 3.050 0.322 0.328

(231) 4.966 4.968 0.201 0.201

(304) 5.860 5.848 0.171 0.171

(253) 7.661 7.672 0.131 0.130

(062) 7.981 7.971 0.125 0.125

Table 6.1: SAED ring indexing of solution-processed Cu3BiS3 using CrysTBox ringGUI. The measured reciprocal
spacings and d-spacings are compared with the theoretical values for the assigned reflections. Here, g denotes
the reciprocal lattice spacing of a diffraction ring, defined as g = 1/d, where d is the corresponding real-space
interplanar spacing. The subscripts “theor.” and “meas.” refer to values calculated from the reference wittichenite
structure and values measured from the SAED ring positions, respectively.

supporting the assignment of the polycrystalline diffraction pattern to Cu3BiS3. No prominent
additional ring patterns attributable to substantial quantities of bismuthinite (Bi2S3) or chal-
cocite (Cu2S) are identifiable, consistent with the minor secondary-phase fractions quantified
by Rietveld refinement.
The finite breadth of the diffraction rings in the SAED pattern provides a qualitative indication
of the coherence length of the contributing crystallites: narrower rings arise from larger coher-
ently diffracting domains, while broader rings indicate smaller crystallites, elevated microstrain,
or a combination of both [129]. The ring widths observed in Figure 6.5 are qualitatively consis-
tent with crystallite dimensions on the order of a few to several tens of nanometers, in agreement
with the grain cluster dimensions resolved in the AFM topography images of Section 6.2.5. The
combined TEM and SAED evidence therefore establishes that the solution-processed Cu3BiS3

films consist of well-crystallized individual domains that are randomly oriented relative to the
substrate plane. This microstructural picture underpins the photovoltaic analysis of Section 6.3:
while the high intra-grain crystallinity reduces bulk Shockley–Read–Hall recombination within
individual grains, the large number of grain boundaries between randomly oriented crystallites
and the deep inter-columnar void network provide a high-density network of recombination-
active interfaces that dominates the minority carrier lifetime at device operating conditions.

6.2.5 Film Topography and Microstructure

At optical-microscope resolution, as shown in Figure 6.6 the films appear smooth and uniform,
indicating that the voids are sub-optical in lateral dimensions and therefore undetectable by
imaging methods lacking nanometer-scale vertical resolution. AFM measurements in tapping
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Figure 6.6: Microscope image of a two-layer thin film on ITO fabricated.

mode, as shown in Figure 6.7, reveal a characteristic columnar crystal growth pattern that is in-
dependent of processing conditions across a wide range of annealing temperatures and substrate
types. Individual crystallites form elongated columns with lateral extents ranging from several
tens to a few hundred nanometers, organized into larger grain clusters up to several hundred
nanometers in the plane of the film. Between these clusters, voids extend in the depth direc-
tion, and 10×10 µm2 AFM height distributions show tails that exceed the film thickness mea-
sured independently by stylus profilometry. For a two-layer film with a profilometry-determined
thickness of approximately 125 nm, the AFM depth histogram (Figure 6.8) shows asymmetric
tails at high depths, indicating that the voids penetrate the underlying ITO or glass substrate.
The columnar growth pattern and associated void topology are photovoltaically unfavorable for
two independent reasons. First, when an electron transport layer (ETL) or a metal top electrode
is deposited on the absorber, material can fill the deep intercolumnar voids, creating direct
conductive paths between the bottom and top electrodes. In the device architecture used in this
work (FTO/TiO2/Cu3BiS3/Au), the gold electrode would penetrate the voids during thermal
evaporation, thereby forming low-resistance shunt paths and, correspondingly, large reverse-
bias leakage currents. Second, grain boundaries at the walls of the voids represent surfaces with
disrupted coordination environments. In copper-rich sulfides, unsatisfied copper coordination at
grain boundaries creates dangling-bond-like states whose charge-transition levels may lie within
the band gap, serving as Shockley–Read–Hall (SRH) recombination centers for photogenerated
carriers. The high grain boundary area density implied by the columnar topography, therefore,
directly limits the minority carrier diffusion length and, consequently, the achievable short-
circuit current density and open-circuit voltage.
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Figure 6.7: AFM topography images of a two-layer Cu3BiS3 thin film on ITO measured in tapping mode.

The root-mean-square roughness (Rq) of the films, measured from 10×10 µm2 AFM images,
quantifies topographic roughness. For a standard two-layer film annealed at 165 ◦C, Rq = 30.5
nm, and the depth parameter (the interval capturing 95% of measured height values) is 173
nm. Both values are substantially larger than those for a planar, closed thin film of comparable

Figure 6.8: Depth histogram of the 10 µm by 10 µm AFM image. [137]
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thickness, confirming that the effective surface area at the ETL/absorber interface is signifi-
cantly greater than the geometric substrate area. Enhanced interfacial area can, in principle,
increase charge collection by reducing the carrier transit distance through the absorber, but only
if the interface is electronically benign. The combination of high interfacial area and substan-
tial grain-boundary density in solution-processed Cu3BiS3 makes interfacial recombination the
dominant loss mechanism, as confirmed by the device measurements presented in Section 6.3.

Number of Layers

A simple strategy to reduce void density is the sequential deposition of multiple layers on the
same substrate. The effectiveness of this approach depends on whether additional layers fill the
existing voids or simply increase the height of already formed crystal islands. To evaluate this,
films with three, four, five, and ten layers were fabricated by spin coating on ITO-coated soda-
lime glass. Each layer was annealed for 15min at 165◦C. The resulting topographies are shown
in Figure 6.9, and the roughness parameters and film thicknesses are summarized in Table 6.2.
For comparability, the same height scale was used as for the two-layer reference film discussed
in Section 6.2.5.

2 layers 3 layers 4 layers 5 layers 10 layers

RRMS 30.5nm 21.5nm 20.1nm 19.6nm 16.3nm

Depth 173nm 118nm 122nm 120nm 96nm

Thickness 125.2±0.4nm 156.4±0.3nm 184.2±1.2nm 217.0±2.7nm –

Table 6.2: Roughness parameters and film thicknesses of multilayer Cu3BiS3 thin films.

Additional layers progressively fill the voids within the film. A third layer already reduces the
roughness substantially relative to the two-layer reference. The voids become shallower, and
the density of crystal clusters increases. After the fourth layer, the voids narrow further and
the frequency of the larger gaps decreases. Although the roughness parameters change only
slightly between four and five layers, the depth distribution becomes smoother and approaches
a Voigt-like distribution, as shown in Figure 6.10. In terms of surface topography, the four-layer
and five-layer films are therefore nearly indistinguishable. Increasing the number of layers
to ten produces a slight additional reduction in roughness. The film thickness increases by
approximately 30nm per deposited layer up to five layers.
These results indicate that the films can be considered effectively closed after four layers within
the resolution limits of the AFM measurements. The depth distribution becomes smoother,
and additional layers do not substantially reduce the surface roughness. Since the width of the
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Figure 6.9: AFM topography of multilayer Cu3BiS3 thin films. [137]

depth distribution is smaller than the total film thickness, the remaining voids are unlikely to
extend to the substrate and are therefore less likely to form direct shunt paths. This conclusion
is based on the assumption that the AFM tip can accurately access the narrowest voids. If
the tip cannot fully penetrate the voids because of its geometry or insufficient tapping force,
a similar apparent stagnation in roughness would be observed. Nevertheless, the multilayer
strategy clearly produces denser and more compact films.

Solvent

Solvent engineering is widely used in perovskite solar cells to control crystal growth, repro-
ducibility, film quality, stability, and device performance [145, 146, 147, 148]. For Cu3BiS3,
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Figure 6.10: Depth histogram of a 10 µm by 10 µm AFM image for a film consisting of five layers. The distribution
is smoothened, and there is no longer a tail at higher depth values.

however, the influence of solvent chemistry has not yet been investigated systematically. The
most efficient solution-processed Cu3BiS3 devices reported to date were fabricated from DMSO-
based precursor solutions [123, 149]. Those studies reported closed films and larger crystal
grains.
To determine whether DMSO can modify the crystal growth behavior in the present precur-
sor system, thin films were prepared using a DMSO-based solution. Both metal nitrates and
thiourea were soluble in DMSO, yielding a precursor solution with a color similar to that of
the DMF/DMSO blend. Because the viscosity of DMSO is substantially higher than that of
the solvent blend, the spin coater speed was increased to 3000rpm. The annealing temperature
was also adjusted to account for the higher boiling point of DMSO. A temperature of 190◦C
for 15min was selected to slightly exceed the boiling point of DMSO (189◦C). Two-layer and
five-layer films were fabricated under these conditions. For comparison, additional two-layer
and five-layer films were annealed at 270◦C for two minutes, following conditions reported as
favorable for DMSO-based precursor systems.
The topographies of the DMSO-based films are shown in Figure 6.11. At 190◦C, the films
exhibit the same island-like growth behavior as the films prepared from the DMF/DMSO blend.
As in the previous experiments, additional deposited layers yield more compact films with
densely packed crystal clusters. The two-layer films annealed at 270◦C show behavior similar to
that observed for high-temperature annealing in the blended-solvent system. The films become
rougher, and the crystal clusters grow more prominently. The clusters in the DMSO-based films
are smaller than those in the blend-based multilayer films.
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Figure 6.11: AFM topography of Cu3BiS3 thin films fabricated from a DMSO-based precursor solution.

The five-layer film annealed at 270◦C shows a noticeable change in grain shape and size. The
clusters develop into more elongated individual grains, which may result from the longer cu-
mulative thermal exposure at 270◦C, since each deposited layer was annealed individually for
two minutes. Based on this experiment alone, it cannot be determined whether this behavior is
caused primarily by the higher temperature or by the solvent environment. Although the five-
layer high-temperature films are promising with respect to grain enlargement, all DMSO-based
samples show a high density of pinholes. From the second layer onward, the macroscopic film
quality deteriorates visibly. This may be related to the high viscosity of DMSO, which can
produce thicker wet films even at elevated spin speeds. In addition, insufficient wetting of the
already deposited Cu3BiS3 layer may contribute to the deterioration of film quality.
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Although this route was not pursued further in the present work, solvent engineering remains a
promising strategy for controlling crystal growth and improving Cu3BiS3-based device perfor-
mance.

Solution Concentration

The precursor concentration can influence nucleation and growth during liquid-phase film for-
mation. Crystal growth begins when supersaturation is reached [150], and the concentration
of the precursor solution is one of the parameters that determines how quickly this condition
is achieved. If the initial concentration is too high, rapid nucleation can produce many small
crystallites that grow on top of one another rather than forming a compact film [151]. To test
whether the island-like morphology originates from an excessively high precursor concentra-
tion, films were fabricated from diluted solutions.
A solution with the standard concentration (3.66 M) was prepared first and then diluted with
the DMF/DMSO 4 : 1 blend to solution:solvent ratios of 1 : 0.33, 1 : 0.66, and 1 : 1, yielding
total precursor concentrations of 2.75 M, 2.20 M, and 1.83 M, respectively. For each dilution,
five-layer and ten-layer films were deposited on ITO-coated soda-lime glass. All layers were
annealed at 165◦C for 15min. The topographies of the five-layer and ten-layer films are shown
in Figure 6.12. The corresponding roughness parameters are given in Table 6.3, and the film
thicknesses of the five-layer samples are listed in Table 6.4. The two-layer variants were not
fully closed and are therefore not discussed in detail.

Solvent Ratio Number of layers RRMS Depth

1:0.33 5 13.4 nm 80 nm

1:0.33 10 12.2 nm 72 nm

1:0.66 5 8.9 nm 58 nm

1:0.66 10 9.4 nm 60 nm

1:1 5 7.7 nm 54 nm

1:1 10 7.2 nm 48 nm

Table 6.3: Roughness parameters of Cu3BiS3 thin films fabricated from precursor solutions with different dilution
ratios.

The precursor concentration has a pronounced influence on film thickness, crystallite size, and
surface roughness. Films prepared from the 1 : 0.33 dilution still resemble those prepared from
the standard solution, but the roughness and film thickness are reduced. With further dilution,
the grain size decreases substantially. Closed films are still not obtained directly, but the layers
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1:0.33, 5Layers 1:0.66, 5Layers 1:1, 5Layers

Thickness 137.1±1.1nm 96.4±2.4nm 78.9±1.2nm

Table 6.4: Film thicknesses of five-layer Cu3BiS3 films fabricated from precursor solutions with different dilution
ratios, measured by stylus profilometry.

Figure 6.12: AFM topography of Cu3BiS3 thin films fabricated from diluted precursor solutions.

become increasingly compact as the number of deposited layers increases, and the voids become
smaller.
The depth distributions of all five-layer films retain a tail toward larger depths, indicating that the
films may still not be fully closed after five layers. More than five layers are therefore required
to obtain completely compact films at these dilution levels. At the same time, stronger dilution
produces thinner layers, meaning that a larger number of layers is required to obtain absorber
films with sufficient optical density. Nevertheless, dilution is a promising route for producing
compact films with low surface roughness. A combined deposition strategy may be particularly
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useful, for example by first depositing compact smooth layers from diluted solutions and then
adding thicker layers from more concentrated solutions, or by using diluted solutions to fill
voids in rougher high-concentration films.
The thicknesses of the ten-layer films could not be measured because the films could no longer
be scratched cleanly. Scratching with a metal cannula left only shallow marks without exposing
the substrate. This suggests that a different or mechanically modified material state may have
formed. Possible explanations include the longer total annealing time of the ten-layer samples,
aging of the precursor solution, or chemical interaction with the substrate. Since the known
ternary and binary sulfide phases, as well as metallic copper and bismuth, are comparatively
soft, a purely phase-based explanation is not sufficient. Processes such as ion migration, ox-
idation, or substrate interaction could increase the apparent hardness. Further investigation,
particularly by XRD, would be required to clarify the origin of this behavior.

6.2.6 Photoluminescence and Defect Landscape

Room-temperature photoluminescence measurements of Cu3BiS3 thin films at the nominal 3:1
stoichiometry yield only a very weak, noisy signal that cannot be unambiguously attributed to
radiative recombination within the absorber. This observation is consistent with the high de-
fect density and large grain boundary area density implied by the AFM topography: at room
temperature, thermally activated non-radiative SRH recombination via deep and shallow defect
states efficiently competes with and outcompetes radiative recombination, thereby suppress-
ing PL emission below the apparatus’s detection threshold. Low-temperature measurements at
3.2 K and 100 K, conducted on the reference 3:1 stoichiometry sample, reveal distinct emission
features that provide insight into the defect landscape as displayed in Figure 6.13.
At 3.2 K, two overlapping emission peaks are resolved: one near 1.20 µm and a second near 1.43
µm. Both emission features lie well below the photon energy of the semiconductor’s absorption
onset, indicating sub-band-gap radiative recombination rather than free-exciton or band-to-band
emission. Upon warming to 100 K, the 1.20 µm peak vanishes entirely, while the 1.43 µm
emission persists, albeit with a sixfold reduction in integrated intensity and a discernible redshift
relative to the 3.2 K position.
The distinct thermal quenching behavior of the two emission features indicates different recom-
bination mechanisms. The complete disappearance of the 1.20 µm peak at 100 K is the spec-
troscopic signature of bound exciton (BE) emission: below the exciton ionization threshold,
free excitons are captured by defect sites and recombine radiatively from bound states at lower
energy than the free exciton. As the temperature rises, thermal energy kT becomes comparable
to the exciton binding energy, dissociating the bound complexes and transferring population to
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(a) (b)

Figure 6.13: Photoluminescence spectra of Cu3BiS3 thin films measured at (a) 3.2K and (b) 100K.

free-carrier channels where non-radiative recombination dominates. In crystals with significant
defect density, bound exciton quenching temperatures typically fall within 50–150 K, consistent
with the behavior observed here [133]. By contrast, the persistence of the 1.43 µm emission
at 100 K is characteristic of donor–acceptor pair (DAP) recombination, in which an electron at
a donor site and a hole at an acceptor site recombine by tunneling. DAP emission persists to
higher temperatures than BE emission because the ionization energy of the participating defects
determines the quenching temperature rather than a small exciton binding energy [152].
These low-temperature PL results match with those reported by Yakushev et al. for Cu3BiS3

thin films, although those authors attributed both peaks to DAP recombination, based on the
simultaneous quenching of both features with increasing temperature in their samples [133].
The distinction between the two peaks observed here, one clearly bound-excitonic and the other
donor–acceptor, implies the simultaneous presence of at least two distinct types of radiatively
active defects: a shallow state acting as the exciton capture center for the 1.20 µm emission,
and a deeper DAP pair responsible for the 1.43 µm emission. The identity of the defects re-
sponsible for the PL features cannot be determined from the present PL spectra alone. Previous
low-temperature PL studies of Cu3BiS3 reported broad emission bands that were preliminarily
assigned to donor–acceptor-pair-type recombination involving deep donor and deep acceptor
states, together with a shallower defect level with an activation energy of about 40meV [133].
However, these studies did not identify the species of microscopic defects. Therefore, the PL
bands observed here are assigned more cautiously to defect-related recombination in Cu3BiS3,
rather than to specific defects such as V ′

Cu, V ••
S , or Bi••Cu. Defect-resolved calculations or com-
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plementary measurements, such as temperature- and excitation-dependent PL combined with
electrical characterization, would be required to identify the responsible native defects.

6.3 Solar Cell Performance

6.3.1 Device Architecture and As-Fabricated Performance

Solar cells were fabricated using the FTO/TiO2/Cu3BiS3/Au architecturen (Figure 6.14b), in
which a solution-processed anatase TiO2 electron-transport layer is sandwiched between the
fluorine-doped tin oxide (FTO) bottom electrode and the Cu3BiS3 absorber, and a gold top
electrode serves as the hole-collecting contact. This architecture was selected for three reasons.
First, it is architecturally simple and omits CdS as a buffer layer, directly testing whether photo-
voltaic function can be realized in a fully non-toxic device stack. Second, the band alignment at
the TiO2/Cu3BiS3 interface is expected to support charge separation, since the conduction-band
minimum of anatase TiO2 (-4.0 eV below vacuum) lies below the electron affinity of Cu3BiS3

and provides a driving force for electron transfer toward the FTO electrode [30, 153, 154].
Third, the work function of gold (approximately 5.1 eV) is close to the ionization potential of
Cu3BiS3 films measured by PESA at 4.99 eV, as shown in Figure 6.14b, providing the energetic
basis for an ohmic or near-ohmic back contact with the p-type absorber.

(a) Solar cell architecture. (b) PESA yield spectrum with linear fit of the photoemission onset.

Figure 6.14: Device architecture and photoelectron spectroscopy in air measurement of the Cu3BiS3 thin film. The
PESA yield spectrum gives an ionization potential of 4.99eV from the linear fit of the photoemission onset.
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As-fabricated devices, without any post-fabrication thermal treatment, exhibit extremely poor
photovoltaic performance. Table 6.5 summarizes the J–V parameters extracted from these de-
vices. The fill factor and PCE could not be determined by the measurement software because the
J–V curves lacked a definable maximum power point, a consequence of the very large reverse-
bias leakage current. The J–V curves exhibit diode-like rectification, confirming the presence
of a built-in electric field at the TiO2/Cu3BiS3 junction, but the shunt resistance is too low to
sustain a meaningful open-circuit voltage. A small photocurrent that exceeds the dark current
can be identified near zero voltage, but JSC = 0.34 ± 0.04 mAcm−2 and VOC = 3.72 ± 2.15 mV
are negligible for photovoltaic purposes.

Variation JSC
(mAcm−2)

VOC (mV) FF (%) PCE (%)

As-fabricated (5L, standard) 0.34 ± 0.04 3.72 ± 2.15 N/D N/D

Alternating 1:0 + 1:1 solution layers 0.34 ± 0.04 3.72 ± 2.15 N/D N/D

8L 1:1 + 2L 1:0 solution layers 0.12 ± 0.04 1.44 ± 0.36 N/D N/D

10L 1:0.33 diluted solution 0.23 ± 0.07 1.38 ± 1.19 N/D N/D

5L standard + MoOx/Ag electrode 0.038 ± 0.01 0.48 ± 0.23 N/D N/D

Post-annealed at 270 ◦C (average) 1.64 ± 0.20 28 ± 12.3 23.2 ± 3.9 0.012 ±
0.006

Post-annealed at 270 ◦C (champion) 1.9 57 27 0.03

Table 6.5: Solar cell parameters for FTO/TiO2/Cu3BiS3/Au devices in different configurations. Values are means
± standard deviations across all pixels of each batch. PCE and FF were not determinable (N/D) for as-fabricated
devices due to insufficient shunt resistance

Several modifications to the absorber layer and device architecture were evaluated to determine
whether film coverage was the primary cause of poor performance. As shown in Figure 6.15a,
absorber films prepared from diluted precursor solutions (1:0.33 and 1:1 dilution ratios), which
produce more compact morphologies with reduced pinhole density as described in Section ??,
showed no improvement in J–V performance relative to standard films. Devices fabricated
with a ten-layer absorber prepared from alternating undiluted and 1:1-diluted solution layers
performed equivalently to the as-fabricated baseline. Replacing the gold top electrode with a 10
nm MoOx/100 nm Ag bilayer, which provides a larger work-function difference relative to the
absorber to improve contact selectivity, resulted in decreased performance, with JSC and VOC

an order of magnitude below the baseline. The large reverse-bias leakage current indicates that
MoOx-terminated devices are dominated by shunting through pinholes: where MoOx and TiO2

make direct contact through a pinhole, the resulting MoOx/TiO2 junction forms a rectifying
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(a) (b)

Figure 6.15: J–V curves of Cu3BiS3 solar cells. (a) The panels show devices with variations in the absorber layer
or device architecture, (b) along with a representative solar cell before and after post-annealing.

contact in the opposite polarity to the intended device, eliminating any net photovoltaic function.
The universally poor performance of the as-fabricated devices across all architectural variations
confirms that film compactness is not likely the primary limiting factor and instead points to the
absorber microstructure or the TiO2/Cu3BiS3 interface as the dominant source of loss.

6.3.2 Effect of Post-Annealing on Device Performance

In order to investigate how Pnma-orthorhombic Cu3BiS3 (phase stability range: 191◦C –
290◦C) behaves under illumination, a post-fabrication annealing treatment at 270 ◦C, applied
after gold electrode deposition. It does produce a dramatic improvement in device perfor-
mance. The treatment involved slow heating to 270 ◦C at a rate determined by the hotplate
response, a 15-minute dwell at the target temperature, and slow cooling to room tempera-
ture while the substrates remained on the cooling hotplate. The J–V curves of a represen-
tative FTO/TiO2/Cu3BiS3/Au device before and after the post-annealing step are shown in
Figure 6.15b. Both JSC and VOC increase by approximately one order of magnitude after the
treatment, yielding an analyzable fill factor of 23.2 ± 3.9%. The batch-averaged best device
achieves a PCE of 0.03%.
Despite the improvement, the post-annealed devices still remain far from the performance levels
projected for the material’s 1.4 eV band gap. The very low VOC (average: 28 ± 12.3 mV, com-
pared with a radiative-limit value near 1.15 V for a 1.4 eV gap absorber) represents a voltage
deficit exceeding 1.1 V. This large deficit suggests severe non-radiative recombination and/or
shunting, most likely associated with defect states, imperfect interfaces, or incomplete film cov-
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erage. The fill factor of 23.2% is well below the threshold associated with standard pn-junction
behavior, reflecting large shunt conductance that is consistent with residual pinholes and the en-
hanced diffusion of gold through grain boundaries during the high-temperature post-annealing
step. A pronounced hysteresis is present between ascending and descending sweep directions.
The hysteresis does not affect the short-circuit current, which is identical in both sweep direc-
tions, confirming that the photocurrent is genuinely photogenerated and not a capacitive or ionic
contribution. Ion migration within the Cu3BiS3 absorber layer during voltage sweep, facilitated
by the high cation mobility of copper-rich sulfides above 135 ◦C, which is the ionic conductivity
onset for Cu3BiS3 [130], is the most likely origin of the hysteresis.

6.3.3 Absorption Response and External Quantum Efficiency

Absorption spectra measured before and after post-annealing on five-layer Cu3BiS3 films on
both FTO/TiO2 and glass substrates reveal a reproducible, substrate-independent change, which
is shown in Figure 6.16a. After annealing, absorption decreases across the 400–700 nm range
and in the infrared beyond the band edge, while the absorption onset energy changes only
minimally. The reduction in below-gap absorption after thermal treatment is consistent with
a decrease in the sub-gap defect state density within the Cu3BiS3 absorber: defect states with
charge-transition levels within the gap contribute directly to below-gap optical transitions, and
their partial passivation or annihilation during annealing reduces this contribution. Alterna-
tively, the reduction could reflect the removal of a minor bismuth-rich secondary phase with a
narrower gap, though the absence of a sharp spectral feature at a specific sub-gap energy makes
this interpretation less likely. The fact that both FTO/TiO2 and glass substrates show the same
behavior confirms that the change is intrinsic to the Cu3BiS3 layer and not a consequence of
altered interfacial chemistry with TiO2.
External quantum efficiency (EQE) measurements on post-annealed devices unambiguously
attribute the photocurrent to the Cu3BiS3 absorber. The EQE spectrum of a representative post-
annealed FTO/TiO2/Cu3BiS3/Au device is shown in Figure 6.16b alongside the absorptance
spectrum of a five-layer Cu3BiS3 film on TiO2. Because the TiO2 electron transport layer has
a band gap of approximately 3.2 eV, it does not contribute photocurrent at wavelengths longer
than 390 nm. The measured EQE extends well beyond 400 nm, up to the absorption edge of
Cu3BiS3, confirming that the photocurrent originates from the Cu3BiS3 absorber layer and not
from TiO2. This measurement resolves the primary interpretational ambiguity that compro-
mises a significant portion of the prior Cu3BiS3 device literature, in which EQE spectra were
not provided and the possible contribution of a photoactive CdS buffer layer to the measured
photocurrent could not be excluded.
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(a) (b)

Figure 6.16: Optical and photoresponse characteristics after post-annealing. (a) Absorption spectra before and
after the post-annealing step for samples on TiO2 and glass. (b) EQE of a solar cell and absorptance of a five-layer
Cu3BiS3 thin film on TiO2 after post-annealing at 270 ◦C.

The shape of the EQE spectrum provides additional information on collection efficiency within
the absorber. Above the Cu3BiS3 absorption edge, the EQE does not follow the absorptance
spectrum but instead decreases approximately linearly with increasing wavelength (decreas-
ing photon energy). This behavior, in which higher-energy, more strongly absorbed photons
produce relatively fewer collected carriers than lower-energy photons with greater penetration
depth, is consistent with two scenarios. In the first scenario, carriers generated near the absorber
surface by high-energy photons experience strong surface recombination at the Cu3BiS3/Au in-
terface, while lower-energy carriers generated deeper in the film are collected more efficiently
by the TiO2/Cu3BiS3 junction field. In the second scenario, the high defect density in the
bulk of the as-annealed film introduces a spatially non-uniform collection probability, with re-
gions near the TiO2 interface exhibiting longer effective diffusion lengths than the absorber
bulk. Analogous EQE shapes for CIGS solar cells with elevated bulk defect densities have been
reproduced by numerical device simulation, supporting the second interpretation [155]. A com-
bination of time-resolved photoluminescence to quantify the carrier lifetime and drift-diffusion
modeling would be needed to definitively distinguish these mechanisms.

6.3.4 Role of Defects in Recombination and Transport

The evolution of Cu3BiS3 solar-cell performance, from negligible photovoltaic response in as-
fabricated devices to measurable response after high-temperature post-annealing, suggests that
several loss pathways are affected by the post-treatment. These may include bulk recombi-
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nation through gap states, recombination at grain boundaries or void-rich regions, and shunt
pathways associated with incomplete absorber coverage or pinholes. These loss mechanisms
are consistent with the microstructural features observed by AFM and GI-XRD, although fur-
ther electrical and spectroscopic measurements would be required to distinguish their individual
contributions.
The low-temperature PL results in Section 6.2.6 establish the simultaneous presence of donor
and acceptor defects in the Cu3BiS3 films. SRH recombination rate through a defect state is
maximized when the state energy lies near the midgap, and the trap density Nt is large. The
sub-bandgap optical absorption observed in the 400–700 nm spectral range indicates that ab-
sorption extends below the main optical onset. This behavior is consistent with band-edge
tailing and/or defect-related sub-gap absorption, which are commonly observed in polycrys-
talline semiconductors with structural disorder. However, absorption data alone do not allow
the microscopic origin of these states to be assigned. Therefore, the feature is discussed here as
evidence of optical disorder rather than as proof of specific defect species or grain-boundary-
related defect potentials [126, 133]. The voltage deficit of more than 1.1 V in the post-annealed
devices indicates that non-radiative recombination is dominant through these gap states.
Compared with a dense film composed of laterally compact grains, the columnar morphology of
the Cu3BiS3 films introduces a larger internal interface area through intercolumnar voids. Such
grain-boundary and void-wall regions may contribute to recombination losses, as electronically
active grain boundaries have been reported in Cu3BiS3 and modeled in polycrystalline thin-film
absorbers more generally [154, 156]. If the voids or pinholes remain connected through the
absorber layer, they may also provide leakage pathways between charge-selective contacts. In
copper-rich sulfide semiconductors, dangling bonds at grain boundaries involve Cu, Bi, and S
atoms in configurations that differ from the bulk tetrahedral and pyramidal coordination envi-
ronments. These configurations are expected to produce electronic states deep within the band
gap, based on the charge-state arguments developed in Section 6.1.3. The improvement in JSC

by a factor of approximately five and in VOC by approximately eight upon post-annealing at 270
◦C can be attributed to a partial reduction of this grain boundary state density. Shunt conduction
through pinholes is the third loss mechanism and is directly responsible for the negligible fill
factor and the large reverse-bias leakage of the as-fabricated devices.
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This thesis has investigated three copper-based, lead-free absorber materials, copper antimony
iodide β–CuI : Sb, also formulated as Cu3SbI6), copper bismuth iodide (Cu3xBi1−xI3, CBI),
and copper bismuth sulfide (Cu3BiS3, wittichenite), with the aim of establishing a consistent
structure–property framework for their synthesis, structural identity, and photovoltaic behav-
ior. Rather than treating each absorber in isolation, the experimental program was designed to
reveal the extent to which a single unifying principle, the engineering of native defect popu-
lations and host-lattice microstructure, governs photovoltaic outcomes across compositionally
and structurally distinct material families.

7.1 Unifying Design Principles: Defect-Governed Optoelectronics

Taken together, the three experimental chapters lead to four main conclusions.
Structural identity precedes all property interpretation. In both the Cu–Sb–I and Cu–Bi–I
systems, the published literature had assigned structural identities, caswellsilverite, rudorffite,
and various double-salt designations, that are demonstrably incorrect at the level of diffraction
and electron microscopy. These misassignments are not merely taxonomic: they carry implicit
assumptions about coordination geometry, valence electron count, and defect formation ener-
getics that propagate into erroneous design conclusions. The work presented here demonstrates
that rigorous structural determination by combined powder diffraction, Rietveld refinement, and
TEM/SAED must precede any interpretation of optical or electronic properties. This principle
is sufficiently general that it should be treated as a prerequisite step in any program investigating
new ternary or quaternary absorber phases.
Structural identity is necessary for assigning optical properties. The measured bandgaps of
the iodide absorbers must be assigned to the structures that actually form, rather than to structure
families inferred from nominal composition. The 2.32eV bandgap of β–CuI : Sb belongs to a
CuI-derived, stacking-disordered structure with Sb incorporation, whereas the 1.66eV bandgap
of CBI belongs to a BiI3-derived framework containing interstitial Cu. These values should
therefore not be interpreted as properties of ideal Caswellsilverite or Rudorffite phases. The
main conclusion is that experimental structure determination is required before optical proper-
ties can be meaningfully assigned to a material phase.
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Low-temperature solution processing can stabilize non-equilibrium structures and mi-
crostructures. None of the halide absorbers behaves as a simple equilibrium bulk phase un-
der the processing conditions used here. The stacking-disordered CuI-derived structure in β–
CuI : Sb, and the partially occupied interstitial Cu sites in CBI reflect the influence of low-
temperature film formation. These features are not necessarily disadvantages, but they show
that processing history, solvent removal, and annealing temperature must be treated as central
variables in phase formation and device behavior.
Native defects and microstructure are central variables in device performance. Across the
three absorber systems, the major performance limitations are linked to disorder-sensitive loss
pathways: metastability in β–CuI : Sb, voltage deficit and phase mixture in CBI, and recom-
bination or leakage losses in Cu3BiS3. These observations have been logically attributed to
the influence of native defects, phase disorder, grain boundaries, and incomplete film coverage.
However, the microscopic identity of every defect cannot be determined from the present mea-
surements alone. The results therefore support a cautious design principle: precursor stoichiom-
etry, annealing conditions, phase purity, and interface selection must be controlled together in
order to improve photovoltaic performance.
An important cross-cutting observation is that the substitution from iodide to sulfide anion
frameworks dramatically improves ambient phase stability while preserving the defining char-
acteristic of copper-cation mobility. The iodide systems are susceptible to halide-volatility-
driven degradation above modest temperatures, whereas wittichenite remains structurally intact
under conditions compatible with standard photovoltaic encapsulation. This stability advan-
tage motivates a progressive compositional strategy in which structural and defect-engineering
lessons learned from the more tractable iodide systems are transferred to the less analytically
accessible but more robust sulfide and mixed-anion frameworks.

7.2 Outlook and Future Directions

The findings of this thesis suggest several future directions that address unresolved questions in
phase control, film formation, defect passivation, and device integration.

7.2.1 Phase-Pure CBI through Controlled Precursor Chemistry

The most immediate challenge in the Cu–Bi–I system is to suppress the co-formation of α–CuI
while retaining the interstitially modified BiI3-derived CBI phase. The present results indicate
that CBI forms only within a narrow processing window: too little available Cu limits interstitial
incorporation into the BiI3-derived framework, whereas excess Cu promotes CuI precipitation.
A systematic study should therefore vary the CuI:BiI3 precursor ratio, solvent polarity, and
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annealing temperature while monitoring the resulting phase fractions by PXRD/GI-XRD and
Rietveld refinement. This would allow the phase boundary between CBI, BiI3-rich composi-
tions, and CuI-rich mixtures to be mapped more precisely. Complementary defect calculations
could clarify which Cu interstitial sites are energetically favored under different Fermi-level
and chemical-potential conditions. Together, such experimental and computational work would
test whether the 1.66eV bandgap and carrier behavior are intrinsic to the CBI framework or are
influenced by the mixed-phase microstructure of the present films.

7.2.2 Tandem Integration of β-CuI:Sb

The 2.32 eV direct bandgap and 1.02% single-junction PCE of β–CuI : Sb motivate its evalua-
tion as a wide-gap top cell in a two-terminal tandem architecture, where the efficiency ceiling is
set by current-matching constraints rather than by the Shockley–Queisser limit of the individual
sub-cells. The principal challenge for tandem integration is the thermal fragility of the polytypic
structure, which undergoes irreversible transformation above approximately 100◦C: this tem-
perature ceiling is incompatible with the deposition conditions of most established bottom-cell
absorbers, which typically require annealing above 150◦C. Two complementary approaches
merit investigation. First, low-temperature bottom-cell candidates, including CBI itself, once
phase-pure, and bismuth-based double perovskites, could in principle be co-deposited with β–
CuI : Sb without exceeding the stability window. Second, the thermal fragility of β–CuI : Sb is
directly linked to the low stacking-fault energy of the CuI polytypes. Thus, aliovalent doping
strategies that increase the activation energy for stacking-fault migration could, in principle,
extend the operational temperature ceiling without eliminating the beneficial interstitial chem-
istry. Any such modification would need to be validated by in situ high-temperature PXRD to
confirm that the polytypic disorder is retained rather than annealed out.

7.2.3 Morphological Densification of Cu3BiS3 Films

In the Cu3BiS3 system, the columnar void morphology identified by AFM is the single most
impactful performance-limiting factor: it simultaneously enables shunt conduction, increases
grain-boundary recombination area, and degrades contact geometry. Chapter 6 demonstrated
that progressive multilayer deposition closes voids and reduces roughness, but at the cost of in-
creased total film thickness, thereby lengthening carrier collection paths. Further optimizations
could include: (i) modification of the DMF/DMSO solvent ratio to increase precursor solution
viscosity, slowing solvent evaporation and suppressing the capillary-driven void formation that
appears to accompany rapid drying; (ii) addition of solvent additives, such as 1,8-diiodooctane
or thiourea excess, that are known to retard crystallization in related sulfide systems and may
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similarly promote lateral grain growth over columnar nucleation; (iii) staged annealing proto-
cols that leverage the ionic conductivity regime of Cu3BiS3, identified in the literature above
200◦C, to drive cation redistribution and pore closure before the final densification anneal. Each
of these modifications could be screened rapidly against the AFM and photoluminescence met-
rics established in Chapter 6 without requiring full device fabrication.

7.2.4 Defect Passivation and Interface Engineering

Across all three absorber systems, the dominant photovoltaic loss mechanism is non-radiative
recombination at sub-gap defect states, and this recombination is accelerated at grain boundaries
and absorber/transport-layer interfaces. Two well-established strategies from the perovskite lit-
erature have not yet been systematically applied to these copper-based absorbers. Surface pas-
sivation by thin organic or inorganic capping layers, for example, ammonium iodide treatments
for the iodide systems, or thiol-based ligand exchange for the sulfide, could passivate dangling
bonds and undercoordinated surface sites without requiring a change in bulk synthesis chem-
istry. Interface band alignment engineering, by replacement of the PEDOT:PSS hole-transport
layer, which is known to etch the absorber surface, with self-assembled monolayer HTLs such
as 2PACz or MeO–2PACz already demonstrated in the CBI architecture, offers a second inde-
pendent lever for reducing interface recombination velocity. Systematic VOC transient measure-
ments as a function of HTL chemistry would provide a direct metric for the effectiveness of
each passivation strategy and allow recombination pathways to be decomposed into bulk and
interface contributions.

7.2.5 Extension to Mixed-Anion and Chalcohalide Frameworks

The structural and defect-chemical insights developed in this thesis for the iodide and sul-
fide endpoints of the copper–pnictogen–anion phase space suggest a broader exploration of
mixed-anion (chalcohalide) compositions of the general form Cu–Bi–(S/I) and Cu–Sb–(S/I).
Such compositions have attracted theoretical interest because partial anion substitution can tune
the bandgap continuously between the iodide and sulfide endpoints while potentially combining
the high electron affinity of the sulfide framework with the benign grain-boundary character of
the iodide systems. Experimentally, solution-processed chalcohalide synthesis is substantially
less explored than either the pure iodide or pure sulfide routes, and the phase diagram is corre-
spondingly poorly mapped. Systematic synthesis at fixed metal stoichiometry with varying S:I
anion ratio, characterized by the Rietveld refinement established in this thesis, would establish
which compositions correspond to thermodynamically stable phases and which are accessi-
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ble only as metastable kinetic products, precisely the information needed to target intentional
phase-selective synthesis by chemical potential control.
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